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ABSTRACT

TiC reinforcement partic1es were incorporated into a Ti-6%AI-4% V matrix and processed by

two powder metallurgy techniques, namely elevated temperature pressureless sintering and hol

defonnation-assisted sintering (also known as hot pressing). For these composites. processing

by sintering alone necessitated high ternperatures (> 1500°C) for near-complete density

consolidation, whilst the conditions tor temperature and hold lime were reduced (i.e. looooe

and y! hour) through detormation-assisted sintering. During high temperature processing in

the absence of detonnation, considerable coarsening of the lamellar matrix microstructure

occurred. The intertàcial reaction between the reintorcement and matrix was characterized by

in situ neutron diffraction sintering siUdies at ll:mperatures between 1100°C and 1350°C.

Initial reaction occurred by carbon diffusion trom the TiC panicle to the titanium alloy. as

evidenced through the increase in the lattice parameter of the matrix phase with holding lime

at the various sintering temperatures. Beyond the carbon solubility limit of the matrix phase. a

stable stoichiometric phase tormed as shown by the appearance of distinct peaks in the

neutron diffraction patterns. Room temperature lattice parameter measurement gave a value

of 4.290 A with a fractional occupancy of carbon of 0.45 ± 0.04. which corresponds to a

stoichiometry of Ti~C. For the various isothennal sintering temperatures. change in the Ti~C

volume fraction with hold time was determined and growth of this intertàcial phase was

reasoned to occur by carbon diffusion from the TiC particles. through the reaction zone and to

the Ti..6%AI-4% V alloy. Transformation of the entire TiC particle to Ti~e occurred in the

composites sintered at 15000 e. For the composites processed by sintering only. the

mechanical properties detennined by shear punch testing indicated that the strength and

ductility are limited at 10w temperature sintering because of high porosity. and at high

temperature sintering because of the intertàciaI phase. To improve the properties. the

composites need to be processed to high densities at low temperatures using detormation

assisted sintering. The intertàciaI layer thickness in the deformed composites processed to

near-complete densities at temperatures between 1000°C and 1200°C was less than 0.3 IJm.

Moreover microstructural modification of the initial larriellar structure was possible and a

refined bimodal microstructure (5 IJm alpha plate size) was obtained in the composites

deformed just below the beta transus temperature (-10 17°C). A combination of low porosity.

small intertàciaI reaction thickness, and microstructural refinement increased the strength and

ductility close to that typical of these composites. Subsequent heat treatment of these

composites at 1Ioooe rapidly increased the interfacial reaction layer and degraded the

mechanicaI properties. Hence further processing to increase the density should involve low

temperature mechanical working techniques to minimize additional interaction of the matrix

and reinforcement and maximize the properties of the composite.
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RÉSUMÉ

Des particules de renforcement en carbure de titane (TiC) ont été incorporées dans un alliage

Ti-6%AI-4%V par deux techniques de métallurgie des poudres, par frittage sans pression à

haute température et par frittage sous détonnation (ou pressage à chaud). Pour les composites

obtenus par frittage seul. une température très élevée (> 1500°C) est nécessaire pour obtenir

une densification quasi-complète. alors que les conditions de température et de temps sont

réduites (1 OOO°C, Y2 heure) pour le pressage à chaud. Au cours du frittage à haute température

sans détonnation, il se produit un grossissement important de la microstructure lamellaire de

la matrice. La réaction intertàciale entre les particules de rentorcement et la matrice a été

caractérisée par diffraction de neutrons ill-situ en cours de frittage entre IIooce et 1350°C. La

réaction se produit initialement par di ffusion du carbone des particules de TiC vers l'ail iage de

titane, ce qui se traduit par l'accroissement du paramètre de maille de la matrice en fonction

du temps de maintien. Au-delà de la limite de solubilité du carbone dans la matrice une phase

stœchiométrique stable génère de nouveaux pics dans le diagramme de di t'fraction de neutrons.

La mesure du paramètre de maille à la température ambiante donne une valeur de 4.290A avec

un taux d'occupation du carbone de 0,45 ± 0.04. ce qui correspond à la stœchiométrie Ti~e.

On a mesuré la fraction volumique de la phase Ti~C en tonction du temps de maintien aux

différentes températures de frittage. on en a déduit que la croissance de Ti1C s'etTectuait par

diffusion de carbone des particules vers l'alliage de titane au travers d'une zone de réaction.

La phase TiC disparaît complètement au profit de Ti~C pour les composites frittés à 1500ce.

Les propriétés mécaniques mesurées par des tests de poinçonnement montrent que. pour les

composites obtenus par frittage seul. la porosité importante limite la résistance et la ductilité à

basse température. pour les composites frittés aux températures élevées la phase intertàciale en

est responsable. Afin d'améliorer leurs propriétés mécaniques. les composites doivent être

densifiés à basse température par frittage sous contrainte. L'épaisseur de la couche intertàciale

dans les composites presque totalement densitiés sous pression entre loooce et 1200°C est

intërieure à O.3).lm. Par ailleurs. il possible de modifier la microstructure de la structure

lamellaire, une structure bimodale affinée (lamelles Cl. de 5 J,1m) a été obtenue pour des

composites défonnés juste au dessous de la température du tranSliS beta (-10 17°C). Une

combinaison entre une faible porosité. une tàible épaisseur de la zone de réaction intertàciale

et un affinement microstructural augmente la résistance et la ductilité à des valeurs voisines de

celles typiques pour ces composites. Au cours d'un traitement ultérieur du matériau à IlOocC

l'épaisseur de la couche de réaction interfaciale augmente rapidement et les propriétés

mécaniques se dégradent. Les procédés ultérieurs de densification devraient donc tàire

intervenir des techniques de défonnation plastique à basse température pour minimiser les

réactions entre la matrice et les particules et optimiser les propriétés du composite.

ii



•

•

•

ACKNOWLEDGEMENTS

Few people are able to successfully complete the research required for a doctoral thesis
without the support and commitment from advisors. family and fiiends. 1 certainly am no
exception for along this challenging joumey many individuals aided me directly or indirectly.
As 1write this. 1wonder how a simple acknowledgement will do them any justice.

To begin, 1 express my sincere gratitude to my thesis supervisors. Professors Steve Vue
and Robin A.L. Drew. for their guidance. patience and encouragement. They have provided
me with numerous opportunities to participate in conferences worldwide to strengthen my
knowledge of materials science. Their dedication to scientific inquiry and enthusiasm tor
physicai metallurgy will rernain an inspiration to me.

1am also grateful to Protèssor John J. Jonas for providing me the opportunity to use the
CSIRA Steel Processing Laboratory. 1am appreciative to Dr. John Root and the research statT
at Atomic Energy of Canada Limited (Chalk River Laboratories) tor access to the neutron
diffraction tàcilities and their technical support. [would also like to acknowledge the
assistance of Yves Giroux and John Cole of Hitachi Canada for providing access to the S..4500
field emission gun scanning electron microscope.

Considering the working environment. the support staff is instrumental in solving
administrative and research difficulties. [extend my appreciation to the administrative
personnel in general. but in particular to Lorraine Mello and Vicki Pedicelli for also providing
a pleasant and fiiendly atmosphere. 1am also grateful for the advice and laboratory assistance
ofTerry Maccagno. Edwin Fernandez, Helen Campbell. Glenn Poirier and Ray Langlois.

[ have many fond memories of my association with the CSIRA Steel Processing
Laboratory. the Ceramics and Composites Processing Laboratory and the McGill Metals
Processing Centre. 1 am privileged to cali aIl the students. both past and present working
there my fiiends. Their association added immeasurably to the quality of my education. either
through their invaluable suggestions and support or through our various social gatherings.

On a personal level. the unceasing love. encouragement and support provided by my
parents and sister. Mona, throughout the years has enabled me to reatize my greatest
aspirations. Words fail to describe their compassion and enonnous sacrifices during the years
of intensive effort of my studies. My husband., Jitendra., has enlightened my perception of life
and strengthened my belief that anything is possible. His unconditional love. understanding.
and patience have comtorted me through many rough moments.

Last. but not least, the financial support received through the Natural Science and
Engineering Research Council of Canada, les Fonds pour la Fonnation des Chercheurs et
l'Aide à la Recherche and the McGilI Metals Processing Centre is greatly appreciated.

111



•

•

•

TABLE OF CONTENTS

.4sSTRACT i

RÉSl!J~É ii

ACKJVOWLEDG,~E/VTS iii

T."BLE OF COlVTE:VTS iv

LIST OF FIGURES viii

LIST OF T.-4BLES xvii

CHAPTER J 1

I:VTRODl/CTIO,V 1

CHAPTER 2 5

LITER.4Tl·RE REVIEf.· 5

2.1 Ti-6%Al-4% V Matnx Charactenstics 6

2.2 Reinforcement Selection 8

2.3 Processing Techniques 15

2.3.1 Consolidation ofPowders at High Temperature [8

2.3.2 Detonnation-Assisted Consolidation of Powders 29

2.4 rvlechanical Properties 41

2.4.1 Residual Porosity 41

2.4.2 Reinforcement Phase 43

2.4.3 Interface Charactenstics 45

2.4.4 Matrix Microstructure 46

2.4.5 Ti-6% Al-4°/oVITiCp Properties 46

CH4PTER 3 48

OBJECT/J-'ES 48

CHAPTER 4 50

EXPERIJ~'ENTAL TECHNIQL~ES 50

4.1 Matenal Characterization 51

4.2 Powder Processing 53

4.2.1 Powder Blending 53
4.2.2 Compact Processing 54

4.3 Sintering 54



•

•

•

Table ofContents v

4.3.1 Mass Loss Evaluation During Sintering 56

4.4 Hot Working 57

4.5 Densification Investigation 58

4.5.1 Archimedes Technique for Density Measurement 58

4.5.2 Image Analysis Technique for Density Measurement 59

4.6 Microstnlctural Investigation 59

4.6.1 Metallographie Preparation 59

4.6.2 Microscopie Examination 61

4.7 Intertàcial Analysis 61

4.7.1 Low Voltage Field Emission Gun SEM 61

4.7.2 Electron Probe Micro-Analysis 62

4.7.3 Neutron Diffractometry 62

4.8 Mechanical Property Measurement. 64

4.8.1 Hardness Testing 65

4.8.2 Shear Punch Testing 66

CH.4PTER 5 67

~"'ETHODDEVELOPJIE,VT: SHE..fR PC\'CH TEST/;\'G 67

5.1 Introduction 67

5.2. Experimental Procedures 68

5.2.1 Materials 68

5.2.2 Shear Punch Specimen Preparation 69

5.3 Aptllicability of the Shear Punch Test for Composites 69

5.4 Data Correlations for Composite Materials 79

5.5 Mechanical Property Evaluation 82

CHAPTER 6 84

PROCESS//\'G BYS/;VTER/,VG 84

6.1 Powder Processing 84

6.2 Sintering 88

6.2.1 Densification BehaYior 88

6.2.2 Sintering Mechanisms 93

6.3 Microstructural Characterization 98

6.3.1 Optical Microscopy 98

6.3.2 Scanning Electron Microscopy 104

6.4 Interfacial Analysis 106

6.4.1 Low Voltage Field Emission Gun SEM 106



•

•

Table ofContents vi

6.4.2 Electron Probe Micro-Analysis 108

6.4.3 Neutron Diffraction Examination 111

6.5 Mechanical Property Measurement 147

6.5.1 Hardness Testing 147

6.5.2 Shear Punch Testing 151

6.5.3 Fractography 153

CHAPTER 7 155

PROCESSING Bf HOT DEFORl,IATION 155

7.1 Densi fication Behavior 156

7.2 Defonnation Behavior 157

7.3 Microstructural Evolution 179

7.4. Interfacial Analysis [90

7.4.1 Low Voltage Field Emission Gun SEM 190

7.4.2 Neutron Diffraction Examination 192

7.5 Mechanical Property Measurement. 197

CHA PTER 8 204

DISCL:SSIO,v 204

8.1 Densification Behavior 204

8.2 Microstructural Modification 106

8.3 Interfacial Reaction Characteristics 209

8.4 Mechanical Properties 217

CHAPTER 9 222

CO,VCLL'SIO,VS 221

RECOil,..,ENDATIONS FOR FCTl'RE WORK 216

ST.4 TE,UENT OF ORIGIN..fLITY AND CONTRIBL:TIOlVS TO K.vOWLEDGE 228

REFERE,VCES 229

.4PPENDIX / 248

HOT DEFOR,U.4TION TESTliVG PROGRAJI 248

APPENDIX II 252

• SHE..fR PUNCH TESTING PROGR.4JU 252



•

•

•

Table ofContents vu

APPENDIX 111 255
LAITICE PARAJVETER C..LCL'LATIONS 255

.4PPENDIX IV 260

SINGLE PEAK GAl"SSIAN FITTING PROGR...,V 260

.4PPEl'+IDlX V 267

DOLJBLE PEAK GAI/SS'AN FITTING PROGRA.V 267



•

•

•

Figure 2.1

Figure 2.2

Figure 1.3

Figure 2.4

Figure 2.5

Figure 2.6

Figure 2.7

Figure 2.8

Figure 2.9

Figure 2.10

Figure 2.11

Figure 2.12

Figure 4.1

Figure 4.2

Figure 4.3

Figure 4.4

Figure 4.5

Figure 4.6

Figure 4.7

LIST OF FIGURES

Chapterl

Schematic phase diagram of (Ti-6AI)-V 7

Titanium - carbon phase diagram. .. 13

Initial stage of sintering showing development of the neck region between [wo
spherical particles 20

Stresses around an isolated pore in a solid. . 2 1

Surface transfer and bulk traDsfer mechanisms as applied to a two-particle
sintering model. <The arrows indicate the movement of atoms and the
concomitant motion of vacancies is in the opposite direction.) 22

The development of interpanicle bonding during sintering 27

An arrangement of six interconnecting corner units of tctrahedral symmctry
distoned slightly to tit round the edges of a tetrakaidecahedron grain 2S

Simplified map showing the various detormation mechanisms at diftèrent
stresses and temperatures.., , 30

Diffusional creep as a mechanism for hot deformation processing 32

Schemalic diagram depicting the mechanical response of a porous material ta
deformation 34

Stress-intensification factor (If» as a function of relative density lor vmous
powder geometries or empirical correlations 37

Schematic diagram showing possible sub-grain strUctures that form around large
panicles during deformation 39

Chapter 4

Flow diagram showing the experimental procedure 50

SEM micrograph of the as-received Ti-6%AI-4% V pre-alloyed powder used tor
the matrix phase. . 52

SEM micrograph of the as-received TiC powder used for the reinlorcing phase 52

Sedigraph analysis of the as-received TiC and Ti-6%AI-4% V powders 53

Diagram of an attrition Mill 53

Schematic diagram of the graphite-element resistance fumace .55

Thermal cycle for sintering 55



List ofFigures•

•

•

Figure 4.8

Figure 4.9

Figure 4.10

Figure 4.11

Figure 4.12

Figure 4.13

Figure 4.14

Figure 5.1

Figure 5.2

Figure 5.3

Figure 5.4

Figure 5.5

Figure 5.6

Figure 5.7

Figure 5.8

Figure 5.9

Figure 5.10

Figure 5.11

Schematic diagram of the set-up used for mass loss analysis during sintering 56

Schematic diagram of the compression testing equipment. 57

The heating and deformation schedule 57

Schematic diagram comparing the TIL objective lens to the conventional
objectives lens of a SEM. .. 61

Comparison 0 f e1ectron sources iIlustrating the much flner tip radius (-100 nm)
of the field emission gun source relative to the V-shaped hairpin tip (-100 J-lm)
of a typical filament in a common SEM 62

Schematic diagram of the neutron powder ditTractometer set-up at AECL. 63

Diagram of shear punch apparatus 66

Chapter5

Schematic diagram showing specimen preparation for shear punch tesling 69

Typicalload-displacement curve of a shear punch test and SEM micrographs of
a Ti-6%AI-4°'oV TiC composite :ipecimen cross-section. depicting the extent of
deformation at several points of displacement. p(, P,. Pm.s.,' are the friction. yield
and maximum loads and Dr is the displacement at fracture il

SEM fractograph of a shear punched Jisk of Ti-6°'oAI-4°ôV showing ductile
tàilure in the remaining ligament. (Specimen \Vas punched l'rom the top.) 72

Load-displaeement curves in a shear punch test for various materials 73

SEM micrographs of 15 '101.% :\1:0, paniele reinforced 6061 AI composites at
(a) the point of permanent penetration. (b) the load maximum. and (c) fracture 74

SEM micrographs of 20 vol.°1o A1:0, liber reinforced :\356 Al composites at (a)
the point ofpennanent penetration. (b) the load maximum. and (c) fracture 75

SEM micrographs of 20 vol.% TiC particle reintorced Ti-6%AI-4°'oV
composites at (a) the point of permanent penetration. (b) the 10ad maximum. and
(e) fracture 76

SEM micrographs of the fracture surface in uniaxial [ension for (a) 15 vol.°'o
:\1:0, particle reinforced 6061 aluminium. (b) 20 VOL~/O Saffil :\1:0, tiber
reinforced A356 alloy. (c) Ti-(j%AI-4%V and (d) 20 \'ol.% TiC particle
reinforced Ti-6%AI-4t%V alloy 77

SEM micrographs of the fracture surface in shear punch testing for (a) 15 voL~/o

AI:O~ particle reinforced 6061 aluminium. (b) 20 vol.% Saffil AI:O, tïber
reinforced A356 alloy. (e) Ti-6%AI-4%V and (d) 20 vol.°'o TiC particle
reinforced Ti-6%AI-4%V aIloy. . 78

Schematic configuration of the tensile test specimen. . 79

Comparison of the shear yield data with yield strength from uniaxiaI tensile data.
The solid !ine is the regression fine for the yield data. . 80

IX



List ofFigures•

•

•

Figure 5.12

Figure 5.13

Figure 6.1

Figure 6.2

Figure 6.3

Figure 6.4

Figure 6.5

Figure 6.6

Figure 6.7

Figure 6.8

Figure 6.9

Figure 6.10

Figure 6.11

Figure 6.12

Figure 6.13

Figure 6.14

Figure 6.15

Comparison of the ultimare tensile strength detennined by the shear punch test
and unia.xial tensile testing. The solid line is the regression line for the
ma'1timum load data 8 1

Comparison of Dt" t with percent elongation measured in unia.xial tension. The
solid line is the regression line for the ductility data 82

Chapter 6

EtTect of attrition milling lime on the Ti-6%AI-4°'oV powder: (a) as received. (b)

atler 15 minutes. (cl after 30 mmutes and (d) after 60 minutes 86

Effect of milling time on TiC dispersion in Ti-6%AI-40 /oV powder: (a) 15
minutes and (b) 30 minutes 87

Green density of the Ti-6%AI-4°'oV-TiC composites after unia.xial and isostatic
compaction , 87

(a) Local dustering of the TiC reinforcement partieles in the void spaces of the
contacting Ti-6%AI-4°'oV matrix panieles and (b) regions of large irregularly
shaped pores after compaction due to angular morphology of the as-received
powders of Ti-6% AI-4°'ÔV and TiC 88

Relative density as a function of the sintering time at ditTerent temperatures for
Ti-6°oAI-4%V composites containing up to 20 vol.°o TiC by (a) Archimedes
method (b) image analysis. (Each point in these plots is the average density of
four specimens sintered under the same conditions.) 89

Optical micrograph of a typical porous surtàce (a) Ti-6%AI-4°oV aJloy and Ti-
6°'oAl-4°'oV TiC composite 92

Weight changes of the various materials with increasing sÎntering temperature 93

Shrinkage behavior of the titanium composite materials during sintering 96

Log-Log plot of the shrinkage-time behavior of the titanium composite materials
during sintering 96

Arrhenius plots of the isothennal shrinkage measurements for detennining the
diffusion activation energy 97

Optical micrographs of unetched 10 vo1.°/o TiCp reinforced Ti-6%AI-40/oV
composites sintered for 4 houes. . 99

SEM micrograph of etched 10 vol.°·o TiCp reinforced Ti-6D/oAl-4°'oV sintered at
1100°C for 4 hours showing an interconnected pore structure with sharp
curvature gradients. (The CI. and ~ phase of the matrix are also indicated.) 100

SEM micrograph of etched 10 vol.% TiCp reinforced Ti-6%AI-4°/oV sintered at
1300°C for 4 houes showing a smooth interconnected pore structure. . 10 l

Optical micrographs of etched Ti-6%AI-4%V sintered for 4 hOUTS 102

Optical micrographs showing the etTect of particles in preventing coarsening of
the lamellar matrÏx 103

x



List ofFigures•

•

•

Figure 6.16

Figure 6.17

Figure 6.18

Figure 6.19

Figure 6.20

Figure 6.21

Figure 6.22

Figure 6.13

Figure 6.14

Figure 6.15

Figure 6.16

Figure 6.27

Figure 6.28

Figure 6.19

Figure 6.30

SEM micrograph of etched Ti-6%AI-4°/0 V.'10~/o TiCp composite sintered at
l300cC tor 4 hours: (a) secondary electron imaging and (b) backscattered
electron imaging. . 104

SEM micrograph showing the micro-porosity present in (a) TiC reinforcement
particles in the Ti-6~/oAI-4%V composite. A magnified view of this
microporosity is presented in (b). The microporosity in the TiC reinforcement
particles of the composite material originates l'rom powder processing. as
evidenced by the micropores in numerous individual particles of the as-received
TiC powder. Individual micropores (c) as weil as pore clusters (d) were
observed in the starting TiC powder panicles. . 1OS

Secondary dectron images of Ti-60/oAI-4% V 10 vol.% TiCp composites sintered
at llOOcC tàr 1 hour (LD ::: conventional lower detector. UD ::: Hitachi upper
detector) 106

Interfacial reaction analysis using low voltage imaging on a field emission gun
scanning electron microscope equipped with a through-the-Iens tor Ti-6~/oAI

4%V!20 vol.% TiC composites sintered for (a) 4 hours at lroocC: (b) 1 hour at
l300°C and (c) l'~ hour at ISOOcC 107

Chemical compositional analysis at 3 keV for carbon for interfacial analysis in
Ti-6%AI-40/oV 10 vol.°o TiCp composites (as shown in Figure 6.19) 109

SEM micrograph showing the electron probe path from a TiC reinforcement
panicle to the Ti-00 1oAI-4°'DV matrix for a 10 \'01. 0 0 TiCp reinforced Ti-6%AI-
4DaV composite sintered tà.. 4 hours at l300°C 110

EPMA of carbon from the reinforcement to the matrix for the composites
sintered for 4 hours at llOoec. 1300cC and lSOO°e. .1 11

Monte Carlo simulation of the x-ray volume generated from a 1 J.1m beam on the
TiCp reinforced Ti-6%AI-4%V composile at an accelerating voltage of 10 keV
and a probe CUITent of 1 x 1O·~ ..\ 112

Lanice parameter measurements at various temperatures for (a) the J3-titanium
aJloy and (b) the TiC 113

;,\30 a versus temperature plot for coefficient of thermal expansion measurement. 116

Beta-transus temperature versus oxygen content for Ti-6%AI-4%V 117

J3-transus temperature determination. .. [ 17

Variation in the diffraction peaks of the TiC and J3-titanium phases for the
20 vol.% TîCp reinforced Ti-6%AI-4(%V composite at llOO°C. (Unlabeled
peaks are the J3 phase orthe Ti-6%AI-4°(oV alloy.) 118

Variation in the diffraction peaks of the TiC and p-titanium phases tor the
10 \'01.% TiCp reinforced Ti-6%AI-40 ioV composite at l300°C. (Unlabeled
peaks are the J3 phase of the Ti-6%AI-4%V alloy.) 120

Diffraction pattern of the TiC and p-titanium phases for the 20 vol.(% TiCp

reinforced Ti-6°/oAl-4°/oV composite sintered al 1500°C for 1/:. 1. 2 or 4 hours of
holding and reheated to LlOOQC for analysis by neutron diffraction. (The peaks
labeled Prepresent the beta phase of the Ti-6~/oAl-4%V alloy.) .111

xi



List ofFigures• Figure 6.3 [ Temperature dependence of self and impurity diffusivities in u- and 13-titanium.
Reproduced using available data summarized in the review by H. Nakajima and
M. Koiwa 122

Xll

Figure 6.32 Change in the lanice parameter of the 13-Ti-6%AI-4%V phase with increasing
holding time for the TiC particuIate reinforced composites sintered at [100°C 124

Figure 6.33 Change in the lattice parameter of the 13-Ti-6%AI-4%V phase with increasing
holding time for the TiC particulate reinforced composites sintered at 1150°C 124

Figure 6.34 Change in the lanice parameter of the 13-Ti-6°i oAI-4%V phase with increasing
holding time for the TiC paniculate reinforced composites sintered at 1:!OO=C 125

Figure 6.35 Change in the lattice parameter of the 13-Ti-6%AI-4%V phase with increao;ing
holding time for the TiC particulate reintorced composites sintered at 1250cC 125

Figure 6.36 Change in the lanice parameter of the 13-Ti-6°'oAI-4%V phase with increasing
holding time for the TiC particulate reintorced composites sintered at 1300ce. 126

Figure 6.37 Change in the Iattice parameter of the J3-Ti-6%AI-4°'oV phase with increasing
holding time tor the TiC particulate reintorced composites sintered at 1350°C 126

Figure 6.38 Change in the integrated intensity of the 13-Ti-6%AI-4°~ V phase with increasing
holding time for the TiC particulate reinforced composites sintered at 1100ce. 129

• Figure 6.39 Change in the integrated intensity of the 13-Ti-6°'oAI-4°'oV phase with increasing
holding time tor the TiC particulate reintorced composites sintered at 1150°e. 129

Figure 6.40 Change in the integrated intensity of the 13-Ti-6%AI-4% V phase with increasing
holding time tor the TiC paniculate reinforced composites sintered at [200°C 130

Figure 6.41 Change in the integrated intensity of the 13-Ti-6%AI-4~'OV phase with increasing
holding time for the TiC particulate reintorced composites sintered at 1250°e. 130

Figure 6.42 Change in the integrated intensity of the 13-Ti-6%AI-4%V phase with increasing
holding lime for the TiC panicuIate reintorced composites sintered at 1300cC 131

Figure 6,43 Change in the integrated intensity of the 13-Ti-6%AI-4%V phase with increasing
holding time tor the TiC paniculate reinforced composites sintered at 1350~e. 131

Figure 6.44 Change in the integrated intensity of the TiC phase with increasing holding time
tor the Ti-6°oAI-4%V composites sintered at 1100°e. 132

Figure 6,45 Change in the integrated intensity of the TiC phase with increasing holding lime
tor the Ti-6%AI-4%V composites sintered at Il50oe 132

Figure 6046 Change in the integrated intensity of the TiC phase with increasing holding lime
tor the Ti-6%AI-4~/oV composites sintered at 1200cC 133

Figure 6.47 Change in the integrated intensity of the TiC phase with increasing holding lime
for the Ti-6%AI-4%V composites sintered at 1250c C 133

• Figure 6.48

Figure 6.49

Change in the integrated intensity of the TiC phase with increasing holding time
for the Ti-6%AI-4% V composites sintered al 1300°C 13-l

Change in the integrated intensity of the TiC phase with increasing holding time
for the Ti-6%AI-4%V composites sintered at 1350ce. 134



List ofFigures• Figure 6.S0

xiii

Lattice parameter measurements at various temperatures for the TiC, interfacial
phase 135

Figure 6.51 Room temperature lattice spacings of the FCC cubic. TiC, phase as a function of
carbon content. Replotted from r~ference 136

Figure 6.52 Change in the integrated intensity of the Ti:C phase with increasing holding time
for the Ti-6%AI-4%V composites sintered at lIOOcC 138

Figure 6.53 Change in the integrated intensity of the Ti:C phase with increasing holding time
for the Ti-6%AI-4%V composites sintered at l150ce. 138

Figure 6.54 Change in the integrated intensity of the Ti:C phase with increasing holding time
for the Ti-6%AI-4%V composites sintered at l:!OOce. 139

Figure 6.55 Change in the integrated intensity of the Ti:C phase with increasing holding time
for the Ti-6%AI-4% V composites sintered at 12S0ce. 139

Figure 6.56 Change in the integrated intensity of the Ti:C phase with increasing holding lime
for the Ti-6~/oAI-40/oV composites sintered at 1300ce. 140

Figure 6.57 Change in the integrated intensity of the Ti:C phase with increasing holding time
for the Ti-6%AI-4%V composites sintered at 1350°e. 140

•
Figure 6.58

Figure 6.59

Change in the volume fraction of the Ti:C phase with increasing holding time
for the Ti-6%Al-4%V composites sintered at llOOce. 141

Change in the volume traction of the Ti:C phase with increasing holding time
for the Ti-6%AI-4%V composites sintered at IISOaC 14 1

Figure 6.60 Change in the volume fraction of the Ti:C phase with increasing holding lime
for the Ti-6%AI-4%V composites sintered at l:!oO°e. 142

Figure 6.61 Change in the volume fraction of the Ti:C phase with increasing holding time
for the Ti-6%AI-4%V composites sintered at 12S0°e. 142

Figure 6.62 Change in the volume fraction of the Ti:C phase \Vith increasing holding time
for the Ti-6~/oAI-4°,oV composites sintered at 1300°e. 143

Figure 6.63 Change in the volume fraction of the Ti:C phase with increasing holding time
for the Ti-6%Al-4%V composites sintered at 1350°C. I·B

Figure 6.64 Variation of the time for transformation with temperature for the TiC pantele
reinforced Ti-6%AI-4%V composites. . 146

Figure 6.65 Microhardness values of TiC pantele reinforced titanium alloy composites
sintered for 4 hours 1-48

Figure 6.66 Rockwell hardness values of the Ti-6~/0A1-4%V-TiC composites sintered for
4 hours 150

•
Figure 6.67

Figure 6.68

Strength propenies as a function of sintering temperature for the TiC particulate
reintorced Ti-6%Al-4%V composites sintered for 4 hours. . 152

Total percent elongation as a function of sintering temperature for the TiC
paniculate reinforced Ti-6O/oAl-4°/oV composites sintered for 4 hours. . 153



List ofFigures• Figure 6.69

XIV

Scanning electron micrographs taken using secondary electron imaging of the
fracture surface of TiC partÎCulate reinforced Ti-6% AI-4% V composites tested
to tensile failure at room temperature. Composites sintered at 14000 e for 2
hours (a) 10 vol.% TiC and (b) 20 vol.% TiC 15-J

Chapter 7

Figure 7.1

Figure 7.2

Figure 7.3

Figure 7,4

Figure 7.5

Figure 7.6

Figure 7.7

Figure 7.8

• Figure 7.9

Figure 7.10

Figure 7.11

Figure 7.12

Figure 7.13

Figure 7.1-J

Optical micrograph of a typical surface region produced from hot deformalion
processing of the titanium-based composites. . 156

Density as a function of the deformation temperature and total strain 157

Flow behavior of the various materials at 1:wooe 161

Flow behavior of the various materials at 1150°C 162

Flow behavior of the various materials at llOOoe 163

Flow behavior of the various materials at 1050oe 164

Flow behavior of the various materials at lOOOoe 165

Flow behavior of the vmous materials at 950oe 166

Flow behavior of the vmous matt:rials at 900°C. 167

Flow behavior of the vmous materials at 850°C 168

Expected stress-temperature relationship 169

Temperature dependence offlow stress at various stfain rates for Ti-6% AI-4°'oV.
Replotted from the work of Malcor. i:-fll 171

Temperature dependency of the tlow stress above and below the beta transus tor
he titanium-based materials compressed at various strain rates 172

lsotherrnal plots of log cr versus log Ê for the ...mous detormation temperatures
above and below the beta transus. For each material. the approximately paraUd
solid or dashed lines are the regression lines 17-J

Figure 7.15 Constant strain rate plots of flow stress versus temperature for the lÎtanium-
based composites deformed above and below the beta transus temperature 176

Figure 7.16 Optical micrographs of etched Ti-6°/oAl-4%V deforrned al a strain rate of
0.0005 S'l to a deformation strain (eJ of 0.5 181

Figure 7.17 SEM photographs showing the etTect of defonnation temperature on the beta
phase structure for Ti-6°/0A1-4°/oV deforrned at 0.0005 S·I to a deforrnation strain
(e .1 ) of 0.5 182

•
Figure 7.18 Optical micrographs of etched Ti-6%AI-4%V defonned at 12000 e (above the

beta transus temperature) to a deforrnation strain (e.j of 0.5 and showing the
effect of increasing strain rate 183



List ofFigures•

•

Figure 7.19

Figure 7.20

Figure 7.21

Figure 7.22

Figure 7.23

Figure 7.24

Figure 7.25

Figure 7.26

Figure 7.27

Figure 7.28

Figure 7.29

Optical micrographs of etched Ti-6%AI-4%V defonned al 950°C (below the
beta transus temperature) to a defonnation strain (EJ of 0.5 and showing the
effect of increasing strain rate 183

Optical micrographs of etched lO \,01.°'0 TiC" reinforced Ti-6% AI-4°/oV
deforrned at a strain rate of 0.0005 sol to a defonnation strain (EJ) of 0.5 187

Optical micrographs of elched 20 vol.% TiC" reinforced Ti-6%AI-4%V
deforrned al a strain rate of0.0005 S·I to a defonnation strain (EJ of 0.5 188

Optical micrographs of etched 20 \'01.% TiC" reinforced Ti-M'oAI-4%V
defonned at 1200°C (above the beta transus temperature) to a defonnation strain
(EJ of 0.5 and showing the etTect of increasing strain rate 189

Optical micrographs of etched 20 vol.% TiC" reinforced Ti-6°'oAI-4°oV
deformed at 950°C (below the beta transus temperature) to a defonnation strain
(Ed) of0.5 and showing the effect of increasing srrain rate 189

Intertàcial reaction analysis using low voltage imaging on a FEGSEM equipped
\Vith a through-the-Iens detector for 20 vol.% TiC" reinforced Ti-6°'oAl-4°'oV
composite processed hy hot working 191

Variation in the diffraction peaks of the TiC and p-titanium phases for the
20 vol.% TiC paniculate reinforced Ti-6% AI-4%V composite processed by hot
working to an applied srrain of 0.8 at a strain rate of 0.0005 S·I. (Unlabeled
peaks are the ~ phase of the Ti-6%AI-4°~V alloy.) 192

Comparison of the ditTraction pattern for the 20 vol.% TiC particulate reinforced
Ti-6%AI-4% V composite processed by sintering at lJOO°C for 4 hours with hot
working at lOOO°C ta an applied strain of 0.8 at a strain rate of 0.0005 S·I.

(Unlabeled peaks are the ~ phase of the Ti-M'oAI4%V alloy.) 194

Variation in the diffraction peaks of the TiC and p-titanium phases with heat
treatrnent of the 20 vol.% TiC particulate reinforced Ti-6%AI-4%V composite
processed by hot working at 1000°C to an applied Strain of 0.8 at a strain rate of
0.0005 sol. (Unlabeled peaks are the ~ phase of the Ti-6%AI-4%V alloy.) 195

Variation in the diffraction peaks of the TiC and p-titanium phases with heat
treatment of the 20 vol.% TiC particulate reîntorced Ti-6%AI-4%V composite
processed by hot \Vorking at 1200°C to an applied strain of 0.8 at a strain rate of
0.0005 S·I. (Unlabeled peaks are the Pphase of the Ti-6°'oAI-4%IValloy.) 196

Strength propenies as a function of defonnation temperature tor the TiC
particulate reintorced Ti-6°/oAl-4°/oV composites hot worked to a deformation
strain (Cd) of 0.5 at a strain rate of0.0005 S·I 198

xv

•
Figure 7.30

Figure 7.31

Total percent elongation as a function of deforrnation temperature for the TiC
paniculate reinforced Ti-6°/oAI-4%V composites hot worked to a deformation
strain (cJ of 0.5 at a strain rate of 0.0005 S·l 199

Mechanical propenies after heat treatment at 1100°C of the 20 vol.% TiC"
reinforced Ti-6%AI-4%V composites hot worked to a deformation strain (&J of
0.5 al a sttain rate of 0.0005 S·I at a temperature of (a) 1000°C and <b) 1200°C.
The volume fraction of the interfacial phase. Ti!C is also plotted .203



• List ofFigures

ChapterB

xvi

Figure 8.1

Figure 8.1

Figure 8.3

Variation in the lanice parameter of the beta-Ti-6%Al-4%V and TiC phases \Vith
holding rime for a 10 vol. TiC composite sintered at llOO°e. 111

Neutron diffraction pattern showing the evolution of the (331) TiC peak with
processing temperature for a constant holding time of 1 hour for 20 \'01.% TiC
reinforced composites 214

Proposed titanium - carbon phase diagrams based on observations reported by
GoretzkilW1 and the findings l'rom the present work 216

Appendix III

•

•

Figure AllI. 1 Variation in sin e with () iIIustrating that the uncertainty in sin edecrea'ies as e
increascs 256

Figure AllI.2 Schematic of extreme tonns of extrapolation cun.·es iIIustrating (a) large
systematic errors. small random errors and (b) small systematic errors and large
random errors 257

Figure AIII.3 Extrapolation curve tor detennining the (me lanice parameter of p-Ti-oO'oAl-
4% Vat 1100ce 259

Figure AillA Extrapolation curve for detennining the (rue lattice parameter of TiC at llOOce. 259



•

•

•

Table 2.1

Table 2.2

Table 2.3

Table 2.4

Table 2.5

Table 2.6

Table 4.1

Table 4.2

Table 4.3

Table 4.4

Table 6.1

Table 6.2

Table 6.3

Table 6.4

Table 6.5

Table 6.6

Table 6.7

Table 7.1

Table 7.2

LIST OF TABLES

ChapterZ

Compatibility of reinforcement particles for titanium matrix composites 10

VaIues for the variables in the initial sintering stage equation , 25

Models proposed for the stress-intensification factor 36

Microstructure-property relationships for Ti-6%AI-4°'oV ,47

Mechanical properties for Ti-6%AI-J°'OV ,47

Mechanical properties for TiC particle reinforced Ti-6°oAI-4°'oV composites
produced by pO\\'der metallurgy techniques (CIP and HIP process) ,47

Chapter4

Chemical composition of Ti-6%AI-4%V powdc=r 51

Chemical composition of TiC powder .51

Metallographie preparation technique for titanium composites nO

Small specimen testing techniques and characteristics 65

Chapter 6

Activation energy for volume diffusion 97

Lanice parameter values for p-Ti-6%AI-J°/oV and TiC 114

Comparison of lanice parameter values for TiC 115

Coefficients ofthennal expansion for Ti-6%AI-4%V 115

Lanice parameter values for Ti-6%AI-4%V with and without carbon 127

CaJculated scattering angles for the 311 planes of TiC and Ti:C in X-ray
diffraction using a copper wavelength source 137

Time exponent values determined for grO\\W of the Ti:C interface 144

Chapter 7

Values for the constants A. B. C. in equation 7.1 159

VaIues for the stress exponent and strain rate sensitivity 175



List of Tables• Table 7.3

Table 7.4

Table 7.5

Table 7.6

Table 7.7

Table 8.1

xviii

Literature values for the stress exponent and strain rate sensitivity [75

Values for the activation energy 177

Microhardness values of the ritanium alloy matrix 186

Room temperature properties of Ti·6%AI-l%V alloy worked to a deformation
strain (t.J of 0.5 al a strain rate of 0.0005 S·I 197

Room temperature properties of the TiC reinforced Ti·6%AI-4°/oV composites
worked to a deformation strain (1:;1) of 0.5 at a strain rate of 0.0005 S·I 201

Chapter8

Comparison of 20 vol.% TiC reinforced Ti·6~/oAI-l%V composites 221

Appendix III

•

•

Table Alli. 1 DilTraction peak angles ofheta-Ti·6%AI-4%V at li OO°C 258

Table AIII.2 Diffraction peak angles orTiC at [ 100ee 258



•

•

•

CHAPTER 1

INTRODUCTION

The advancement of science and technology has required materials with ever

increasing performance characteristics. which May he specified by various criteria including

reduced weight. lower cost, and higher strength and stiffness. In an effort to improve the

physical and mechanical properties, materials scientists and engineers are striving to either

modi fy existing materials or develop novel materia[s. Exemplary 0 f this latter category are

composite materials, as these have been developed by combining two or more distinct

phases to tbnn a system having properties. not only markedly different from the constituent

properties, but also ingeniously tailored tbr the specitic application.lI )

Historically. composites have existed since ancient civilizations (e.g. adobe bricks

and woùd)PI However, a composite. in the present context, will be restricted to material

synthetically fahricated from chemically dissimilar phases that are separated by a distinct

interface. Heightened interest in composites has occurred in the last tèw decades in which

these have been designed for various engineering applications by incorporating reinjorcing

phases within a matrix phaseYI The matrix. a continuous phase in the composite. is

frequently present in a greater quantity and its properties are improved by incorporating the

second constituent. the reintbrcement or reintbrcing phase.

One simple scheme tor the classification of composites is to separate the matrix and

reinforcing phase constituents, and divide them into several groups. The tirst classification

is based on the type of the matrix constituent: Polymer Matrix Composite, Metal Matrix

Composite or Ceramic Matrix Composite. Composites can also be classified based on the



type of reinforcement used: fiber reinforced (continuous or discontinuous) or particulate

reinforeed (flakes~ chopped fibers~ shaped particles~ and whiskers).
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Polymerie matrices are mainly based on thermosetting and thermoplastic

polymers.[~1 Thennosets (e.g. epoxy and phenolic) undergo a soft plastic stage only once

and then harden irreversibly whereas thennoplasties (e.g. polyethylene~ nylon~ and acetyl)

can be repeatedly heated, tàbrieated and cooled. Polymerie composites are currently used

in a variety of applications including primary and secondary load bearing structures, tubing,

electronic paekaging, as weil as automobile and aircraft components. Criteria tor selection

of polymerie composites include aspects of weight, impact resistance, strength and

stiffness, ease of manutàcturing and tlexibility. tlammabiIity requirements and corrosion

resistanee. The main disadvantages of these composites are their low maximum working

temperature. high thennal expansion coefficient and sensitivity to moisture.

Metallic composites usually have a lightweight matrix of an alloy of aluminium.

magnesium, or titanium. and. where weight is not a critieal parameter. alloys of nickel.

copper, cobalt silver and zinc have also been used.151 • Generally. metallie composites

possess high specitic strength and stiffness (i.e. strength or modulus dividcd by density).

good wear resistance and tàtigue strength. high e1ectrical and thennal conductivities. as

weil as higher operating temperature capabilities than polymeric composites. On account

of these attributes, metallic-based composites are being considered as substitutes tor

conventional alloys especially in automotive and aerospace components.

Although Iight weight (combined with increased strength and stiffuess) is often the

driving force for the development of polymeric and metallic composites, ceramic-based

composites are selected or developed because of their potential tor high temperature

applicationsY,1 Ceramic matrices include various oxides (e.g. stabilized zireonia and

alumina), nitrides (e.g. boron nitride and aluminium nitride), carbides (e.g. silicon earbide

and tungsten carbide), as weil as glasses (e.g. borosilieates) and glass-eeramics (e.g. lithium

and Magnesium aluminosilicates). Typically, ductile or eeramic reinforcements in the

shape of particles, whiskers and fibers are incorporated to improve the rather poor fracture

toughness and fracture strength of the matrix phase. Difficulties tàcing the development

and application of these composites are related to their processing requirements.

Selection of the reinforcement material and type is a function of the matrix

constituent, the properties required of the composite and the proeessing route.[i-SI Common

reinforcement materials include carbides (e.g. silicon carbide and titanium carbide).. nitrides

(e.g. silicon nitride and aluminium nitride), oxides (e.g. alumina and silica), glass fibers as



weil as elemental materials (e.g. boron, carbon, tungsten, and silicon). AIso, fibers of silica

glasses (e.g. E-glass or S-glass) are the most common reinforcements for polymeric

composites. Incorporation of these reinforcing phases (in volume fractions of 5 to 500/0)

into the matrix phase improves the performance of the composite system. The main

parameters in detennining the effectiveness of the reinforcement are its shape, size.

distribution and orientation. In general, fiber reinforcements affer a higher potential tor

improvement in the mechanical properties than particulate reinforcing phases.[9.
,o

l

However, stemming from the difficulty in tàbricating fibers and incorporating these into the

matrix phase during processing, particulate reintorcements are preferred tor applications not

requiring extreme loading or thermal conditions.
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This represents the current status of composite science and technology in which

research and development has enabled the processing of a range of composite systems.llli

While polymerie composites have experienced expansive use.1121 metallic and ceramic

composites still remain subject to research and development efforts to resolve processing

and performance difticulties.['~1 For metallic composites. the most important driving torce

has been the aerospace industry, as great expectations have been placed on these materials

as weight reducing engineering solutionsY~1 Hence. the central theme to metallic-based

composite development has been light weight and enhanced properties. Though metallic

composites have exhibited many advantages and improved properties. the processing costs

still represent barriers to more widespread application of these materials.['SI Such barriers

are panicularly signiticant as these composites now progress from relatively low volume.

high cost applications in aerospace technology to high volume. low cost applications in the

automotive and consumer goods industriesYt>-171

Early activities related to metallic composites tocused on the development and

behavior of continuous tiber reintorced materials based on aluminium and titanium

matrices.[IS.191 Despite their highly promising mechanical properties. these composites have

been afforded only limited application due to shortcomings stemming from the cost of fiber

fabrication, as well complex processing requirements in incorporating these into the matrix.

Specifically the problems assoeiated with the manutàcturing of continuous fiber reinforeed

metaI matrix composites (inc1uding fiber damage, microstructural non-uniformity. tiber·to·

fiber contact, and extensive intertàcial reaetions) led to the development of discontinuously

reinforced composites for applications not requiring the ultimate in perfonnance.i7]

Diseontinuously reinforced metallic composites have attracted attention in recent

years as these can exhibit isotropie properties and are easier to proeess using standard

processing methods, sueh as powder metallurgy. The availability of various reinforcement



types at relatively low cost, and the existence of metal working technology for the

processing of these composites, have also contributed to lower cost of the final component.

Aluminium and its alloys as matrix materials have been the focus of much of the research

and development effort on discontinuously reinforced compositesf:!o-~~I Lower processing

temperatures and compatibility with various reintorcements has enabled the advancement

of aluminium·based composites to the stage of commercial productionYJI Altematively.

development of titanium·based composites has been delayed by processing problems

stemming from the high reactivity of titanium with many reintorcements. as weil as higher

tàbrication temperature requirementsY41 However. there are many potential applications for

titanium composites in advanced engineering components. especially for high temperature

operation where the properties of rival aluminium composites deteriorateysl
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[n this last decade. considerable development of the science and technology related

to particulate reinforced titanium·based composites has been initiated. {~b-301 An increased

understanding of the high temperature consolidation behavior is required to assess the etfect

of the processing parameters on the interaction of matrix and reinforcement which torms

the interface. Also, the influence of processing and, more specifically, that of the matrix

microstructure and interface. on the mechanical properties of the composite material need

to he assessed. This is the basis tor the present work.

A literature review of the developments in the particulate reintorced titanium metal

matrix composite field is given in Chapter 2. This chapter also includes the basic concepts

and mechanisms involved in the processing of these materials using powder metallurgy

technology. Chapter 3 reviews the objectives of the present work. [n Chapter 4. the

experimental materials and methods are described. High temperature processing of the

composites was perfonned by vacuum sintering and thennomechanical processing. Optical

microscopy, scanning electron microscopy. electron probe micro..analysis and neutron

diffractometry were used to characterize the matrix microstructure and intertàcial reaction

zone. Mechanical property assessment was accomplished using microhardness testing,

hardness testing and shear punch testing techniques. The development of the shear punch

testing technique tor mechanical property assessment of discontinuously reintorced

composites is presented in Chapter 5. The sintering results, given in Chapter 6, consist of

the consolidation behavior, microstructural and intertàcial characterization and mechanical

property detennination. The defonnation behavior during thennomechanical processing

and its influence on the microstructural and interfacial development, as weil as the resulting

mechanical properties are presented in Chapter 7. The results obtained in Chapters 6 and 7

are discussed and rationalized in Chapter 8. Finally, conclusions and recommendations tor

future work are given in Chapter 9.
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CHAPTER2

LITERA TURE REVIEW

Particulate reintorced composites based on titanium metal and alloys are considered

as potential replacements for conventional materials used in various applications including

wear parts such as gears. shafts and bearings. erosion..corrosion resistant tubing and

creep/fatigue resistant engine components. The main limitation to the development of

titanium..based composites is the high reactivity of titanium. which adversely affects the

stability of many reinforcing materials and results in the fonnation of reaction products at

the interface region. The extent of reaction and the nature of bonding between the

reinforcement and matrix detennine the load transfer capability and crack resistance of the

compositeYI.~3J Gcnerally, this reaction zone between the matrix and the reintorcement is

considered to be a weak regionY4 1 Aiso. the relative degradation in the propenies of the

composite usually increases as the thickness of the interfacial reaction zone increasesysI

An explanation for this degradation is that the reaction zone acts as a circumferential tlaw

on the reinforcement. which weakens the reinforcing material and. thus. the composite.

Altematively, the reaction zone may act to degrade the intrinsic strength of the

reintorcement by tonning stress concentrations or causing debonding.

The degradation in the mechanical and physicalP"1 propenies of the composite. due

to the interfacial reaction, has necessitated characterization of the nature of the reaction

products fonned, as weIl as minimization or optimization of the extent of reaction between

the matrix and reinforcement in the interface region.[371 Essentially, there have been three

basic approaches to solving the interfacial reaction problem in titanium..based composite

systems: (1) to modify the matrix by alloying with (a) slower ditfusing elements that reduce



the reactivity of titanium and thereby reduce the reaction zone thickness directly or (b) with

elements that decrease the melting temperature, and thus reduce the reaction layer thickness

indirectly by lowering the fabrication temperature; (2) to select or develop chemically

stable reinforcements; and (3) to develop lower temperature processing techniques that

minimize the reaction zone.
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Research on the effects of alloying on reducing the reactivity of titanium was

perfonned in the late 1960s and early 1970sY8
1 Additionally, considerable work has been

perfonned to alloy the titanium matrix so as to produce a material that can be processed at a

lower temperature. Techniques include alloying to achieve grain size refinement and

stability for superplastic fonning,[W~()1 using hydrogen as a temporary alloying element

during processing[·U-OI and alloying with beta-stabilizers to fonn metastable beta

compositions.[~51 However. Ti-6% AI-4%V remains the most readily available and most

widely applied titanium alloy in industry. Thus. the current work will be directed towards

employing this material as the matrix phase in the composite system to he developed. As

such~ this chapter will be divided into three sections: (l) an overview of the Ti-6% AI-4% V

matrix alloy, (2) a selection of a suitable reinforcement material and (3) a review of the

proeessing techniques applicable to titanium-based composites.

2./ T;-6%AI-4%V Matrix Character;st;cs

Elemental titanium undergoes an allotropie transformation from hexagonal closed

packed (hcp) Cl to body-centered cubic (bec) p at a temperature of 882°C.[~6J Elements

which when dissolved in titaniunl produce linle change in the transtormation temperature

or cause it to increase (e.g. aluminium, carbon and oxygen) are known as alpha-stabilizers.

while alloyjng additions which decrease the phase-transtonnation temperature

(e.g. vanadium) are referred to as beta-stabilizers.(~1J [n IWo-phase alloys, the single-phase

Cl and single-phase Pregions are separated by a two-phase a+p region, the width of which

increases with increasing solute concentration. [n general, alloys of titanium are classified

as 'a', 'a+W or 'p'. The 'a+(3' alloys have compositions containing mixtures ofboth cr and p
stabilizers, and thus a mixture of Cl and ~ phases are present in equilibrium at room

temperature.

The simplest a+~ alloy is Ti-6%AI-4%V (the composition is in weight percent).

The addition of aluminium stabilizes the a phase to higher temperatures while vanadium

stabilizes the P phase to lower temperatures. For Ti-6%AI-4%V, the transtonnation

temperature from the single-phase ~ region to the a.+~ phase region, retèrred to as the ~-



transus temperature. is approximately 988°C ± 1O°C,[~81 as observed from the section of the

pseudo-binary Ti-6AI-V phase diagram shown in Figure 2.1.[491
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For the Ti-6%AI-4o;oV alloy, there are two basic morphological types of room

temperature microstructures, lamellar and equiaxed. The lamellar structure tonns upon

heating to above the Jl-transus temperature and cooling into the a+~ phase region. Slow

cooling (e.g. fumace cooling) leads to the nucleation and growth of the a phase in plate

fonn at prior ~ grain boundaries. The resulting lamellar structure consists of plate-like a

separated by very thin layers of p. The cooling rate from above the p-transus temperature

greatly affects the size of the lamellae. In general, the prior Pgrain size controls the length

of the lamellae, while their width is diffusion controlled and can be refined by increasing

the cooling rate.[50
I Higher cooling rates (e.g. air or water cooling) result in a finer a phase

and the microstructure is referred to as acicular. Widmanstatten or basket-weave depending

on the exact appearance of the lamellae. Altematively, the equiaxed structure cao only be

fonned by work hardening the lamellar structure (by plastic detbnning in the a+p phase

field at either ambient or elevated temperatures) and then recrystallizing the microstructure.

Break-up of the p grains during the defonnation stage enables the a phase to nucleate and

grow at sites other than the prior Jl grain boundaries during recrystallization.[51.53! Hence. by

manipulating the heat treatment and thennomechanical processing parameters, a variety of



microstructures based on the lamellar and equiaxed morphologies can be formed.
Moreover, the morphology of the a. phase must be tailored judiciously, as the
microstructure significantly influences the properties of the material; for example equiaxed
microstructures have higher tensile ductility and are resistant to tàtigue crack initiation,
whereas lamellar microstructures have superior crack propagation resistance.
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[n general, Ti-6%AI-4% V possesses excellent corrosion resistance, high specifie
strength, good fatigue resistance and moderate fracture toughness values.!s"l However, the

low elastic modulus, poor wear resistance and low hardness of Ti-6°iOAI-4% V limit the
service life of this material at elevated temperatures and in tribological applications. To
improve these properties, particulate reinforcement can be employed to combine the
rigidity, wear resistance and high hardness of a ceramic phase with the ductility,
machinability, specifie strength and corrosion resistance of Ti-6% AI-4%V.

2.2 Rein/orcement Selection

The selection criteria for eeramic reintorcements includeF.J~1

(1) Superiority in mechanical properties such as rigidity (i.e. high elastic modulus), high
yield and tensile strengths and high hardness.

(2) Superiority in physical properties such as high melting temperature, low density and
high thennal conductivity.

(3) Thennodynamic stability ln titanium alloys at the temperatures required tor
consolidation and secondary processing.

(4) Small difference in the coefficient of thennal expansion between the reinforcement
particle and the titanium alloy.

(5) Containing elements that have a low solubility in the titanium alloy matrix al the

processing temperatures.

(6) Strong bonding between the reinforcement and matrix with a unifonn thin reaction
zone.



The reinforcement-matrix interfacial interaction remains an outstanding problem in

metallic composite systems, but is particularly difficult for titanium-based matrices, on

account of the reactivity of these materials. In the case of fiber reinforced composites.

chemical stability of various fibers in titanium-based matrices may be achieved by

adjusting the surface composition through the use of multiple-layer coatings having a

reduced reactivity, which thereby enables the correct degree of compatibility to he attained

in the matrix during processing.1551 On account of the smaller dimensions (i.e. smaller aspect

ratio and diameter) of particulate reinforcements, such reactivity problems are magnified

for the latter and are often very difficult to avoid (i.e. stable barrier layers are difficult to

produce on particles)YU61 As such chemical interactions between the matrix and

reinforcement usually have deleterious effects on the properties of the composite. selection

of the appropriate discontinuous reinforcement is critical. more so than in the case of

continuous fibers.
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Considering the above criteria, the range of reintorcing materials available which

have suitable properties that would make them useful additions to titanium-based matrices

is short. For example. the rare earth oxides are stable in titanium and can he incorporated

into the matrix using a rapid solidification route or powder metallurgy processingY-·5SJ

However. the mechanical properties of these oxides are such that the potential for

improvement in the elastic modulus. wear resistance and hardness of titanium-based

materials is smalI, especially at the low volume fractions (i.e. 10-20 vol.%) commonly

utilized in particulate reintorced titanium matrix composites.

Recent studies have examined various ceramic phases. including AI~0~.[5l/,n()1

SiC,[01·041 Si~N.$,[65-0SI B.$C,ltlQ-701 TiB.,/:"t--n1 TiB.[7.$.~'J TiN.1811 TiAIY~~-S-I1 BNls5 1 and TiC[Sll-lNI as
- -

reintorcement materials in titanium alloy matrices. Table 2.1 summarizes the observations

tor various candidate reinforcement materials.[l/o·q:!1

With regard to mechanical property improvement. B.$C and SiC offer the greatest

potential by virtue of their high specifie strength and stiffness. However. the lower

coefficient of thennal expansion of these reinforcements, as compared to that of most

titanium alloys, which is approximately 9 x 10-0 K", results in a high thennal mismatch and

generates internai stresses which degrade the properties of the composite. In addition. B~C

particulates react with titanium-based matrices to fonn a region ofTiB and TiC phases with

TiB needles growing into the matrixY,9-7Qj In the case of SiC particulates~ the reaction

products that have been observed for Ti-SiC interfaces depend on the temperature of

exposure during processing. At temperatures below 850°C, TiC is the only reaction

product observed. [711 At higher temperatures, the extent of reaction with the titanium matrix



is greater and a complex multiple-layer reaction zone of various interfacial products,

including TiC and TisSi3, fonns.[93-94) AccompanYing the tonnation of these reaction

products is a large decrease in volume (i.e. -4.6%), which generates radial tensile stresses at

the interface. These oppose the differential thennal contraction stresses, and tend to cause

interfacial cracking and further degradation of the room and e1evated temperature properties

of the compositeP'J Examination of the reaction kinetics of the Ti and SiC system has

shown that the fonnation of the interfacial constituents is diffusion controlled.16
1] Hence. by

decreasing the exposure time at the compaction temperature using, for example, shock

processing technology or solid state pressure assisted methods (e.g. forging or hot

pressing), the interfacial reaction products in SiC particulate reinforced titanium composites
can he minimizedy~sl
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Table 2.1 - Compatibility of reinforcement particles tor titanium matrix composites

Nature of
Panicle Knoop Elastic Density Coefficient Maximum Solubility intertàcial

Hardness Modulus of Linear bond and
Expansion Matrix Particle propeny

(GPa) (GPa) (g;cm~) (lxIO·() K- ') (at.°/o) (at.% ) assessment

TiB 28 550 4.57 8.6 0.001 l.0 Very good

TiB~ 15-45 530 4.53 8.1 Unstable in Ti alloys Failure
-_.- - ,-,-

TiC 28-35 462 4.92 7.4-8.6 1.8 15.0 Very good
- _ ....__ ...-- -- - -~.- - - ----- - .- - • _. , ... , .._-

B"C 27 449 2.51 4.5 Unstable in Ti alloys Failure
.. _- _ .. -_.- -

SiC 25 414 3.21 4.3 Unstable in Ti alloys Poor
_.__ . --- ..- - -- _. . - - -

TiN 16-20 251 5.43 8.0 22.0 26.0 Failure
----- -- f-- --------- -, _._ ... - -

Si3N" 8-19 304 3.20 3.0 Unstable in Ti alloys Failure
.. --- -- - - ---~-- ------- -- -

BN 2a 85 2.25 7.5 Unstable in Ti alloys Failure
-- f" ----- - __0_._··-- - _. - _. - --- - ---

AIN 12 340 3.30 5.6 Unstable in Ti alloys Failure
--- '0 __..._, _. __.__._ - .. ,- " -- >--~----- -- - .,.- - .. _.-, --- - _o·, -- ------

TiAl 3 176 3.91 - Unstable in Ti alloys Failure
1--.. - _ .._.. - . ~--_.,.

- o.~____~_·~_.___ .. ,_o_~ ---- --- - - -.-- - .---

AI~03 18-23 380 3.97 8.1 Unstable in Ti alloys Failure

J Mohs scale

Amid the remaining reinforcements, TiB:! has attracted recent interest tor improving

the thennal properties of titanium alloysy,qo

71 J Results indicate that TiB:! would be

preferable to SiC as a reinforcement in titanium tor situations where high thennal

conductivities would he beneficial. The slower reaction rate kinetics (as compared to SiC



and B-4C) between the TiB~ reinforcement and the titanium matrix fonns a thinner

interfacial layer of TiB, which does not mechanically weaken the interface to the same

degree as that in the Ti-SiC systemp:!1 This May be at least partly a consequence of the

much lower volume change (i.e. decrease of 1.40/0) accompanying the fonnation of the TiB

reaction product.[7I-n
l However, the morphology of the TiB is needle-like in fonn, and local

microcracking, porosity and general damage in the vieinity of the intertàee weakens the

composite and leads to premature fai1ure. [i3 1 Recent research with titanium aluminides

indicates that the reaction kinetics of this intertàce, and thus the thickness of TiB reaction

product, decreases with increasing aluminium content such that in Ti-47Al, TiB:! has been

reported to remain stable at 1200°C for 7 days.lQ()1 Moreover reintorcement of titanium

aluminides, with low volume fractions of TiB~, has resulted in improved elevated

temperature workability, higher strength and improved toughness through grain refinement
of the matrix alloy.[')7.')sJ
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From the selected list ofreintorcement materiaIs given in Table 2.1, the monoboride

and monocarbide of titanium May then be the Most appropriate reinforcing choices on

account of their compatibility with titanium-based matricesYNI ln particular. both TiB and

TiC particles exhibit Iimited solubility in titanium al10ys during processing and service. as

indicated in Table 2.1.

Recently, TiB particulate reinforced titanium composites have been tàbrieated using

blended elemental POwder metallurgy technology: the matrix and boron source powders

(e.g. boron powder or TiB2) were mixed, compacted isostatically and consolidated by

sintering in a vacuum fumace at 1300°C for 2-100 hours.lIDO-JOIi During consolidation the

boron source powders dissolve and reaet with titanium to fonn unifonnly dispersed TiB

platelets in the matrix. Following vacuum sintering, the composites are either hot

isostatically pressed al 900°C for 3-4 hours or hot worked and heat treated to maximize the

properties of the TiB reinforced titanium-based material.[I021 The work of Saïto et al. has

shown that interaction between the TiB platelets and the titanium alloy matrix is minimal

on account of the low solubility ofboron in titanium.[IO'J The resulting TiB-titanium alloy

intertàce boundary revealed good crystallographic coherency and no obvious reaction

products.[iOo

I03 1 A microstructuraI shortcoming of this composite system is the needle-like

morphology of the TiB reinforcement phase which, albeit the higher strength potential (i.e.

short fiber reinforcement), gives a low ductilityY 04
1 Recent work by Fan et al. has sho\\-n

that rapid solidification processing of Ti-TiB composites cao be used to moditY the TiB

morphology to nearly equiaxed particulates, which was found to improve the mechanical
properties.II051



Nonetheless, processing of the TiS reinforced titanium composite system is

dependent on using the blended elemental powder metallurgy approach, as titanium

monoboride reinforcement particles cannot he fahricated. Although the use of elemental

powders enables enhanced pressing properties. slow interdiffusion during densification May

require high consolidation temperatures and long sintering times to aid diffusion of the

alloying elements and achieve homogenization of the matrix aIloy.[106-107) Moreover. the

inherently low solubility of boron in titanium may augment the processing difficulties

funher, as sufficient processing times are necessary to complete the chemical reaction

between the reinforcement phase and the titanium matrix. so as to produce the TiS

platelets.I \lJ8] This necessity tor long sintering times at elevated processing temperatures

May reduce or even countervail the cost benefits of using lower cost elemental powders. as

opposed to pre·aIIoyed powders (as discussed tùrther in the next section).
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Titanium carbide has been investigated as a reinforcement phase tor titanium-based

composite materials because of its good thennodynamic compatibility with matrix alloys

and commercial availability in the tonn of high quality powder particulates. Also, the

physical and elastic properties ofTiC suggest that it could be promising as a reinforcement

phase in titanium composites. TiC has an elastic modulus (460 GPa) more than four times

that of titanium (110 GPa), a high hardness. a very high melting temperature (31 OO°C) and.

although its density (4.9 glcmJ
) is slightly higher than that of titanium (4.5 glcm)), its

coefficient of thermal expansion is within 50~/o that of titanium and their Poisson's ratios
are similar.{I()qa l

The interfacial reaction between titanium-based matrices and TiC reintorcement

particles has been studied in previous worksY6.1101 ~Iicrostructural investigation of the Ti·

TiC interfacial region by optical and scanning electron microscopy techniques has shown

no obvious reaction products at the intertàce between the matrix and reinforcement

phases.[IIOJ However, using transmission electron rnicroscopy, a circular dislocation

network was found on the periphery of the TiC reinforcement particles by Konitzer and

Loretto. 11101 AIso, their electron diffraction analysis revealed that the lanice parameter of

the TiC particle outside the dislocation nenvork corresponded to carbon deficient TiC while

that of the reintorcement particle core corresponded to stoichiometric TiC. [n their study~

chemical analysis by electron-energy 10ss spectroscopy (EELS) indicated that the carbon

deficient TiC annulus has a composition of 33 at.% carbon, corresponding to a Ti:C ratio of

2 (i.e. Ti2C). However, whether the entire carbon deficient annulus corresponds to a

composition of Ti2C remains uncertain. Furthermore~ although a difference in lanice

parameter has been measured between the two sides of the dislocation waIl, the crystal

structure of the carbon deficient annulus and TiC particle core was found to remain the



same. Should only Ti:!C exist in the interfacial boundary area benveen the titanium matrix

and TiC particles, abrupt changes in composition are expected in this region. However.

quantitative analysis of the interfacial chemistry by Gu et al. has revealed a compositional

gradient region for carbon between the titanium matrix and TiC particulate center.[III!

Referring to the equilibrium carbon-titanium binary phase diagram.[I11 1 as shown in

Figure 2.2, these results suggest that a dissolution-type reaction occurs between the matrix

and reinforcement particles, fonning a continuous carbon deticient region between titanium

and TiC. This phase diagram suggests that TiC would dissolve in a titanium matrix until

either aIl the carbon is in solution or there is equilibrium between a saturated solution of

carbon in titanium and sorne remaining TiC, which would then be non-stoichiometric (Le.

TiC,).['I3-"-'1 That is. in the carbon-titanium binary system only one intennediate

compound, TiC. is present and non-stoichiometric TiC, varies in composition trom 33 to

49 at.%. at room temperature. The existence of another ordered tonn tor this carbide. Ti2C.

remains questionable, as most investigators could not distinguish this structure and little

information is available on the stability range ofthis phase.[lIS-II"!
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Apart from this uncertainty with regard tl) the chemical composltlon of the

interfacial reaction product(s), previous work on the tonnation characteristics of the carbon

deficient annulus have also been inconclusive.[I1D-IIJI The carbon deficient outer annulus in

the TiC reinforcement phase may either be generated by the diffusion of carbon from the

particles or by diffusion of titanium into the particles. or by interdiffusion of carbon and

titanium between the matrix and reinforcement phases. Considering that the fonnation of a

carbon deficient annulus occurs in the TiC particles by carbon dissolution into the

surrounding titanium matrix, a maximum of 0.4 wt.% carbon would be present in the a

titanium matrix (or a maximum of 0.2 wt.% carbon in p-titanium above the p-transus

temperature), according to Figure 2.2.1118-119J However, this low solubility of carbon in

titanium limited detection using electron-energy-Ioss spectroscopy and energy dispersive x

ray spectroscopy.[1 10-11 IJ Hu et al. have observed titanium precipitation in non

stoichiometric TiC particles during thennal processing of Ti-TiC composites and thus

diffusion of titanium from the matrix into the TiC particles may also be a possible

mechanism.['2o-':!J1 Moreover, on account of this uncertainty with regard to the diffusion

direction and chemical characteristics of the intertàce region, the kinetics of the interfacial

reaction between the titanium matrix and TiC reintorcement particles rernain unknown.

Besides the uncertainties in the chemical composition and tonnation characteristics

of the intertàcial reaction region, there is a lack of microstructure-property relationships for

the Ti-TiC composite system. ft has been observed that the smaIl coherent interaction zone

(be it Ti:!C or non-stoichiometric TiC) that fonns between the TiC reintorcernent and the

titanium matrix renders good high temperature strength properties.112:!1 Moreover. the

reaction zone thickness in these composites was relatively small, as compared to SiC. Sole

or TiS:! particulate reintorced titanium composites, which have a large interfacial layer

extending deep into the matrix.[1:!31 Hence, excellent bonding1l231 between the matrix and

TiC particles, as weil as good wear resistancel12+1161 and high strength and stiffnessfl2i] have

been reported for these composites. However. the as-tàbricated TiC reinforced Ti-6%AI

4% V composite exhibited a room temperature fracture toughness of 18 MPa·m:. nearly

tour times lower than the unreinforced matrix (i.e. 77 MPa·m :).[128-1291 Recent work by Liu

et al. has indicated that, using a post-thennal annealing treatment to increase the amount of

Ct phase in the matrix, improves the room temperature fracture toughness of this composite

to 30 MPa'm :.[130
1 ~10reover, their work revealed that the fracture toughness is ternperature

dependent and consists of three regions: a low temperature region (i.e. below room

temperature), where the fracture toughness increased with temperature~ an intermediate

temperature region (i. e. up to 400°C), where the fracture toughness remained constant at

30 MPa·m':~ and a high temperature region (i.e. above 400°C), where the fracture toughness

decreased with temperature. The low and high temperature regions were associated with

•

•

•
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brittle fracture of the matrix and ductile stretching of the matrix. respectively. The

intennediate temperature region was found to be a transitional zone, where the fracture

mechanism gradually changed from eleavage to ductile failure. Moreover, an improved

fatigue crack growth resistance was found in this intermediate temperature region due to

extensive microcracking of the TiC reinforcement partieles, which promoted fatigue crack

elosure.[131! However, the overall fatigue properties were found to be lower than the

unreinforced matrix alloy either due to the microporosity in TiC particles or residual

porosity associated with the TiC particle clusters in the matrix.11101 In addition. studies on

the creep behavior of TiC reinforced Ti-6%AI-4% V composite has shown that the creep

strain rate is an order of magnitude lower than the unreinforced titanium alloy.(n~.I.BI

Further improvement in both the high and low temperature properties may be possible by

removing or modi t)ring the deleterious microstructural tèatures through secondary

processing. In the tollowing section, the processing techniques utilized tor the TiC-Ti

composite system are discussed.
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2.3 Processing Techniques

Much of the research work on TiC particulate reinforced titanium-based composites

has focused on developing a low-cost processing method using liquid- or solid-state

techniques. Recent studies have examined producing Ti-TiC composites using a casting

approach.ilJ~-nïl During casting, the single-crystal TiC particles that tonn in sirli during

cooling have a dendritic morphology. Although in sirli tormation of the TiC partieles has

been reponed to have the advantage of a clean interface (i.e. without any interfacial

reaction products),[13S1 the resulting coarse dendritic morphology of the reinforcement phase

has been observed to degrade the fracture properties.[I3~1 Retinement of the TiC dendrite

colony structure by increasing the cooling rate was reponed by Chen et al. to improve the

strength and ductility properties of the Ti-TiC composite systemYSI Fine and uniformly

distributed TiC particles can also he obtained by melt spinning. However. industrial

application of melt spinning may be difficuit tor composite materials.[1J9 j Rapid
solidification,lL!4.1.101 gas atomization[I)9.141 1 and isothennal forging of cast Ti_TiC[141-14:l1

composites have been successful in modifying the dendritic nature of the reinforcement

particles. Recently, in sitll fonnation of fine and unifonnly dispersed TiC particles in

titanium has also been achieved by a combustion-assisted synthesis process which involves

conventional melting and casting in association with exothennic chemical reactions.[1~1461

However. the greatest difficulty in using a liquid phase fabrication process, specifically in

the case of titanium-based composite materials~ is related to the high processing

temperature requirements which augment reinforcement degradation and necessitate



considerable circumspection to maintain melt cleanliness. Hence, processing work on

particulate reinforced titanium-based composites has mainly involved solid-state

techniques, particularly the use of powder metallurgy.
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In the composites processed using powder metallurgy methods, the polycrystalline

TiC particles have an equiaxed morphology. The size of the reinforcement particles in the

composite material is usually dependent on the mean particle size of the original TiC

powder. which is usually greater than 5 J,Lm. Much of the research and developmental work

in this field has focused on using blended elemental powder metallurgy technology. The

pioneering work by Abkowitz involved incorporating TiC particulates into blended

elemental and master-alloy powders.II-l7-1501 The blended matrix and reinforcement powders

were cold isostatically pressed to a prefonn shape, vacuum sintered to a closed porosity and

containerless hot isostatically pressed to a full density. Recently, this technique has also

been applied to fonn in situ TiC particles in titanium-based matrices by using carbon source

powders (e.g. graphite, Cr3C:!) instead ofTiC powder.['S'1 One of the advantages of torming

the TiC particulates in situ using powder metallurgy processing is that the size cao be

retined to the point that nanorneter size reinforcements are possible using high pressure and

high temperature processing conditions.flS21 AIso, the microporosity associated with

polycrystalline TiC particles, which degrades the fracture properties. cao be eliminated.

Although the processing temperature requirements tor blended elemental powder

metallurgy are not as severe as those tor liquid-state techniques, long sintering times at

temperatures in excess of 1200°C are necessary to achieve homogenization in the matrix

phase.1153
] These processing conditions have been reported to degrade the mechaoical

propenies, particularly fatigue strength, as compared to pre-alloyed powder metallurgy and

ingot metallurgy.115-l1 This is attributed to the microstructural tormation of coarse lamellar

colonies and a massive grain boundary a phase during processing.iI55.ISt>! ln addition. the

Hunter sodium process or Kroll Magnesium reduction process used to produce the titanium

sponge fines results in the presence of residual chloride salts in the titanium powder used in

the blended elemental approach. This chloride contamination gjves rise to residual porosity

and leads to further degradation in the fatigue strength, even with chloride leveIs as low as

0.016 wt.%.[157-1581 Moreover, residual chloride from the titanium sponge fines prevents the

achievement of fLlll density, even after secondary processing (e.g. hot isostatic pressing, hot

working).[159-160) On account of this residual porosity, the size of blended elemental

components is limited to the capability of the cold isostatic pressing method; the tàbrication

of large parts by welding smaller parts is difficult because the porosity causes severe

sputtering during welding, leading to a highly POrous weld zone.{161]



Recently, a low chloride (i.e. less than 0.001 wt.%) titanium powder produced by

the hydride-dehydride process has become available and full density processing cao be

achieved by combining cold and hot isostatic pressing of blended elemental materiaIY"'] [t

is anticipated that this hydride-dehydride powder will have mechanical properties and

welding characteristics similar to that oftitanium material produced by ingot metallurgy.[5-l1

As compared to the titanium sponge fines, hydride-dehydride titanium powder is more than

twice as expensive,l5-l 1 and the processing of this powder using the blended eiementai

approach still involves relatively high temperatures and long sintering times to homogenize

the matrix alloy chemistry. Moreover. secondary processing by hot isostatic pressing is

commonly utilized, and although beneficial in attaining full or near-complete density. it is

cost intensive and time consuming.
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A major barrier for the application of titanium metai matrix composites is related to

processing costs and productivity, especially as these materials enter consumer-oriented

markets.[ltll l To minimize processing costs. careful selection of the starting materials and

processing techniques is necessary. Moreover. the final microstructure. and hence

mechanical properties, is controlled by both these parameters. In the case of TiC reintorced

titanium-based composites, the influence of the processing method on intertàcial tonnation

remains inconclusive. Nonetheless. it appears that the processing difficulties associated

with titanium alloys may be alleviated through the application of near-net shape

technologjes, such as casting and powder metallurgy processing.11531 Although the casting

technique has becn successfully applied tor titanium alloys. control of the interfacial

reaction in titanium-based composites has usually required the lower processing

temperature capabilities of the powder metallurgy approach. [n terms of microstructural

requirements, the powder metallurgy route imparts versatility to the manufàcturing of

materials through the control of material chemistry, microstructural components (including

porosity) and the distribution of phases. Additionally. this process effectively uses

automated operations with savings in materiaL energy and capital costs. [n tàct. the main

drawbacks hindering application of this technique tor titanium-based materials are related

to the cost. quality and availability of titanium alloy POWders.[ltl3-ltl5) Currently~ most of the

work on powder metallurgy processing of titanium-based composites has involved the

blended elemental approach and the use of low-cost titanium sponge fines, from the Hunter

or Kroll reduction processes. Considering that the chloride content in these powders

produces a final component having inferior properties. more expensive powders, processed

by altemate routes to give extra low chlorine contents. are inevitably necessary. Among

these techniques, the hydride-dehydride method offers good quality titanium powder at the

lowest cost and the potential for mechanical property levels equivaJent to those attainable

by ingot and cast metallurgy.[5-a1 To reduce the overall cost of the component, a hydride-



dehydride pre-alloyed titanium powder may be particularly beneticial; the cast of producing

hydride-dehydride powder is the nearly the same for commercial purity titanium or Ti

6%AI-4%V, but application of the pre-alloyed powder reduces the sintering time and

temperature requirements as only full densification is of concem.[5~1 Also, the use of pre

alloyed powders over blended elemental powders, for the matrix phase, is advantageous for

titanium, which has a high affinity for oxygen. as alloying reduces its activity.[106 1
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Work on powder metallurgy processing of pre-alloyed powders has involved using

hot isostatic pressing to achieve complete densification and mechanical property levels

similar to those obtained by casting techniques and ingot metallurgy.llob l However. use of

the hot isostatic pressing technique contributes to the high costs involved in the processing

of titanium-based materials. Hence, in this work, the fabrication of the composites was

investigated by using two lower cast techniques: the pre-alloyed Ti-6%AI-4% V powder

was blended with polycrystalline TiC powder and consolidated by either high temperature

sintering or hot working. The ultimate objective is to study the effect of processing on

microstructural evolution and intertàcial tormation for the TiC particle reintorced titanium

alloy composite system. Thus, the remaining segment of this chapter is devoted to

examining the influence of the consolidation mechanisms and the processing variables on

the structural development occurring during densification by (1) high temperature sintering

and (2) defonnation-assisted sintering.

2.3.1 Consolidation ofPowders al High Temperature

[n general, the production of a solid component from powder constituents using

powder metallurgy processing involves powder compaction and consolidation. The

compaction stage entails containing and pressing the loose powder mass to fonn engineered

shapes of close dimensional tolerance and adequate green density for subsequent haodling.

Il involves bath rearrangement and defonnation of the particles, resuIting in the

development of inter-particle bonds through cold-welding.['b7-1681 Powder compaction cao

simply be performed using axial pressurization. However, isostatic pressing is

advantageous in producing a homogeneous density distribution in the green

(i.e. unconsolidated) compact. Although powder compaction is the primary stage in

shaping (e.g. dimensional control) and imparting specifie properties (e.g. moderate strength

and density, internai unifonnity and integrity), it is insufficient in providing desirable

properties tor engjneering applications and, thus, consolidation is of greater importance in

determining the properties of the final product.[lb91



Consolidation of a 100se powder mass or porous compact by a thennally activated

material transport mechanism that decreases the specifie surface area of the particle by the

fonnation and growth of particle contacts, shrinkage of the pore volume and change in pore

geometry, is tenned sintering.11701 During sintering, atomic transfer mechanisms result in

interparticle bonding of the powder compact that is being heated at elevated temperatures

(i.e. 0.6 to 0.8 Tm) in a controlled atmosphere (e.g. vacuum or inert gas). As sintering

progresses.. an increase in interparticle bonding and a change in the amount and morphology

of the porosity improve the mechanical properties of the material. The various structural

changes that transpire during sintering (e.g. neck growth.. pore channel closure. pore

rounding, pore shrinkage, etc.) depend on the occurrence of material transport within the

powder compact. For sintering to progress, a net decrease in free energy of the system must

occur. In a powder mass there is excess energy associated with the free surtàce of each

particle. A decrease in the surface area by increasing the interparticle contact area (i. e.
replacement of higher energy solid-vapor intertàces with lower energy solid-solid

boundaries) provides the energy or driving torce tor sintering. Moreover, the greater the

amount of surtàce area per unit volume in the original material, the greater the driving torce

tor sintering (e.g. higher energy available from fine. irregular particles than trom coarser

spherical powders). Yet, this excess surtàce energy may not be large..:lô~l and a heat source

1S required to activate and maintain mass tlow for sintering to occur at a reasonable rate.

•

•
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To define the nature of the driving torce, the thermodynamic situation at the

beginning of sintering can be described using a two-sphere model, as shown in Figure 2.3.

with sintering contacts and curved surtàces. In these contact regions.. the concave neck

surface is subjected to a stress (a) during sintering according to the tollowing equation:(I~ll

a =Y( _1 + _1 )
RI R~

(2.1 )

where y is the surface tension and RI and R2 are as defined in Figure 2.3. At the start of

sintering, during neck tormation, the length of the sintered neck between the two particles

(RI) is much greater than the radius of curvature of the neck (R2). Hence the tensile stress

that develops is approximatelyl 17 11

and is directed outwards from the neck, as shown in Figure 2.3. This stress acts on the

surface of the solid to pull the outer edge of the neck into the porosity. As sintering•
y

a=-
R,

(2.2)



progresses, neck growth occurs and this driving force diminishes because the size of the

sintered neck region. RI' increases.• Chapterl Literature Rev;ew 20

•
Figure 2.3 Initial stage of sintering showing development of the neck region in between

two spherical particles.1lï1J

As a result of the stress in the neck region, the equilibrium vapor pressure above the

neck will be slightly greater than that over the particle surtàce remote from the neck. The

vapor pressure can then be related to the surtàce tension and curvature of the neck

geometry, shown in Figure 2.3, according tO[171!

(2.3)

where p is the vaPOr pressure over the curved surtàce, Po is the vapor pressure over a tlat

surtàce, V is the molar volume of the solid, R is the gas constant and RI is much greater

than R2• Due to this difference in the vapor pressure, material transport by evaporation

from some parts of the particle surface and simultaneous condensation at the neck can result

in interparticle neck growth.

A similar dependence of the vacancy concentration on surface curvature exists
according tO[I71 J

•
C-Co = YV(_1 +_1)= yV_I_

Co RT RI R., RT R.,- .
(2.4)



where C is the vacancy concentration near the neck region and Cois the vacancy

concentration in the interior of the solid. The vacancy concentration gradient that exists

between the neck and the remainder of the particle can result in material transport towards

the neck through a surface or volume diffusion mechanism.
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When sintering has proceeded to a situation where a spherical pore is isolated within

the solid~ the stress acting to reduce the pore surtàce by reducing the pore size is given
by1l7 11

2"(
(1=--

r
(2.5)

•

•

where r is the radius of the pore as shown in Figure 2.4. Pore shrinkage is possible if the

pressure of the gas inside the pore is less than this stress. Thus the driving force tor the

latter stage of sintering can be thought of as a compressive stress in the solid surrounding

the pore.

Figure 2.4 Stresses around an isolated pore in a solid.(IiJl

The driving force for sintering thus lies in the elimination of these stresses, removal

of excess vacancies and equalization of the vapor pressure by material transport into the

neck region. The mechanisms for material transfer can be grouped into sluface transfèr

and hulk transler, as sho\vo in Figure 2.5Y~1 Surface transtèr mechanisms, which provide

for neck growth by moving mass from surtàce sources, neither change the interparticle

spacing nor improve densification. Surface diffusion (SO), evaporation-condensation (E-C)

and, to a lesser extent, volume diffusion (VD) are responsible for surtàce transtèr controlled

sintering. Alternatively, bulk transfer controlled sintering involves densification as the

mass originates from the particle interior and deposits al the neck region. Bulk transfer

mechanisms involve lanice volume diffusion (VO), grain boundary diffusion (GB) and

plastic tlow (PF).
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•
Bulk Transfer

VD

OB

Figure 2.5 Surface transfer and bulk transfer mechanisms as applied to a two-particle

sintering model. (The arrows indicate the movement of atoms and the

concomitant motion ofvacancies is in the opposite direction.){P~1
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Surface diffusion involves the movement of atoms along solid-vapor intertàces. On

account of the inherent difference in curvature and vacancy concentration in the region of

the neck, atomic motion from convex particle surfaces to the neck region can occur and

lead to neck growth. Also, smoothing of the surface roughness and pore rounding are

possible by this mechanism. Pore shrinkage and elimination by surface diffusion does not

occur due to the lack of long range surface diffusion from the outer to inner regions of the



sintering component. Although surface diffusion cao occur throughout consolidation, the

dominance of this mechanism has been determined for the early stages of sintering,

especially for fine powders, for which the specifie surface is high.!1731
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[n sorne systems, the vaPOr-pressure difference between the neck region and the

particle surface can lead to material transport into the neck by evaporation-condensation.

The neck growth and pore rounding, which can result from this mechanism, occur by the

rearrangement of material and no change in the pore volume or densitication is possible.

Moreover, material transport by this mechanism occurs tor materials having a high vapor

pressure and~ with the exception of zinc and cadmium, vapor pressure differences in metais

are too low tor evaporation-condensation to take place at nonnal sintering temperatures.; 11:;1

For metallic systems, the dominating sintering mechanism is associated with

vacancy diffusion. The flow of vacancies from regions of high concentration in the neck to

lower ones in the solid particles leads to the diffusion of atoms into the neck area. For this

process to cause appreciable material transport, the vacancy gradient must be maintained

and the vacancies moving away from the neck area must be eliminated at sorne suitable

sink. [fthe vacancies emanating from the concave neck area diffuse along grain boundaries

or lanice dislocations to convex particle surtàces~ the pore itself acts as a sink and no

reduction in the total porosity occurs. Only neck growth~ change in pore morphology and

pore coarsening are possible by this surface transfer volume diffusion mechanism.[ltl'll

AlternativeIy, vacancies can diffuse from the neck into the interior of the particle by means

of lattice dislocations and grain boundaries (i.e. bulk transtèr lanice volume diffusion).

EssentiaIly~ vacancies move through the lanice from the neck region to grain boundaries

existing within the interior of the particle~ where there is a lower concentration of

vacancies. The vacancies may move along the grain boundary network in the sintering

matenal and reach its external surtàce, thereby improving densificationyô'Il For pores

existing at grain boundaries, the movement of vacancies directly on to grain boundaries

which are in contact with the neck surtàce and other pore surfaces is possible (i.e. grain

boundary diffusion mechanism). Basically. grain boundary fonnation occurs between

adjacent powder particles, and the vacancies existing in these contact areas may move along

the grain boundaries to external surfaces, thus enabling pore shrinkage.1173]

The role of plastic tlow as a sintering mechanism during consolidated is rather

controversial. Reed and Gennan consider plastic tlow to be effective only if mechanical

pressure is applied because the stresses which are encountered during sintering aJone are

insufficient to generate new dislocations.lli2.li4! However, during sintering of metals and

ionic crystals, sorne investigators have observed the generation of dislocations in the neck



The imponance of the various sintering mechanisms depends on the material and

processing variables. including material. powder size. particle morphology. temperature.

and sintering stage. To detennine which mechanism dominates for a gjven system.

mathematical correlations have becn dcrived to describe isothermal powder sintering using

neck-growth models. which cao be extrapolated to center-to-center particle approach

models, for mechanisms involving shrinkage. Assuming monosized spheres initially in

point contact, neck growth rate by a single mechanism has been represented byl 1~:!J

area; dislocation densities of greater than 109 cm-:! were observed and~ although their

geometric arrangement was time dependent~ the dislocations remained present after

prolonged sintering times.1lill It is believed that dislocation-controlled creep generates

plastic processes at the neck regjon and consists of two stages: (l) generation of the

dislocation by a shear stress followed by its movement on the slip plane along a slip

direction and its ultimate cessation at sorne obstacle in the lanice; (2) climb of the lead

dislocation, in the pile-up of dislocations. over the obstacle and off the slip system. thus

allowing a new dislocation to be generated at the source of the stress. The driving force for

this material transpon mechanism is the presence of shear stresses. Thümmler l711
•

Oberackerlil/ and Hirschhom(173) state that the stresses in the neck region and around

isolated pores can lead to neck growth. pore rounding, and pore shrinkage by the plastic

tlow mechanism if these are greater than those necessary for dislocation generation and

movement. At e1evated temperatures. the stresses necessary for the tormation and

movement of dislocations are smalt. and for sintering systems that exhibit a large curvature

in the neck region, a small pore radius and high surface tension. the presence of plastic tlow
as a sintering mechanism is possible.[171.1 7

3.lis l

•

•

Chapterl Literature Review 24

(2.6)

•

where RI is the length of the sintered neck between the two particles (Fig. 2.3), R is the

panicle radius, t is the isothennal sintering time and B is a collection of material and

geometric constants. The exponents n and m are dependent on the mechanism and particle

size, respectively. Values for these are gjven in Table 2.2 for the various sintering
mechanisms.[176-1861

In the case of bulk transport processes, neck growth is accompanied by a change in

the interparticle spacing as sintering progresses. The approach of the particle centers has

been related to the neck size as follows:[IT.!1
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(2.7)
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Table 2.2 - Values for the variables in the initial sintering stage equationll
;1.IS71

Mechanism n m B
Plastic Flow 1 1 97t"/bD \

kT

Evaporation-Condensation % 1 l'

3;((~) ~(~) ~

Volume (Lanice) Diffusion 21 3 8D\yil
/5

kT

Grain Boundary Diffusion % 4 20BOs/il

kT

Surface Diffusion
~

4 56D,yil
J

,

kT

Y= surtàce energy 0\. = volume diffusivity
b = Burgers vector Db = grain boundary diffusivity
k = Boltzmann~s constant Ds = surtàce diffusivity
T = absolute temperature P = vapor pressure
p = theoretical density M = molecular weight
B = grain boundary width n = atomic volume ofvacancies

where the shrinkage, ~L/Lo can be determined by measuring the change in Iength of the

compact and dividing by the original length. Detennination of the sintering mechanism by

the measurement of shrinkage, for bulk transport processes, is relatively simple as

compared to the measurement of individual neck sizes. Having measured the shrinkage

values for a range of times during isothennal sintering, a log shrinkage-Iog time plot yields

the sintering mechanism from the slope. {lt is noteworthy to mention that the particle size

exponent, m, can be determined by a similar Iinear shrinkage analysis using various narrow

particle size distributions.)



Although for each distinct material system a primary sintering mechanism exists,

consolidation is often viewed to occur by ail the material transport mechanisms with each

contributing to neck growth and/or densification. Sintering diagrams have been constructed

by Ashby(I88[ to identify, at a given temperature, partic1e size and neck size, the dominant

sintering mechanism and indicate the sintering rate that ail the mechanisms, acting together

produce. The diagrams are based on the sintering models and diffusion data, and have been

fonnulated to aid visualizing the etfects of changing various material and processing

conditions on consolidation.
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There are numerous shortcomings to these models and even more so tor the

sintering diagrams.[Is9 1 As mentioned previously, sintering is not a single mechanism

process and for most metallic systems, surtàce diffusion, lanice volume diffusion and grain

boundary diffusion have been found to occur simultaneously. Moreover, sintering does not

accur isothermal1y and considerable consolidation is possible during heating to the

sintering temperature depending on the heating rate.[I-:"S] As such, lower heating rates have

been determined to gjve higher densities al equal isothennal sintering temperatures due to

the longer holding time intervals per temperature.11901 Furthennore. the models are based on

monosized spherical particles. In real powder systems. particle size, roughness and

morphology can deviate substantially from those used to derive the mathematical models.

ln practice. powders of irregular morphology are used and. in the majority of cases. pressed

into the shape of the component before sintering. This produces asymmetric particle

packing and irregular contact geometry in the green compact. Thus neck tormation during

sintering is unsymmetrical and it can induce particle rearrangement to occur concurrently

with center-to-center particle approachY'Hl Altematively, the presence of an oxide film on

the surface of the partic1es can inhibit (and even stop) material transport in the contact area

during sintering 0 f real powder systems.[19:!l

However, these relationships do provide insight on the variables that must be

controlled during processing. Equation 2.6 in combination with Table 2.2 indicates that,

tor aIl the sintering mechanisms, the partic1e size of the powder has a major eftèct on the

sintering rate (i.e. roughly proportional to the inverse of the particle size). Aiso the

sintering temperature has a double intluence for most of the mechanisms~ as the diffusion

coefficient is also a function of temperature. Although not apparent in equation 2.6,

particle size distribution is also critical because single-sized particles are difficult to pack

efficientlyand fonn compacts with large pores and a high percentage porosity.llil1

The above analysis of the sintering mechanisms was derived for the initial stage of

sintering, in which the sharp curvature gradients located near the interparticle neck provide



the initial driving force for consolidation to occur. In this stage, the particle contacts are

transfonned to bonded bridges or necks between adjacent particles, as illustrated in

Figure 2.6. Surface smoothing of the particles and rounding of interconnected, open

(i.e. connected to the external surface) pores occur. Although the powder particles rernain

discrete during the initial stage, grain boundaries often begin fonning between two adjacent

partic1es in planar contact. The particle centers approach only slightly and the total

shrinkage in this stage is usually benveen 3% to 1QO/o. With prolonged sintering, the open

and fully interconnected pore structure becomes smoothed, eliminating the major curvature

gradients, as depicted in Figure 2.6. This leads to the intermediate stage of sintering in

which the pores have a cylindrical structure and the single particles begin to loose their

identity. Considerable shrinkage occurs in this stage, as the shrinkage of open pores occurs

rapidly through the intersecting grain boundaries which run trom pore to pore. In the latter

portion of the intennediate stage, slow grain growth frequently occurs. This can lead to the

rnovement of pores or isolation of pores within the grain boundary. This replaces the

coherent network of interconnected pores with c10sed pore channels, which leads to the

tinal stage of sintering. During this stage, the cylindrical pores collapse and becorne

spherical pores that are not as effective in slowing grain growth. Frequently, the

microstructure exhibits pores separated from the grain boundaries (Le. isolated pores)

which are difficult to eliminate. As mentioned above. the densitication in this stage

depends on the pressure inside the pore being less than that due to the surface tension

(i.e. equation 2.5). Shrinkage of isolated pores has been detennined to be a slow process

and prolonged sintering times in the final stage cao lead to substantial microstructural

coarsening of the grains and pores.fl
;:!]
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Point Contact

Figure 2.6 The development of interparticle bonding during sintering.[I'~~·'i21
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To define the sintering rate in the intennediate stage, Coblef1~~1 constructed a model

consisting of cylindrical pores situated along the edges of tetrakaidecahedron grains.

However, the pore structure is highly convoluted, especially at the beginning of the

intennediate sintering stage, and even as sintering progresses the pore morphology deviates



from being cylindrical. Beere1l951 fonnulated a closer approach to the complex pore

geometry for the intennediate stage by assuming six interconnecting corner units of

tetrahedral symmetry arranged to fonn an enclosed toroid of porosity, as shown in Figure

2.7. In his model, this toroidal pore structure is arranged around the edges of an idealized

tetrakaidecahedron grain. With either model, the system of interconnected pores is stable

provided that the volume of porosity remains above a particular threshold value

(approximately 8% porosity), below which the connected structure (cylindrical or toroidal)

collapses and the porosity segments (approaching spherical in morphology) retreat to grain

corners. Regardless, both models give rather complicated expressions for the densification

rate and the assumptions involved in their derivation render considerable uncertainty when

quantitatively detennining the effect of processing parameters on consolidation of non-ideal

systems. Nonetheless, experimental work using the models tor spherical copper powders

indicates that the densification rate is dependent on the grain size, initial density,

temperature and time. The effect of temperature was found to be dominant tor both the

intennediate and final stages, as the diffusion coefficient, grain growth and pore motion are

dependent on temperature.ll-;-:;l Also, both a fine initial particle size and a narrow particle

size distribution have been tound to enhance the densification rate owing to a low grain

boundary mobility.lln l

•
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Pore Structure

Figure 2.7 An arrangement of six interconnecting corner units of tetrahedral symmetry

distorted slightly to fit round the edges of a tetrakaidecahedron grain.(1951



Therefore, microstructural variation in the sintering of powder materials is mainly

related to the morphological evolution of the porosity, which occurs through material

transport, by one or more of the sintering mechanisms mentioned. The characteristics of

the starting powder (e.g. particle size, shape, distribution, blended or pre-alloyed) and the

processing conditions (e.g. heating rate, temperature, holding time) influence the sintering

rate and control the final microstructure in the sintered component. Apart from residual

porosity, the as-sintered microstructure is usually similar or equivalent to that of wrought or

annealed materials. The grain size is dependent on the initial powder size and on the extent

ofgrain growth during the intennediate and final sintering stages.
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In the case of the Ti-6% AI-4% V alloy. a lamellar morphology of a plates separated

by inter-plate ~ is expected. For composite materials, the presence of the reinforcement

phase May also contribute towards improving densification during consolidation by

controlling grain growth during the latter sintering stages (i.e. prolongation of the

intermediate sintering stage relies on the pores remaining attached to the grain boundaries

to support continued densificationll
<}6

J
). However even with prolonged sintering,

elimination of the residual pores has been taund to be difficult.. and in the case of the

titanium-based composites, considerable interaction of matrix and reinforcement phases.

during extended holding at elevated temperatures.. May even deteriorate the overall material

properties.

2.3.2 Deformation-Assisted Consolidation ofPowders

The intrinsic ability of metals and alloys to be worked into various shapes taons the

traditionaI basis for the use of plastic deformation processes. The importance of

deformation processing in modern technology is attributed to the ability to control the

microstructure and mechanical properties via the temperature, strain and strain rate. In the

case of metaIs and alloys produced by conventional PfM processing methods (compaction

and sintering), residual porosity, which deteriorates the mechanical and physical properties

of the structure, can he removed by defonnation processing.

The fundamentals of deformation-assisted sintering (also called hot-pressing) are

closely related to those described previously for pressureless sintering. Essentially,

detbnnation processing can be considered as a sintering process, where the internai driving

forces of the system, defined by equations 2.1 to 2.5, are enhanced by the extemal stresses

due to [oading of the compact. Thus in defonnation-assisted sintering, the applied pressure

acting on the compact is transmitted to the single particle contacts, as depicted in



Figure 2.3, and superimposed on the eXlstmg tensile stress on the curved region

(e.g. equation 2.1), thereby increasing the contact stress. Similarly, for the latter stages of

sintering, both the stress described in equation 2.5, as weIl as the applied stress reduce the

surface of the isolated spherical pores.
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The way in which externalloading contributes to the existing stresses in the particle

contact regions or on isolated spherical pores depends on the nature of the applied stress~

the compact geometry, and the microstructural condition of the material system. In generat

however, the total contact and pore surface stresses are greatly increased by the application

of an external pressure. As such~ the dominating material transport mechanisms relevant [0

detonnation-assisted sintering are different trom those discussed previously for pressureless

sintering. The important hot defonnation processing mechanisms for solid-state systems

are plastic yielding, power-law creep, diffusional creep and grain boundary sliding.

Detonnation mechanism diagrams have been developed by Ashbyl
lQ7

1 to indicate the

relative importance of the various mechanisms for different stress-temperature

combinations, and are illustrated in Figure 2.8.

Theoretical Strength

Plastic Yielding
10-2,...----.....---...--------------1

Dislocation Creep

10-4

Elastic Regime
.\"abanTJ

Harùlg
Crœp

10.8 .....----------t----------......o

Figure 2.8 Simplified map showing the various deformation mechanisms at different

stresses and temperatures.[197)



Plastic yielding or dislocation glide~ which involves dislocation movement along

slip planes, occurs at stress levels that are high relative to the other defonnation

mechanisms shown in Figure 2.8. Hence this mechanism is likely ta dominate in the

beginning ofhot defonnation processing when the curvature gradients are large (i.e. highest

internaI stress as defined by equation 2.1). Under the influence of an external stress. the

powder compact begins to yield if the total stress in the contact region or on the pore

surface exceeds the yjeld strength of the material. Yielding proceeds until contact

flattening and/or work hardening establishes a balance between the contact stress and the

defonnation resistance of the material.[ 19S
I Subsequently, dislocation or power-law creep

occurs by dislocation glide aided by vacancy diffusion (i.e. dislocation climb).[19<l1 as

described in the paragraph on plastic flow as a mechanism for sintering alone. The

difference for defonnation..assisted sintering is that the total stress in the contact region and

around isolated spherical pores incorporates the external stress. Thus, during deformation

processing, material transport by this mechanism occurs even tor material systems not

exhibiting tàvorable characteristics for plastic flow during sintering alone. With the

progression of densification, the stress resulting from curvature differences reduces

substantially, as explained in the sintering section. In the presence of a constant external

pressure, as the curvature stress is reduced. the rate of dislocation creep diminishes and

diffusional creep commences to dominate. Diffusional creep results trom stress-induced

vacancy gradients which induce vacancy flow trom the grain boundaries in tension to those

in compression. as shown in Figure 2.9.[IQ9.:!OOj At high processing temperatures, relative to

the melting temperature of the material, di ffusion occurs through the crystal lattice and is

referred to as Nabarro - Herring creep. At lower processing temperatures, lattice diffusion

is slower and grain boundary diffusion or Coble creep dominates. Finally. it has been

shown that grain boundary sliding, which is the relative movement of adjacent grains. must

accompany diffusional flow mechanisms to maintain grain continuity.[101 1

•
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For each of the detonnation mechanisms, equations for the rate of densitication

have been developed by modeling the solid-state pressure sintering process as a random

arrangement of densely packed monosized spherical particles under an extemal hydrostatic

force.[~Oll However, as demonstrated for sintering, the applicability of such equations for

real powder systems is Iimited by the assumptions of such micro-mechanical models.

Nonetheless, their fonnulation indicates the variables affecting detormation-assisted

densification. In general, hot working is relatively ineffective al temperatures below halfof

the meiting temperature (T\1)' regardless of the defonnation mechanism. From Figure 2.8.

it is observed that at temperatures below 0.5-T!<o1' only plastic yjelding is a possible

defonnation mechanism and high pressures are necessary to achieve densification. The

influence of temperature on plastic yjelding is related to the temperature dependence of



flow stress. The rate of densification by dislocation creep increases exponentially with

temperature and progressively with pressure, depending on the power... law creep exponent

of the material.[19S.2011 Both plastic yielding and dislocation creep have been detennined to

be independent of the partide size of the powder and grain size. However, diffusional

creep densification is strongly influenced by the grain size or partide size of the compact..

with the densification rate inversely proportional to the square or cube of the grain diameter

for Nabarro-Herring creep or Coble creep, respectivelyYOJ-:~041 Also diffusional creep

densification rates linearly increase with pressure and exponentially with temperatureYOll

ln most practical detormation processing systems involving low strain rates (e.g. axial or

isostatic hot pressing), diffusional creep has been detennined to be the dominant

densification mechanism. especially in the tinal part of the process.11981 Hence, densification

by this mechanism during hot working can he greatly enhanced by small particle or grain

Slzes.

• Chapter 2 Literature Review 32

•
cr

t,..-'"
Grain
Boundary
Diffusion

Crystal
Lanice
Diffusion

Figure 2.9 Diffusional creep as a mechanism for hot defonnation processing.['99 1
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Besides modeling the consolidation behavior of powders by means of mechanistic

techniques (i.e. plastic flow, power law creep, diffusional tlow), continuum methods exist

to model the densification response of sintering powder particulates. In general, the

mechanistic models are dosely related to microstructural evolution of the material during

consolidationyos.106) Alternatively, continuum models are based on the development of a

plasticity theory for porous (compressible) powder metallurgy materials. ln general,

fonnulation of a plasticity theory considers the yielding and flow behavior of a densifying

powder during defonnationyo7.208 J To understand the densification behavior of a porous



material, defonnation of an element of material containing a void, as illustrated in Figure

2.4, can be considered. The pressure required for plastic deformation of a solid material

containing a void is given byPi)q)
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where (J'o is the tlow stress of the material, ro is the outside radius (equivalent to the mean

space between the voids), and ri is the void radius. This analysis indicates that voids of

large diameter require less pressure tor densification than small voids. As the void

diameter approaches zero. the pressure required tor densitication becomes unbound. Hence

in a pure hydrostatic stress state, as shown in Figure 2.10. the equal pressure in aIl

directions is not as conducive to complete densification. since infinite pressures are

required to eliminate tine spherical poresYO'J J If. however. the net stress state consists of a

small difference in the vertical and horizontal stresses, the void will become tlattened as

opposite sides of the pores come doser together. such that the shape of the pores change

from spherical to ellipsoidal on collapse, as illustrated in Figure 2.10. This is typical of re..

pressing type deformation. where extensive tlow of material in the lateral direction is

constrained by die walls.[:!{)<}1 During high temperature processing, atomic movement (by

diffusional and dislocation creep) across the collapsed pore interfaces can result in porosity

removal and chemical bonding.12101 Extensive unconstrained expansion of the material in

the lateral direction during compression occurs in upset torging operations as depicted in

Figure 2.10. Here the presence of the shear stress generates a relative motion bet\veen

opposite sides of the collapsed pore, which can cause mechanical rupture of the oxide tilm

on the metal surtàce bounded by the pore. This. along with intimate surface contact due to

sliding, is expected to result in a sound metallurgical bond across the collapsed pore

interfacesY09
1 Hence, tor high temperature defonnation processing of porous materials.

higher densification rates are expected of torging or axial hot pressing operations as

compared to hot isostatic pressing.

The fundamental mechanical responses of a POrous material (densification. plastic

flowand fracture) during plastic fonning processes can be detennined through compression

testing of cylindricaI specimens. Plastic defonnation of powder materials is similar to that

of conventionally produced fuUy dense materials, but there are additional complications

due to the substantial volume fraction of voids. ln particular. these voids must be

eliminated during defonnation to obtain a sound metallurgical structure. However. the

voids are sites of weakness at which ductile fractures may initiate during defonnation. A

feature which distinguishes the defonnation behavior of a powder material from that of a



fully dense solid is that porous materials undergo a pennanent volume change due to

densification during defonnation. A further consequence of porous material densification

during defonnation is retlected in the Poisson's ratio, which is a measure of the lateral tlow

behavior of a material. For a solid material, the Poisson 's ratio for plastic compressive

defonnation is 0.5 since the volume of material remains constant during defonnation.

During compressive defonnation of powder prefonns, tlow of material into the pores

decreases the volume and changes the Poisson's ratio with densification. Hence the

classical plasticity theory cannot be used for plasticity analysis of porous materials.
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Figure 2.10 Schematic diagram depicting the mechanical response of a porous material to

detonnation.
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To detennine the tlow behavior of porous materiaIs, the dependence of the

Poisson 's ratio on the relative density of the porous compact must be detennined. From

frictionless compression tests on various metal powder preforms Kuhn et al. have

detennined the following empirical relationship between Poisson's ratio (v) and

instantaneous relative density (p):[21I j

The best fit to the experimental data is attained with the exponent n = 1.92 for room

temperature defonnation and n = 2.0 for hot deformation, with the slight difference in the

exponent being attributed to work hardening. [2oqj•
v =0.5p n (2.9)



ln general, the Poisson's ratio provides an insight into the relative competition

between material defonnation and densification under a given applied stress. It is,

however, important to note that the material itself is still considered to be incompressible

(v = 0.5) and that the Poisson's ratio describes only the macroscopic behavior of the porous

material viewed as a continuum. The significance of Poisson's ratio for providing a

measure of the densification and defonnation strain has been described by Dutton et al.

under conditions of uniaxial compression as follows:[:!J1l

• Chapter 2 Literature Review 35

(1.10)
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where Ep is the densification strain and Ea is the axial strain. As full density is approached.

v ~ 0.5, the defonnation strain {eJ in the material approaches the axial strain (Ea) and the

densification strain (Ep) drops to zero (Le. ea = Ed + &p). Thus the deformation strain in the

matrix of a porous metallic material is related by

(1.11 )

For composite materials containing rigid incompressible particulates, the

detonnation strain of a densifying matrix phase has been determined to be also a function

of the reinforcement volume fraction (Va according tO[lDl

(2.12)

•

To quantify the influence of the relative density on the stress component of the tlow

behavior, a stress-intensification factor (cP) has been defined as the ratio of the cross

sectional area of the porous sample, ~, to the actua1load-bearing area, Am. A number of

theoretical approaches have been developed to estimate the variation of cP with relative

density (Table 2.3). Coble'sl:!I-'1 relation is based solely on the average etfective load

bearing capacity of a porous material while Scherer:!15.:!IIlJ proposed a model using a

cylindricallattice array of open-pore materials such as gels. Beere[1~5.117] considered a more

complicated pore-grain boundary geometry model and the work of Vieira and Brook[:!lSI

indicated that Beere's results fit an exponential relationship between cP and relative density.

Sorne investigators have curve fitted experimental data using power law relationships

between cP and relative density.[119-12 11 Models incorporating the etfect of initial density on

particle compaction during densification have been proposed for uniaxia1 compression!:!:!:!J

and hot isostatic pressing.[ZlJ-l:!b] Besides the diversity in functional relationship between

stress-intensification factor and relative density, most of the models used tor predicting cP



divide the densification process ioto two or more stages, each characterized by a different

pore geometry. This leads to discontinuities in the corrected-effective stress of the matrix

material at the boundary limits, which are oot observed experimentally.
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Table 2.3 - Models proposed for the stress-intensification tàctor

Stress- Intensification

Factor

Model Density Range

Coble: Random distribution ofisolated pores p > O.90[:!1~1

Scherer: Cylindrical lattice network of continuous p < I.O(:!15.:!ltl)

porous material

Vieira & Brook: Pore-main boundary ueometrv p < 1.0[1')5.:1"'.':1)\1
~- -- ...... ~ - .
Curve titting experimental data p < 1.0

Shima & Gyane: n = 5It': Il)!

Dutton et al.: n =3.56[':':0)

•

1
(2.13) cP = -

p
- --, ..- .-... - -

(2.14) 4> = (3 - 2p)
P-_.._,.

(2.15) 4>=exp(a(l-p)

1
(2.16)4>=-

pn

1

(2.17) 4> = { li } ~
(2p- -1)

_o. - __ -

(2.18) 4>= (l-po)
(p - Po)

- - --'-"--'-

(2.19) 4> = ~ 1
- p" )

p-(p-Po)

(2.20) 4> = (1- Po r~ l

p(p -Po r

Doraivelu et al.: Curve titting experimental
data[.!o7..!::!11

Lee & Kim: Curve fitting experimental data

___ ~ni~~i~l. ~'?~er~sion _

Helle et al.: Mono-sized spherical powder

Hot isostatic pressing
_._~--_._--_. --. -- ----

Helle et al.: Mono-sized spherical powder.

including neck growth due to interparticle diffusion

Hot isostatic pressing

O.7<p< 1.0

{ ~"'IP < 1.0 ---

a = depends on pore shape. coordination number

and the morphology and size distribution of

h d '''''7. ,.,nlt e pow er-- __7

Po = initial relative density

P = instantaneous relative density

cP = stress-intensification tàctor

•
Figure 2.11, a plot of cp versus relative density, illustrates the ditTerences in the

stress-intensification tàctors calculated from the various models. Large differences in cp

values are observed at low densities, and above a relative density of 0.85, the cP results for

ail geometries are approximately similar. The random pore distribution model proposed by

Coble has the lowest values and is thus best applicable for relative densities above 0.90.

The cP values for both the cylindrical lanice model and the empirical fit of Shîma and Oyane



range from approximately 3.0 al low densities to the required 1.0 al full density.

Altematively, the mono-size sphere models give quite high stress-intensification (> 100.0)

for low relative densities but decrease rapidly with increasing p.
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Figure 2.11 Stress-intensification tàctor (4)) as a fonction of relative density for various

powder geometries or empiricaI correlations.
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Selection of the appropriate relationship for the variation in stress-intensification

tàctor with relative density is highly dependent on the powder morphology. size

distribution., green density, and processing condition. In the vacuum hot pressing work of

Taylor et al.[.230 1 on mono-sized titanium and 90% titanium-IO°tfo TiC powders placed in a

molybdenum die, the stress-intensification factor relation tonnulated for hot isostatic

pressing by Helle et al. [11.J1 (equation 2.19) was used to correct the applied pressure

measurements. For conditions of hot pressing without lateral constraint (Le. frictionless

uniaxial compression testing), the stress-intensification relationship formulated by Lee and

Kim[:!:!:!l (equation 2.(8) can conceivably correct the applied stress of densifying powder

materials for relative densities less than O.90Y~311 However. the high stress-intensification

factor (- 40) at low relative densities for Lee and Kim's relationship was too extreme of a

correction and the correlation developed by Shima and Oyane provided the most suitable



correction factor for the titanium-based composites in this work. For relative densities

above 0.90, the random pore distribution model proposed by Coble!:!I"1 (equation 2.(3) can

be applied to detennine the effective stress. however. caution must be exercised to fit both

models at the boundary of p = 0.90 to avoid or minimize the discontinuity resulting from

changing the geometric model.
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Besides densification, defonnation processing can simultaneously develop the final

microstructure and dimensions of a powder metallurgy component. As detennined

previously, a portion of the axially applied strain (&3) is stored in the matenal as a

defonnation strain (&J which increases as densification progresses and converges to &3

when full density is reached. At elevated temperatures, the accumulated defonnation strain

energy (in the fonn of excess point defects and dislocations) in the material may be reduced

by two main restoration processes: recovery and recrystallization. Generally, recovery is

considered to be a precursor to nucleation and growth of recrystallization. It has been

observed that the initial 200/0 of softening is recovery and the remaining is recrystallization.

Recovery is generally due to dislocation annihilation and/or rearrangement into lower

energy configurations (such as sub-grains). Recrystallization is dislocation annihilation via

grain boundary movement. which 'sweeps out' the dislocation density. Grain boundary

migration is initiated by the nucleation of dislocation free nuclei. which then begin to grow

in the defonned material if the temperature is high enough. and gradually consume the

whole of the detonned matrixY321

In metals and alloys. the hot detonnation structure develops with increasing strain

from tangled dislocations to sub-grains. Microstructural inhomogeneities. such as micro

bands. transition bands and shear bands are present., although at a lower frequency with

increasing deformation temperature. That is the defonnation microstructure becomes more

homogeneous with increasing defonnation temperatureY33] Introducing particles into a

rnetal rnatrix affects the defonnation pattern and leads to differences in the stress and strain

distribution at both the local and macroscopic level. These effects are retlected in the

dislocation structure and internai stress state. Besides being introduced by mechanical

defonnation. both dislocations and internaI stresses May he fonned by a difference in the

coefficient of thermal expansion between the matrix and the reinforcement.[2331

The local effect of particles is to increase the dislocation density at a given strain

due to the formation of "geometrically necessary" dislocations (i.e. dislocations generated

at the particle due to non-unifonn defonnation). For small particles (i.e. 0.01 to 0.1 Jlrn 

dispersion strengthened composites) the geometrically necessary dislocations are nonnally

present as Orowan loops or tangles at the particles.[!J31 At the large particles (i.e. 0.1 to



100 Jlm - particle reinforced composites), these dislocations give rise to the fonnation of

defonnation zoneslB3J of high dislocation density adjacent to the particles (Fig. 2.12). The

actual characteristics of such zones depend on various material and processing parameters.

One parameter of particu1ar importance is the volume fraction of the reinforcement

particle.1133J For volume fractions in the range of 0.1 to 0.3, deformation zones will overlap.

Such zones have a complex microstructure characterized by the presence of small sub

grains and dislocation boundaries with a large misorientation across them.
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Figure 2.12 Schematic diagram showing possible sub-grain structures that fonn around

large particles during deformation.

In composites, the effect of reinforcement particles during defonnation is not

limited to the tonnation of geometrically necessary dislocations and local inhomogeneities.

Particles also affect the overall detonnation pattern and thereby influence the macroscopic

defonnation microstructure.[1]]1 Thus, particles in composites can accelerate microstructural

evolution compared to that of a single phase material. Such an etfect may be enhanced

\Vith an increasing number of particles, but saturates at medium and large strains. Another

macroscopic effect of particles appears to be a homogenization of the detonnation

microstructure, thus reducing the frequency of microstructural heterogeneities such as

micro-bands and transition bands. The presence of large particles maYe however. cause

plastic instabilities such as shear bands. Small particles may homogenize the slip pattern

and, as a result, the distribution of dislocations May be more unifonn than for a material

without particles.

As mentioned previously, recovery in single-phase materials leads to a decrease in

the mobile dislocation density, and to sub-grain growth by coalescence and migration of

sub-grain boundaries. Such growth may occur in the matrix. particularly at defonnation



inhomogeneities. The non-unifonn distribution of dislocations and internai stresses in the

presence of large particles, not only enhances the overa1/ sub-grain growth, but also

introduces inhomogeneous growth. A high sub-grain growth rate is therefore characteristic

of defonnation inhomogeneities at the reinforcement, especially where the particles are

present in clusters. The effect of small particles is mainly to retard sub-grain growth.

through pinning of dislocations and sub-grain boundaries.
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ln particulate reintbrced composites. recrystallization nuclei may fonn pretèrentially

at the defonnation inhomogeneities in the matrix phase as weil as at defonnation zones

around large particles. Nucleation sites tend to be regions of high dislocation density. such

as original grain boundaries, high angle grain boundaries tonned during detonnation and

shear bands. Of particular importance is enhanced nucleation at particle c1usters. where the

stored energy of the dislocation configurations can become high and where the lanice

rotations can approach that of grain boundaries. The effectiveness of such nucleation sites

depends on the reinforcement shape, which dictates the characteristics of the detonnation

zone. For instance, angular particles are stronger nucleation sites than sphericaJ particles.

due to the larger concentrations of strain in the vicinity of sharp corners. An increase in the

reinforcement size enhances the etTectiveness of the particle as a recrystallization

nucleation site. However. tor a particular volume fraction of reinforcement. the number of

potential nucleation sites decreases with increasing particle size.

Thus, defonnation processing of powder materials essentially involves the

progressive elimination of porosity with densification as well as the development of the

matrix microstructure. Previous work on the mechanical and defonnation behavior of

composites has concentrated mostly on the effect of fiber and whisker reintorcements on

the development of microstructures and properties. Where the effect of particle

reinforcements have been considered, the matrix material was almost exclusively a single

phase aluminium alloy. In these materials, consolidation by hot defonnation processing

was successful in reducing the temperatures and times required tor densification. Hence,

the present work is aimed at studying the effectiveness of hot detonnation processing (as

compared to sintering) in improving the microstructural characteristics (particularly the

interfacial region) and mechanical properties of TiC particulate reinforced Ti-6% AI-4%V

composites produced by powder metallurgy. Additionally, the intluence of TiC particles on

the densification, microstructure and mechanical behavior of a t\vo-phase titanium alloy

will be investigated.
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The mechanical properties of a composite material depend on the properties of its

constituents, their distribution and physical and chemical interactions. The most accurate

way to determine such propenies is by experimental methods, however. these can be time

consuming and expensive. Hence a number of investigators have developed modeIs to

predict the mechanical properties of the composite. Aithough these models cano in sorne

cases, predict accurately the influence of the various microstructural constituents on the

mechanical properties, the large number of microstructuraI variables associated with

composites has lead to substantial discrepancy between the predicted and experimentally

determined properties. However. formulation of these rnathematical models does provide a

basis tor understanding the manner in which the various constituents intluence the

mechanical properties. Specifically, the factors that influence the composite properties

inelude the presence of residual porosity. the reinforcement volume fraction. the metal

ceramic intertàce and matrix microstructure.

2.3. J Residual Porosity

For the fabrication of structural components using powder metallurgy techniques.

the dependence of various properties on the amount and nature of the residual porosity in

the consolidated material 1S of great concem. In general, porosity has a large effect on the

statie and dYnamic properties of powder metallurgy rnaterials. Strength tends to be one of

the least sensitive monitors of porosity. Ductility is slightly more sensitive, with impact.

fracture and fatigue behavior having the greatest sensitivities to porosity.II721 [n the

assessment of static propertics (e.g. strength and ductility) under the loading environment

of a standard tensile test, the bond integrity developed by the collapse of pores during

densification is measuredY09j For the powder properties in such testing to be equivalent to

those of corresPQnding cast or wrought materiaIs, partiele bonding during consolidation

need oruy be achieved by diffusion, without the need for shear and laterai tlow of the

materia!. Sensitivity to porosity increases for dYnamic properties (e.g. impact and fatigue)

because these require the development of a sound metallurgjcal bond through considerable

shear and laterai tlowas weil as diffusion.[:!09
1 The improvement in dYnamic properties with

lateral tlow is related to the break-up of the oxide layer that surrounds each partiele surface.

Moreover. it has been found that micro-porosity around particle boundaries will persist in

the absence of lateraI flow. thus contributing to a poorer microstructural integrity and, thus,
dYnamic properties.[2091



For evaluating the intluence of porosity in a powder metallurgy material, the

strength and ductility are usually inspected first to see if these correlate satisfactorily with

that of corresponding cast or wrought compositions. For a particular powder metallurgy

processing procedure should the static properties obtained appear acceptable, the dYnamic

properties are then considered for investigation. (n this work, the strength and ductility

after sYnthesis of the composite materials will be assessed and compared to those in the

literature, and as such only the variation of these properties with porosity are considered.
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To understand the role of porosity during loading, one can first consider a typical

ductile wrought material being stressed gradually in tension. As the load increases, the

material initially undergoes recoverable elastic defonnation and eventually a critical stress

level (i.e. yield stress) is reached at which point the materiaI begins to defonn plastically.

During plastic defonnation, small voids or cracks are formed in the material and these grow

and coalesce until the reduced cross..sectional area of the material can no longer support the

applied load and fracture occurs. Essentially. the presence of residual porosity in powder

metallurgy materials reduces the effective cross-sectional area resisting the stress as soon as

the load is applied.[I7JI An added complexity to this situation is pore morphology. Around

any geometrical discontinuity, a stress distribution exists with the maximum stress

concentrated in the vicinity of the surtàce of the defect. The stress concentration is

minimum tor spherical pores and increases. as the void becomes sharper and narrower.117
:'1

The presence of voids thus signifies that the solid material experiences a greater stress than

indicated by the applied load and extemal dimensions of the specimen. These stresses are

significant enough to induce plastic defonnation, pore growth and fracture at lower applied
loads than expected of the material system.[1~31

Any quantitative fonnulation for the dependence of strength on porosity must

consider the amount of porosity, pore size, pore morphology (angularity and regularity of

the pores), distance between pores and connectivity of pores. Due to the complexity and

variability of porosity in reaI sintered materials, most of the work has concentrated on

relating the strength to the total amount of pores only. At low relative densities « 850/0).

the size of the interpanicle sinter bonds appears to be the main detenninant for the yield and

tensile strengths, which are observed to increase linearly with decreasing amount of

porosity. At higher densities, the pore size, morphology, spacing and volume fraction are

the primary factors influencing the strength properties. Such considerations of strength

dependence on porosity have lead to the fonnulation of semi-empiricaI relations such
as! 171.173!

(2.21)



• Chapter2 Literature Review

Or

43

(2.22)

where 0' is the yield or tensile strength of the porous material, 0'0 is the yield or tensile

strength of the pore..free material, k is a material and processing constant (highly dependent

on partic1e size and temperature), P is the fractional porosity and m is the density exponent.

Typically k has been found to lie between 2 and 10, often 4, whilst m ranges between 3 and

6, being influenced by notch effects~ which are dependent on pore size and shapeY"':!. l":':l 1

For ductility, an additional sensitivity to pore shape and spacing has been observed.

Smooth pores at large spacings are reported to be less detrimental than fine, c10sely spaced

pores.[liJI The negative effect of POrosity on ductility is attributed to strain concentration,

uneven cross section, and their role as crack initiation sites. With more than 15% porosity,

the ductility is small and gives less than 50/0 total elongation. AIso, ductility shows a

greater scatter trom specimen to specimen than strength and retlects the greater detèct

sensitivity of ductility. For sintered powder metallurgy materials, the influence of porosity

on ductility has been approximated as117J
]• (l + P):l Z
=~==-Ji+CP

(2.23)

•

where ep and ew are the percent elongations of the porous and wrought materials,

respectiveIy, P is fractionai porosity and C is an empirical constant that represents the

sensitivity of the ductility to the presence of pores.

2.4.2 Rein/orcement Phase

For most metai matrix composites, the reinforcement is harder and stiffer than the

matrix and the matrix transfers sorne of the applied stress to the reinforcement phase, which

bears a fraction of the load. The use of particulates rather than fibers lowers the maximum

volume fraction of reinforcement that can be uniformly distributed in the matrix. This

tends to lower the increases in elastic modulus and strength that can be achieved by

incorporating discontinuous reinforcements in a metallic matrix. The simplest equations to

predict the strength or elastic modulus are based on the rule of mixture which predict that

the properties should faIl between an upper linear bound represented by[ l09bl

(2.24)
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(2.25)

where E is the elastic modulus, 0' is the yield or tensile strength and V is volume fraction,

while the subscripts c. m and p represent composite, matrix and particles, respectively.

The rule of mixtures expression considerably overestimates the properties and has

been found to he most appropriate tor continuous reinforcements. For discontinuously

reinforced aluminium composites, the elastic modulus may be better approximated by

•

Em Vm + EpVp
E =-----

DRA (V V)
m + p

at the upper Iinear bound and by

(2.26)

(2.27)

at the nonlinear lower boundY':] A limitation of this expression is that it assumes a

spherical geometry tor the reinforcement particles. The Halpin-Tsai equation incorporates

the effect 0 f particulate geometry according to

where
Em Ep -lq =-----'--

Ep Em +2s

(2.28)

(2.29)

•

and s is the aspect ratio. (20) Modeling predictions for strength, however, are slightly more

difficult mainly due to the number of failure modes that can cause composite fracture

(particle, matrix or interface) and the very local nature of failure initiation. By considering

the strengthening mechanisms, which may operate in particle reinforced composites, the

strength behavior has been estimated as[20)

(2.30)



where O'm is the yield stress of the matrix. This equation for the composite strength is based

on continuum shear lag models for particles with an aspect ratio below that necessary for

full reinforcement loading (s < 5). Nardone and Prewo have moditied the above equation to

include the effect ofloading at the ends of the reinforcement as fol1ows!20]
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The greatest difficulty with this continuum approach tor modeling the strength behavior is

that it disregards the influence of particles on the micromechanics of defonnation. such as

the very high work hardening at low strains and modifications in the microstructure. such as

grain size and dislocation density.

The major limitation in the mechanical properties of composites is the ductility.

which decreases rapidly with the addition of reintorcing particles. Recent work indicates

that composite failure is commonly associated with particle cracking and void fonnation in

the matrix within clusters of particles. [201 Particle fracture is more prevalent in coarser

particles. and this May be explained by two points of view. The larger the particle the more

it will be loaded by conventional fiber loarling and end loading mechanisms. Coarser

ceramic reintorcements also have a higher probability of containing fracture initiating

defects. Failure associated with particle clusters has been attributed to higher concentration

in these regions. Although tonnulating a mathematical expression for the ductility of

composites would be a complex function of the fracture processes. the general criteria

maximizing the ductility for a particular reinforcement volume fraction include unifonn

particle distribution. a fine « 10 J,lm) unitorm particle size distribution. a good interfacial

bond and a ductile matrix.[201

2.4.3 1nier/ace Characleristics

The interface between any two phases can be defined as the bounding surface where

a discontinuity of sorne sort occurs. The discontinuity May he sharp or graduaI. The

intertàce is essentially a region through which material parameters. such as concentration of

an element, crystal structure, elastic modulus, density and coefficient of thennal expansion.

change.l~J The presence of an interface is significant for mechanical properties because the

applied load acting on the matrix is transtèrred to the reinforcement via this phase. Thus

the stren.gth, stiffuess and fracture behavior of the composite depend strongly on the

characteristics of this phase. Generally, a strong intertàcial bond makes the composite



more rigid but brittle, while a weak bond decreases the strength and stiffuess, but enhances

the ductility.[41 To understand the influence of the interfacial phase on mechanical property

development, the interfacial strength is commonly measured for fiber reinforced composites

using single fiber pull-out tests, while for discontinuous reinforcements Vickers micro

indentation testing can be used. Difficulty exists in incorporating the effect of interfacial

strength on mechanical properties primarily because the characteristics of the intertàce are

specific to each reinforcement-matrix combination as weil as processing conditions.
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2.4.4 Matrix Microstructure

Recapitulating, Ti-6%AI-4% V is a two phase alloy for which the additions of

vanadium and aluminium stabilize the a and P phases, respectively. The amount and

morphology of the phases present at room temperature depend on the processing path, and

various different microstructures can be produced. Thermally produced microstructures by

slow cooling have a lamellar morphology of a separated by thin layers of p. Faster cooling

rates refine the size of this lamellar structure. Thennomechanical processing is need to

transfonn lamellar a to an equiaxed morphology. Such processing can also be used to

produce a mixture of equiaxed and lamellar structures, referred to as a bimodal or duplex

microstructure.

Literature on the mechanical properties of titanium alloys abounds and Many papers

conceming the dependency of strength, ductility, fracture toughness. tàtigue properties. etc.

on the microstructure are available. The relationship between some of the microstructural

features at room temperature and the mechanical properties of Ti-6%AI-4% V are given in
Tables 2.4 and 2.5.[~7!

2.4.5 Ti-6%AI-4%VffiCp Properties

TiC particulate reinforced Ti-6%AI-4~/oV composites are being manutàctured

commercially by Dynamet Technology Inc. using the cold and hot isostatic pressing (CHIP)
technique.(:!7·1~-150J The process consists of blending elemental and pre-alloyed powders,

cold isostatic pressing to a prefonn shape, vacuum sintering to attain c10sed porosity in the

component, followed by containerless hot isostatic pressing to full density. The tensile

properties of the unreinforced alloy and TiC reinforced composites processed by this

technique are shown in Table 2.6. Examining these properties, it appears that the TiC

titanium alloy system achieves a considerable improvement in the strength behavior with a

slight deterioration of the fracture-related properties.
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Feature Enhances Degrades

Table 2.5 - Mechanical propenies tor Ti-6%AI-40/0V microstructures

Ductility

Fatigue Initiation Resistance

Fatigue Crack Growth Resistance

Fracture Toughness

1

Fracture Toughness
Fatigue Crack Growth Resistance

-r Strength ----

Ductility
Fatigue Initiation Resistance

... _..-- -

Fracture Toughness

Fatigue Crack Growth Resistance

Microstructure Yield Ultimate Tensile 1 Percent Reduction
Strength Strength Elongation in Area
(MPa) (MPa) (0/0) (%)

Lamellar (a+(3)

1
As-cast 834 917 4 13
Cast and HIP 813 884 8 13
Anneal - coarse 860 956 8.8 21.5
Anneal - fine 1056 1278 1l.5 20_..,- -- - f--. - - -- -_.-

Equiaxed a 950-1030 980-1404 15-22 26-59

Elongated a

Lamellar a

Equiaxed a

Bimodal a

Grain
Boundary a

Ductility Fracture Toughness
Fatigue Initiation Resistance Fatigue Crack Growth Resistance

_ .. _--_ ..._._--~-_ ..... - "'-'-"-'~-' -""~---'--'''--~---'--'~--' ...~~_.,.- ~-._. _._-'-- - -- -

Fatigue Crack Growth Resistance Strength
Ductility

Fracture Toughness Fatigue Initiation Resistance
_., ,--'.

Ductility

Fatigue Initiation Resistance

•

Table 2.6 - Mechanical properties for TiC particle reinforced Ti-6% AI-4% V composites

produced by powder metallurgy techniques (CIP and HIP process)!:!7.147'1501

•

Property Ti-6AI-4V Ti-6AI-4V110%)TiCp Ti-6AI-4V/200/oTiCp

Density (g/cm3
) 4.42 4.45 4.48

--._""0" .. ---~ - .._- ... ' ---- ~_.,-" ._- --~~_._---~- -_. --..._,--- --- - .. ' .. _.. - ------

1

-- -

Yield Strength (MPa) 862 965 ---l-- 1034
---- ---- - ~------ ---- -- ----- ---- - ~ -~._--~---- --~ - - --'., ..

Tensile strength (MPa) 896 999
l 1055- ~-~~_._---~- --~---~----- ------. ---~----~- -'._ .. _--_._. -

Elastic Modulus (GPa) 113 133 144
1--. ~._----- f--~ -- -,......_-~--_.-..._.~- -".._.-

Fracture Toughness (MPa'm'~) 55 44 32
..-. ----~- ,---~_ .. _- '"-, ---'--,--

Hardness (HRC) 34 40 44
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CHAPTER 3

OBJECTIVES

The technical challenge tàcing the development of titanium-based composites

originates from the high reactivity of titanium with most reinforcing phases. as weil as high

processing temperature requirements. With regard to the previous research work on the

processing and characterization of TiC particulate reinforced titanium matrix composites.

the considerable uncertainty encompassing the composition and fonnation of the interfacial

reaction region has hindered the establishment of microstructure-property relationships tor

this material system. Hence the main objectives of the present work were.

, To process the TiC particulate reinforced Ti-6%AI-4% V composites by using two

powder metallurgy processing techniques: elevated temperature pressureless sintering

and hot defonnation-assisted sintering.

, To investigate the influence of processing parameters (e.g. hold time, temperature.

strain and strain rate, as applicable) on the densification behavior, matrix microstructure

and interfacial development using various microscopie techniques.

, To examine the compositional characteristics of the various phases present ln the

microstructure (e.g. alpha and beta phases of the titanium alloy matrix. TiC

reinforcement phase and interfacial phase) using neutron diffractometry.



,. To study the influence of incorporating TiC reinforcement particles on the densification

behavior and microstructural development of the titanium alloy during high temperature

consolidation with or without deformation.
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•

, To assess the tensile mechanical properties ot' the composites using data from shear

punch testing. (To employ the shear punch testing technique tor discontinuously

reinforced composites, the punch load-displacement data must he correlated to the

deformation features prior to tormulating an empirical relationship between the

mechanical properties from shear punch testing and tensile testing.)

,. To establish the interdependence of microstructure and mechanical properties tor the

TiC-titanium alloy system.

,. To compare the two powder metallurgy processing routes based on the evolution in

densification behavior, matrix microstructure. intertàcial phase and mechanical

properties.



•
CHAPTER4

EXPERIMENTAL TECHNIQUES

•
The as-received materials were processed and characterized according to the

experimental procedure flow chart illustrated in Figure 4.1. The remainder of this chapter

will describe in detail the techniques associated with each component of this tlow chart.

TIC Po"der ITi6A14V Po"derl

Isopropanol

15 min

..,
: Attrition Milling

Drying ..,

.[Smm_, __
10 mm • Green Density

•

i
, t

( SIDteri~WOrkiDg:

Final Density

+ J---",
Microstructure Interracial ~Iecbanical

Analysis Properties

Figure 4.1 Flow diagram showing the experimental procedure.
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Commercial Ti-6% AI-4% V master alloy powder, having a density of 4.43 g'cm"-\

was supplied by lvlieron Metals [ne. (Salt Lake City, Utah). The chemical composition and

appearance of the Ti-6% AI-4°tfoV as-received powder are given in Table 4.1 and Figure 4.2.

respectively. The Ti-6%AI-4% V powder had an angular morphology which is

characteristic of the hydride-dehydride process used to manutàcture this powder.

Table 4.1 - Chemical composition of Ti-6%AI-4%V powder

Al V 0, C N:! H:! Cl:! Na Ti

Composition (wt.%) 6.0 4.0 0.24 0.06 0.3 0.03 0.01 0.005 Balance

TiC powder. of density of 4.93 g·cm"-', was supplied by Kennameta/ [ne. L'v/aero

Division (Port Coquitlam, British Columbia). The chemical composition and appearance of

the TiC as-received powder are given in Table 4.2 and Figure 4.3. respectively. The TiC

particles were both angular and facetted in appearance due to the milling process used to

reduce the particle size after fabricating the powder by the carbothermic reaction process.

Table 4.2 - Chemical composition ofTiC powder

Free Carbon Total Carbon N:! O:! Fe Ti

Composition (wt.%) 0.11 19.77 0.10 0.21 0.26 Balance

The as-received powders of Ti-6%AI-4% V and TiC were analyzed for average

particle size and particle size distribution by means of screening and sedimentation

techniques. A dry sieve analysis was perfonned by using 38, 53, 75 and 106 flm opening

screens. Powder characterization using a J.Wieromerities 5000D sedigraph was perfonned

by mixing a small quantity (1 to 2 g) of powder with water to yield a dilute suspension

which was allowed to seule for a predetennined time. During sieving. the Ti-6%AI-4~/oV

powder passed through the 75 ~m sereen and remained on the 38 ~m sereen. From the

sedigraph (Fig. 4.4), the Ti-6% AI-4% V was detennined to have a partic1e size distribution

of 55 fJrn to 75 J.lm (d:!5 to d75)' with a mean particle size (d50) of 65 J.lm. The TiC powder

had a particle size distribution of less than 30 J.lrn with a mean particle size (d50) of 15 J.lm~

as shown in Figure 4.4.

1 d:s is the panicle size at a cumulative weight percent passing of 25 as indicated by the lines on Figure 4.4.
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Figure 4.2 SEM micrograph of the as-received Ti-6%AI-4% V pre-alloyed powder used

for the matrix phase.

Figure 4.3 SEM micrograph of the as-received TiC powder used for the reinforcing

phase.



Essentially, the pre-alloyed hydride-dehydride Ti-6%AI-4%V powder was chosen to

have a narrow partic1e size distribution, while a relatively broad partic1e distribution and

finer mean partic1e size was selected for the TiC partic1es. The difference in the particle

size distribution and powder size were chosen to aid dispersion of the reinforcement phase

in the matrix and improve the packing density by increasing the number of initial contact

points in the compacted pretonn.
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Figure 4.4 Sedigraph analysis of the as-received TiC and Ti-6%AI-4~/oV powders.
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4.2 Powder Processing

•

4.2./ Powder Blending

The Ti-6%AI-4%V powder was rnixed

with proportions of 5, 10, 15 and 20 volume

percent TiC powder. The pre-mixed Powder Slurry

compositions were then wet attrition milled tor
15 minutes[S91 with alumina (99.7~~ pure) Grinding Media

grinding balls and isopropyl alcohol

(solid:Iiquid ratio of 1:5 by weight) in a 4L

Teflon cylindrical container (Fig. 4.5). The Figure 4.5 Diagram ofan attrition mill.



alumina grinding balls, 3.7 mm in diameter, were added in a proportion of five times the

weight of the Ti-6%AI-4%VlTiC mixture. Agitation was achieved by a series of Teflon

stirrers mounted to an axial Tetlon shaft rotating at 200 rpm. Sieving the mixture through a

212 J.lm sereen enabled separation of the powder slurry from the alumina grinding media.

The powder slurry was then deeanted for an hour to separate the solid mixture from the

liquid solvent. The wet solid mixture was pIaeed in a conventional oven at 100°C to

remove remaining traces of isopropyl alcoho1(about 12 hours).
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4.1.2 Compact Processing

Powder compaction was perfonned using uniaxial pressing tollowed by cold

isostatic pressing to achieve good dimensional control and unitonn density distribution in

the green compacts. During uniaxial pressing, the blended powder mixtures were pressed

in a rigid steel die at a pressure of 172.5 MPa (25.000 psi). This pressure, transmitted by a

single action punch, achieved sufficient green strength tor handIing the compacts prior to

isostatic pressing. Pressures substantially higher or Iower than 172.5 MPa, caused cracking

or crumbling, respectively, during ejection of the compact from the die. To minimize

density gradients during uniaxial pressing, the cylindrical compacts were designed to be

roughly Il mm in diameter and 6 mm in height. (Also. these dimensions were chosen in

consideration of the load capacity of the detonnation equipment11J-*I. as described later.)

These unia"<ial1y pressed green compacts were placed in tlexible rubber molds and

then vacuum sealed. CoId isostatic pressing of the molds was pertonned by immersing

them in the tluid chamber (emulsified mixture of water and oil) of the steel cylindrical

pressure vessel of an Autoclave Engineers IP3-isostatic press. A hydrostatic pressure of

207 MPa (30,000 psi) was applied unifonnly from ail sides of the mold to the center of the

compact thereby removing the density gradients from uniaxial pressing. Upon release of

the pressure the compacts were removed from the mold and placed in a vacuum chamber

until sintering.

4.3 Sintering

Prior to sintering the green density of each compact \Vas calculated by measuring

the dry weight and dimensions. The green compacts were then placed on a boron nitride

setter and sintered in a graphite-element resistance fumace, as shown in Figure 4.6. The

fumace chamber (30 x 30 x 40 cm) was insulated from the water-cooled steel exterior by

graphite fiber insulation. The graphite-elements were connected to a 50 kV·A power



supply. The fumace was equipped with a rotary pump which maintained the vacuum al less

than 30 Pa during heating and 5 Pa during holding al the fixed temperature. The furnace

temperature was regulated by a digital controller connected to a type C (W-50/0 Re versus

W-260/0 Re) close ended thennocouple. located at the center of the furnace. An accuracy of

± 2 oC between the temperatures of the specimen and the center of the furnace was

ascertained regularly by calibration. This was pertormed by heating pure metal powders

(e.g. of nickel or copper) to just below the melting temperature and then comparing the

temperature rearling with the melting point of the powder.
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Figure 4.6 Schematic diagram of the graphite-element resistance furnace.
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The thennal cycle during

sintering IS illustrated in

Figure 4.7. The specimens were

heated al the maximum rate of 20

oC/min to the desired temperature

(i.e. 1100°C. 1300°C and

1500°C). maintained at that

temperature for the required hold

time (~. 1. 2 and 4 hOUTS) and

then fumace cooled.
Figure 4.7

IIOO-1500°C

lThlE

Thennal cycle for sintering.
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•

To investigate the weight loss occurring in the sintering atmosphere, the set-up

illustrated in Figure 4.8 was utilized. A custom-built vertical tube fumace, having an ùpen

ended 6 cm diameter mullite (AI6Si20 13) tube was fitted on the bottom end with a rotary

vacuum system capable of maintaining a 5 Pa vacuum. The top end was attached to a glass

tube of a similar diameter, leading to a Thermo-Gravimetric Analyzer. or TGA (Cahn D

100). The fumace temperature was controlled with a type B (Pt-6% Rh vs. Pt-30% Rh)

thennocouple located on the outside of the mullite tube. An accuracy of ± 2°C between the

actual and measured fumace temperatures was ascertained by calibration with pure metal

powders.

A green compact was placed on top of a boron nitride bed contained in an alumina

crucible. Whilst the fumace was opened, the crucible was suspended trom the TGA ann

using a molybdenum (Tm = 261 DOC) wire long enough to reach the hot zone of the fumace.

The hot zone was ascenained to be roughly 23 cm in length. The fumace was then closed

and evacuated to a vacuum 0 f 5 Pa. The TGA was tared and the fumace was heated to a

temperature of 1500oe. The change in weight experienced by the sintering compact during

heating was monitored through the TGA. which collected data every 10 seconds and stored

these in a personal computer. (Weight changes in the specimen were calibrated by removing

changes during sintering due to the crucible, boron nitride bed and molybdenum wire.)

Micro-Balance ~;...........

Molybdenum
--t--l~

Wire Support

Water
Cooling-:-;:=~l---4---4--.....,

Counter
~--

Weight

(Temperature Controller )
~~I----t--.....

.(Rotary Vacuum PüïDP)•
Radiant
Heating
Element

Water
Cooling

:J

=o
N
ë
:r:

Computerized Data
Acquistion System

1I"f""'---I!I-.+--Alumina Crucible
....+-=-.....+---Specimen

L.-~--tiH--BoronNitride Bed

I~......+---Mullite Tube

Fumace Chamber

Figure 4.8 Schematic diagram of the set-up used for mass loss analysis during sintering.
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AlI high temperature defonnation-assisted sintering experiments were performed on

a computerized Materials Testing System (MTS 810), adapted for hot compression tests~ as
shown in Figure 4.9. The equipment consisted ofa load frame rated for a maximum load of

25 kN~ a hydraulic power supply and closed loop servohydraulic and computerized outer

loop systems. The high temperatures were attained with a Research [ncorporated radiant

furnace (16 kW power rating), intertàced with a Micristar digital programmer and

controller. After the completion of each defonnation test~ the load and displacement data

were transtèrred to a personal computer tor analysis. The compression anvils were made of

TZM alloy (molybdenum-based alloy containing a dispersion of 0.50/0 Ti and 0.080/0 Zr

oxides) which have high strength and creep resistance properties at elevated temperatures.

Load Cell
Water

Sealing Component

Quartz Tube

Specimen
. Thennocouple

Sealing Component
Wat~r

~l, ..

."

,..,..
~--tr',

j:'

..,. """"Il'.' -: ':, ~
• ====:!J --:::- ~Argon

Water.

Argon •

Water.
,

Computerized
Outer Control
Loop System•

, MTS
, Actuator

Temperature
• Transducer • Controller

Figure 4.9 Schematic diagram of the compression testing equipment.

•

The thermal cycle and

deformation schedule of a single hit

defonnation test are shown in

Figure 4.10. The compressIon

specimen was placed between the upper

and lower compression anvils. Boron

nitride and thin sheets of mica \Vere

used to reduce the friction between the

smooth faces of the specimen and

compression anvils.

Defonnation Temperature

Furnace Cool

TIME
Figure 4.10 The heating and defonnation scheduJe.



To minimize oxidation, the specimen and anvils were enclosed by a quartz tube

sealed with O-rings in which a high purity argon atmosphere was maintained. The

temperature was measured and controlled by a type K (chromel-alumel) c10sed ended

thennocouple in contact with the specimen. The accuracy of the temperature measurement

was checked periodically by placing a second thennocouple in contact with another region

of the specimen. The maximum temperature difference in the specimen was within ± 3°C.

The heat required for high temperature compression testing was generated by four tungsten

filament lamps of the water-cooled radiant fumace, which was mounted on the columns of

the MTS load frame. The heat from the filaments was retlected to the fumace center

(where the specimen is located) by tour mirror-finished elliptically shaped aluminium

reflectors. Each specimen was heated, at a constant rate of l.11 OC'S-I, to the deformation

temperature, and held for 5 minutes to homogenize the temperature in the specimen. The

specimen was defonned isothennally at a constant strain rate in the range of 5 x 1o~ to

5 x IO';! S·I up to a total strain of 800/0. Defonnation temperatures \Vere selected above and

below the nominal J3 transus (- 988°C for Ti-6% AI-4%)V), ranging from 850°C to 1200°C.

The specimen was then fumace cooled to 600°C at a constant rate of O.5°C·S·I to ensure

uniform transtormation conditions for ail test schedules.

•

•
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4.5 Densification Investigation

4.5./ Archimedes Technique/or Density Measurement

The density of the sintered or defonned Ti-6% AI-4%V-TiC composites was

measured as described in ASTM standard C373-72[:!351. This density measurement method

depends on Archimedes' principle, where the difference in the wet weight of the composite

specimen in air compared to the weight suspended in water is a measure of the volume.

The procedure involved first measuring the dry weight (0) of the specimen. Then the

specimen was boiled in distilled water for 5 hours and soaked in this water for an additional

24 hours. The wet suspended weight in water (S) and the wet weight in air (M) were

measured. The following equations were then used to detennine the bulk density (PB) and

percent relative density (RD):

•
V =_M_-_S_

B
Pwater

(4.1 )

(4.2)
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RD(%) = -x 1000/0

Pth
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(4.3)

•

•

where Pth and V8 are the theoretical density of the composite (as calculated by the rule of

mixtures using the reinforcement volume fraction and the theoretical density of each phase)

and the bulk volume (cm"'), respectively.

4.5.2/mage Analysis Technique/or Density Measurement

Image analysis is a technique that processes an image to extract quantitative

intonnation related to the amount, size and distribution of phases (e.g. pores, TiC particles).

To extraet such quantitative infonnation~ the specimens were prepared tor optical

metallography (as described in the next section) and examined using the Leco L2002 image

analysis system. Each optical image was transfonned into a binary digitized image

constructed of successive gray levels ranging from numerical values of 0 to 255 (i.e. black

to white). The quantity of the phase of interest (e.g. percent porosity. TiC volume fraction)

was then measured by area percent (ratio of the total area of detected phase to the image

frame area). Besides density measurement. image analysis was also used to provide

infonnation on the pore size. The pore size was measured using two techniques: one based

on a feret average calculation and the other by an equivalent spherical diameter

measurement. The feret calculation is an average of straight-line measurements made

between two parallel tangents at various angles in 8 different directions (O. 22.5. 45. 67.5.

90. 112.5. 135. and 157.5°). The equivalent spherical diameter estimation is based on

measuring the area of the tèature and then equating this area to an equivalent spherical

tèature of this diameter. Ail measurements were averages based on 400 tields per specimen

(180 and 220 fields in the longitudinal and transverse directions~ respectively). \vith the

fields preset on an automatic stage facility.

4.6 Microstructurallnvestigation

4.6.1 lWetallographic Preparation

The procedures required for preparation of composite materials tor microscopie

examination cao deviate substantially from the conventional techniques that exist for most

engineering alloys. The main concems tor composites include pull-out or fracture of friable

reinforcement or interface phases, excessive surface defonnation (Ieading to closure or

smearing of pores or microcracks), edge-rounding around the pores or reinforcement phase



and scratching of the soft matrix phase by the hard reinforcement phase. The techniques

developed for the titanium composites minimize the previously mentioned specimen

preparation problems and achieve reproducible results.
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Initially, the consolidated composites were eut Iongjtudinally into two halves using

a Leco CM-/5 slow speed diamond cut-offwheel operated with an oil coolant to protect the

specimens from over-heating. A low concentration diamond wafering blade (Extec

Technologies. Enfield, PA) was selected to minimize surtàce defonnation which in

composite materials may result in debonding and microcracking. After sectioning, one haif

of each specimen was mounted in a low-shrinkage thennosetting powder (silica fiber tilled)

using a Leco PR-/O mounting press at a temperature of 125 oC and 28 MPa pressure. As

opposed to the phenolic thermosening powder. which is filled with wood. the silica tiber

filled powder achieves superior edge retention and planarity in the specimen. This is due to

the higher hardness of the silica tiller, which approaches that of the composite materials.

The techniques developed for metallographic preparation of the TiC particulate reintbrced

titanium matrix composites are summarized in Table 4.3. Ali metallographic preparations

were pertonned on the Leco VP-/50 VARlIPOL automatic grindinglpolishing machine

equipped with a Leco AP-50 pressure application unit.

Table 4.3 - Metallographie preparation technique for titanium composites

Stage Sur/ace Lubricant Time Force Speed

Planar 15 J.1m diamond distilled water Until 2 kglsample 240 RPM
Grinding abrasive disk Plane

non-woven, per- 6 flm diamond 3 min. 2 kg;sample 150 RPM
Rough torated fiber pad suspension

Polishing non-woven, fiber 1 IJm diamond 3 min. 2 kg/sample 150 RPtvt
resin pad suspension

Final chemical-resistant, 0.06 flm 1 min. 1 kgisample 120 RPM
Polishing porous pad colloidal silica

For analysis of porosity, specimens were not etched. For phase and grain

Etching boundary contrast, specimens were immersed for lOto 20 seconds in a
solution of6 ml HN03, 3 ml HF and 100 ml H!O (Kroll's Reagent)Y)b l

Etchant stains on the microstructure were removed by swabbing the sample
Remaries for 10 seconds with a solution consisting of 1 ml HF, 2 ml HN03• 50 ml

HzOzand 47 ml H:!O. Samples were cleaned ultrasonically in ethanol after
each stage to minimize contamination during subsequent stages.l!36)
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As described previously, optical image analysis (Leco L2002) was used on polished

specimens to examine the evolution of porosity with changing consolidation conditions. A

IVeophot 21 optical microscope was used for photographing ail polished and etched

specimens. Higher resolution investigation of the microstructural consitituents was

pertonned on a JEOL JSM-84DA scanning electron microscope (SEM). The microscope

was operated in secondary electron (SE) and backscattered electron (BE) mode at an

accelerating voltage of 15 keV. The SEM was equipped with an X-ray detector (TN-96

606ES/518) and two Tracor Nonhem systems: (i) the TiV5402 X-ray analysis system

enabled chemical analysis and (ii) the TN8500 Advanced imaging system enabled X-ray

mapping and quantified image analysis.

4. 7 Interfacial Analysis

•
4.7./ Low Voltage Field Emission Gun SEM (L V FEGSEM)

To resolve the interfacial reaction between the titanium alloy matrix and TiC

particles, an Hitachi 5-4500 cold field emission gun SEM having a through-the-Iens (TIL)

objective lens (Fig. 4.11) was used in low voltage operation (1 to 3 keV). Essentially the

fine tip of the cold tield emission electron source (Fig. 4.(2) coupled with the TIL

detection system achieved much higher resolution than that of a conventional SEM. it being

comparable to that of a transmission electron microscope (TEM). The LV FEGSEM was

equipped with an energy dispersive X-ray spectrometer for chemical compositional analysis

of the intertàcial region.

Schematic diagram comparing the TIL objective lens to the conveotionaJ

objective leos of a SEM.

TIL objective leos Conventional objective [ens

Secondary. •
electron~ (,.
detector .~~.._~ ==\~_ .

..-.. -..E L Virtual
lens

Specimen:::~::::~::::~:.~ ..·....~.~:~::::::·:::::

• /•
Secondary
electron ----.. E
detector .

Figure 4.11•
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tungsten wire filament oriented single crystal tungsten

Figure 4.12 Comparison of the electron sources illustrating the much finer tip radius

(-100 nm) of the field emission source relative ta the V-shaped hairpin tip

(-100 J.lm) afa typical filament in a comman SEM.

4.7.1 Electron Probe Micro-Analysis

Interfacial reaction investigation was also pertonned using a Jeol-8900 Superprobe

Electron Probe Micro Analyzer (EPMA) equipped with wavelengili dispersive

spectroscopes (WDS) lor quantitative compositional analysis. Nonnalizing the EPMA

signal, using a TiC standard, enabled direct measurement of the quantity of carbon along a

Hne analysis from the TiC partides to the Ti-6%AI-4% V matrix. Along this line.

measurements t'Or carbon, titanium, aluminium and vanadium were obtained every 2.5 J.lm

al an accelerating voltage of 15 keV and probe current of 12 nA. The size of the electron

beam was 1 J.lm and the x-ray volume generated from the surtàce of the specimen was

estimated to be 2.5 J.lm in size using a Monte Carlo algorithm written by David C. Joy lor
the Hitachi PhiRoZ2W Software. lD:] The error in this quantitative analysis for carbon was

estimated to be approximately ±1%.

4. 7.3 Neutron Diffractometry

T0 determine the growth kinetics of the interfacial reaction, the lanice parameter

variations during consolidation at e1evated temperatures were monitored in situ with the

DUALSPEC neutron powder diffractometer at the J.VRU reactor ofAECL (Atomic Energy of

Canada Limited), Chalk River Laboratories (Fig. 4.13). The diffractometer was equipped



with a graphite-element vacuum (- 1E-4 torr) fumace capable of reaching temperatures as

high as 1350°C. The fumace programming and data acquisition system were fully

computerized. allowing accurate temperature control and rapid data collection. A unique

feature of the diffractometer is an 800-channel position-sensitive detector that spans 80° in

scattering angle, 28. The wavelength, À, of the neutron beam was calibrated by measuring

the diffraction pattern of a standard powder of alumina, obtained from the National Institute

of Standards and Technology.
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Figure 4.13 Schematic diagram of the neutron powder diffractometer set-up at AECL.

Sintering of the titanium composites at temperatures in the range of 10000e to

13500e tor long hold times was pertormed in situ while periodically collecting diffraction

pattern data. AIso, composites tonned by defonnation-assisted sintering were raised above

the beta transus temperature and held at that temperature to observe the extent of chemical

reaction after detonnation processing. During either processing technique. changes in the

diffiaction pattern (i.e. scattering angle and intensity of the diffraction peaks) occurred with

time at temperature. Hence, these neutron diffiaction measurements enabled real-time

evaluation of the chemical reaction at the particle-matrix intertàce. Diffraction peaks from the

various phases in the composite material were analyzed to obtain the mean scattering angles

and integrated intensities at the beginning and after certain hold rimes. For identification of

any phase, the crystallographic interplanar spacings, dhk/, of that phase were determined by

measuring the scattering angle, 29hk/, of the diffraction peaks and substituting into Bragg's

law. The lattice parameter, Cl, of each phase was then corrected tor systematic errors in

diffraction angle measurements by using the cos.!9 extrapolation method to 9 == 90°. (:D81
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The effect of sintering conditions on the room temperature mechanical properties

cao be investigated by increasing the specimen size so as to produce standard tensile

specimens. Unfortunately fabrication of such specimens can be expensive and difficult. In

the case of investigating the effect of defonnation-assisted sintering on mechanical

properties, small specimen test techniques were necessary. as the specimens tested in

compression were too small for conventional mechanical property measurement.

The numerous small-specirnen testing methods that have been considered in the

literature[1J~·:·H1 have ranged from a simple scale down of sorne standard specimen geometry

(such as miniature tensile and fatigue samples> to developing methods that utilized a pre

existing, small volume specimen. The corresponding analyses encompassed simple

empirical correlations between miniature and standard specimen property data.. as weil as

finite element analyses of small specimen defonnation. The development of these

rnethodologies for miniaturized specimens has evolved to minimize the effect of the

dimensions and shape of the specimen on the detonnation characteristics. Existing

engineering standards for property testing incorporate size requirements so as to ensure that

measured values are not intluenced by grain size and structure. surface conditions.. and state

of strain. Theretore, in using sub-size specimens, the testing technique had to be developed

to account tor the effect of the reduction in specimen dimension. such that material

properties could be accurately predicted from miniature specimen data. Table 4.4 lists

sorne of the more promising miniature specimen tests, the corresponding specimen volume.

the type of analysis undertaken, and the type of property infonnation obtained.

Amongst the various existing techniques, two test methods. the hardness test and

shear punch test, are particularly attractive due to the small average specimen volume

subjected to deformation and therefore high sensitivity to microstructure. Although

hardness testing utilizes a small specimen volume, the test is essentially nondestructive (i.e.

the material undergoes local detonnation only) and the data cao be empirically related to

the tensile strength of the test material. Altematively, mechanical property measurement

using shear punch testing includes both strength and ductility information since the test

material is deformed to failure. Furthermore, the nature and ease of analysis of the ra\v data

and properties is comparable to that perfonned on data obtained by conventional tensile

testing. In the following sections, the use of these two test techniques for extracting

mechanical property information is described.
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Average
Test Specimen lVature ofRaw Data Type ofProperlies Nature of

Volume Analysis

(mm3)

Tensile 15 Load-Displacement a=j{&) Direct

Pressurized Tube 350 Diameter-Time Creep Rate. Direct
Rupture Time Direct

Microhardness
Diamond Pyramid <1.7 LoadJArea Strength. Empirical
BaIl 1.7 LoadJArea cr=}{&) Semi-empirical

Punch
BalI 1.7 Load-Displacement Ductility. Analytical

Strength. Semi-empirical
cr=j{E) Analytical

Shear 2.5 Load-Displacement Strength. Ductility Empirical

Bend 10 Load-Displacement Strength Analytical

Fracture 370 Load-Crack Gro\\l1h Fracture Toughness Direct

Impact 200 Load-Time-Temp. Energy-Absorbed. Direct
Strength Analytical

Fatigue
S-N 1000 Load-Cycles S-N Direct
FCP 245 Crack Length-Cycles Crack-Growth-dK Direct

4.8./ Hardness Testing

Using loads in the range of 50-100 g on the Leco .~-400-G2 Vickers Microhardness

Tester. the hardness of the TiC reinforcement particles and Ti-6%AI-4% V matrix was

detennined to examine the effect of processing. The Vickers microhardness value

(kg·mm-~) was calculated from scalar measurements of the dimensions of pyramid

indentation using a buiIt in microprocessor. On average. al least 25 microhardness readings

were taken of each phase to minimize sampling errors.

Hardness assessment of the bulk malerial was perfonned by Rockwell K hardness

testing by penetrating a 1/8" (3.2 mm) spherical ball indenter into the specimen using a 150

kg load. Prior to testing, a calibration was perfonned using two standard blocks, one

having a hardness of61.2 ±0.2 HRK (25.6 ±0.1 HRC) and the other being 99.8 ±0.2 HRK



(62.5 ± 0.1 HRC). On average at least 10 readings were obtained for each consolidation

condition. AIso, the distance between neighboring indentation edges was at least five

indent diameters apart in order to minimize the effect of adjacent indentations.
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4.8.2 Shear Punch Testing

Die

Rad

WIlsher

Punch

Specimen

Shear punch testing was used to complement hardness testing and improve on sorne

of its disadvantages, in particular the high sensitivity to local changes in the microstructure

because of smaller sampling volumes and the inability to fracture the specimen. The shear

punch apparatus (Fig. 4.14) consisted of an upper and lower housing. The upper housing

contained a punch, and the lower one held a die. The material selected tor both the punch

and die was A2 air hardened tool steel (58 Re). The central axes of the punch and die were

exactly aligned in the upper and lower housing. The housings were fitted to the upper and

lower raros of the servohydraulic

materials testing system load frame

(MTS 810 as described previously).

The specimen was placed bet\veen the

die and a washer. The latter prevented

the specimen from moving during
~punching. A flat tip punch was forced .§
:i

through the specimen, and the action of ~

the punch against the die sheared a ~

~circular disk from the specimen, ~

completing the test. The punch

apparatus can be constructed for any

punch sizes (i.e. 6.25, 3. or 1 mm) and a ·:.-:--===F-·------~

3 mm diameter was selected. By Il
perfonning the punch operation in a ~

materials testing system load frame, ] J-------' '--~.,;;;;;..--t
which was equipped with a load cell ~ t------~=-------_I
and displacement transducer, the force ~

on the punch could he monitored as a

function of lower housing travel. The

specimens were punched under a

constant punch displacement rate of

0.667 mm/min.•

•

Figure 4.14 Diagram ofshear punch apparatus.
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CHAPTER5

METHOD DEVELOPMENT: SHEAR PUNCH TESTING

• 5.1 Introduction

The development of the shear punch-and-die mechanical testing configuration was

initially driven by the demand to assess the effects of irradiation on the mechanical

properties from a volume of material small enough to fit into irradiation test assemblies.

The miniature sampling teasibility, coupled with previous successes with using shear punch

testing for common engineering alloysp3Q.2-W j prompted the present investigation to

determine the applicability of this testing technique to discontinuously reintorced

composites. The development of this technique would he particularly advantageous tor

composites due to the simple sample geometry and small sampling volume required for

shear punch testing. Presently, the assessment of mechanical property data by means of

standard tensile testing is associated with high fabrication costs due to the greater

machining difficulty of composite materials as compared to common engineering alloys

(i.e. greater wear on machining tools, longer machining or grinding time, etc.). AIso,

tensile testing of composites, and brittle materials in general, is complicated by the need tor

perfect alignment of the specimen during testing and a specimen surface free of flaws or

machining grooves. Hence the ability to evaluate the mechanical properties of composites

in a relatively inexpensive and simple manner would contribute immensely to the research

• and development of these materials.



The shear punch test is based on blanking a circular disk from a fixed sheet specimen.

In the case of traditional engineering alloys, a close correlation between tensile shear punch

data and tensile test data has been identified, thus pennitting a means of evaluating the tlow

properties when only a small amount of material is available!~.J'·'!4:!1. [n employing shear

punch testing for discontinuously reinforced composites, the punch load-displacement data

must be examined to identify the critical regjons of the tlow curve associated with

deformation of the material, Le. elasticity followed by yielding, work hardening, ultimate

tensile strength and fracture. The load-displacement curves generated in shear could then

be compared to the conventional tensile curves in order to calibrate the former method and

develop the strength and ductility correlations tor the composite materials.

• Chapter 5 Method Development: Shear Punch Testing 68

•

•

5.2 Experimental Procedures

Empirical correlations for composites were generated by calibrating the data from

shear punch tests with standard tensile tests[~"31 using the range of materials with and

without reinforcement as shown below:

5.2.1 Materia/s

(1) Steel (1022, 1045, 1050, 3405, 3406, and 3407)

(2) Copper alloys (annealed copper, 70/30 annealed brass and 70/30 cold worked brass)

(3) Cobalt-chromium-molybdenum ASTM Fl537 alloy

(4) Squeeze cast A356 aluminium in both as..fabricated and T6 condition

(5) Squeeze cast A356 aluminium reinforced with Saffil AI,!O, (5, 10, and 15 vol.~/o) short

fiber composites in both as..fabricated and T6 condition

(6) 6061 aluminium reinforced with AI,!O, (10, 15 and 20 vol.%) in the T6 condition

(7) Mill annealed Ti-6% Al-4% V

(8) Ti-6% AI-4%V produced by powder metallurgy processing using pre-alloyed po\vder

(9) Ti-6%AI-4%V reinforced with TiC (5, 10, 15, and 20 vol.%) and produced by powder

metallurgy processing using pre-alloyed powder



The various steel compositions were supplied by Stelco lncorporated (Hamilton, ON,

Canada). The copper alloys were provided by Dnlmmond McCa/l (Montreal, QC, Canada).

80th the as-received copper (99.9% pure) and cold rolled 70/30 brass were annealed at a

temperature of 525°C for 20 minutes. The Co-Cr-Mo alloy \Vas supplied by fVright

Medical Technologies (Arlington, TN, USA). The A356 Al based short fiber reinforced

composites, containing up to 15 vol.% Saffil short alumina fiber, were fabricated at McGill

University by the squeeze casting technique in which prefonns containing up to 15 vol.%

Saffil Al~03 fiber were infiltrated by the liquid A356 mell under pressures rangjng trom 20

to 60 MPaY+S-1.J5) The 10, 15 and 20 vol.% Al10 3 particle reinforced 6061 Al composites,

produced by liquid mixing, were supplied by Alcan Corporation (Kingston Laboratories,

ON, Canada). The mill annealed cr+~ titanium alloy was supplied by RAfl (MI, USA). The

titanium alloy composites, containing up to 20 vol.% of TiC reintorcement particles, were

fabricated using the powder metallurgy technique of powder blending, cold pressing and

sintering, as described previously in this work.
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•
5.1.1 Shear Punch Specimen Preparation

To obtain the final geometrical size required of the shear punch specimens. the

various materials were sliced into blanks of roughly 1 mm thickness using a Leco Ci\tf-/5

slow speed diamond eut-off saw (Fig. 5.1). The surtàces of each slice were then

mechanically ground on successively tiner silicon carbide grinding paper (220, 320. 400

and 600-grit) tollowed by rough polishing with 6 /lm and 1 J.1m diamond suspensions

(water-based) to a final thickness ofroughly 0.35 mm ±0.03 mm.

Shear Punch Specimen

e:f:,0J5 mm

Figure 5.1 Schematic diagr:un showing specimen preparation for shear punch testing.

•
5.3 Applicability o/the Shear Punch Test/or Composites

The general behavior of a specimen during shear punch testing is illustrated by the

load-displacement curve shown in Figure 5.2. The curve has features similar to a load

displacement curve produced in a uniaxial tension test: an initiallinear region, followed by



a departure from linearity, a non-linear increase in Ioad with displacement, a maximum in

the load, and a decreasing load with displacement to the point of failure.
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The stages of defonnation of the specimen pertaining to these features were revealed

by stopping the test at various stages during defonnation, and examining the specimen. An

example of part of this analysis is shown in Figure 5.2 in which Ti-6%AI-4~'O V/TiC

specimens were sectioned perpendicular to the punched surface to detennine the degree of

penetration at various points on the load displacement curve, and etched to reveaI the

microstructure. For aIl the materiaJs tested, the point of initial departure trom Jinearity

corresponded to permanent penetration of the punch into the specimen, as shown in

Figure 5.2 a. Further defonnation proceeds in an annuIar region approximateJy coincident

with the clearance between the punch and the die hole, as indicated by Figure 5.2 b. In the

region between initial penetration and the Joad maximum, the materiai strain hardens in

response to the decreasing specimen thickness in the annular (shear) detonnation zone.

Immediately after the maximum Joad, fracture begins to occur, as illustrated by

Figure 5.2 c. The specimen thickness decreases considerably in the plastic detonnation

region with increasing punch displacement untii failure occurs, as depicted in Figure 5.2 d.

The volume of material undergoing plastic detormation in the region bet\veen initial

penetration and maximum load cao be estimated uSlng the tolerance (approximately

25.4 J,lm) between the punch and die as follows

( d + ')2 ( d ,2
Plastic Zone;: Vannulus;: V2 - VI ;:1 2 c J -12J

1 \' •. \"
1 3+0.0254 ,- 131- _., 3=1t. 036'l 2 ) -1t' 036 'lz) =4 x 10 - mm

where t is the thickness of the punched disk,

d is the diameter of the punch, and

c is the tolerance bet\veen the punch and die

(5.1 )

•
This volume of 4 x 10·~ mm3 is considerably greater than the plastic zone associated with

microhardness testing (-4 x 1O~ mm3)y o

lll Thus the sensitivity errors associated with small

sampling volumes in microhardness testing are reduced using the shear punch testing

technique.
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(a)

Pmax

Py

~o
.....J

Pr

•

Displacement Dr (d)

•

Figure 5.2 Typicalload-displacement curve ofa shear punch test and SEM 1l1icrographs ofa Ti-6% AI-4% V(fiC cOinpositc spt..acillleo cross

st.action, depicting the extent ofdet()nnatioo at several points ofdisplacclllcnt. PI' P>, Pm'l" arc the tfiction, yicld and maxitnulllloads and Df is

the displacelllcnt at fracture.



To detennine the stress state in this annular process zone, a number of slip line fields

have been calculated in previous workY.JI[ The stress state was established to be primarily

one of shear with tension and bending contributions also occurring. For engineering alloys.

there was also evidence of a strong hydrostatic state of tension in the annular process zone

during the final phases of plastic deformation. Thus failure occurs in a similar manner to

that in tension testing for these materials. Fractography (i.e. a view of the edge of a

punched and fractured disk), as illustrated in Figure 5.3 a, reveals essentially t\vo regions: a

smooth zone caused by the penetration of the punch, tollowed by fracture. The size of the

smooth zone depends on the material and is apparently a function of the ductility of the

materiaI. The fracture surface regjon of the disk reveals details related to the nature of the

tàiIure in the material. [n the case of the metals, fracture occurred by a ductile-dimple

mode, as shown in Figure 5.3 b for mill annealed Ti-6%AI-4%V. Essentially, microvoids

nuc1eate in the annular process region. and under continued straining these grow and

coalesce until one or more cracks are generated and cause tàilure by rapid propagation

through the rernaining material.

•

•
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Figure 5.3

(a) (b)

SEM fractograph of a shear punched disk of Ti-6%AI-4~/oV showing ductile

failure in the remaining ligament. (Specimen was punched from the top.)

•

By maintaining a constant specimen thickness. the shear load-displacement behavior

of the various materials can be compared to sorne extent, as shown in Figure 5.4. During

shear punch testing, ail rnaterials tested exhibited the general load-displacement behavior as

illustrated in Figure 5.2. For the materials tested, the observed load-displacement curves

appear to correspond with the tensile results; the mechanical properties of aluminium-based

composites were the lowest, followed by the copper, titanium and steel-based materials.



Previous work on shear punch testing of various alloys has established that the

defonnation and failure processes, which occur during shear punching, are analogous to

those that occur in unia~ial tension. It was thus the purpose of this work to concentrate on

the defonnation and failure behavior during shear punch testing of discontinuously

reintorced materials (i.e. AI20) panicle reinforced 6061 AI, Saffil fiber reintorced A356 and

TiC particle reinforced Ti-6%AI-4% V).
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Figure 5.4 Load-displacement curves in a shear punch test for various materials.
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As shown previously, defonnation and tài1ure processes can be investigated by

sectioning the specimen to analyze the penetration of the punch at various points on the

load-displacement curve (Fig 5.2 a-d). Altematively, the degree of penetration can be

monitored through the development of the fracture surfaces on the side opposite to the

punch. Surface observation of the Al20 3 particle reinforced 6061 AI alloy composite at the

point of pennanent penetration (Fig. 5.5 a), load maximum (Fig. 5.5 b) and fracture

(Fig. 5.5 c) indicates that the characteristics of the shear punch tlow curve are similar to

those observed in tension. That is, the point of deviation from linearity corresponds to

pennanent penetration of the shear punch and beyond the load maximum tàilure begins to

occur. Final fracture (Fig. 5.5 c) in the AI20 3 partic1e reintorced 6061 AI composite

appears to occur by a combination of ductile tàilure in the matrix (i.e. by void nucleation,

growth and coalescence) and fracture or debonding of the reinforcement particle (depending

on the strength and nature of the interfacial region).
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(a) (b)

Figure 5.5 SEM micrographs of 15 vol.%
AI20} particie reintorced 6061 Al
composites at (a) the point of pennanent
penetration, (b) the load maximum, and
(c) fracture.

•

(c)

Similar detonnation characteristics were observed for the Saffil A120} short fiber

reintorced A356 composites (Fig. 5.6). Again~ the point of deviation trom linearity

corresponded to pennanent penetration of the punch (Fig. 5.6 a). However, it appears that

at the load maximum (Fig. 5.6 b) failure processes have commenced. as indicated by the

fonnation of two surfaces. This corresponds weil to the tlow curve observations, which

reveal failure just beyond the load maximum (Fig. 5.4). For the A356 composites, the

fracture surface reveals randomly oriented fibers intimately bonded with the matrix

(Fig. 5.6 c). Due to the strong fiber-matrix bonding, little fiber pullout was observed, and

residual matrix and!or interface material was apparent on the fibers.
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(a) (b)

Figure 5.6 SEM micrographs of 20 vol. ~/o
AI:!O~ fiber reinforced A356 AI composites
at (a) the point of pennanent penetration.
(b) the load maximum. and (c) fracture.

•

(c)

Defonnation and fracture characteristics of the TiC particle reinforced Ti-6% AI-4%V

alloy composites produced by powder metallurgy processing are shown in Figure 5.7. The

detonnation behavior (Fig. 5.7 a and 5.7 b) is again similar to that observed for the other

composites. However, fracture in these composites appears to occur by a mixture of ductile

and brittle tàilure in the matrix. and debonding or fracture of the TiC reintorcement

particles (Fig. 5.7 c). The latter has been detennined to be influenced by the presence and

size of the pores in the as-received reinforcement. No interfacial reaction products were

apparent on the debonded TiC reinforcement particles.



The viability of shear punch testing for detennining tensile mechanical property

infonnation relies on the degree of correspondence of the defonnation features and load

displacement data with those obtained in uniaxial tension. The fracture surfaces in uniaxial

tension for Ti-6%AI-4%V, AI;!03 partide reinforced 6061 Al, Saffil AI:!O~ short fiber

reinforced A356 and TiC particle reintorced Ti-6%AI-4~/oV, shown in Figure 5.8. closely

correspond to shear punch fracture surtace observations (Fig. 5.9). It was thus reasonable

to perfonn a data correlation analysis to calibrate the load-displacement results in shear

punch testing to that in uniaxial tension.
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(a)

(c)

(b)

Figure 5.7 SEM micrographs of 20
vol.% TiC particle reintorced Ti-6% AI
4%V composites at (a) the point of
point of pennanent penetration, (b) the
load maximum, and (c) fracture.
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(a) (b)

•

(c) (d)

•
Figure 5.8 SEM micrographs of the fracture surface in uniaxial tension for (a) 15 vol.°tlo

A1!03 particle reinforced 6061 aluminium, (b) 20 voI.% Saffil AI;!Oy fiber

reinforced A356 alloy, (c) Ti..60/oAI-4%V and (d) 20 vol.% TiC particle

reinforced Ti..60/oAI-4%V alloy.
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(a)

(c)

(b)

(d)

•
Figure 5.9 SEM micrographs of the fracture surface in shear punch testing for

(a) 15 vo1.% Al:!03 particle reinforced 6061 aluminium, (b) 20 vol.(% Saffil

AI20 3 fiber reinforced A356 alloy, (c) Ti-6%AI-4%V and (d) 20 vol.% TiC

particle reinforced Ti-6%AI-4% V a11oy.
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5.4 Data Correlations for Composite Materials

79

In order to calibrate shear-punch data with the standard tensile data, a series of shear

punch and uniaxial tension tests were pertbnned at room temperature. In general, at least

six shear punch tests and three to five tensile tests were pertonned for each material. For

metallic materials, round tension test specimens were designed according to ASTM

standard E 8M_94a.[243
1 For the powder metallurgy materials, standard round tension test

specimens were machined to have the dimensions illustrated in Figure 5.1 OY43
1

Figure 5.10 Schematic configuration of the tensile test specimen.

D

G

A E B
a:. .:

~
L -i

E

F J

B
c

• where G

D

H
R
A

L
B
C

W

F

J

= Gage Iength, 25.45 ± 0.03 mm,

= Diameter at center of reduced section, 4.75 ± 0.03 mm,

= Diameter at ends of gage length. 4.85 ± 0.03 mm,

= Radius of fillet, 6.35 ± 0.03 mm,

= Length ofreduced section, 47.65 ± 0.03 mm,

Overall length oftensile specimen. 75 mm,

Length of end section, 7.85 ± 0.03 mm,

= Thickness of sintered compact 10.0 ± 0.03 mm

= Die cavity width, 10.0 ± 0.03 mm,

= Diameter ofshoulder, 6.35 ± 0.03 mm,

= End fillet radius, 1.3 ± 0.03 mm

It was tound that the Joad at departure from linearity, Py, correlates weIl with the

uniaxial yjeld stress and that the load maximum, PmOL" correlates with the ultimate tensile

strength, according to the foIlowing empirical equation:(241
1

• P-Prcr,.. =--=Ccrc:h ,_rtrt
(5.2)



where P is either the yield or maximum load trom the shear load..displacement curve, (j is

the corresponding yield or maximum stress in tension, (jeff is the effective yield (Py) or

ultimate stress (Pmax) in shear punch testing, Pf is the friction load, ris the punch radius, t is

the specimen thickness, and C is the correlation coefficient. Pf' Py' and Pma;\ cao be

detennined trom the load..displacement curve as shown in Figure 5.2. The friction between

the various contacting surfaces (e.g. specimen and punch or specimen and die) gives rise to

the friction load, Pf'
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By applying the above correlation, it was found that, for the yield data (Fig. 5.11),

C = 0.55, and tor the maximum load data (Fig. 5.12), C = 0.65. The 95°/0 contidence

interval on the predicted cr for a given P is ±9~tQ of (jy for yield and ±7~~ of (jurs for ultimate

tensile strength. The uncertainty is somewhat larger tor the yield strength predictions as

opposed to the maximum load because of the greater difficulty associated with determining

P:-. For instance, to obtain a distinguishable point of deviation from linearity, it is essential

that the initial punch penetration of the specimen be unifonn around the circumterence.

The yield point is thus particularly sensitive to proper alignment of the punch and die.
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Figure 5.11 Comparison of the shear yield data with yield strength trom uniaxial tensile

data. The solid line is the regression line for the yield data.
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Figure 5.12 Comparison of the ultimate tensile strength detennined by the shear punch

and uniaxiaI tensile testing. The solid line is the regression line tor the

maximum load data.
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Shear punch data have also been used to determine the ductility of materials by

correlating the ratio Of.! t from shear punch tests with either the reduction in areall.fl l or total

percent elongationY.fll For the materials tested, the latter correlation best fits the shear

punch data as illustrated in Figure 5.13. This linear relationship is intuitively satisfying in

that D,. should be zero tor completely brittle materiaI and 0,. should be equal to the

specimen thickness for completely ductile materials. The 950/0 contidence interval on the

percent elongation tor a given D,./t is ± 3% of the elongation.

•
There have also been atternpts to use shear punch test data to detennine the work...

hardening behavior of traditional engineering alloys. However, significant scatter in the

data has resuited in a high error of ± 400/0 and low predictability tor the work-hardening

exponent in these materiais. In the case of the discontinuously reinforced composites, the

scatter in the data for the work-hardening exponent was found to be even greater on account

of the smaller unifonn plastic defonnation region in these materials. Thus a correlation for



the work-hardening exponent was not developed in this work for the discontinuously

reinforced composites.• Chapter 5 Method Development: Shear Punch Testing 82
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Figure 5.13 Comparison of D,.I t with percent elongation measured in uniaxial tension.

The solid line is the regression line for the ductility data.

5.5 Mechanical Property Evaluation

The shear punch test approach has been shown to be a viable alternative to tensile

testing for evaluating the mechanical properties of composite materials. As compared to

tensile testing, the small sample volume and simple specimen geometry characteristics of

the shear punch testing technique are particularly advantageous in the case of composites as

there are high costs associated with both the tàbrication and machining of these materials.

ln addition~ evaluation of the mechanical properties after certain processing conditions (e.g.

defonnation-assisted sintering) is not possible by the standard tensile test. In such cases,

microhardness testing has often been used to estimate the properties. However, a limitation

• of the microhardness testing is that the specimen is not defonned to failure and thus only

the deformation characteristics can be obtained (e.g. yjeld strength). Also, the volume of



material defonned is two orders in magnitude smaller than that in shear punch testing (4 x

10-2 mm3
). Hence the test is very sensitive to the specimen surface condition (i.e. parallel

top and bottom surfaces and specimen surface finish) and microstructure.
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Given that empirical correlations between the standard tensile data and the shear

punch data have been developed for detennining the strength and ductility characteristics

for discontinuously reinforced composite systems, the shear punch test. once calibrated. can

provide a rapid and cast-effective means of assessing the mechanical properties from a

relatively small sample volume.
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•

•

CHAPTER 6

PROCESSING BYSINTERlNG

This investigation concems the P/M processing and characterization of TiC

particulate reinforced Ti-6%AI-4% V composites. As mentioned in the literature survey. no

extensive work has been perfonned on the low cost tàbrication of these composites. Much

of the consolidation work to date has involved hot isostatic pressing to full densification

and as such has incurred high processing costs. Thus, an objective of this present work to

develop a processing route that achieves low temperature consolidation to near-complete

densiticatlon while offering flexibility for microstructural modification at low processing

costs. Ultimately, an assessment of the mechanical properties ofthis composite system will

determine the feasibility of using this material for demanding applications (i.e. properties

beyond those achievable of conventional metallic materials). [n this chapter, composites

processed by sintering alone will be characterized for densification, microstructure and

mechanical properties.

6.1 Powder Processing

The as-received powder of Ti-6%AI-4% V was blended thoroughly with various

proportions of TiC powder. Selection of the mixing time required a preliminary

examination of the grinding conditions that would achieve maximum removal of the oxide

layer on the Ti-6%AI-4% V powder and a uniform dispersion of the TiC particles. This

investigation tirst involved attrition milling the Ti-6%AI-4% V powder in isopropanol for

15, 30 and 60 minutes. It was found that milling for more than 15 minutes caused work



The blended powder mixtures were then compacted in t\vo stages. uniaxially and

isostatically. The pressures applied during uniaxial and isostatic pressing enabled

rearrangement of the powder, panicle contacting and plastic detormation of the metai

powders. The pressures selected for compaction (i.e. 172.5 MPa and 207 MPa tor uniaxiai

and isostatic pressing, respectively) were sufficient to obtain adequate green strength tor

handling the compacts without causing cracking or crumbling of the green compacts during

processing.

hardening and flaking of the Ti-6%AI-4%V powder as illustrated in Figure 6.1. Using a

STROHLEIN ON-mat 822 analyzer, the oxygen content of the as-received Ti-6%AI-4% V

powder was detennined to be 0.25 wt.%, which is similar to the oxygen level specified by

Micron Meta/s Ine. (as reported in Table 4.1). After attrition milling the Ti-6% AI-4% V

powder for 15, 30 and 60 minutes, the oxygen content was found to be 0.19 wt.%, 0.15

wt.%) and 0.17 wt.% ± 0.04 wt.%, respectively. Although the milling results indicated the

lowest oxygen content for 30 minutes grinding, flaking and working hardening of the Ti

6%AI-4% V particles led to poorer packing during compaction of the powder milled at

times greater than 15 minutes. Moreover, the compressibility of the powder attrition milled

for 15 minutes was similar to that of the as-received Ti-6% AI-4% V powder. Nonetheless,

milling for 15 minutes was found to improve the sinterability of the material in previous

work.[Sql For detennining the conditions for unitonn dispersion of the TiC particles. the two

powders were attrition milled in isopropanol tor 15 and 30 minutes. The blended powder

mixtures were then observed and. as illustrated in Figure 6.2, no significant improvement in

TiC dispersion was observed. Hence the attrition milling conditions were fixed at 15

minutes grinding in isopropanol for ail compositional mixtures.

•

•
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Uniaxial pressing was advantageous in providing good dimensional control tor

shaping of the component. However, axial pressurization alone causes nonunitormity in

the density distribution leading to differential shrinkage during sintering, and possibly

warpage. distortion, or cracking of the component. By subsequently applying cold isostatic

pressing to axially shaped components, good dimensional control and uniform density

distribution was possible.

For compaction, a broad panicle size distribution would be beneficial. since tiner

particles can be accommodated between adjacent coarser particles, giving high green

densities.[IS';1 AIso, tiner particles are more difficult to compact, since large pores collapse

under lower pressures than tine pores. In processing the Ti-6%AI-4%V-TiC composites.

the large particle size and narrow size distribution of the Ti-6%Al-4%V powder was found

to be beneficiai because the tiner TiC particles occupied the void spaces between the larger



Ti-6% AI40/0V particles in contact. Hence the difference in particle sizes and size

distributions of the two powders improved the packing conditions, as illustrated by the

increase in green density with increasing volume fraction of TiC particles (Fig. 6.3). The

percent porosity of the compacted composites ranged from 33 to 380/0. However, due to the

broad TiC particle size distribution local agglomeration was found to occur due to several

TiC partic1es fitting in each void spacing, as il!ustrated in Figure 6.4a.

Effect of attrition milling time on the Ti-60/0AI-40/0V powder: (a) as-received,

(b) after 15 minutes, (c) after 30 minutes and (d) after 60 minutes.

•

•

•
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Effect of milling time on TiC dispersion in Ti ..6°/oAl..4% V powder: (a) 15
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Figure 6.3 Green density of the Ti..6%AI-4%V-TiC composites after uniaxial and

isostatic compaction.•



The effect of particle shape on compaction is difficult to predict concisely. An

irregular powder shape usually gives lower apparent density and hinders the achievement of

a high pressed density. However, an irregular powder can also lead to a higher green

strength because of mechanical interlocking.[IS7) [n the case of the Ti-60/0AI-40/0V-TiC

composites, the angular shapes of both powders resulted in sorne bridging during

compaction, producing large or irregularly shaped pores as illustrated in Figure 6.4b.

•

•
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Figure 6.4

(b)

(a) Local clustering of the TiC reinforcement particles in the void spaces of

the contacting Ti-6%AI-4%V matrix particles and (b) regions of large

irregularly shaped pores after compaction due to angular morphology of the

as-received powders ofTi-6% Al-40/oV and TiC.

•

6.2 Sintering

6.2.1 Densification Behavior

The compacted specimens were then sintered at temperatures of 1100°C, 1300°C and

1500°C for times of O.S, l, 2 or 4 hours. The relative density was detennined for aIl

sintering conditions using the Archimedes' method and optical image analysis techniques.

Figure 6.5a illustrates the effect of the isothennal sintering temperature and hold time on

densification, as detennined by the Archimedes' method, of the composites containing TiC

particles in volume fractions ranging from 0 to 200/0. Microstructural investigation of the

percent porosity by image analysis techniques, Figure 6.5b, indicates similar trends for the

effects of sintering temperature, hold time and TiC volume fraction on densification.





80th techniques used to detennine the densification behavior indicated that, for ail

the titanium alloy composites, an increase in sintering temperature resulted in a decrease in

percent porosity, regardless of the hold time. Previous work on TiC particle reinforced

titanium composites has shown that the density increases until approximately l5000e after

which de-sintering and pore coarsening occur. [891 The temperature at which these

phenomena become significant depends on the melting point of the material. The overall

effect of adding aluminium and vanadium on the melting point of pure titanium (about

1670°C) is negligjble(246) (i.e. 60/0 aluminium in titanium increases the liquidus temperature

to roughly 1720 C. while 40/0 vanadium in titanium decreases the liquidus temperature to

roughly 1650°C). Hence the de-sintering effect was observed to begin at 1550°C tor all

compositions of TiC in the Ti-60/0AI-4% V composites. The consolidation of the titanium

based composites was thus investigated up to Isoooe as further increases in sintering

temperature would not generate anY densification improvements.
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For these low green density composites. the sensitivity of the densification process to

increases in the hold time seems to vary depending on the sintering temperature. At

extremely low temperature (1100 OC), slow diffusion kinetics limit densification, and the

density keeps increasing with time. At intennediate temperatures (13000 e and 1500°C).

the intluence of time on the densification appears to indicate that the greatest reduction in

porosity occurs in the initial sintering period. This is because an increase in the holding

time is not as effective as an increase in temperature for improved densification and is

attributed to the exponential relationship between the diffusion coefficient and temperature.

as mentioned in the Iiterature review section (i.e. equation 2.7). Thus, it appears that the

composites sintered at 1300°C are leveling off at a relative density tàr below 100%. In tàct.

given sufficient time, it would he theoretically possible at 13000 e tor the composites to

achieve full densification. Regarding sintering at ISOOoe, there is a rapid increase in

density until approximately 2 hours holding, beyond which de-sintering commences. This

is consistent with previous work on TiC particulate reintorced titaniurn compositesPNj which

indicated that de-sintering begins at a holding time of 2 hours tor sintering temperatures

above 1350°C and drops to 0.5 hours at a sintering temperature of 1600°C.

This phenomenon of de-sintering or decrease in density at prolonged holding times

for the high sintering temperatures has been observed by other investigators{87.:'N.'67.247J but

little attempt has been made to detennine the nature of its occurrence. It is possible that

this de-sintering resuIts, as it does in the sintering of ceramic materials, from a

decomposition reaction. (Many of the constituents in ceramic materials are in the fonn of

silicates, carbonates or hydrated compounds; these decompose during firing to fonn the

ceramic oxide and gaseous oxides and/or H20.) In the present titanium composite system,



the density increases during sintering with material being transported by volume diffusion

of atoms (accompanied by the counter-diffusion of vacancies). However~ for bonding to

oceur, the surface oxide on the titanium particles must first be reduced. Sinee the sintering

environment of the graphite-element vacuum furnaee is likely to have residual CO/CO~ gas

(e.g. from the reaction of residual oxygen in the fumaee chamber with the graphite

element)~ the titanium surface oxide may reaet with the CO to generate CO~. Henee

throughout consolidation1 evolution of this CO~ gas would reduce the increase in density

obtainable from volume diffusion of material to the neck region. During prolonged

sintering, particularly at the elevated temperatures, the decrease in density occurs as a result

of the evolution of CO~ gas. That is, during the intennediate and final stages of sintering~

the driving tbrce for porosity removal is markedly reduced as compared to the initial stage,

as is to he discussed further in the next section. Thus, the decrease in density occurring

from the CO~ gas evolution outweighs the density increase by vacancy removal and could

result in de-sintering.
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Besides the effect of time or temperature1 an increase in the volume fraction of the

TiC particles tended to increase the density. This can be attributed to the higher green

densityas weil as the finer pore sizc of the titanium alloy composites containil'ig 20 vol.o;o

TiC particles. That iS1 the TiC reinforcement particles improve the packing density by

being accommodated in the void spaces between adjacent Ti-6°!ôAI-4~/oV particles. This in

tum increases the number of point contacts and reduces the size of the void spaces to be

eliminated during elevated-temperature sintering, thus improving densification.

A comparison of Figure 6.5 (a) to Figure 6.5 (b) indicates that the bulk density of the

composites detennined by image analysis techniques were on average 10% higher than

those calculated by the Archimedes' method. This was due to a highly porous surtàce layer

approximately ISO to 200 J,lm in depth as shown in Figure 6.6. During optical image

analysis testing for percent porosity, this surface layer region was not included in the

measurements. As such1 the percent porosity values from image analysis represent the bulk

density of the material since the thin surtàce layer is Iikely to be removed during final

finishing of the component.

Occurrence of this surface layer was investigated by elevated temperature sintering in

a radiant tube fumace equipped with a microbalance for measuring changes in weight (retèr

to section 4.3.1). EssentiaIly, the specimens were heated in a vacuum and by monitoring

the weight change with increasing temperature, it would be possible to assess the reactions

occurring during sintering. Regrettably, the vacuum sintering environment of the

lanthanum-chromite element radiant furnace differed sIightly from that of the graphite-



element resistance fumace because of the differences in the heating element materials (i. e.

inert versus carbon). As such, this investigation could not be extended to resolve the

phenomenon ofdesintering as observed previously.
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Figure 6.7 illustrates the change in weight as a function of sintering temperature for

the titanium alloy and composites. It is observed that there is initially a loss in weight up to

a temperature of roughly 550°C for aIl materials tested. This weight loss is attributed to the

evaporation of water, initially, followed by bum out of residual isopropanol trom attrition

milling. Interestingly, the initial weight loss was greatest tor the unreintorced titanium

alloy for which the total surface area per unit volume was the lowest. The addition of TiC

increases the total surface area per unit volume such that the quantity of entrained moisture

and isopropanol in the composite should be higher. Thus the lower weight loss observed

tor the composites is most probably a result of the higher surface hydrophobicity of the TiC

as compared to TiO:!. (A 70.7° contact angle for water on a TiO:! surface suggests that the

oxide of titanium is wetted. [10183/ This occurrence has been manipulated in the production of

ferrous cennets. EssentiaIly during sintering of iron-TiC, carbon is removed trom the TiC

surface through the fonnation of Cal' The removal of carbon to fonn a carbon deficient

TiC surface was observed to improve wettability.[1411bl Moreover, extensive work on the

properties of coaI has demonstrated that coal is naturally hydrophobie. [148cl Hence, a greater

hydrophobicity for TiC as compared to Ti01 is likely and has resulted in lower adsorption

of moisture and isopropanol for the present composite system.)



Between 550eC and sooec, the weight remains fairly constant for all the materials.

Beyond sooec, the titanium-based materials begin to gain weight~ most likely due to

oxidation. The oxidation rate was observed to be the greatest for the unreinforced titanium

alloy and it decreased with increasing volume fraction of TiC partieles. lt is thus possible

that this oxidation during heating generates a high residual porosity in the region of the

specimen surface. That is, the individual particles of the titanium alloy in the vicinity of the

surface are highly oxidized. In generaI. oxidation interferes with the material transport

mechanisms for densification~ and as such poorer sintering between the oxidized partieles

occurs (e.g. due to higher melting temperature of oxide and also its larger diffusion path).

This supports the results obtained. since the greatest weight change occurred for the

unreinforced titanium alloy and it was found to have the thickest surface reaction region. as

il1ustrated in Figure 6.6 a.
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6.2.2 S;nter;ng Mechan;sms

•
During sintering the material transport processes can create a change in the

interparticle spacing as neck growth occurs. Hence, if the paniele centers are brought

eloser together during sintering, shrinkage occurs, which is the case for all the sintering

mechanisms with the exceptions of surface diffusion and evaporation-condensation, as



mentioned in the literature review. Monitoring the sintering process with the linear

shrinkage data is important not only for the manufacturing of precision components but also

for detennining the sintering mechanisffi.
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The shrinkage behavior of the titanium composites during sintering is illustrated in

Figure 6.8. The linear shrinkage, .1L/Lo' was determined by measuring the length change of

the sintered disk and dividing this by the initial length. 80th the temperature and time

dependencies illustrated in this plot are typical of sintering powder materials. The highest

amount of shrinkage was observed tor the titanium alloy sintered at lSOO°C for 4 hours.

As. expected. there was a slight decrease in the percent shrinkage with increasing TiC

volume fraction due to the higher green density and flner pore size as betore. It should be

mentioned that the non-uniform shrinkage during sintering was minimal on account of the

removal of the density gradients during isostatic pressing of the green compacts. However.

if the compact is fabricated by uniaxial pressing alone. density gradients in the compacted

powder can lead to warpage and non-uniform shapes.

Solid-state sintering involves material transport by ditfusion through the movement

of atoms or vacancies through lattice dislocations or along a surface or grain boundary. As

mentioned previously~ surface diffusion does not result in shrinkage. Hence the observed

shrinkage is due to volume diffusion either along grain boundaries or through lattice

dislocations. The general form of the neck growth model for determining the material

transport mechanism is defined as (i.e. equation 2.7 in the Iiterature review):

dl ( 8t )nc= 2~nRnl
(6.1 )

•

For isothennal sintering, the slope of the log-log shrinkage-time plot (Fig. 6.9) gives the

mechanism characteristic exponent, n. For the materials sintered at 1100°C, the exponent

was determined to be 0.22 which is lower than that predicted by the model tor volume

diffusion along grain boundaries (i.e. 0.4 from Table 2.2). This deviation is inevitably due

to the over simplifications used to derive the material transport model.(1761 Primarily, the

assumptions of equal size spherical partic1es and ideal packing are not appropriate in the

present work, as the particle morphology was angular and.. for the composites.. the size

distribution was bimodal. Hence the real powder system, having a distribution in particle

size and a non-homogeneous powder geometry, can attain a fewer number of contact points

per particle (i.e. coordination number) as well as contact flattening during compaction (i.e.

smaller neck size). AIso, materials can sinter by a process involving severa! modes of mass

tlow. With the progression of sintering, the coordination number increases, and the

dominant sintering mechanism can vary considerably. Pre\-ious work has considered the



error associated with using the simplified model to predict the mechanism characteristic

exponents for volume diffusion. The exponent was found to vary with the coordination

number and neck size, and for real systems a decrease in these two parameters could
diminish the exponent by 200/0.[1;5.190-191)

• Chapter6 Processing by Sintering 95

•

•

For the composites sintered at temperatures above 1100°C, as illustrated in

Figure 6.9, there appears to be a decrease in the densification rate beyond 2 hours hold

time. The mathematical model, given by equation 6.1, is derived on the basis of neck

growth for the initial stage of sintering. Decrease in the densitication rate at a sintering

temperature of 1300°c after 2 hours holding time then suggests that the material has

progressed into the intermediate densification stage. At this point, the driving torce shifts

from that tûr interparticle neck growth (curvature gradients) to that for grain boundary and

pore structure fonnation (interfacial energy). That is, the driving force for sintering

(i.e. reduction in the surface energy of the system) is initially expended tûr interparticle

neck growth as manifested by the decreased surface curvatures of the particles. [n the

intennediate stage, the surtàce energy available as a driving force is reduced since the

curvature gradients associated with the pores (between the sintering particles)~ that are now

cylindricat decrease. Furthermore, since at every sintering interface there is a subsequent

creation of a grain boundary, which is associated with a grain boundary energy. the net

driving torce is reduced and the associated linear shrinkage in the intermediate stage can

decrease substantially as compared to the initial sintering stage.

At 1500°C, the data seem to indicate that beyond 1 hour of sintering the shrinkage

rate has decreased. Thus the shrinkage values at 1 and 2 hours holding time at I500°C

deviate from the regression line having a slope of 0.22. This suggests that sintering at this

point is no longer in the initial stage of densification. Beyond 2 hours holding at this

sintering temperature~ the Iinear shrinkage appears to remain constant, indicating linie if

any densification. With shrinkage of the pore structure, the cylindrical pores of the

intennediate stage have been found to become unstable at approximately 80/0 total porosity

(e.g. tûr the monosized-spherical partic1e model) and collapse into spherical pores which

are characteristic of the final stage of sintering. In this work, the percent total porosity in

the sintered materials was determined to be less than 80/0 (Fig. 6.5b) beyond a holding time

of 1 hour at 1500°C. This suggests that for an isothennal temperature of 1500°C, sintering

is in the intermediate densification stage for a hold time of between 1 hour and 2 hours.

Around 2 hours holding time at 1500°C, the driving torce for sintering decreases further

and this is characteristic of the final stage of sintering in which isolated, spherical pores

shrink by a slower volume diffusion process.



The activation energy for shrinkage can be obtained from an Arrhenius plot of the

logarithm of shrinkage versus the inverse of the absolute temperature (Fig. 6.10). The slope

of this plot enables calculation of the activation energy for diffusion. Table 6.1 gives these

calculated activation energies for the titanium alloy and composites.
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Figure 6.10 Arrhenius plots of the isothennal shrinkage measurements for detennining

the diffusion activation energy.

Table 6.1 - Activation Energy for Volume Diffusion

•
Materia! Activation Energy, Q (kJ·mol-')

Ti-60/oAI-4%V 322

Ti-6%AI-4%V/5 \'01.0/0 TiC 325

Ti-6%AI-4~oV/I0 vol.% TiC 328

Ti-6%AI-4%V/15 vol.% TiC 331

Ti-6% AI-4°iOV/20 vo1.% TiC 335



The activation energies calculated for the materials ranged between 322 to

335 kJ·mol- ' . There was a slight increase in activation energy with increasing TiC volume

fraction, but this change was roughly the same as the error associated with each value

(± 10 kJ·mol-1
). Hence, no significant difference in the activation energy for the composites

as compared to the titanium alloy was found. However, the activation energies detennined

agree reasonably weil with the apparent activation energy tor titanium diffusion in a

titanium alloy containing 4 wt.% vanadium, which is approximately 290 kJ-mol- 'Y4'l-15I
j
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To determine the activation energies for the various materials from the Arrhenius

plots, the data for 4 hours holding time were discarded, as Figure 6.10 illustrates that the

slope tor this condition deviates substantially from that obtaineJ for the other sintering

times. TIlis deviation at 4 hours holding time is inherently due to the progression trom the

initial stage of sintering at II oooe to the intennediate stage at 1300°C and to the final stage

at Isooec. Hence the data values for the higher temperatures are intluenced by the change

in driving force. As observed previously with the shrinkage-time plot, Figure 6.9, there is a

decrease in the driving force at 1300°C for holding times beyond 2 hours, indicating the

onset of the intennediate stage. In the same plot, the slope at ISOO°C, beyond 2 hours

holding, is almost horizontal and the data values for lower holding times were found to

deviate from the regression line having a slope characteristic of the initial sintering stage.

Consequently, at the higher sintering temperature of IS00°C. there is rapid progression

trom the initial sintering stage, at approximately lh hour holding time, to the intennediate

sintering stage, roughly in the region between 1 and 2 hours. Beyond 2 hours holding, the

material is likely to be in the final sintering stage. These microstructural observations,

related to nature and evolution of the pore structure, as speculated trom Figures 6.9 and

6.10. can be established through microscopie characterization of the change in

microstructure with sintering, as described in the next section.

6.3 Microstructural Character;zation

6.3./ Optical Microscopy

Selected optical micrographs of the polished specimens are presented in Figure 6.11.

These composites, containing 10 vol.% TiC particles, were sintered at temperatures in the

range of 1100 to lSOO°C for 4 hours. At low temperatures (Fig. 6.11 a), the microstructure

reveals flner TiC particles that may be attributed to the inadequate bond strength between

the particles and matrix~ which resulted in pullout of the larger reinforcement particles. The

amount of pullout at this temperature~ measured by image analysis techniques, was found to



vary between 3 to 6°Al depending on the TiC volume fraction. Furthennore, substantial

porosity can be found in the vicinity of the remaining particles and along the forming grain

boundaries. The pore structure is open and interconnected and the pore morphology is not

very smooth due to the existence of relative1y sharp curvature gradients near the

interparticle neck region, as illustrated in Figure 6.12. This pore structure is typical of the

initial sintering stage, as predicted by the log-log shrinkage·time behavior tor isothennal

sintering at II oooe (Fig. 6.9).

• Chapter 6 Processing by Sintering 99

•

1

,8
,30um 1

(a) 1I00°C

Figure 6.11 Optical micrographs of unetched lO vol.% TiCp reinforced Ti·6o;oAI-4% V

composites sintered for 4 hours.
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[mprovement in the diffusion kinetics at 13000 e resulted in substantial pore

shrinkage and progression into the intennediate sintering stage (Fig. 6.11 b) before 4 hours

holding time. This supports the shrinkage-time plot results (Fig 6.9), which indicated a

decrease in the densification rate for 2 hours sintering at a temperature of 130ooe. The

microstructure reveals good bonding between the matrix and reinforcement, since little if

any particle pullout was revealed by image analysis techniques. Numerous cylindrically

shaped pores can he observed in the vicinity of the TiC particles with a few smaller pores

appearing to spheroidize into a closed structure. [n general, this stage was characterized by

a relatively smooth pore structure which remained~ on the whole, interconnected: however

there were rnuch smaller changes in curvature between particIes (Fig. 6.(3).
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With further increases in the sintering temperature, the cylindrical pores of the

intennediate stage at 1300°C collapsed to form spherically shaped pores at ISOOoe tor 4

houTS holding time (Fig. 6.1Ic). This progression into the final stages of sintering agrees

with the shrinkage results for 4 hours holding at IS00oe. The pores are mostly spherical in

shape and isolated in the vicinity of the Tie particles. In addition.. there appears to be sorne

growth of TiC particles at ISOO°C, as evidenced by the greater reinforcement size as

compared to that of the as-received TiC powder size (less than 32 jJm).

Figure 6.12 SEM micrograph of etched 10 vol.% TiCp reinforced Ti-6%AI-4% V sintered

at 1100°C for 4 hours showing an interconnected pore structure with sharp

curvature gradients. (The a and J3 phases of the matrix are also indicated.)
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Figure 6.13 SEM micrograph of etched 10 vol.% TiCp reinforced Ti-60/0AI-4% V sintered

at 1300°C for 4 hours showing a smooth interconnected pore structure.

The change in matrix microstructure with increasing sintering temperature is depicted

ln Figure 6.14 for Ti-6%AI-4% V. Micrographs of etched specimens were selected to

simultaneously show the etTect of sintering on the evolution of the pore and grain boundary

structure. At 1100°C (Fig. 6.14a), the closely spaced pores are located at the grain

boundaries as an irregular network of connected channels (i.e. initial sintering stage).

Progression into the intennediate sintering stage at 13000 e (Fig. 6.14b) produced a

smoother interconnected pore structure, but the pore size increased as void coalescence and

matrix microstructure coarsening commenced. Since pore coarsening is due to shrinkage of

other pores, the number of pores decreased. Sintering at 1500°C (Fig. 6.14c) results in the

spheroidization of the pores into a closed structure. However, substantial microstructural

coarsening of the matrix has occurred (hence a lower magnification was used) and the pores

are now isolated from the grain boundaries. Further improvement in densification may be

more difficult because continued densification by void dissolution relies on the presence of

pores remaining at the grain boundaries. After breakaway from the grain boundary, the

pore must diffuse vacancies to a distant grain boundary to continue shrinking. This is a

slower process as evidenced by the lower densification rate in Figure 6.9 for the final

sintering stage. Moreover, the densification behaviof, Figure 6.5, indicates that there is de

sintering at lSOO°C for a holding time of 4 hours. This de-sintering is accompanied by

substantial microstructural coarsening particularly at the elevated temperatures and

prolonged sintering times. Hence further increases in the sintering temperature or rime will



augment pore coarsening and cause the mean pore size to increasc, ultimately leading to a

marked decrease in density as observed with previous work on Ti-TiC composites.[S9)• Chapter 6 Processing by Sintering -------------- 102

•

•

(c) 1500°C

Figure 6.14 Optical micrographs ofetched Ti-6°/oAl-4O/oV sintered for 4 hours.

The evolution of the matrix microstructure during sintering (Fig. 6.14) is essentially

coarsening of the lamellar arrangement of plate-like a (light regions). The reinforcement

particles modify this lamellar arrangement by controlling the rate of grain growth and

constraining the growth of the lamellar a + ~ structure, as indicated by the finer plates ofa
(Figs. 6.15a and 6.15b). Consequently, the presence of the TiC reduces the porosity in two

ways: (1) by increasing the green density and decreasing the size of the void spaces prior to



sintering and (2) by preventing grain growth, thereby reducing pore break·away from the

grain boundary. The particles also have a homogenizing effect on the refinement of the

lamellar structure as indicated by the matrix phase of the 20 vol.% TiC composites that

shows a similar a·plate size regardless of the temperature (Fig. 6.15b and 6.15c). In fact~

this grain size was observed at 1100 and 1300cC, irrespective of the TiC volume fraction.

At 1500cC, at least 20 vol.% TiC is required before a fine lamellar structure is obtained.
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(a) lSvol.%TiC.1500°C (b) 20 vol.% TiC. ISOOcC

•
(c) 20 vol.% TiC, 1300°C

Figure 6.15 Optical micrographs showing the effect of particles in preventing coarsening

of the lamellar matrix.
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•

The microstructure of the composites was analyzed at a higher resolution using

secondary electron imaging (Fig. 6.16a) and backscattered electron imaging (Fig. 6.16b) on

a JEOL JSM-840A SEM. As observed previously using optical microscopy. the matrix of

the etched composite material basically consisted of a lanlellar arrangement of a plates

separated by interplate ~ and no other phases were apparent. Also~ tor aIl the TiC

compositions and processing conditions investigated in this work. no obvious intertàcial

reaction region between the Ti·6% AI-4% V matrix and TiC particles was observed at this

resolution. Sorne of the reinforcement particles were found to contain regions of micro

porosity, the volume fraction of which appeared to be greater in the larger panicles~ as

shown in Figure 6.17a and 6.17b. However. these micro-pores were also visible in the

many of the individual particles of the as·received Tie powder prior to incorporation into

the composite materiaI. as illustrated in Figure 6.17c and 6.17d. This suggests that the

pores arise from the carbothennic reaction process used to synthesize the TiC powder.

,

. ,

. 1 IOUm 1
~

(a) (b)

•

Figure 6.16 SEM micrographs of etched Ti-6~/oAI-4%V/20 vo1.% TiCp composites

sintered al 13000 e for 4 hours: (a) secondary electron iInaging and (b)

backscattered electron imaging.
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(a)

(c)

(b)

(d)

•

Figure 6.17 SEM micrographs showing the micro-porosity present in (a) TiC

reinforcement particles in the Ti-6%AI-4~'OV composites. A magnified view

of this microporosity is presented in (b). The microporosity in the TiC

reinforcement particles of the composite material originates trom powder

processing, as evidenced by the micropores in numerous individual particles

of the as-received TiC powder. lndividual micropores (c) as weIl as pore

clusters (d) were observed in the starting TiC POwder particles.



6.4/nterfacial Analysis• Chapter 6 Processing by Sintering -------------- 106

6.4.1 Low Voltage Field Emission Gun SEM

Scanning electron microscopy work of previous investigators has not revealed any

interfacial phase region in TiC particulate reinforced titanium composites. However, it

appears that the main limitation preventing the observation of the interfacial phase in these

composites is related to the resolution of the detection equipment used for surtàce analysis

of specimens, as illustrated in Figure 6.18 using an Hitachi 5-4500 cold tield emission gun

SEM. Here the improved resolution of the upper through-the-lens detector enabled low

voltage imaging tor differentiation of the intertàcial phase between the TiC particles and

the Ti-6(%AI-4% V matrix.

f
'/ .

.~

•

• Figure 6.18 Secondary electron images of Ti-6%AI-4%V/20 vol.% TiCp composites

sintered at IIOOeC for 1 hour (LD = conventional lower detector. un =
Hitachi upper detector).



The effect of processing variables on the fonnation and growth of this intertàce was

thus investigated using this low voltage imaging technique. For the composites sintered at

IIOOoe, a layer having a Iighter phase contrast than Tie was revealed on the periphery of

the particles (Fig. 6. 19a). An increase in the temperature to 13000 e increased the thickness

ofthis boundary layer from approximately 0.6 flm at 1IOOoe to 3 J.!rn at 1300°C, as shown

in Figure 6.19b. Interestingly, a similar analysis for the composites sintered at 1500°C.

failed to reveal a boundary layer oflighter phase contrast around the particles (Fig. 6.19c).
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Figure 6.19 Intertàcial reaction analysis using low voltage irnaging on a field emission

gun scanning electron microscope equipped with a through-the-Iens detector

for Ti-6%AI-4%V/20 vol.% TiCp composites sintered for (a) 4 hours al

IIOOoe, (b) 1 hour al 13000 e and (c) Y2 hour at 150ooe.



Chemical compositional analysis for carbon was perfonned at 3 keV along a line

from the TiC particles to the Ti·6°A-AI·4%V matrix using energy dispersive X·ray

spectroscopy. For the composites sintered at 1100°C and 1300°C the chemical analysis

indicated that this boundary region had a lower carbon content than the adjoining region

toward the center of the particle (Figs. 6.20a and 6.20b, respectively). For the composites

sintered at ISOO°C a homogeneous carbon content across the entire particle (Fig. 6.20c) was

measured. However, it would be difficult to determine precisely the composition of this

boundary layer region by this technique, as carbon contamination from the beam at these

low accelerating voltages was very rapid. Nonetheless, it is observed that for the

composites sintered at II OO°C, the carbon content of the reintorcement centers (region A in

Fig. 6.20a) is approximately twice that of the boundary layer, region B in Figure 6.20a. In

comparison, a similar carbon count analysis (Le. same accelerating voltage and count time)

tor the composites sintered at l300°C gave a slightly lower amount of carbon tor the

particle center, as illustrated by region A in Figure 6.20b (as compared with region A of

Fig. 6.20a). However, the boundary layer carbon content, region B in Figure 6.20b.

remained at approximately the same carbon counts. For the composites sintered at Isooec,
the carbon content in the entire particle, region A in Figure 6.20c, remained similar to that

obtained tor region B in Figures 6.20a and 6.20b. This suggests that the entire particle has

transfonned and its composition is similar to the boundary layer phase observed for the

Iower sintering temperatures. This analysis thus suggests that the TiC particles react with

the titanium alloy matrix, fonning an interfacial phase that grows with increasing

processing temperature. At 1500°C the growth rate appears to be extremely rapid and the

entire TiC particle appears to have transtormed within a half·hour of sintering.

•

•
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6.4.1 Electron Probe Micro-Anlliysis

To complement the results from the low voltage chemical analysis, electron probe

micro·analysis measurements for carbon, titanium, aluminium and vanadium, were taken

every 2.5 J.1rn along an electron probe line path trom the TiC particles to the Ti·6C%AI-4% V

matrix, as shown in Figure 6.21. Of these, carbon analyses tor the as·consolidated

composites indicated that temperatures higher than 1300°C resulted in extensive carbon

loss from the particles, as illustrated in Figure 6.22. The carbon in the particles essentially

decreases from the stoichiometric 20 wt.% at a sintering temperature of 1100eC to as lowas

12 wt.% at ISOOeC. That is, at a processing temperature of 1100°C, the carbon

composition of the TiC particles remained similar to that of the as·received TiC powder.

Increasing the temperature enhanced carbon loss from the particles such that at 1500eC, the

reinforcement has a carbon concentration of 12 wt.%, which corresponds to that of Ti1C.



Thus, both the electron probe results and the low voltage chemical compositional analysis

work suggest the graduai transfonnation ofTie to Ti2C. This phase is not shown on the Ti·

e phase diagram because there exists sorne uncertainty related to its stability (see literature

review) and thus dashed lines appear in the equilibrium phase diagram (Fig. 2.2).["~1
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Figure 6.20 Chemical compositional analysis at 3 keV for carbon tor interfacial analysis

in Ti·6%AI4o/àV/20 vol.O;o TiCp composites (as shown in Figure 6.19).•
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The carbon concentration in the Ti-6%Al-4%V matrix was detennined to he in the

range of 0.3 wt.% to 0.6 wt.% for the composites sintered at 1100°C to lS00°C. From the

Ti-C phase diagram, Figure 2.2, the solubility limit of carbon in CL-titanium is 0.4 wt.%.

Errors associated with concentration analyses of light elements using wavelengili or energy

dispersive spectroscopy can be quite high (e.g. 1 wt.~/o). [n the case of carbon~

contamination from the electron beam increases with detection time, thereby increasing the

measurement error further. Hence, the carbon concentration values obtained for the Ti

6%AI-4%V matrix, in the composites pracessed at variaus conditions, agree reasonably

with that expected from the solubility limit using the phase diagram. Moreover~ there

appears ta be a negligible influence of the enhanced carbon loss on the carbon

concentration of the matrix with increasing processing temperature. This supports the

concept of stable phase tonnation at the intertàce between the TiC particles and Ti-6%AI

4% V matrix, as evidenced in the FEGSEM for the composites processed at 1100°C and by

the growth of the TiC particles in the composites sintered at 1500°C. However~

characterizing the nature of the chemical reaction products would be difficult using this

technique as the x-ray volume generated from the electron beam diameter is the same order

of magnitude as the region over which there is a reduction in carbon~ as illustrated in

Figure 6.23.

•

•
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•
Figure 6.21 SEM micrograph showing the electron probe path taken from a TiC

reinforcement particle to the Ti-6%AI-4% V matrix for a 10 vol.% TiCp

reinforced Ti-6%AI-4%V composite sintered for 4 hours at 1300°C.
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Figure 6.22 EPMA of carbon from the reinforcement to the matrix for the composites

sintered for 4 hours at liOO°C, 1300°C and 1500°C.
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Figure 6.23 Monte Carlo simulation of the x-ray volume generated from a 1 f.lm beam on

the TiCp reinforced Ti-6%AI4°loV composite at an accelerating voltage of 10

keV and a probe current of 1 x lO'~ A.•
1 um

-le: L

as coefflcjent : 2J.6~

•

6.4.3 Neutron Diffraction Examination

Neutron diffractometery was used to investigate and characterize the phase

changes occurring during elevated temperature sintering of the titanium alloy matrix

with the TiC reinforcement particles. Initially, the variation in the lanice parameter and

coefficient of linear thennal expansion with temperature were examined individually for

both Ti-6% AI-4% V and TiC. Although this information is weil documented for the

latter phase. in the case of the titanium alloy linle if any infonnation is available for the

high temperature body centered cubic p phase. More specifically, the lanice parameter

measurements for the p phase have becn obtained by anempting to retain this high

temperature phase through quenching. Additionally, ooly a few values tor the

coefficient of linear thennal expansion of Ti-6%AI-4% V exist for temperatures above

the p-transus. Accordingly, the variation in these parameters with temperature \Vas

examined, especially the lanice parameter of p-Ti-6%AI-4% V, since a change in this

value during processing of the composite rnaterials may give sorne insight related to the

nature of the reaction between the reinforcement and matrix phases.



The lattice parameter values tor the beta phase of the Ti-6% AI-4% V alloy and TiC

are plotted as a function of temperature in Figure 6.24. The relationship for the dependency

of the lattice parameter on temperature, in the range of lOOO°C to 1350°C, for the two

phases was detennined by fitting the data and is shown on the respective plots.

• Chapter6 Processing by Sinter;ng ------------- 113

3.32

a =3.051 E-08T! - 4.506E-05T + 3.3081

- R2 =0.9945
~-• 3.31
.:
;,.-~
E•..
l. 3.3
~

.~--If-
3.29

• 1200 1300 1400 1500 1600 1700

Temperature (K)

(a) ~-Ti-6%Al-4%V

4.38 ,

- 4.37=<-•.:
~-;,. 4.36e•..•~ a = 2.034E-08T2 + 1.315E-05T + 4.3186
~

.~ 4.35
R1 =0.9991--If-

4.34 1

1200 1300 1400 1500 1600 1700

Temperature (1{)

• (b) TiC

Figure 6.24 Lanice parameter measurements at various temperatures.



In the composites, a reaction between the TiC reinforcement and the ~-Ti-6%AI-4%V

matrix during sintering would result in a change in these lattice parameters detennined for

either phase constituents at the various temperatures. Hence at any isothennal sintering

temperature, a change in the lattice parameter with holding time cao be used to monitor the

reaction between the TiC particles and the ~-Ti-6%AI-40/0V matrix. Such values are given

in Table 6.2.
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Table 6.2 - Lattice Parameter Values for ~-Ti-6%AI-4%V and TiC

Temperature Lattice Parameter Lattice Parameter
Ti-6%AJ-4%V aUoy TiC ceramie

(OC) (A) (A)

990 3.2997 -
1000 3.2998 4.3553

1050 3.3024 4.3584

1100 3.3043 4.3609

1150 3.3055 4.3635

1200 3.3081 4.3661

1250 3.3098 4.3688

1300 3.3123 4.3717

1350 3.3184 4.3745

In general, the lattice pararneter of a given phase is related to temperature by the following

equation,

a2 =al + ua1(T2 - TI ) (6.2)

where a, and a1 are the lattice parameters at temperatures TI and T1, respectively and a is

the coefficient of linear thennal expansion (CTE). Although this equation appears to

suggest that lanice expansion is a linear function of temperature, the eTE also varies with

temperature and, for most solids, is not necessarily linear. [n the case of TiC, a cao be

calculated with an accuracy of± 70/0 from the following equation:[:!521

a =5.710xl0-4 + 2J48xlO-7T + 7.236xlO-12 T2 (6.3)

•
The lattice parameter values obtained for TiC by applying these equations are given

in Table 6.3 and are in agreement with the present results. In the case of the Ti-60/oAI-4% V

alloy, thennal expansion coefficients have been tabulated in the literature up to 1426°C, and

are given in Table 6.4.[253
1 Ploning the lanice pararneter data as a function of the

temperature in the range of lOOO°C and 1350°C (Fig. 6.25), the thennal expansion



coefficients (tangents along the curve) for the ~ phase of the Ti-6%AI-4%V were

calculated, as given in Table 6.4. There appears to be good agreement with the values

obtained for the eTE of the ~ phase of Ti-6%AI-4%V as compared to those reported for
this aIloy. [2531

• Chapter 6 Processing by Sintering -------------- 115

•

•

Table 6.3 - Comparison of Lattice Parameter Values for TiC

Temperature Experimental Lanice Literature Lattiee
Parameter of TiC Parameter of TiC

(OC) (A) (A)

1000 4.3553 4.3557
1050 4.3584 4.3582
1100 4.3609 4.3607
1150 4.3635 4.3633
1200 4.3661 4.3659
1250 4.3688 4.3686
1300 4.3717 4.3714
1350 4.3745 4.3742

Table 6.4 - Coefficients ofThennal Expansion for Ti-6% AI-4°iQV

Temperature (K) Literature Experimental
a x 10" (1<"1)12531 a x 10"' (1<"1)

1255 8.54-10.99 -
1263 - 9.8

1273 - 10.0

1323 - 10.9
1366 9.88-12.39 -
1373 - 1l.8
1400 - 12.4

1423 - 12.7

1473 - 13.6
1477 13.99 -
1523 - 14.5

1573 - 15.4

1588 15.63 -
1600 - 15.9
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measurement.

The 13-transus temperature of Ti-6%AI-4~/oV has been found to vary between 955°C

to 101 O°C, depending on the alloy composition and interstitial impurities, particularly

oxygen content, as depicted in Figure 6.26.1:!54.!551 For the Ti-6%AI-4%V prealloyed powder

that was vacuum sintered, the intensity of the diffraction peaks obtained from the neutron

scattering studies was analyzed to obtain the volume fractions of a and ~ in the temperature

range of990°c to 1350°c. The General StnlCtllre Ana(vsis System (GSAS) program from

A/omie Energy afCanada Limiled (Chalk River Laboratories, Ontario) was used to process

and analyze the diffraction data to give the structural parameters of the a and 13 phases.

Volume fraction analysis was performed by detennining the integrated intensity of ail the

diffraction peaks corresponding to both a and Ji. The volume fraction of a is then the ratio

of the total integrated intensity for a to that for a and~. From the plot of a volume

fraction as a function oftemperature, Figure 6.27, the J3-transus temperature for the P/tvl Ti

6%)AI-4%V alloy appears to he 101 7°C. Using Figure 6.26 from the literature, the oxygen

content corresponding to this J3-transus temperature for the P/M sintered Ti..6% AI-4% V

alloy would be approximately 0.28 wt.%. Typically. the oxygen content in wrought Ti

6% AI-4%V can vary between 0.08 wt.% to approximately 0.2 wt.O/Q.[25~1 However, the

oxygen content in titanium-based P/M products is usually specified to be 0.3 wt.%

maximum.[2561 In PIM processing, the oxygen content of the final product depends on the

composition of the starting powder material and on the furnace environment used during

consolidating. In the present work, the oxygen content in the as-received titanium alloy

powder was 0.24 wt.% (Table 4.1). Attrition milling for 15 minutes removed the



accumulated oxide layer and the oxygen content of the powder was analyzed to he

0.19 wt.%, prior to elevated temperature consolidation. The increase in oxygen from this

level to approximately 0.3 wt.% is then attributed to the reaction of the Ti-6%AI-4%V alloy
with residual oxygen present in the vacuum environment during sintering.125bl
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To investigate the nature of the interfacial reaction between the matrix and

reinforcement phases, consolidation of the TiCp reinforced Ti..6% AI-4O/oV composites was

studied in situ at elevated temperatures on a neutron powder diffractometer. This was

perfonned by monitoring the changes in the TiC and ~-titanium neutron diffraction patterns

in the titanium..based composite material with consolidation time at a particular sintering

temperature. Figure 6.28 illustrates the evolution in the neutron diffraction pattern of the

two phase constituents at a sintering temperature of Il oooe after sintering for 20 hours.
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The main evolution in the diffraction pattern appears to be the graduaI reduction in

the intensity of the TiC diffraction peaks. With the progression of sintering, the emergence

of two distinctive peaks at higher scattering angles was clearly evident near the original

(311) and (331) TiC peaks. As changes in the lattice parameter values are reflected more

easily at higher scattering angles, the appearance and growth of these new peaks suggests

the fonnation of a new phase(s), which, in this case, would be the interfacial reaction

product(s). Additionally, the Mean scattering angle of the (Ill) peak of Tie was observed

to shift to slightly higher angles and increase in width with increasing holding time at

temperature. This shift is explained by the growth of a neighboring peak that cannot be

resolved. Moreover, increasing the temperature to 1300°C resuIted in a similar evolution of

the neutron diffraction pattern with holding time for the composites. as shown in

Figure 6.29.
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At higher sintering temperatures, the appearance and growth of these new peaks at the

higher scattering angle occurs more rapidly. This supports the suggestion that the

appearance of these new peaks is a result of sintering. That is. higher sintering

temperatures have resulted in considerable reaction of the TiC reinforcement phase with the

Ti-6% AI-4% V matrix, as evidenced by the previous observations of carbon loss trom the

TiC particles, enhanced consolidation and coarsening of the TiC particle. Thus. the

increased growth kinetics of these news peaks is not unusual if they occur directly on

account of sintering.

The maximum temperature attainable for the sintering fumace tàcilities attached to

the neutron powder diffractometer was 1350°C. Hence, the composites sintered at 1500°C

were analyzed in the neutron diffractometer by re-heating above the ~-transus temperature

of the Ti-6% AI-4% V alloy to characterize the various phase constituents of the composites.

The reason for acquiring the diffraction pattern in the single-phase beta region (Le.

1100°C), as opposed to room temperature analysis, is to eliminate the hexagonal closed

packed (hcp) alpha-titanium peaks, which wouId considerably increase the difficulty of

analyzing the spectra. lnterfacial reaction rates between the titanium alloy matrix and TiC

partic1es at IIOOoe have been observed to be quite slow, as illustrated in Figure 6.28.

Thus, re-heating to a temperature slightly above the beta transus and holding for 20 minutes

to obtain the diffraction pattern had very little influence on the as-sintered condition of the

composites.

The diffraction pattern of the composites sintered at 1500°C for ~, 1.2 or 4 hours did

not reveal the appearance of a peak doublet at the higher angles, as illustrated in

Figure 6.30. Since 10wer temperature sintering revealed the appearance of new peaks after



prolonged holding times, it is possible that the TiC particles in the ~-Ti-6~~AI-4% V matrix

remain unreacted after 4 hours of sintering at 1500aC. However, the lattice parameter

calculated for the reinforcement phase did not correspond to that of TiC. Hence, sintering

at ISOOaC results in rapid transfonnation (i.e. within Y2 hour) of the TiC reinforcement

particles due to extensive carbon loss during sintering at 1500aC.
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Figure 6.29 Variation in the diffraction peaks of the TiC and ~-titanium phases for the 20

vol.% TiCp reinforced Ti-6%AI-4%JV composite. (Unlabeled peaks are the ~

phase of the Ti-6%AI-4%V alloy.)
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Figure 6.30 Diffraction pattern of the TiC and p-titanium phases tor the 20 vol.% TiCp

reinforced Ti-6%AI-4% V composite sintered at 1500ee for ~, 1~ 2 or 4

hours holding and reheated to 1100°C for analysis by neutron diffraction.

(The peaks labeled p represent the beta phase of the Ti-6°,loAI-4%V alloy.)

To calculate the lattice parameter for identification of the various phases_ the

scattering angle of the diffraction peaks was measured. From these measurements of the

di ffraction peak angles, the dhi! values were calculated using Bragg's law (where the

wavelength of the neutron beam, À., was 1.5008 A). For each phase, the lanice spacing of

each plane, a, was then detennined from the dhk/ values from the equation for cubic crystal

symmetry. These measured values of a were ploned against cos.!e to obtain the tnle value

of the lanice parameter, ao, by extrapolating to 28::: 180° (i.e. correcting for errors in

diffraction angle measurements). This technique is described in Appendix III.

•

Interaction of the Ti-6%AI-4% V matrix with the TiC particles during elevated

temperature consolidation appears to occur through lanice and/or grain boundary diffusion

as detennined from the previous investigation of the sintering mechanism. Considering the

diffusivities of the various elements in p-titanium, carbon being an interstitial element has

been found to diffuse faster than the other metallic elements, as illustrated in Figure 6.31.

However, whereas interstitial elements, such as carbon, nitrogen and oxygen_ can diffuse

several orders of magnitude faster than many metaIs, the diffusivity of interstitial atoms in

a- or p-titanium is ooly one to two orders of magnitude larger than the self-diffusivity of

titanium.{250J ln fact, substantially higher activation energies for the diffusion of interstitials

in titanium, as compared to those in other metals, suggests the fonnation of strong covalent-



like bonds between these interstitial atoms and the host titanium atoms.l1Sol Hence it is

possible that the reaction zone in the TiC particles can be generated either by the diffusion

of carbon from the reinforcement phase or by the diffusion of titanium into the particles~ or

by a combination ofboth.
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Figure 6.31 Temperature dependence of self and impurity diffusivities in a- and ~

titanium. Reproduced using available data summarized in the review by H.

Nakajima and M. Koiwa.l2501
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Thus, isothennal reaction of TiC \Vith Ti-6% AI-4%V is expected to result initially in

an increase in the carbon concentration of the matrix until saturation of the p-Ti-6%Al

4%V occurs (- 0.2 wt.% for carbon in ~-titanium). Generally, a change in composition

within a single-phase region of an equilibrium phase diagram produces a change in the

lanice parameter (calculated from the scattering angle) of that phase. Hence for the p-Ti

6%AI-4%V phase, a change in composition can be resolved by monitoring the shift in the



positions of the neutron diffraction peaks of this phase. A downward shift in the positions

of the neutron diffraction peaks for the ~-Ti-6%AI-4%V matrix phase was observed with

increasing hold time at temperature. For isothermal temperatures in the range of Il oooe to

1350°C, the change in the lattice parameter of the ~-Ti-6%AI_4%V phase with holding time

was calculated for the composites as illustrated in Figures 6.32 to 6.37. There appears to be

an increase in the lattice parameter of the ~-Ti-6%AI_4% V phase with hold time regardless

of the sintering temperatures. Since the addition of interstitial atoms is always

accompanied by an increase in the unit cell volume, for the cubic system, the lanice

parameter must increase. [238) In the case of non-cubic systems, one lattice parameter may

increase and the other may decrease, as long as these changes result in an overall increase in

the unit cell volume. For hcp a-titanium, the lattice parameters for both the a- and c-axes

have been found to increase linearly with increasing carbon content.(257\
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Figures 6.32 to 6.34 indicate that at lower temperatures the lattice parameter values

are initially close to that obtained for unreinforced Ti-6%AI-4%V (Table 6.2). These initial

lanice parameter values (i.e. intercept values in the regression equations found in Figs. 6.32

to 6.34) then increase with holding time and appear to level off asymptotically. This

increase in the lanice parameter with holding time at the isothennal sintering temperatures

appears to suggest carbon dissolution into the ~-Ti-6%AI-4%V matrix. As the maximum

solubility of carbon in pure-titanium is approximately 0.2 wt.% (Fig. 2.2), the signiticance

of the lanice parameter value leveling off with prolonged holding time at the various

temperatures is presumably due to carbon saturation ofP-Ti-6% AI-4%V.

At higher consolidation temperatures (Figs. 6.35 to 6.37), the initial lanice parameter

measured for the ~-matrix phase (i.e. intercept value from the regression equations tound in

Figs. 6.35 to 6.37) deviates from that measured for unreintorced Ti-6% AI-4% V (Table 6.2).

As with low temperature sintering, there is an increase in these initial lattice parameter

values with holding time, although this increase diminishes with increasing temperature.

The increase in the initial lanice parameter value of the p-matrix phase for consolidation of

the composites at the higher temperatures is most probably due to enhanced diffusion,

which promotes rapid carbon dissolution into the ~-Ti-6%AI-4% V matrix. Moreover, for

the composites consolidated at 13000e and 1350°C.. it is possible that substantial carbon

diffusion occurs during heating to the isothermal sintering temperature. Typically, the

maximum heating rate.. 25°C·min-', was utilized; however, it appears that carbon diffusion

occurs rather rapidly in this high temperature region. The 'carbon saturated' lattice

parameter values for the p-Ti-6%AI-4%V matrix phase in the composites are compared to

those calculated for the unreinforced Ti-6%Al-4% V alloy at the various isothennal

temperatures (Table 6.5).
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Table 6.5 - Lanice Parameter Values for Ti-6%AI-4%)V with and without carbon

Temperature Lattice Parameter (A)
(OC) Ti-6%Al-4%V alloy Ti-6%Al-4% V matrix with carbon

1100 3.3043 3.3097

1150 3.3055 3.3103

1200 3.3081 3.3134

1250 3.3098 3.3143

1300 3.3123 3.3174

1350 3.3184 3.3236

Besides carbon diffusion in Ti-6%AI-40/0V, reaction of the ~-matrix with TiC

generates an interfacial phase as evidenced by the appearance of distinct peaks in the

neutron diffraction panerns. Fonnation and growth of the intertàcial phase would then

necessitate a decrease in the amount of the reacting phases, namely ~-Ti-60/0AI-4% V and

TiC. The intensity of the diffraction panern of a particular phase in a mixture of phases

depends on its amount in the mixture. However. the relation between diffraction intensity

and concentration is not generally linear and must be corrected for ail geometric and sample

dependent tàctors such as absorption, texture, temperature. etc.. The total corrected

integrated intensity was calculated for each phase using Gaussian distribution functions

(Appendix IV and V). For Ti-6%AI-4% V, the plots of total integrated intensity with

holding time at the various isothennal sintering temperatures (Figs. 6.38 to 6.43) reveal a

decrease in the intensity with increasing time.

[n Figures 6.38 to 6.43, it is observed that the integrated intensity of the ~-Ti-60/oAI

40/0V matrix phase was consistently the lowest for the 20 vol.% TiC reinforced composites.

Additionally, there was a progressive increase in the integrated intensity of the p-Ti-6% AI

40/0V phase with decreasing TiC volume fraction. This increase is inherently related to the

higher proportion of the Ti-6%AI-4%V matrix phase in the composites containing lower

volume fractions of TiC particles. This relative comparison remains true if the neutron

count time is roughly the same tor ail materials tested onder a particular sintering condition.

ln addition, t'Or a particular sintering temperature, the mass and density of the starting

compact specimens of the various composites must be approximately similar. The plot of

green density as a function of TiC volume fraction, Figure 6.3. indicated that for every 5

vol.% increase in TiC there is a 10/0 increase in the relative density. Considering that this

change in the green density is relatively small. the integrated intensity of the p-Ti-60/oAI

40/oV phase is expected to be the greatest in the 5 vol.% TiC composite as compared to the



10 vol.% TiC and 20 vol.% TiC composites. Alternatively, this effect can also be observed

by monitoring the integrated intensity of the TiC phase in the various composite materials,

as illustrated in Figures 6.44 to 6.49. That is, for a particular isothennal sintering

temperature, the integrated intensity of the TiC phase in the 20 vol.% TiC composite is

approximately twice as high as that of the 10 vol.% composites~ with the latter in turn being

approximately twice as high as the 5 vol.% TiC composite. A similar decrease in the

integrated intensity with holding time was observed for the TiC phase. This decrease~ then.

appears to suggest a decrease in the quantity ofTiC with sintering time.
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[n the analysis of integrated intensity as a function of holding time for the two

reacting phases~ it was observed that there is a general decrease in the quantity of both the

~-Ti-60/0AI-4%V and TiC. Previous work on these composites has suggested that reaction

of these two phases leads to the fonnation of a non-stoichiometric interface phase having a

composition of TiC, , where x ranges between 0.5 and 1. Fonnation of such a non

stoichiometric phase would then be indicated by broadening of the TiC diffraction peaks.

especially those located at the high scanering angles. However, as observed in Figures

6.28b and 6.29b, the present neutron diffraction data, that is, the (331) and (311) diffraction

peaks of TiC, suggest the fonnation of a distinct intertàcial phase having a tixed

stoichiometry and a crystal structure similar to that of TiC. namely tàce-centered cubic.

Moreover the lanice parameter of the TiC phase was found to remain constant with holding

time for each isothennal sintering temperature. These neutron diffraction observations are

consistent with the FEGSEM work in which the annular boundary layer around the TiC

particles was observed to have a tixed composition regardless of the temperature.

The lanice parameter of the interfacial phase was measured tor each isothennal

sintering temperature, as shown in Figure 6.50. By fitting a polynomial regression function

to the experimental data ploned in Figure 6.50, the room temperature lanice parameter

value for the interfacial phase was detennined by extrapolation to be 4.296 A ± 0.001 Â.

Also a room temperature diffraction pattern was acquired for the 20 \'01.0/0 TiC composite

processed at 1500°C for 1 hour to directly measure the lanice parameter value of the

interfacial phase under ambient conditions. A Reitveld regression analysis using the

General Stnlcture Ana(vsis System program was perfonned on the diffraction pattern and

the fractional occupancy of carbon in the TiC lattice was varied. A room temperature

lattice parameter value for the interfacial phase was detennined to be 4.290 A ± 0.001 A
with a fractional occupancy of carbon of 0.45 ± 0.04. It has been suggested by Goretzkillli]

that carbon occupies ordered positions in a supercell with twice the lattice parameter of the

basic TiC face centered cubic cell. For simplicity we have assumed a tàce centered cubic

structure with random occupancy of the carbon atoms.
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The lanice parameter values obtained suggest a stoichiometry of Ti::!C as shown in

Figure 6.51.[25702591 As noted earlier, there has been much uncertainty regarding the

existence and stability of stoichiometric Ti::!C. However the present work appears to

suggest that stoichiometric Ti2C exists and is a stable phase. In the TEM work of Konitzer

and Loretto,l"oJ electron energy loss spectra (EELS) of the interface between the Ti-6%AI

4% V matrix and TiC reinforcement revealed an interfacial product having a carbon content

of33 at.% (i.e. Ti:C ratio of2) and a lattice parameter of 4.278 Â. Due to the limitations of

the EELS technique, Konitzer and Loretto were unable to detect the presence of carbon in

solid solution in the Ti-6%A1-40/0V matrix and establish whether the chemical composition

of the entire interfacial region was 33 at.%.lllOl The present neutron diffraction work

coupled with Figure 6.51 indicates that the interfacial reaction product is Ti2C and that there

is carbon diffusion into the Ti-6%AI-4%V matrix that leads to an increase in the lanice

parameter of the J3 phase at the various sintering temperatures in the range of 1100°C to

1350°C, as shown in Figures 6.32 to 6.37.
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The discrepancy in the nature of the interfacial region between the observations of
previous investigators[1b.~6-!l9.110-1111 (a non-stoichiometric TiC, interface) and the present

work (fonnation of stoichiometric Ti~C) may be explained by the difficulty in discerning

TizC using x-ray diffraction. In Table 6.6 the room temperature x-ray scanering angles of

the (331) diffraction planes of TiC and TizC are calculated for CuKa radiation.

Considering the equal co-existence ofboth phases, it is expected that within a 10 range, tour

(331) x-ray diffraction peaks would he superimposed, two corresponding to TiC and two to

TizC. Of these, it is observed that the (331) TiC x·ray diffraction peaks from the CuKal

and CuKa2 radiation are relatively close together in the diffraction pattern, such that these

are unlikely to appear as separate peaks. For Ti2C there is a similar closeness in the (331)

diffraction scattering angles calculated for the CuKa 1 and CuKa2 radiation. effectively

superimposing these peaks. Thus, during the fonnation of the TizC phase in the TiC/Ti

6%AI-4%V system at temperatures above the beta-transus. initially the x-ray diffraction

pattern is likely to reveal a broad (331) TiC peak corresponding to the superimposed peaks

of CuKa1 and CuKa2 radiation. With the fonnation of Ti2C, the x-ray diffraction pattern

would reveal the emergence and growth of another broad peak corresponding to that of the

(331) diffraction plane of the Ti!C interface. However, due to the proximity of the (331)

peaks of TiC and Ti2C, their superposition is likely to appear as though the original (331)

TiC peak broadens with consolidation and shifts preferentially to higher scattering angles



(i.e. the (331) peak of Ti2C occurs at a slightly higher scattering angle as compared to that
ofTiC). ft is not surprising that previous work{26.So-S9.11O-121j on the interfacial reaction region

May have concluded that a non-stoichiometric annulus of TiC, forms between the

stoichiometric TiC particles and Ti-60/oAI-4% V matrix. In this work the enhanced

resolution achieved using neutron diffractometry has enabled the clear distinction between

the (331) ditlTaction peak of TiC and that ofTi2C.
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Table 6.6 ... Calculated Scattering Angles for the 331 Planes ofTiC and Ti2C

in X-ray Diffraction using a Copper Wavelengili Source

___~~_~~t!~~gAngl~J~~l____ ._ - ..

Phase Room Temperature 1100°C

TiC (Cukal) 102.07 100.70

TiC (Cuka2) 102.42 101.04

Ti;!C (Cukal) 102.79 101.54

Ti2C (Cuka2) 103.14 101.89

The evolution of the Ti2C interfacial product was monitored using the (331)

diffraction planes of TiC before and after reaction with the matrix. Wbereas. with

increasing consolidation temperature and hold time the integrated intensity of both TiC and

Ti-6% AI-4%V decreased (Figs. 6.38 to 6.43 and Figs.6.44 to 6.49, respectively), it \Vas

observed that the integrated intensity of Ti2C increased, as shown in Figures 6.52 to 6.57.

The reaction of TiC with Ti-6%AI-4°1QV to form Ti2C essentially begins in the contact

region between the matrix and ceramic reinforcement. With increasing holding lime the

intensity of the Ti2C interface increases, suggesting the graduai transtormation of TiC to

Ti2C. The complete transformation of TiC to Ti2C was evidenced in Figure 6.30 which

revealed that, within an Y2 hour of sintering the composites at 1500°C, only tv/o phases are

apparent, ~-Ti-60/oAI-4% V and Ti!C. Thus, for the composites sintered at 1500°C, this

substantiates the FEGSEM resuIts that revealed a constant carbon concentration across the

reinforcement particle, as weil as the EPMA results which indicated a carbon concentration

of 10-12 wt.% (i.e. corresponding to Ti2C) for the reinforcement phase.

Quantitative volume fraction analysis for Ti2C was performed to detennine the

transformation kinetics of the interfacial reaction region with holding time at the various

isothermal ternperatures. Variation in the interface volume fraction with holding time is

plotted for the various isothennal sintering ternperatures, as shown in Figures 6.58 to 6.63.
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Figure 6.54 Change in the integrated intensity of the Ti1C phase with increasing holding

time for the Ti-6%AI-4%V composites sintered al 1200°C.
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for the Ti-60/0AI-40/0V composites sintered at 1300°C.
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Essentially, the interfacial reaction kinetics may be characterized by fitting the Ti;!C

transfonnation results given in Figures 6.58 to 6.63 using the Avrami expression for the

transformation rate ofnucleation and growth mechanisms:[25IJ
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(6.4)

•

•

where Vf is the volume fraction of Ti;!C transfonned, k is a rate constant which involves the

nucleation and growth rates of the interface, t is the time and n is an exponent dependent on

time dependencies of the nucleation and growth rates of the intertàce as weIl as the

dimensionality of the grO\vth front. Fitting the curves in Figures 6.58 to 6.63 using

equation 6.4, the time exponent was detennined for the various materials sintered at

temperatures in the range of IIOOoe to 1350°C as given in Table 6.7.

Table 6.7 - Time Exponent Values Determined for Growth of the Ti;!C Intertàce

TiC Volume Time Exponent (n)
1

Fraction

1
(%) Iloooe 1150°C 12000 e 1250°C 1300°C 1350°C

5 3.15 3.19 2.97 3.18 3.07 i 2.88 !
1

3.13 3.21 3.11 3.22 3.16 1 2.94
1

10 i 1

20 3.43 3.62 3.06 3.48 3.28 3.71 i

[n general, the time exponent was detennined to fall between 2.9 to 3.7. This is

consistent with Avrarni's proposai that, for a constant rate of nucleation and for three

dimensional growth, the time exponent is predicted to be 4, while with site saturated

nucleation the value for n falls to 3. In two dimensional growth, the value for the time

eXPQnent ranges between 2 and 3.

Moreover, for the composite system, growth of the Ti2C interface occurs by

diffusional transport, which is a thennally activated process. As such it can be represented

by an Arrhenius rate equation of the type:
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t =A exp(k)
tr tr RT

(6.5)

•

wbere t is the time, Q is the activation energy, T is the temperature and R is gas constant.

The subscript tr has been added to signify the volume fraction ofTi;!C transfonned and was

kept constant for each composite system. Specifically, tor the 5 vol.% TiC reintorced

composite the time for transfonning 3 vol.% Ti;!C was chosen for each temperature (i.e. t~).

whilst for the 10 vol.% and 20 vol.% TiC composites the time for transfonning 6 and

8 vol.% Ti2C, respectively, was selected for each temperature (i.e. tf> and t~). Thus in

equation 6.5 the constant A is dependent on the material composition and microstructure. as

weil as the transformation volume fraction (tr) selected.

Figure 6.64 is a plot of logarithmic time for transtormation as an inverse function of

temperature tor the composite materials containing 5. 10 and 20 vol.% TiC. The activation

energy is detennined from the slope of this Arrhenius plot as fol1ows:

Q=S Rave
(6.6)

•

where R is the gas constant and has a value of 8.314 J-mol-'K- '. The values tor the

activation energy were determined to be 302 kJ·mol- ' for the 5 vol.% TiCp reinforced

composite and 310 kJ·mol- ' for bath the 10 and 20 vol.% TiCp reinforced composite.

Although diffusion data for carbon in ~-Ti·6%AI-4%V are lacking, much cao be

speculated by considering the diffusion of carbon in ~-titanium and TiC. Ta fonn the

intertàcial phase either carbon cao diffuse from the TiC panicles to the ~-Ti·6%AI4%V

matrix or titanium cao diffuse from the Ti-6%AI-4%V alloy into the reinforcement phase.

From the literature dataPSOI the activation energy for diffiJsion of carbon in ~-titanium bas

been detennined to be approximately 100 kJ·mol- J
• The activation energy for self diffusion

of titanium in the ~ phase was reponed to be 250 kJ.mol- 'Y51.~bOJ As carbon appears to be

the faster diffusing element of the two, initial formation of the intertàce is likely ta occur by

carbon diffusion to the matrix. This is evidenced by the increase in lanice parameter of

beta phase with holding lime al the sintering temperature, as discussed previously.



12

With the fonnation of the Ti1C interfacial phase, two possibilities can occur:

(1) carbon diffuses from the TiC reinforcement particles, through the reaction zone and

moves towards the matrix phase or (2) titanium diffuses from the Ti-6%AI-4~/oV matrix,

through the reaction zone and moves towards the reinforcement phase. The work of

Sarian1261-1631 on the tracer diffusion of carbon and titanium in titanium carbide substrates of

various compositions has indicated that carbon has a greater mobility than the titanium

atoms. As such the activation energy for diffusion of carbon in TiC was reported to he

approximately 330 kJ·mol-1 for all TiC, (0.5 ~ x ~ 1) compositions[262-265] whereas that tûr

titanium was roughly 739 kJ·mol- I .[161) Hence the activation energy for growth of the

intertàce is likely ta be controlled by transport of carbon from the TiC reinforcing phase

through the Ti1C intertàce to the titanium alloy matrix. The activation energy values

obtained in the present work are slightly below that given in the literature for carbon

diffusion in TiC substrates. Hence, it appears that growth of the Ti2C intertàce is most

likely occurring by transport of carbon from the TiC reinforcement particle thraugh the

growing interface phase and to the Ti-6% AI-4% V alloy.

7
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• 10 vol.% TiC

• 20 vol.% TiC
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reinforced Ti-6%AI-4%V composites.
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6.5.1 Hardness Testing

The microhardness values of the TiC particles and the Ti-6%AI-4~/oV matrix in the

composites sintered under the various processing conditions were measured. Figures 6.65a

and 6.65b respectively give the Vickers microhardness for the reintbrcement and matrix

phases in the composites consolidated for 4 hours at temperatures in the range of 1100 to

1500°C. For the composites consolidated at 1100°C, the microhardness values of the

reinforcement phase were found to be comparable to the microhardness of the as-received

TiC particles. the latter of which is indicated by the upper and lower grey lines in

Figure 6.65a. In general, the microhardness of the reinforcement phase was found to

decrease with increasing sintering temperature and increase with increasing TiC volume

fraction. In this work, increasing the isothennal sintering temperature has been shown to

result in rapid fonnation and growth of the interfacial TizC phase due to enhanced diffusion

of carbon from the TiC reinforcement particles to the Ti-6% AI-4% V matrix. This loss of

carbon from the TiC particles is retlected in the microhardness values. The small etlect of

increasing the reinforcement volume fraction on the rnicrohardness values may be due to

slightly lower carbon losses from each TiC particle to attain maximum carbon solid

solubility of the titanium alloy matrix (i.e. Figs. 6.32 to 6.37).

With increasing temperature and TiC volume fraction, the microhardness of the

matrix increased slightly, as illustrated in Figure 6.65b. With retèrence to the neutron

diffraction data, at 11 oooe the lattice parameter of the J3-Ti-6% AI-4%V matrix after 4 hours

of holding is approximately 3.3061 A (i.e. using the equation in Fig. 6.32), approximately

0.002 A higher than that obtained for the unreintorced alloy at the same temperature (as

tabulated in Table 6.5). Further increases in the holding lime al this temperature increase

the J3-Ti-6~tOAI-4% V lanice parameter, thereby suggesting that the matrix has yet to achieve

carbon saturation. At 1300°C, the neutron diffraction data indicate that the lattice

parameter of the ~-Ti-6%AI-4%V matrix increases only slightly with holding time and that

the curves reach an asymptotic lattice parameter value of 3.3174 A after holding tor

approximately 3 hours (i.e. Fig. 6.36). This appears to suggest that for sintering

temperatures above 1300°C the ~-rnatrix in these composites rapidly reaches the maximum

carbon solid solution solubility lirnit of approximately 0.2 wt.% carbon (e.g. Ti-TiC phase

diagram in Fig. 2.2). Accordingly, the microhardness values of the Ti-6%AI-4% V matrix

in the composites sintered at 1300°C and 1500°C are similar and higher than those obtained

for the composites sintered at 1100°C.
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The microhardness results for the reinforcement and matrix phases appear to indicate

that, although high temperature sintering improves the sinterability of the titanium alloy

composites, carbon diffusion from the TiC particles would reduce the effectiveness of TiC

as a strengthening phase. AIso, the dissolution of carbon in the Ti-6%AI-4% V, as

contirmed through the microhardness and lanice parameter measurements, couId lead to

embrittlement of the matrix and correspondingly the composite.
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To rationalize this decrease in the microhardness of the reinforcement phase \Vith

decreasing carbon concentration in the TiC particles, the strengili of the Metal to carbon

covalent bond in the carbide must be considered. [n general, when the carbon concentration

in the TiC decreases, there is an increase in the number of carbon vacancies and the

electronic structure changes.l:!b61 The presence of empty carbon lattice sites leads to the

tonnation of di fferent bonds that are not present in stoichiometric TiC. The strength of the

bond between the titanium and carbon atoms is reduced as bonding begins to occur between

second nearest titanium neighbors across the vacancy sitesYb6-1b7 1 Hence bond-strength

related properties such as hardness. wear resistance, and strength are likely to be affected by

the carbon loss tram the TiC particles occurring during elevated temperature sintering.

The bulk hardness of these composites was evaluated using the Rockwell K hardness

test. Figure 6.66 illustrates the variation in the hardness with increasing sintering

temperature and TiC volume fraction. The hardness of the unreinforced matrix and TiC

reinforced composites increased with temperature due to decreasing porosity. For the

composites sintered at 1100°C, an increase in hardness was observed \Vith increasing TiC

volume fraction. At the higher sintering temperatures (1300°C and 1500°C), the greatest

increase in hardness occurred for the tirst 5 vol.% TiC addition. Subsequent increases in

the TiC volume fraction were observed to result in a small increase or even a decrease in

the hardness. [n general, the incorporation of TiC particles in the Ti-6% AI-4% V matrix

was observed to improve the relative density in the composites sintered at 1100°C tor 4

hours (Fig. 6.5), thereby contributing to the successive increase in hardness obtained with

increasing TiC volume fraction. However, increases in the relative density of the

composites after four hours holding at 1300°C (or 1500°C) were negligible with increasing

TiC volume fraction. In fact there is evidence that at four hours holding de-sintering oecurs

at the elevated temperatures and there is substantial microstructural coarsening.

Nonetheless, the presence of the TiC reinforcement particles was observed to reduce

microstructural coarsening of the matrix (Fig. 6.15). However, at the higher temperatures,

rapid reaction of the TiC reinforcement with the Ti-6%Al-4% V matrix occurs and forros

Ti1C at the interface, as discussed previously. Moreover, for sintering at 1500°C, the entire

reinforcement particle has transformed to Ti:!C and considerable particle growth is observed



(Fig. 6.15). As such, the increment in hardness from 1300°C to 1500°C is not as great as

that from II OO°C to 1300°C for a1l TiC volume fractions. Regardless, the above mentioned

arguments (density, carbon loss and microstructure) suggest that strength improvement

should occur with increasing TiC volume fraction for the composites sintered at 1300°C

and 1500°C. The leveling in the hardness values observed may then be a result of poorer

bonding in the composites with increasing TiC volume fraction. Inherently, with increasing

TiC volume fraction, agglomeration of the particles occurred (Fig. 6.15). Il is possible that

this clustering of TiC particles tends towards poorer bonding (as ceramic to ceramic

bonding would necessitate higher temperatures for densification) and Iimits further

increases in hardness. These results are consistent with previous work on the sintering of

TiC particulate reinforced titanium composites in which the highest increase in hardness

was detennined for additions of 2.5 % TiC and no further increase in the hardness was
observed with increasing TiC content.[S91
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Having calibrated the shear punch test for composite materials, the mechanical

properties of the titanium alloy composites sintered at the various processing conditions

were evaluated. Figure 6.67 shows the variation in the yield and tensile strength of the

various titanium·based materials with increasing sintt:ring temperature. For ail

temperatures, the yield (0.1 % proof stress) and tensile strengths for the composites were

superior to those of the unreinforced aHoy. For the composites sintered at 1100°C, the

strength properties are poor due to inadequate bonding between the powder particles during

low temperature processing. Increasing the sintering temperature was tound to improve

both the yield and tensile strengili of the composites. Nonetheless the increase in strength

properties from 1300°C to 1500°C is not as great as that from Il oooe to 13000 e tor aH TiC

volume fractions. This may be an effect of microstructural coarsening and transtormation

of the reinforcement partic1es from TiC to Ti~e in the composites sintered at 1500ae.

Additionally tor aIl sintering temperatures. large increases in the yjeld and tensile strengths

occurred for the first 5 vol.% TiC addition and subsequent increases in the reintorcement

volume fraction resulted only in marginal further increases. similar to the trend discussed

previously in the hardness results.

Figure 6.68 shows the variation in the percent elongation with processing temperature

tor the various composites. The titanium aHoy processed at Il OO°C exhibited the lowest

ductility and there was a progressive rise in the total elongation with increasing sintering

temperature. For the composites, the increase in ductility with increasing sintering

temperature was not as marked especially at the higher TiC volume fractions. Moreover.

tor aH sintering temperatures, the ductility was tound to faIl rapidly with increasing TiC

volume fraction. This can be related to the influence of density, reinforcement

transtonnation and coarsening, microstructura1 coarsening of the matrix and matrix·

reinforcement bonding (as weIl as the reinforcement-reinforcement bonding in the regjons

of clustering). Essentially at I100ae, successive increases in the TiC volume fraction

improve the density and due to the lower sintering temperature microstructural coarsening

and reinforcement transfonnation are minimal. Hence the main reason for the low ductility

values is likely due to the poor matrix-reinforcement bonding. At 1300°C, better matrix

reinforcement bonding is combined with limited particle coarsening and transfonnation.

As such the elongation values are higher for the composites containing up to 10 vol.% TiC

particles. For the 20 vol.% TiC reinforced composite, the ductility at 1300°C is similar to

that 1100°C and may be an effect of TiC agglomeration. At 1500°C, albeit the higher

density, tittle improvement in the ductility is observed for the composites because of

microstructural coarsening as weIl as particle transfonnation to Ti2C.
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As compared to wrought Ti..6%AI-4%V aIloy, the strength properties obtained tor

these PIM composites processed by sintering alone appear to be inferior on account of

either residual porosity from processing at low temperatures or microstructural degradation

at higher consolidation temperatures. Hence removal of residual pores by processing to

complete densification at low temperatures has considerable potential in improving the

strength properties of the titanium alloy and the TiC reinforced composites.

6.5.3 Fractography

Scanning electron micrographs taken from the tensile fracture surface of the titanium

based composites are shown in Figure 6.69. Irrespective of the TiC volume fraction, the

fracture surface of the composite consisted of regions of both cleavage and dimpled

fracture. That is, brittle fracture appears to occur within the TiC phase as evidenced by

cracking of the reinforcement particles whereas the matrix fails in a ductile manner.

Additionally, it appears that the cracks in the TiC phase tend to traverse through the

porosity within the particles (Fig. 6.69b). Lastly, it seems most noteworthy that fracture

has occurred within the TiC particulates in conjunction with dimpled ductile fracture of the



titanium alloy matrix. For failure to occur by both cleavage and dimples, sufficient

bonding at the interface must exist to accomplish load transfer from the matrix to the TiC

particles.[)23.1171 Therefore, cracking of TiC is indicative of bond transfer.
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Figure 6.69 Scanning electron micrographs taken using secondary electron imaging of

the fracture surface of TiCp reinforced Ti-6%AI-4%V composites tested to

tensile failure at room temperature.
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CHAPTER 7

PROCESSING BfHOT DEFORMATION

ln the previous chapter it was shown that, during elevated ternperature processing, a

reaction occurs between the TiC particles and the Ti-6%AI-4% V matrix. tonning Ti~C at

the intertàce. Fabrication of the titanium-based composites by sintering alone indicated that

high ternperatures (> 1500°C) and long rimes (> 4 hours) were necessary to achieve near

complete densification. However, at ternperatures above 1300°C, the rapid intertàcial

reaction results in extensive carbon loss from the reinforcement particles and the tonnation of

a thick interfacial layer of Ti1C. Specifically, the interfacial reactivity resulted in

transformation of the TiC reinforcement to Ti:!C either locally, at the intertàce, or in its

entirety, depending on the processing conditions. ln addition, microstnlctural investigation

of these composites has indicated that substantial microstructural coarsening of the lamellar a.

and ~ phase morphology results with increasing sintering temperature. Moreover, mechanical

propeny assessment of the as-sintered composites has indicated that both the strength and

ductility are inferior in comparison to those achievable for this material that was processed by

hot isostatic pressing (Table 2.6 in the literature review).

From the neutron diffraction work on the sintered composites, it appears that low

temperature processing would be beneficial in controlling the intertàcial reaction.

However, it is envisioned that full densification at these lower ternperatures will he

achievable only though the aid of sorne hot working method. This chapter focuses on the

defonnation response (i.e. uniaxial frictionless compression testing) during PQwder

processing of the titanium matrix composites reinforced with up to 20 vol.% TiC particles.
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Compacts of the composites, containing up to 20 vol.% of TiC, were fabricated

using the powder metallurgy technique of powder blending and cold pressing, as described

in the experimental procedure. The green compacts of the various Ti-6~/oAI-4%V/TiCp

mixtures were roughly Il mm in diameter and 6 mm in height, giving a height-to-diameter

ratio of 0.8. The green density of these compacts was found in the previous chapter to

range from approximately 620/0 to 67%, depending on the TiC volume fraction (Fig. 6.3).

The compacted specimens were then defonned at temperatures ranging from 850°C

to 1200°C using a constant strain rate between 5 x 10'" to 5 x 10-2
S-I up to a total strain of

0.3, 0.5 and 0.8. As detbnnation at temperatures lower than 850°C or at strain rates higher

than 5 x 10-2
S·I led to substantial surtàce cracking in the specimens. the hot working

conditions could be examined to these liroits ooly. After defonnation, the densities of the

defonned materials were detennined by the Archimedes' method and image analysis.

Unlike the sintered composites, the densities detennined by both techniques tor the

detbnned composites gave similar values. This is likely due to the lower deformation

temperatures and processing times utilized during hot working that considerably reduced

the degree of oxidation, thereby decreasing the size of the porous surtàce oxide layer

(Fig. 7.1 as compared to Fig. 6.6).

Figure 7.1 Optical micrograph of a typicaI surface region produced from hot defonnation

processing of the titanium-based composites.



Figure 7.2 illustrates the effect oftemperature and total strain on densification of the

composites containing up to 20 vol.% TiCp' The curves indicate that the temperatures for

near complete densification (> 900/0) are substantially lower than for sintering alone (i.e.

1000°C versus 1500°C). In general, it was observed that the influence of strain rate, within

the range of5 x 10""' to 5 X 10-:! sol, on densification of the specimens \Vas negligible.
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Figure 7.2 Density as a function of the defonnation temperature and total strain.

7.2 Deformation Behavior

To detennine the flow behavior of the titanium-based materials, the densification

response described by the curves in Figure 7.2 can be modeled as a function of the applied

strain. The best-fit polynomial regression is of the fonn

p = Ae; + Be.. + C (7.1 )

•
where p is the relative density, e;l is the applied strain and A, B, and C are constants that

depend on the defonnation tenlperature and TiC volume fraction. The values for these are

given in Table 7.1 for the various curves shown in Figure 7.2 as weil as other intennediate

temperatures investigated. Having detennined the dependence of density on applied strain

through equation 7.1, the defonnation strain in the porous materials (ed) can be calculated



by accounting for the densification strain by combining equations 2.9 and 2.12 from the

literature review to give the following:• Chapter 7 Processing hy Hot Deformation 158

(7.2)

where Vr is the reinforcement volume fraction. For relative densities less than 0.9, the

stress-intensification correlation developed by Shima and Oyane, equation 2.16, provided

the most suitable correction to the flow component of the deformation behaviorY'l)! The

stress in the porous material (O'p) is then related to the measured stress (O'm) by the

following:

(7.3)

•
At relative densities greater than 0.9, the random pore distribution relation tormulated by

Coblel:!141 (equation 2.(3) was used to correct the tlow component of the defonnation

behavior as follows:

(7.4)

•

Using equations 7.2 to 7.4, the compression stress-strain behavior of the

unreintorced alloy and the composites was detennined, as illustrated in Figures 7.3 to 7.10.

For the conditions investigated, a maximum applied strain of 0.8 was imparted during

compression testing to the titanium-based materials. From equation 7.2, the defonnation

strain (ed) stored in the consolidating compact was ca1culated from the applied strain data of

the compression test. The pre-multiplying factor tor ea in equation 7.2 accounts tor the

changing density with increasing applied strain. Hence, the density factor removes the

component of strain that is imparted to the parous compact tor consolidation.

Consequently, the true strain stored in the material is lower than the applied strain once the

consolidation strain is removed. The tenn (1-Vr) in equation 7.2 corrects for the presence

of undefonning TiC particles. This factor increases the deformation strain stored in the

composites on the basis that rigid particles constrain the plastic flow of the matrix. Thus.

the true strain in the matrix (the x-axis in the curves of Figs. 7.3 to 7.(0) is tound to be

lowest for Ti-6%Al4% V and increases with increasing TiC volume fraction. The true

strain values for the matrix are observed to decrease slightly with decreasing defonnation

ternperature on account of the slower rernoval ofporosity (Fig. 7.2) at these temperatures.



•
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Table 7.1 - Values for the Constants A., 8 and C in Equation 7.1

Temperature (OC) Material A B C
Ti6A14V -20.636 36.263 62.003
- - --'-~'---"-- ---- - ---~ - -~---~--~- .-~~ _.. - ._--- -- ,.

850 Ti6AI4V-IO%TiC -14.526 29.454 64.188
~-~-----~_. . .._--_._-- .-.. _------ .. -- - ._- -~,.-- ._. ~---

Ti6A14V-20°,/0TiC -7.942 22.098 1 66.511

Ti6AI4V -21.131 43.33 62.009
1-~-- . ----- ~-~- - - . _. _.,.- ---- ----- - .-

900 Ti6A14V-10%TiC -15.251 36.554 64.221

1

-. --'.._- . ---- ------ --,--,..-"-

Ti6AI4V-20% TiC -8.719 29.023 66.623

Ti6A14V l -28.080 57.521 62.015

1950 Ti~~!:!_Y-l_Q~TiC .. ___ -22.929 50.878 64.297
- -'---

Ti6A14V-20% TiC -17.522 43.467 66.842
1

Ti6AI4V -39.591

f

72.998 62.031
- -,,-- --' -

1000 Ti6AI4V-10%TiC -34.647 66.357 64.347- -_.-

rTi6AI4V-20% TiC -28.738 58.604 66.944

Ti6AI4V -45.459 79.235

1

62.034
. - .._-

1050 Ti6AI4V-10%TiC
!

-40.388 72.447 64.387

Ti6A14V-20% TiC 1 -34.534 64.757 66.968

Ti6AI4V -57.162 90.434 62.044

1100 Ti6AI4V-10%TiC -50.674

1

82.424 64.445
. - _.---------'. ------- --- -- -

Ti6A14V-20% TiC -43.639 73.784 67.005

Ti6A14V -63.418

f
96.205

1

62.049
1

__o. _, --

!
- ~ 1

Ti6AI4V-1 O°,faTiC -58.003 89.021 1 64.5021150 - ---- - -_ .._.- - -'.. -

\

j

Ti6AI4V-20% TiC -52.379 81.596 67.016 !

Ti6A14V 1 -68.686 101.540

1

62.059 1

- ..- -"--- '". . ~-_. ------- -- ,--- .. -_. - -- 1

1200 Ti6AI4V-10%TiC -62.637 93.628 64.597 1

1

1

_.__._-- ----

iTi6AI4V-:20°/0TiC -56.083 85.308 i 67.111
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•

Variation in the flow stress with increasing strain for the titanium-based materials

(Figs. 7.3 to 7.10) is observed to consist of three regions. The initial stage appears to be

typified by a continuously decreasing rate of increase in stress with strain (i.e. the slope of

the curve diminishes with strain). This suggests that the material is experiencing strain

hardening through the removal of porosity - defonnation becomes more difficult as the

material densifies. As shown in Figure 7.2, consolidation occurs with increasing strain. At

low defonnation temperatures, the porosity remains high even after a strain 0.8. For an

equivalent strain value, increases in temperature lead to a decrease in porosity and near

complete density is obtained by deforming at 1200°C to a strain of 0.8. The incremental

removal of porosity leads to an increase in stress (strain hardening) in the solid material. A

steady state region follows during which the stress remains constant with strain. The

constancy in stress in this region cao be explained on the basis of a balance between



competitive processes of strain hardening and stress recovery. Porosity reduction leads to

an increase in stress and the solid materiai strain hardens. However. the removal of

porosity (i.e. replacement of higher energy solid...vapor interfaces with lower energy solid

solid boundaries) is accompanied by a reduction in the internaI stress of the consolidating

system (as discussed in the literature review). A balance between the strain hardening and

stress recovery then accounts for the appearance of a steady state region. Finally there is a

continuai increase in tlow stress with increasing strain. This is due partly to the fact that

the nearly fully dense material continues to strain harden further with plastic tlow; however

the stress recovery, trom sphericai pores isolated within the grain structure of the matrix. is

slower (as discussed in the literature review). Aiso during defonnation in compression. as

the materiai spreads over the compression anvils to increase its diameter, frictional forces

oppose the outward flow of metal (i.e. even using boron nitride powder and mica sheets tor

lubrication does not attain a completely frictionless condition between the specimen and

anvils). This frictional resistance occurs in the region of the specimen in contact with the

compression anvils, while the material at the specimen mid-height can flow outward

undisturbed. This leads to a barreling of the original cylindrical specimen profile. and

intemallya region of undefonned materiai tonns near the anvil surtàces. As these zones

approach and overlap. an increase in the stress occurs for a given increment of defonnation

strain and the tlow curve begins to bend upward.

•

•
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The tlow stresses of the titanium-based materials were tound to decrease with

increasing defonnation temperature. This is primarily due to the role of thennally activated

dislocation movement as weil as increased recovery with increasing temperature. Referring

to the general fonn of the constitutive equation and the expression tor high temperature

tlow strength calculation[~681. when the temperature changes the stress can be defined by:

. (- Qd .)e =A sinh(aC!)" exp RTe'

Rearranging tor the tlow stress gives:

(7.5)

where cr is the flow stress, & is the strain rate, R is the gas constant~ and A~ n'and a are

nearly constant for a given material, but are likely to change slightly with temperature.•
sinh -[ (X)

C!= ,
a

1

EexP(i~) "
where X =

A
(7.6)
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The above relationship

indicates that the flow stress

will increase smoothly in

response to decreasing

temperature, provided that the

microstructure does not change

(Fig. 7.11). Thus a deviation

from this behavior can be

related to a microstructural

change.

169

100 ~
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Figure 7.11 Expected stress·temperature relationship.

For the Ti·6%Al4%V based materials.. a discontinuity in the tlow stress behavior is

expected at the beta transfonnation temperature (101 7°C trom Fig. 6.27). below which

alpha fonns exponentially with temperature in the following manner:[:t1~1

• V - 09'- _ -O.0085(Tp - T) 1.
l' - • -, {1 e 1
Il

(7.7)

•

where Vt~1. is the volume fraction of a at a certain absolute temperature. T [K] and Tp is the

beta transus temperature of the Ti-6%AI-4%V alloy (1290 K).

In the literature, defonnation in the ~ phase region has been tound to have a low

temperature dependence whilst tor the cr phase there is a strong dependence of temperature

on the tlow stress, as shown in Figure 7.12.[5:!.:!701 For the titanium-based materials

examined in this work.. the effect of ternperature on the tlow stress for various strain rates

was exarnined in greater detail by plotting the stress at 0.2 strain. trom Figures 7.3 to 7.10.

as a function of defonnation temperature (Fig. 7.13). The stress-temperature data at each

strain rate were fitted with two exponential regressions, one below the ~ transus and one

above the transfonnation temperature, to account tor the microstructural change at 101 7°C.

Plastic defonnation of the materials was observed to be relatively insensitive to the hot

working temperature above the p transus and iocreasingly difficult below the J3 transus.

contributiog to the rnuch higher flow stress at the lower deformation temperatures. as

shown in Figure 7.13. Also, just below the ptransus temperature the iocrease in tlow stress

is Dot as rnarked as at temperatures weil ioto the two-phase region. This is because the cr

phase has a much greater temperature dependence of the flow stress than the f3 phase.

Moreover, with the cr phase transtonnïng from the f3 phase in an exponential manner (i.e.



equation 7.7), it rapidly becomes a continuous phase in the Ti-6%AI-4% V matrix and

begins to dominate the characteristics of flow. Thus, even defonnation in the a+~ phase

region shows a strong tlow stress-temperature relationship, particularly when a is the major

phase constituent (Fig. 7.12-7.13). For temperatures at which ~ becomes the continuous

phase. the flow stress retlects the character of this phase rather than the isolated a phase.

which then has been suggested to behave similar to rigid particles in a soft ~ matrix.[2""OI

Additionally, Malcor and Montheillet have found that an initiallamellar microstructure has

a greater flow stress dependence on temperature tor both a and ~ phases as compared to an

initial equiaxed structure as depicted in Figure 7.12bY70]
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A noticeable feature in the curves of Figure 7.13 is that the tlow stress at 850°C is

consistently below the respective regression curves most likely due to incomplete

densification at these processing conditions. Comparing the tlow stress-temperature

behavior during powder metallurgy working of the Ti-6%AI-4~/oV alloy (which was

lamellar in microstructure prior to defonnation) with that of the wrought titanium alloy

from the literature (Fig. 12b) indicates that the tlow stresses in this work are consistently

lower tor ail the processing conditions investigated. This occurrence possibly stems trom a

lower resistance to detonnation for porous Ti·6~~AI-4%V alloy as compared to that of the

solid alloy. Microscopically, in a porous material. at the void regions in the matrix. the

local stress (under an applied load) would be greater. Due to this stress concentration at the

pores. the material will begin to yield locally even though the applied load may he

insufficient to cause plastic defonnation in the solid matrix.

Besides the temperature dependence of the tlow stress. a progressive rise in the tlow

stress was aIso observed with increasing TiC volume fraction. as illustrated in Figures 7.3

to 7.10. The reasons for the latter may be explained in two ways: (1) After densification.

due to the di fferential thennal expansion coefficient between the reintorcing particles and

the matrix (roughly 2 x 10-0 °C-I), a high dislocation density is generated around the TiC

particles, which increases the tlow stress during subsequent working; (2) The rise in tlow

stress must be related also to the constraint to plastic defonnation of the matrix alloy

caused by the presence of a large volume fraction of rigid (i.e. undetonning) TiC particles.

Analysis of the effect of strain rate from Figures 7.3 to 7.10 indicates that there is a

progressive rise in the flow stress of the matrix alloy and the composites when the strain

rate is increased for ail defonnation temperatures tested. Using the infonnation ftom the

stress-strain curves, the strain rate dependence of the flow stress at a strain of 0.2 was

modeled using the creep power law fonn of the constitutive equation tor hot·defonnation

conditions as proposed by Sellars and Tegart (equation 7.5):[1681
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(7.8)

•

•

The stress exponent, n', is the slope of constant temperature points on a plot of log É

versus log 0'. The creep power law fonnulation of the constitutive equation cao also be

used to detennine the strain rate sensitivity, m, of the material. The inverse of the stress

exponent gives m (i.e. m is the slope of constant temperature points on a plot of log (j

versus log É). On the plots of log 0' versus log É (Fig. 7.14), the slope. m. was calculated

by a Ieast squares regression of each isothennalline. The average values of n'and m tor

the matrix alloy and composites are summarized in Table 7.2 tor temperature ranges above

and below the beta transus.

Previous work(51.nU-271 1on these materials indicates that the log É versus log (j plot is

not linear over a wider range of strain rates or at strain rates higher than 0.5 S·I. In this case.

equation 7.5 has been used to obtain the stress exponent, whiIe the strain rate sensitivity

was detennined using the creep power law fonn (equation 7.8).l5Z.~-:-11 However. tor the

present work, the creep power law relationship appears to hold over the strain rate range

tested (Fig. 7.14).

The values found in the literature for the strain rate sensitivity and the stress

exponent are indicated in Table 7.3. Overal1, there appears to be good agreement between

the present work and previous results. For the titanium-based materials, the stress exponent

increased with increasing TiC volume fraction, thereby suggesting a lower strain rate

sensitivity of the composites (i.e. the sensitivity to changes in temperature and strain rate

decreases). This is consistent with the work of Johnson et al. in their findings of a lower

strain rate sensitivity tor composites as compared to the unreinforced matrix.f I6ô
] However.

the strain rate sensitivity values in their work are considerably higher than those of other

investigators as indicated in Table 7.3.(52.17
0-

271 1 In the work of Malcor and Montheillet.[l~f}.

Z7
1l the initial microstructure was also found to have an intluence on the stress exponent and

strain rate sensitivity of the titanium alloy. The greatest influence of the initial lamellar

structure appears to be a larger scatter in the strain rate sensitivity values as compared to

the equiaxed structure.
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Figure 7.14 Isothennal plots of log a versus log i for various defonnation temperatures

above and below the beta transus. For each material, the approximately

paraUel solid or dashed lines are the regression lines.•
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Table 7.2 - Values for the Stress Exponent and Strain Rate Sensitivity

lVlateriai Ternperature Stress exponent Straïn Rate

Range (OC) (n') Sensitivity (m)

Ti-6%Al-4%V 850-1017 4.55 0.22
r---._--~- .--... _--_. ---'--- _.- ---

(lamellar) 1017-1200 4.85 0.21

Ti-6%Al-4%V/10%TiC 850-1017 4.84 0.21
_.. ,._. __._--~-------- - . --_..._-----"

1017-1200 5.12 0.19

Ti-6%AI-4%V/20%TiC 850-1017 5.03 0.20
---_.~~~------- -~ .,.- .. - .----- _.,_. ---- -

1017-1200 5.43 0.18

Table 7.3 - Literature Values tor the Stress Exponent and Strain Rate Sensitivity

175

•
Material Ternperature Stress exponent Strain Rate

Range (OC) (n') Sensitivity (m)

Ti-6%AI-4% V 850-950 3.70..4.37 0.09-0.23
(lamellar)1271

J

1

Ti-6% AI-4% V 850-950 4.58-5.20 1 0.12-0.20
-- - --' ____ o. .~ __ •__ • ----- t

{equiaxed)12711 970.. 1120 3.83-4.58 0.14-0.21

Ti-6%AI-4%Vfl661 950 - 0.4-0.6

Ti-6%AI-4%V/20%TiCII661 950 - 0.2..0.5

Using the creep power law relationship (equation 7.8), the temperature dependence

of flow stress at a strain of 0.2 was also modeled by plotting log cr versus liT to obtain the

activation energy. Figure 7.15 shows the relationship between log cr versus I/T tor

temperatures above and below the beta transus. Least squares regression lines were fitted

to the constant È; data to detennine the average slope, S3~" of each material both above and

below the beta transus temperature. From the linear relationships, activation energies tor

each material in the two phase a+~ region (850°C to 1017°C) and in the single phase ~

field (1017°C to 1200°C) were obtained, as indicated in Table 7.4, using the following

relationship:

(7.9)

• where R is 8.314 J·mol-I·K-' and n' depends on the temperature range and material as

indicated in Table 7.2.
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based composites deformed above and belo~· the beta transus temperature.



• Chapter 7 Processing by Hot Deformation

Table 7.4 - Values for the Activation Energy
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Material Temperature Activation Energy Activation Energy

Range Present work Literature
oC kJ·mol- ' kJ-mol-1

Ti-60/oAI-40/0V (1amellar) 850-1017 668 600_720[271-2731
-~ f--- ------------,. .-. ---

1017-1200 190 150_250[211-273J

Ti-6%Al-4%VII 0%TiC 850-1017 704 -
~-------~--~ ---~-'------

- __o. ____'.

1017-1200 209 -
Ti-6%Al-4%V1200/0TiC 850-1017 732 -

>.-.••.•-------- ----- - .•... _.. _-----_ ... - .. - ----- ---- --

1017-1200 231 -

Although for pure metals the apparent activation energy of flow has frequently be.:n

observed to be close to that for self diffusion. defonnation in two phase materials has

indicated the contrary, with activation energies usually much higher or much lower than

that for self diffusion.(272-27JI Dyment calculated the activation energy for self diffusion in

pure titanium in the alpha phase to be 169 kJ.mol-1Y7~1 With respect to self-diffusion in the

beta phase of pure titanium, Murdock et al. l25
1.1bOi calculated a value of 250 kJ.mol- ' while

Reca et al[27~] obtained 152 kJ-mol>'_ [n the present work, the activation energy in the beta

phase region of the titanium alloy was deterrnined to be 190 kJ-mol-' for temperatures

between 1050°C and 1200°C. For this alloy, the activation energy for detorrnation in the J3

phase was reported by Briottet et al. to he 180 kJ·mol-1 for an initial lamellar

microstructure, while Malcor and Montheillet reported a value of 150 kJ·mol- ' tor an initial

equiaxed structure.[271-272] The activation energy obtained in this work for defonnation at

temperatures above the beta transus (190 kJ-mol-') thus falls within the range (152

250 kJ-mol- ' ) expected for Ti-6%AI-4%V having an initiallamellar structure (Table 7.4)_

Previous work on this alloy has also shown that the activation energy for

defonnation in the (l+J3 phase region can be substantially higher than that of the individual

phases, due to the influence of the transformation of a with temperature (which 100 to

scatter in the data below the beta transus temperature in Fig_ 7.15)Y721 Briottet et al.

developed a model to calculate the activation energy of the (l phase since Ti·6~/oAI-4%V

does not exhibit a single phase (l region at low temperaturesY72 1 An activation energy of

220 kJ-mol-1 for the a phase was calculated in their work.(2721 Bryant in his review of Ti..

60/oAI-4%V assembled the available data on the alloy and performed an analysis in tenns of

the Zener-Hollomon parameter.[21J1 He found an activation energy of 355 kJ-mol-1 for



defonnation in the two phase region at low temperatures (700°C).[:!731 This value is

considerably greater than the activation energies of the alpha or beta phase counterparts.

Moreover, at temperatures in the range of 7500 e to just below the beta transus, Bryant

reported a value of 720 kJ·mol- ' while that in work of Malcor and Montheillet was between

600-630 kJ·mol- ' Y!7l·1731 Additionally, Braga et al.[1751 detennined an activation energy of

588 kJ·mol- ' for isothennal compression of Ti-6% AI-4%V at temperatures ranging from

soooe to 950°C. These experimental observations support the activation energy value

(668 kJ·mol· l
) obtained in this work for the temperature range of850°C to looooe.
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ln the single phase beta region of Ti-6%AI-4%V, the c10seness in the values of the

activation energy for defonnation with that for self diffusion of titanium suggests sorne

similarity in the defonnation characteristics of the fonner with the BCC phase in pure

titanium. Although the stacking fault energy values have not been detennined for the BeC

beta phase oftitanium, generally such a crystal structure leads to high stacking fault energy

values because of the ease with which cross-slip and climb can occur in such materialsY:'6]

As such, dynamic recovery should occur in the beta phase, but has been difficult to prove

because during rapid cooling the beta phase transtbnns to martensitic alpha and eliminates

the detonnation substructure. However, Sheppard and Norley found through their hot

torsion work that the torque-twist behavior of Ti-6%AI-4~/oV in the single-phase beta

region was indicative ofa dynamic recovery detbnnation process.127/)1

ln the basal planes of the HCP alpha phase of pure titanium, the reported stacking

fault energy value of 300 MJ.m-1 suggests that titanium cao be characterized as a high

stacking fault energy metal in which dynamic recovery can occur in the alpha phasep':'ol

Although the influence of aluminium and vanadium on the stacking tàult energy values has

not been studied to the author's knowledge, the fonnation of a two phase region suggests

that a ditTerent defonnation mechanism May be possible. In the two phase (a+~) region,

activation energies considerably greater than those for self-diffusion indicate that

defonnation is more difficult below the beta transus. Moreover, the high activation energy

in the a+~ region has led severa! authors(2i4-275) to suggest that dynamic recrystallization is

occurring during hot defonnation. The hot torsion work of Sheppard and Norley coupled

with their microstructural results has indicated that both dynamic recovery and dynamic

recrystallization occur in Ti-6%AI-4% V during defonnation in the two-phase region.[:!761

Finally, there was an increase in the activation energy of defonnation with

increasing TiC volume fraction for regions both above and below the beta transus

temperature of the Ti-6%AI-4%V alloy. This may be attributed to an increase in

dislocation density occurring in the composite materials.
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Besides enhanced densification, defonnation processing can control the

microstructure and therefore properties by means of the defonnation temperature, strain

and strain rate. The influence of the defonnation temperature on the matrix alloy

microstructure is shown in Figure 7.16. Defonnation at temperatures above 1017°C occurs

in the single-phase ~ region and below 1017°C in the two-phase (a+~) region. Above the

beta transus, transfonnation of the defonned beta grains upon slow cooling produces Ct.

having a lamellar morphology, as observed in Figure 7.16 for temperatures of 10S0°C and

greater. The effect of defonnation temperature for hot working above the beta transus

appears to be negligible.

The alternative microstructure for this alloy is the equiaxed structure, which can

only be fonned by work hardening the lamellar structure (plastically defonning below the

beta transus) followed by recrystallization. As shown in Figure 7.16, defonnation in the

two phase (a+~) region can produce not only a refinement in the structure, but also a

change in the microstructural features depending on the hot working temperature. These

microstructural changes observed during processing below the beta transus cao be related

to the morphology and the amount of the primary alpha phase. The primary alpha

morphology depends on the extent of working perfonned below the beta transus

temperature and can vary from elongated plates in lightly worked material to equiaxed

grains in heavily worked material. According to equation 7.7, the amount ofprimary alpha

increases exponentially with decreasing defonnation temperature. During isothermaI

defonnation at 1000°C, 9S0°C and 8S0°C, the volume fraction of prirnary alpha in the

microstructure of the Ti-6%AI-4% V alloy consists of approximately 12~/o. 400/0 and 70~/o

alpha" respectively.

Defonning just below the beta transus temperature (1 OOO°C) produced a bimodal

microstructure consisting of Iamellar alpha and what appears to be equiaxed alpha. Hot

working at temperatures below 950°C produced a microstructure consisting of distorted

(wavy) and elongated Iamellar alpha platelets. Moreover, these defonned alpha platelets

were found to break up increasingly with decreasing defonnation temperature, as shown in

Figure 7.17. The bending, distortion, shearing and break up of the lamellar structure is

indicative of work hardening, and heat treatment of these worked microstructures could

lead to recrystallization. The higher degree of distortion at the lower temperatures (i.e.

8S0°C as compared to 950°C) May be due to strain accumulation in view of the decrease in
recovery with temperature.



The fonnation of equiaxed alpha at 1000°C may be due to a higher strain

concentration in the alpha phase in the vicinity of the beta transus temperature as compared

to the lower deformation temperatures. A defonnation strain (eJ of 0.5 on the volume

fraction of primary alpha at 1000°C appears to achieve sufficient working of this phase to

cause it to recrystallization at the defonnation temperature. During slow cooling after

defonnation, the prior beta volume fraction transfonns to lamellar alph~ giving the

bimodal microstructure. At lower temperatures (below 9S0°C), an equivalent defonnation

strain (i.e. O.S) applied to the microstructure is insufficient to cause recrystallization of the

primary alpha phase perhaps due to this strain being distributed over a greater volume

fraction of alpha. Hence the primary lamellar alpha structure is defonned in the working

direction and the prior beta fraction transforms to undefonned lamellar alpha during slow

cooling. Thus, the microstructural differences observed with decreasing detonnation

temperature below the beta transus are a direct consequence of the recrystallization

kinetics, which depend on both the amount of defonnation and the recrystallization time

and temperature. The microstructure at 1000°C, having the higher recrystallization kinetics

(i.e. higher temperature and greater amount of defonnation in the primary alpha), exhibits

regions of equiaxed alpha, while at 9S0°C and 8S0°C, the slower recrystallization kinetics

(i.e. the lower defonnation temperatures and higher volume fraction of primary alpha)

results in mostly a lamellar structure. (A tèw regions of equiaxed primary alpha can he

seen in the microstructure of the specimen detonned at 9S0°C, as shown in Fig. 7.16.)

•

•
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The effect of strain rate on microstructural modification of the Ti-6%AI-4% V alloy

is shown in Figures 7.18 and 7.19 for temperatures above and below the beta transus.

respectively. [n the single-phase beta region, the effect of increasing the strain rate on the

microstructure appears to be negligible. This is supported by the low strain rate sensitivity

of the beta phase as mentioned in the previous section of this chapter. For the range of

strain rates investigated in this work, the strain rate effect in the two phase (a+~) region

appears to he an increase in the distortion of the lamellar structure and a reduction (or

elimination) in the amount of equiaxed primary alpha. Basically with decreasing

defonnation strain rate, the kinetics for recrystallization improve due to the greater time at

temperature. This may promote recrystallization in the regions of highly defonned primary

alpha during defonnation at 9S0°C for lower strain rates (O.OOOS S-I). At the higher strain

rates, substantial deformation of the primary alpha occurs (distorted lamellae). However

due to the insufficient time at temperature the structure does not appear to recrystallize

during hot working.
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• 950°C 8~ooe

Figure 7.16 Optical micrographs of etched Ti-6%AI4%V defonned at a strain rate of
0.0005 S·l to a defonnation strain (eJ of 0.5.
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950°C 850°C

Figure 7.17 SEM photographs showing the effect ofdefonnation temperature on the beta

phase structure for Ti-6%AI-4%V defonned at 0.0005 S·I to a defonnation

strain (eJ of 0.5.

In the composite materials, the presence of TiC particles can lead to

inhomogeneities in the straining of the matrix. During working, the dislocations generated

at the interface between the non-defonnable particles and the defonning matrix can give

rise to the fonnation of zones of relatively high dislocation density. The size and shape of

the defonnation zones are related to reinforcement size and shape, with angular

morphologies (such as the TiC particIes) learling to enhanced dislocation densities in the

region closest to their stress-concentrating corners.!:!33) Also, since the matrix strain around

the rigid particles is accommodated by diffusive plastic relaxation, the size of the

detonnation zone will decrease with increasing defonnation temperature and decreasing

strain rate. In other words, regions in the proximity of the particles lead to relatively high

dislocation densities, which may recrystallize at the defonnation temperature.

AIso, during defonnation of the composites, reaction of the TiC particles with the

Ti-6%AI-4%V matrix initially Ieads to carbon dissolution into the titanium alloy lattice.

Sînce carbon is an alpha stabilizer, the beta transus temperature may increase slightly. [n

the titaniurn-carbon phase diagram, the addition of approximately 0.2 wt.% carbon in

titaniurn appears to increase the beta transus temperature by approximately 40°C, as shown

in Figure 2.2. Assuming a sunilar effeet of carbon in Ti-6°,.foAI-4%V, the beta transus

temperature can be as high as I060°C for the TiC reinforced titanium alloy composites.
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Figure 7.18 Optical micrographs of etched Ti-6%AI-4%V deformed at 1200°C (above

the beta transus temperature) to a detonnation strain (eJ of 0.5 and showing

the effect of increasing strain rate.

0.0005s-1 0.05s-1

•
Figure 7.19 Optical micrographs ofetched Tî-6%AI-4% V defonned at 950°C (below the

beta transus temperature) to a defonnation strain (eJ of 0.5 and showing the

eiTect of increasing strain rate.



Observation of the effect of defonnation temperature on the microstructure of the

10 vol.% and 20 vol.% TiC particle reinforced Ti-60/oAI-40/0V composites is shown in

Figure 7.20 and 7.21, respectively. The incorporation of TiC particles appears to provide

an addition means of modifying the matrix microstructure. At temperatures c1early in the

single-phase beta region (i.e. 1200 oC to 1100°C), the matrix microstructure consists of

lamellar alpha, similar to the unreinforced matrix. However, most of the alpha lamellae are

not in the fonn of colonies in which several alpha platelets have nearly identical

orientations. Lamellar colony fonnation is a result of alpha transtonning from beta by

nucleation and growth along one set of preferred crystallographic planes of the prior heta

grains. It appears that the TiC particles provide an additional interface tor alpha nucleation

sites most likely due to the influence of carbon as an alpha stabilizer. Consequently, the

matrix microstructure for the 10 vol.% TiC composites, as shown in Figure 7.20, is basket

weave like in appearance, suggesting that the alpha phase transtonned along several sets of

preferred crystallographic planes. For the 20 vol.% TiC composites, a further increase in

the number of nucleation sites results in alpha platelets fonning with very linle pretèrred

orientation, as shown in Figure 7.21. Besides this, the overall effect in the presence of TiC

particles is a refinement of the platelet microstructure as compared to the unreintorced alloy

processed under similar defonnation conditions. This occurs because the TiC particles

restrict the growth of the alpha platelets as discussed previously in the microstructural

results for sintering.

•
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For temperatures close to the beta transus of the unreinforced titanium alloy (i.e.

10 17°C), the microstructure consists of equiaxed and platelet alpha morphologies. In the

case of the 10 vol.% TiC reinforced composites, the matrix microstructure tor material

defonned at IOSO°C should be similar to that at 1100°C or 1200°C. However, there

appears to be an overall refinement in microstructure at 1OSO°C, as weIl as the presence of

equiaxed alpha as shown in Figure 7.20. The fonnation of equiaxed alpha at 10S0°C cao

be due to an increase in the beta transus temperature (resulting from carbon dissolution in

the matrix) as weil as enhanced dislocation density in the presence of reinforcement

particles. As determined in the neutron diffiaction section of the previous chapter,

interaction between the TiC particIes and the titaniurn alloy initially leads to carbon

dissolution into the Ti-6%AI-4%V lattice until saturation occurs (at which point the Ti;!C

interfacial phase begins to form). This carbon dissolution can occur during heating to the

defonnation temperature. Hence heating of the TiCp reinforced Ti-60/oAI-4%V compact

may dissolve carbon in the titanium alloy lanice, which cao cause an increase in the beta

transus temperature (above 101 7°C). Thus, the complete transformation of primary alpha

to beta at IOSO°C may not occur if the amount of carbon dissolved increases the beta

transus temperature to above the defonnation temperature. Altematively, if the beta transus



temperature prior to the start of defonnation is below the hot working temperature, forced

interaction of the reinforcement and rnatrix phases during compression may cause the

transus temperature to increase as additional carbon dissolves in the titanium alloy lanice,

until saturation occurs. Moreover, saturation of the beta phase occurs at 0.2 wt.% carbon

whereas alpha titanium can dissolve up to 0.4 wt.% carbon. Hence, transfonnation of alpha

to beta during heating May reject sorne carbon into the remaining alpha phase, stabilizing it

further. The persistence of primary alpha during defonnation at 1050°C may cause

recrystallization to occur, especially in the presence ofTiC particles, which can cause strain

inhomogeneities in the matrix and the fonnation of defonnation zones of high dislocation

density. Hence the matrix microstructure of the 10 vol.% TiC composite appears to have

more equiaxed alpha than the unreinforced alloy processed at 1000°C (compare Fig. 7.20

with 7.(6). Also, the platelet alpha morphology of the matrix in the 10 vol.% TiC

composite (Fig. 7.20) is not oriented in the tonn of lamellar colonies, as the matrix of the

unreinforced titanium alloy (Fig. 7.16).

1
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The matrix microstructure tor composites hot worked al 1000°C reveals the

presence of finer equiaxed and platelet alpha morphologies, as shown in Figure 7.20. This

detonnation temperature is below the beta transus even in the absence of carbon dissolution

into the titanium alloy lanice. Hence some primary alpha is present during detormation at

lOOO°C and with carbon dissolution the amount of primary alpha will increase. However.

during heating to this slightly lower defonnation temperature, the amount of carbon

dissolution ioto the titanium alloy lanice will be lower and thus increases in the beta transus

temperature may not be as marked. Nonethe1ess, interaction of the TiC particles and the

matrix during defonnation May lead to sorne increases in the carbon content of the titanium

alloy lanice and the beta transus temperature. As a consequence, it is possible that sorne of

the beta titanium transfonns to alpha titanium during detonnation and results in the refined

equiaxed and platelet structure observed. Previous work on forging of Ti-6%AI-4%.V

indicates that transfonnation of beta to alpha during defonnation produces equiaxed

alpha. [277] The platelet alpha is then just a transformation product of the remaining beta

during slow cooling. The significance ofTiC particles in the fonnation of the platelet alpha

morphology is basically increased nucleation sites that inhibit preferred crystallographic

orientation, thereby preventing colony fonnation. Additionally, the TiC particles restrict

the growth of the alpha plates contributing further to the refinement effect.

For composites containing 20 vol.% TiC reinforcement particles, the matrix

microstructure at 1050°C is similar to that of the 10 vol.% TiC material (compare

Figs.7.21 and 7.20). However, hot working the 20 voI.% TiC composites at IOOO°C

reveals mostly distorted alpha platelets with little equiaxed alpha, as shown in Figure 7.21.



As mentioned previously, since 1000°C is below the beta transus temperature of the

unreinforced alloy, the matrix microstructure consists of mostly beta with sorne primary

alpha. In the presence of TiC particles, the beta transus temperature may increase on

account of carbon dissolution occurring either during heating to the deformation

temperature or during hot working. However, in the presence of a greater carbon source

(i.e. 20 vol.% versus 10 vol.% TiC particles), carbon dissolution during heating is likely to

be greater. As such, the beta transus temperature prior to defonning the 20 vol.% TiC

composite can be higher as weil as the amount of primary alpha. As compared to the 10

vol.% TiC composite, the greater volume fraction of primary alpha in the microstructure of

the 20 vol.% TiC composite may have resulted in lower recrystallization kinetics, giving

the platelet structure in the latter material.
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At temperatures below 950°C, the matrix microstructure of both the 10 vol.% and

20 vol.% TiC reinforced composites show a highly distorted lamellar alpha structure,

similar to that observed tor the unreinforced titanium alloy. Optically. the presence of TiC

panicles appears to have iittle influence on the microstructure of Ti-6°iOAI-4% V matrix.

However, the microhardness values for the titanium alloy, as given in Table 7.5, suggest

that the dislocation density increases in the matrix with increasing TiC volume fraction.

The effect of strain rate on microstructural modification of the matrix in the TiC

reinforced composites is shawn in Figures 7.22 and 7.23 for temperatures above and below

the beta transus temperature, respectively. As for the unreinforced titanium alloy, the

matrix microstructure of the composite appears to be unaffected by an increase in the strain

rate above the beta transus. However, even in the two phase (a+J3) region there appears to

he no change in matrix microstructure of the reinforced composite material. This cao be

attributed to the lower strain rate sensitivity of the composite material as detennined

previously in this chapter and as indicated by the microhardness values given in Table 7.5.

Table 7.5 - Microhardness Values of the Titanium Alloy Matrix

Material
Strain Rate ofo.ooos S-I Strain Rate of0.05 S-I

950°C ! 8S0°C 9S0°C 8S0°C
[kg·mm-2

] [kg·mm·2] [kg·mm-Z
] [kg·mm·z]

Ti-6%AI-4%V 345 396 388 433
-

Ti-6%Al-4%VII 0%TiC 392 429 404 438

Ti-6%Al-4%V120%TiC 428 447 431 449
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950°C 850°C
Optical micrographs of etched 20 vol.% TiCp reinforced Ti-6%A140;oV
defonned at a straio rate of0.0005 S·l to a defonnation straio (eJ of0.5.

Processing by Hot Deformation
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Figure 7.22 Optical micrographs of etched 20 vol.% TiCp reintbrced Ti-6%Al-4% V

defonned at 1200°C (above the beta transus temperature) to a deformation

strain (EJ of 0.5 and showing the effect of increasing strain rate.

0.0005s·'

Figure 7.23 Optical micrographs of etched 20 vol.% TiCp reintbrced Ti-6%AI-4%V

defonned at 950°C (below the beta transus temperature) to a deformation

strain (eJ ofD.S and showing the effect ofincreasing strain rate.
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Similar to the interfacial examination results obtained in the previous chapter, only

low voltage electron microscopy on the Hitachi S-4500 cold field emission gun SEM was

effective in revealing the interfacial phase region in TiC particulate reinforced titanium

composites processed by hot working.

7.4.1 Lo", Voltage Field Emission Gun SEM

Figure 7.24 shows the interfacial region in the composites processed by hot

compression working at a strain rate of 0.0005 S·I to a total applied strain of 0.8 at a

temperature of 1000CC and 1200°C. The thickness of the intertàcial layer appears to

increase slightly with increasing detonnation temperature, being approximately 0.24 flm at

(oooec and 0.31 flm at 1200cC, as depicted in Figure 7.24. Compared to the intertàcial

region fonned in the sintered composites (Fig. 6.(9), the boundary layer formed by

defonnation processing is thinner (approximately 0.5 flm by sintering at 1lOOoe tor 4

hours) yet clearly distinct.

During sintering, void closure as well as the fonnation of the intertàcial region

occurs by diffusion. Hence regions in which the reinforcement and matrix are initially in

contact (trom compaction) begin to react while regions separated by voids will densify

prior to reacting. This results in the tonnation of a diffuse and uneven intertàcial region in

the composites fonned by sintering, as shown in Figure 6.19. [n the case of detonnation

processing, the temperatures and holding times are considerably lower than tor sintering.

thereby decreasing the diffusion kinetics. However. the applied stress at the defonnation

temperature causes rapid closure of the voids by plastic tlow of the matrix phase around the

TiC reintorcement particles. The forced contact of the matrix phase around the

reintorcement particles tonns a unifonn reaction layer on the periphery of the TiC phase. as

shown in Figure 7.24.

Chemical composition analysis for carbon across the intertàcial reaction region was

perfonned on the composites processed by hot working using energy dispersive x-ray

spectroscopy. However, due to the smaller size of the interfacial boundary layer in the

defonned composites, as compared to that formed during sintering, the results from this

investigation gave inconclusive profiles for carbon concentration from the TiC

• reinforcement particles to the titanium alloy matrix phase.
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(a) 1000°C, 0.8 applied strain and 0.0005 S·I

(b) 1200°C, 0.8 applied strain and 0.0005 s·\
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Figure 7.24 Interfacial reaction analysis using Iow voltage imaging on a FEGSEM

equipped with a through.the...lens detector for 20 vol.% TiCp reinforced Ti-

• 6%A14% V composite processed by hot working.
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For the composites processed by hot working, the nature of the interfacial reaction

between the titanium alloy matrix and the TiC reinforcement particles was investigated

using neutron diffractometry. This was perfonned by obtaining the neutron diffraction

pattern for the deformed composite material at a temperature in the single-phase beta

region. Figure 7.25 illustrates the neutron diffraction pattern obtained at II OO°C tor the as

deformed composites processed at a strain rate 0.0005 S·I to an applied strain of 0.8 at

1000°C and 1200°C.
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Figure 7.25 Variation in the diffraction peaks of TiC and ~-titanium phases for the 20

vol.% TiC particulate reinforced Ti-6%Al-4%V composite processed by hot

working to an applied strain of 0.8 at a strain rate of 0.0005 S-I. (Unlabeled

peaks are the pphase of the Ti-6%Al-4%V alloy.)



For the diffraction patterns obtained, the various phases in the as-defonned

composites were identified. Besides ~-titanium and TiC, a small volume fraction of Ti2C

was present in the titanium a110y composites. Comparing the patterns illustrated in Figure

7.25. it appears that the amount of Ti2C in the composite material increases slightly with

defonnation temperature. The volume fraction of Ti2C was detennined to be

approximately 0.90/0, 1.7% and 3.20/0 for the composites processed at 850°C. 1000°C and

12000 e, respectively. This is consistent with the FEGSEM work in which a smaller

reaction layer thickness was observed for composite malenal defonned at 1000°C as

compared to that processed at 1200°C. as illustrated in Figure 7.24.
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Figure 7.26 illustrates the difference in the amount of Ti;:!C present tor composite

matenal processed to a similar density but by different processing techniques (i.e. sintering

versus defonnation processing). Considering that the density of the as-defonned composite

processed at 1000°C to an applied strain of 0.8 is ooly slightly greater than that of material

sintered at 13000 e for 4 hours, the diffraction patterns reveals a considerable difference in

the intensity (or volume fraction) of the Ti;:!C phase. The volume fraction of Ti;:!C for the

composite material sintered at 13000 e for 4 hours is approximately 13.5°/0 (Fig. 6.62),

which is substantially greater than material defonned at 12000 e to an applied strain of 0.8.

The effect of heat treatment at 1100°C on the growth of the Ti;:!C phase in the as

defonned composites processed at 10000e and 12000 e is illustrated in Figures 7.27 and

7.28, respectively. Within eight hours of holding at 1100°C. the composites defonned at

IOOOoe and 1200°C contained nearly 12 vol.% Ti2C and 16 vol.010 Ti2C, respectively. The

faster rate of interfacial formation during heat treatment of the as-deformed composites at

1100°C is most probably due to the higher starting density (i.e. the initial relative density is

67% for sintering at 11000 e as opposed to 940/0 and 99% tor the composites defonned at

1100°C and 1200°C, respectively). The significance of this heat treatment analysis will

depend on the influence of the interfacial phase on the properties of the composites

processed by hot working. Essentially, the thickness of the interfacial reaction region can

be varied by heat treating the as-defonned composite materia!. The interfacial thickness. as

weil as processing conditions. giving the optimal mechanical properties can then be

detennined for the titanium-based composites.
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Figure 7.26 Comparison of the diffraction pattern for the 20 vol.% TiC particulate

reinforced Ti-6%AI-4%V composite processed by sintering at 1300°C for 4

hoUTS with hot working at 10000 e to an applied strain of 0.8 at a strain rate

of 0.0005 S-I. (Unlabeled peaks are the ~ phase of the Ti-6%AI-4%V alloy.)
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Figure 7.27 Variation in the diffraction peaks of TiC and ~-titanium phases with heat

treatrnent of the 20 vol.% TiC particulate reinforced Ti-6% AI-4O/oV

composite processed by hot working at 1000°C to an applied strain of 0.8 at

a strain rate of 0.0005 5-
1
• (Unlabeled peaks are the ~ phase of the Ti-6% AI

4%Valloy.)
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Figure 7.28 Variation in the diffraction peaks of TiC and ~·titanium phases with heat

treatment of the 20 vol.% TiC particulate reinforced Ti-6~tQA14% V

composite processed by hot working al 1200°C to an applied strain of 0.8 at

a strain rate of 0.0005 S·I. (Unlabeled peaks are the ~ phase of the Ti·6%Al

4%Valloy.)
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The tensile properties of the composites processed by hot working were evaluated

using shear punch testing. Figure 7.29 shows the variation in the yield (0.1 % proof stress)

and tensile strengths of the various composites with increasing defonnation temperature.

For ail temperatures, the yield and tensile strengths of the TiC reinforced composites were

superior to those of the unreinforced Ti-6%AI40/oV alloy. Below the ~ transus

temperature, the yield and tensile strengths of aIl materials were found to increase with

increasing defonnation temperature, mostly due to an increase in density. Aiso. the

variation in the ductility with increasing defonnation temperature is plotted in Figure 7.30

for the titanium-based materials. In general, the ductility was found to be lower for the

composites as compared to the unreinforced titanium alloy.

For Ti-6%AI40/0V, Table 7.6 summarizes the relationship between the mechanical

properties obtained and the microstructures observed. In the single-phase ~ region

(temperatures greater than 1017°C), increases in the detormation temperature lead to a

slight increase in the strength and ductility, as indicated in Table 7.6 and Figure 7.29.

Essentially, the microstructure after defonning in the single-phase ~ regjon consisted of

lamellar a plates separated by the ~ phase (Fig. 7.16). The only microstructural change

occurring with increasing deformation temperature is an increase in the density, trom

approximately 96% relative density at 1050°C to 99.50/0 at 1200°C (Fig. 7.2).

Table 7.6 - Room Temperature Properties ofTi-6% AI-4% V alloy

Worked to a Deformation Strain (eJ of 0.5 at a Strain Rate of 0.0005 S-I

Defonnation 0.1% Yield Ultimate Tensile Percent Microstructure
Temperature Strength Strength Elongation

eC) (MPa) (MPa) (%)
Lamellar C

1

850 509 533 6.9 1

22.2% porosity i

950 804 1 852 8.1 Lamellarc
1

1O~'O porosity 1

1000 885 975 10.6 Bimodal
50/0 porosity

1050 843 931 9.1 Lamellar c

3.60/0 porosity 1

1100 852 949 9.3 Lamellar c

12.2% porosity

1200 874 972 9.6 Lamellarc

0.5% porosity
C represents colony appearance of lamellae
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In the two phase (a+~) region, the microstructure after hot working the Ti-60/oAl

40/0V alloy at 8sooe and 950ae consisted ofa deformed lamellar structure. while at looooe

a bimodal structure of equiaxed and lamellar a was observed, as shown in Figure 7.16.

The poor strength and ductility values for the Ti-60/oAl-4%V alloy detormed at 850ae and

9S0oe (Table 7.6) are probably due to the inadequate bonding (low relative density)

between the powder particles during low temperature processing. Deformation at loooae

was found to give the highest strength and ductility in the Ti-6%AI-4~'OV alloy. As

compared with working at IOSO°C, the difference in the relative density for the alloy

processed at 10000 e is approximately 10/0. However, as indicated by Table 7.6. the

properties are noticeably better for the alloy deformed at IOOOee and suggest an intluence

of microstructure.

For the Ti-6%AI-4%V wrought alloy, the general effects of microstructure on the

room temperature mechanical properties are given in Table 2.5. Essentially, the strength

and ductility are higher for an equiaxed microstructure as compared to a lamellar structure.



However, lamellar microstructures have higher fracture toughness resistance, creep

resistance and lower crack propagation resistance, as indicated in Table 2.4. For bimodal

microstructures, the mechanical property values are generally between those of equiaxed

and lamellar structures and are dependent on their volume fraction in L'le microstructure. In

the present work, the bimodal microstructure observed for the Ti-6~/oAI-4%V defonned at

1000°C (Fig. 7.16) had strength and ductility values greater than the Iamellar structure of

the alloy defonned at 1050°C (Table 7.6).
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As compared to the literature values of strength and ductility tor the lamellar

structure (Table 2.7), the properties obtained in this work for the Ti-6%AI-4ll;oV alloy

having a lamellar structure are similar. However, there is a slight reduction in properties

obtained tor the powder metallurgy Ti-6%AI-4%V alloy due to the presence of residual

porosity (0.5% to 4% depending on the defonnation temperature).

The mechanical properties and matrix microstructures of the TiC reinforced Ti

6%AI-4%V composite materials are summarized in Table 7.7. At low temperatures in the

two phase (o.+~) region (i.e. 850°C and 950°C), the matrix microstructure of the

composites was observed to be a highly distorted lamellar alpha structure with considerable

porosity. Similar to the mechanicaI properties of the unreintorced titanium alIoy. the

strength and ductility of the composites deformed at 850°C to 950°C were poor on account

of the low density.

For deformation temperatures high in the single phase beta region (e.g. 1200cC and

1100°C), the matrix microstructure of the 10 vol.% TiC composite consisted of alpha

lamellae having a basketweave appearance (Fig. 7.20). As compared to the unreinforced

alloy, the aspect ratio of the alpha lamellae appears to have decreased for the matrix phase

in the composite. The incorporation of an additional 10 vol.% TiC particles, tor these

detonnation temperatures, appears to randomize the orientation of the alpha lamellae and

decrease the aspect ratio further, as observed for the matrix microstructure of the 20 vol.%

TiC composites (Fig. 7.21). With regard to the mechanical properties. the change in the

lamellar microstructure of the alpha phase from platelets oriented in colonies to the

interleaved or randomly oriented structures may improve the strength and ductility. on

account of the lower aspect ratio of lamellae with increasing TiC volume fraction. The

addition of TiC would increase the strength further at the expense of ductility. Also~ the

decrease in porosity with increasing defonnation temperature would improve the strength

and ductility' It is noteworthy that for a given defonnation temperature, the percent

porosity was similar for all the titanium-based materials. Thus the increase in strength



properties at 1200°C or 1100°C with increasing TiC volume fraction can be attributed to
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Table 7.7 - Room Temperature Properties of the TiC reinforced Ti-6% AI-40/0V

Composites Worked to a Defonnation Strain (eJ of0.5 at a Strain Rate of 0.0005 s"

Defonnation Volume 0.1% Yield Ultimate Percent Microstructure
Temperature Fraction Strength TensiIe Strength Elongation

(OC) TiC (MPa) (MPa) (~Io)

100/0 521 542 1.9 Lamellar
c

1

850
1 21 .60/0 porosity
1 Lamellar l

200/ 0 539 568
1

0.7
21 % porosi ty

1

10% 857 899 2.9 1 Lamellar c

9.80/0 porosity
950

200/0 888 926 1.1
Lamellar{

1
1 9.80/0 porosity 1

100/0
1

951 1028 4.2 Bimodal 8w
-
F

1

4.9% porosity 1

1000
1

Bimodal r 120°10 944 993 2.4
1 i 4.80/0 porosity 1

100/0 919 987
1

3.5 1 Bimodal fiW !

1 3.50/0 porosity 1

1050
1

1 Bimodal R 1

200
/0 957 1032 3.2

1 3.4% porosity 1i j

100/0 871 979 1 3.1
1

Lamellar BW 1

1100
1

2.1 % porosity 1

i Lamellar BW·K 1200/0 905 995 1.9 1 1

2~/0 porosity i

100/0 887 984 1 3.2 Lamellar Bw
i

1
0.5% porosity 1

1200
1

1

Lamellar BW-R 1

200/0 912 999 2.1
1 0.50/0 porosity 1

C represents colony appearance of lameIIae
BW represents basket-weave appearance of IameIIae
R represents random appearance of lamellae
F represents fme sttucture

The composites processed at temperatures close to the beta transus temperature (i.e.

loooec or 1050°C) were observed to give good strength and ductility combinations., as

indicated in Table 7.7. For the composites containing 10 voLo;O TiC, processing below the

transus temperature (1oooec) produced a fine structure of lamellar and equiaxed alpha.

The alpha lamellae, however, were basket-weave like in appearance and not oriented in the



fonn of colonies, as in the case of the unreinforced alloy processed at the same temperature.

This microstructure was observed to have the highest ductility in the composite material.

The lower strength and ductility values for the 10 vol.% TiC composite processed at

10SO°C are then attributed to the coarser microstructure and/or change in the relative

volume fractions ofequiaxed and lamellar alpha.
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For the 20 vol.% TiC composite, the bimodal microstructure after defonning at

1DSO°C appeared to be slightly different from that observed for the material containing 1Ü

vol.% TiC and processed at 10S0°C, in that the lamellar alpha of the bimodal structure was

randomly oriented. This material condition was observed to give the highest strength

properties and good ductility (considering the volume fraction ofreintorcement). The high

strength is most probably due to the presence of equiaxed alpha and/or randomly orientated

alpha lamellae as weil as 20 vo1.% TiC. Altematively, increasing the TiC volume fraction

to 200/0 and the coarser microstructure decreased the ductility in spite of the higher relative

density at lüSO°C, as compared to the 10 vol.% TiC composite processed at IOOO°C.

As compared to the mechanical properties obtained in the literature for TiC particle

reintorced Ti-6%AI-4% V composites (Table 2.6), the strength and ductility values are

slightly lower inevitably due to residual porosity. However. processing the composites al

loooec and 1üSO°C merits further investigation as secondary processing to increase the

density May give an exceptional combination of strength and ductility properties tor the

fine bimodal microstructures. This secondary processing can be a heat treatInent stage or

further defonnation.

Figure 7.31 gives the mechanical properties as a function of heat treatment time at

1100°C for the 20 vol.% TiC composite thal was worked at 1000°C and 1200°C to a

defonnation strain (eJ of 0.5 at a strain rate of 0.0005 S·I (see as-detonned micrograph in

Fig. 7.23). In general, the properties of the composite were tound to degrade with heat

treatment time. As indicated by the Ti1C volume fraction data plotted in Figure 7.31 ~

progressive transfonnation of the TiC reinforcement phase occurs with hold time at

1100°C. Besides grain growth, increase in the Ti1C interfacial layer thickness is probably

the main reason for the degradation in the mechanical properties. As observed in the

sintering section (chapter 6), a reduction in the carbon concentration in the TiC

reinforcement particles was determined to lower the microhardness through what was

reasoned to be a change in the Ti-C bond character. Thus, to remove the residual porosity

il is suggested that full consolidation be achieved by hot defonnation only to minimize the

interfacial boundary layer in the TiC reinforced titaniurn alloy composites and achieve the

optimum mechanical properties.
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Figure 7.31 Mechanical properties after heat treatment at 1100°C of the 20 vol.% TiCp

reinforced Ti-6%AI-4% V composites hot worked to a defonnation strain

(eJ of0.5 at a strain rate of0.0005 S·l at a tcmperature of(a) 1000°C and (b)

1200°C. The volume fraction of the interfacial phase~ Ti!C~ is also plotted.
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CHAPTER 8

DISCUSSION

The results on high temperature processing of TiC particulate reinforced Ti-6°loAI

4%)V composites provide an increased understanding of the influence of the various

consolidation parameters on the evolution ofdensity and pore structure. the modification of

the matrix microstructure and the nature of interaction between the matrix and

reinforcement phases, as weIl as the effect of these on the mechanical properties. Here. the

infonnation from the two processing techniques used will be considered in greater detail to

effectively compare the pressureless sintering and deformation-assisted sintering results

and discuss the knowledge gained from this work.

8.1 Densification Behavior

The densification results from pressureless sintering and detormation-assisted

sintering indicate similar trends for the effect of temperature, hold time and TiC volume

fraction on density (compare Fig. 6.5 with Fig. 7.2). Temperature has a greater influence

on density than hold time (where the applied strain divided by the strain rate gives the hold

time for the defonned material), and an increase in the TiC volume fraction increased the

density slightly (1 to 30/0 increase tor every 5°1<. increase in TiC volume fraction). The main

difference in the consolidation behavior of pressureless sintering as compared to

defonnation-assisted sintering is that to attain a specifie final density, the conditions tor

both the isothermal temperature and hold rime are considerably reduced for the latter

processing technique. For example, to achieve 95% relative density by pressureless



sintering, isothennal holding at 1500°C for 2 hours is necessary! while defonnation at

1100°C to a strain of 0.8 at a strain rate of 0.0005 s·( (approximately 27 minutes) is

sufficient (compare Figs. 6.5 and 7.2). Additionally, to achieve complete densification by

pressureless sintering only may be difficult, as the driving force for the removal of the

residual porosity is small during the final stages of sintering (as explained in the literature

review). Consider, for example, the Ti..6%Al..4%V alloy sintered at 1500°C for tour hours.

From Figure 6.14 it is observed that the morphology of the pores is spherical and the

isolation of sorne pores within the grain boundaries has occurred. At 1500ee. further

densification ofthis material (with spherical and isolated pores) would be slow.
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lt is arguable, however, as to which technique will be most cost efficient, as the lower

equipment related costs for pressureless vacuum sintering may be offset by the higher

processing costs due to the increased temperature and hold time requirements, which may

reduce the overall cost di tTerential. Yet, the choice of processing technique cannot he made

on the basis of cost alone for the titanium..based composites, as indicated by the

microstructural and mechanical property characteristics of the composite material

produced. For identical relative density values, it has been observed that the nature of the

Ti1C interface is improved substantially, as indicated by the mechanical properties tor the

composites processed by detonnation-assisted sintering as compared to those from

pressureless sintering. Moreover, modeling the hot defonnation behavior of the titanium

alloy and composite materials using the creep power law tonn of the constitutive equation

gave values for the stress exponent and activation energy which agreed reasonably weIl

with those of previous investigators, and these values suggest that both dynamic recovery

and dynamic recrystallization can occur in Ti-6%AI-4~'O V during processing in the t\vo

phase (a+~) region. Hence the matrix microstructure and overall mechanical properties

can he taiIored to achieve the conditions necessary tor specifie applications.

Nonetheless, through the pressureless sintering results the primary material transport

mechanism for the TiC..titanium alloy system was detennined to be volume diffusion, Most

likely by a combination of atomic movement through the lattice and along grain

boundaries. Also, the use of this processing technique in conjunction with neutron

dîffractometry provided a fundamental understandîng of the reactivity of Ti-6~/oAI-4% V

with TiC, as will he discussed Iater in the interfacial reaction section. [n addition, these

latter results may be of interest for detennining component lifetime at various service

temperatures for elevated temperature application of the titanium-based composites.
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Pressureless sintering of the composites was investigated onJy at temperatures in the

single phase beta region because appreciable densification begïns to occur above O.6Tm'

For Ti-6%AI-4% V, the melting temperature is approximately 1650°C. Thus~ temperatures

above IOOO°C, which incidentally coïncides with the beta transus of this alloy, are

necessary to activate and maintain material transport for pressureless sintering to progress

within a reasonable time period. As such, microstructural development during pressureless

sintering only constituted modification to the lamellar structure of plate-like alpha

separated by interplate beta. With increasing processing temperature, the lamellar

microstructure of the matrix was found to coarsen as indicated in Figure 6.14 by the

successive increase in the alpha plate width. For a given isothennal sintering temperature~

an increase in the hold time similarly coarsened the lamellar microstructure. However~ the

effect was not as marked as that observed with increasing temperature. The addition of TiC

particles to Ti-6%AI4%V was observed to inhibit coarsening of the lamellar structure, as

indicated by the finer plates of alpha in the composite as compared to the unreinforced

alloy. Overall, the presence of the reinforcement phase appeared to have a homogenizing

effect on the lamellar microstructure of the matrix~ with the incorporation of 20 vol.% TiC

giving a similar alpha plate size regardless of the processing conditions investigated.

The use of defonnation-assisted processing achieved appreciable densification at

lower processing temperatures, however the physical limitation to decreasing the

temperature below 850°C or increasing the strain rate above 5 x 10-2
S'l was due to cracking

or crumbling of the green compacts during compression testing. Microstructural

modification by defonnation was greater than that by pressureless sintering, because hot

working at temperatures in the single phase beta region achieved a lamellar structure, while

in the two phase (a.+~) region combinations of lamellar and equiaxed structures fonned.

Deformation processing of Ti...6%AI-4%V at temperatures above the beta transus

( 101 7°C) achieved a lamellar microstructure similar to that obtained by pressureless

sintering with the difference of higher densities (fewer and smaller pores) and finer alpha

plate width for the hot worked material. In the a+~ phase region, defonning just below the

transus ( IOOO°C) produced a bimodal microstructure, while lower detormation

temperatures produced a microstructure consisting of distorted (wavy) and elongated

lamellar alpha platelets. The presence of equiaxed and lamellar alpha at a defonnation

temperature just slightly below the beta transus was reasoned to fonn due to the greater

recrystallization kinetics (higher temperature and greater working of a smail volume

fraction ofalpha), as compared to that possible by defonning al lower temperatures.



The presence of the TiC particles were also found to intluence the beta transus

temperature ofTi-6%AI-4%V through carbon dissolution during heating to the deformation

temperature, as well as during defonning at the isothennal temperature. The effect of an

increase in the beta transus temperature was evidently most pronounced tor the composites

defonned at IOSOcC and IOOO°C. that is slightly above :md below the transus temperature

of the alloy (lOI 7°C). For composites containing 10 vol.% TiC, the microstructure tormed

by defonnation at IOSO°C and IOOO°C was bimodal as shown in Figure 7.20. As compared

to the unreinforced alloy, the 10 vol.% TiC composites deformed at IOSO°C were observed

to contain a higher fraction of equiaxed alpha and randomly oriented lamellar alpha plates.

At 1000°C, this TiC volume fraction achieved the most refined equiaxed and lamellar alpha

structures (approximately S Ilm equiaxed grain size as compared to a 10 Ilm equiaxed grain

size for 10 vol.% TiC composite detbnned at 10SOCC and 12 Ilm equiaxed grain size for the

unreinforced alloy deformed at IOOOCC).

Although the effect of strain rate on the as-processed microstructure was negligible

over the strain rates examined, the presence of the reinforcement phase contributed further

to the potential of microstructural modification by defonnation-assisted sintering. At

defonnation temperatures weIl above the beta transus of Ti-6%AI-4%V (i.e. 1100CC and

1200CC), the matrix microstructure, in the presence of 10 vol.% or 20 vol.% TiC particles.

is lamellar (Figs. 7.20 and 7.21). However, as compared to the colony orientation of the

alpha lamellae in the unreinforced alloy, the microstructure for the 10 vol.% TiC composite

shows a basket-weave appearance for the alpha plates white an overall random orientation

of the alpha structure is observed for the 20 vol.% TiC composite. As discussed previously

in the defonnation section (chapter 7), the change in alpha plate orientation that occurs with

increasing TiC volume fraction can be attributed to an increase in the nucleation sites for

alpha in the presence of the particles. AdditionaIly, with increasing TiC volume fraction~

the aspect ratio of the alpha plates decreased and a change in the statÎC and dynamic

mechanical properties is possible as the smaller aspect ratio alpha phase of the matrix in the

composite has the semblance ofan equiaxed structure.

•

•

Chapter8 Discussion -------------------207

•

For a defonnation temperature of 10SO°C, composites containing 20 vol.% TiC

particles were comparable in microstructure with the 10 vol.% TiC composites~ with an

additional disorientation of the alpha plates in the lamellar structure (Fig. 7.21). On the

other hand, no additional refinement of the bimodal microstructure was observed by

increasing the TiC volume fraction from 10% to 20% for the material deformed at IOOOcC

(compare Fig. 7.20 to 7.21). Moreover, the microstructure of the 20 vol.% TiC composite

processed at IOOO°C revealed mostly detormed alpha plates with perceptibly small amounts

of equiaxed alpha (Fig. 7.21). This microstructural change in the matrix can be attributed



to the influence of a higher TiC volume fraction on increasing the beta transus temperature

and, as a result, the volume fraction of the primary alpha being defonned (see section 7.3).
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At temperatures weIl below the beta transus, 850-950°C, the matrix microstructures

of the composites were similar to the unreinforced titanium alloy and a highly distorted

lamellar structure was observed. as revealed in Figures 7.20 and 7.21. From microhardness

testing, the primary effect of increasing the TiC volume fraction at these defonnation

temperatures was an increase in the hardness of the matrix phase, probably due to an

increase in the dislocation density with increasing reinforcement fraction.

[n light of these microstructural results, the greatest possibility for structural

modification of the alpha morphology appears to be attainable at detbnnation processing

temperatures close to the beta transus and in the presence of the reinforcement particles.

Although the incorporation of TiC achieves refinement of the alpha structure. a change in

the beta transus temperature, which occurs due to carbon dissolution from the interaction

between the reintorcement and matrix during processing, adds uncertainty to the exact

magnitude of refinement possible. Regardless, extensive working of a small volume

fraction of primary alpha was generally observed to fonn a fraction of equiaxed alpha. By

maintaining the defonnation temperature just slightly below the beta transus temperature of

the matrix phase, about 101 7°C for the unreinforced titanium alloy. the small volume

fraction of primary alpha (approximately 10% to 120/0) can be worked to fonn equiaxed

alpha grains dynamically. In the case of the composites, a combination of optimizing the

defonnation temperature and TiC volume fraction cao reduce the average alpha grain size

by halt: as observed for the 10 vol.% TiC composite processed at 1000°C. As such, tor the

20 vol.% TiC composites. a slightly higherdefonnation temperature, possibly 1025°C. May

generate a similar refinement in the microstructural constituents of the matrix phase.

As compared to previous work on these composites. the defonnation processing

temperatures are slightly higher (1 OOO°C versus 900°C).[278J However, the microstructural

characteristics of the composites in this work show considerable refinement of the alpha
structures, as weil as a homogeneous distribution of the reinforcement phase.[I23.1~2.I~ql The

alpha plate size in previous work has been noted to range from lOto 20 f.1m and clustering

of the reinforcement phase is a common occurrence. In this work, the further refinement

that is observed in the presence of the particles and at processing temperatures close to the

beta transus suggests a possible means ofenhancing recrystallization of the alpha structure.

Hence a possibility for future hot defonnation work on this composite system is to examine

the near transus temperature regime to define the material and processing parameters that

produce the greatest refinement of the matrix microstructure.
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For composites, influence of processing conditions on the formation and

characteristics of the interfacial reaction products can be a concern that overrides the matrix

microstructural evolution discussed previously. For the TiC-titanium alloy system~

previous work on resolving the nature of the interfacial boundary area using standard
optical and scanning electron imaging techniques have been unsuccessful.[26.1I0.I1I J For the

tirst time, using low voltage imaging on a cold field emission gon SEM, the intertàcial

region between TiC and Ti-6%AI4% V was established in the present work (Fig. 6.18).

There appears to be a high coherency between the reintbrcement and matrix, as perceived

in the various photomicrographs of the boundary region shown in Figures 6.19 and 7.23.

From the low voltage field emission gun SEM work, the thickness of the intertàcial

boundary region appears to increase rapidly with increasing temperature tor the composites

processed by pressureless sintering (Fig. 6.19). An increase in the sintering temperature

from 11000e to 1300°C increased the interfacial boundary tayer from roughly 1 Ilm to

3 J.1m (compare Figs. 6.19 a and 6.19 b). For the composites processed at 15000 e no

boundary layer was observed on the periphery of the reintorcement (Fig. 6.19 c) and a

chemical analysis for carbon indicated that the composition of the entire paIticulate was

homogeneous (Fig. 6.20 cl. In comparison, a similar carbon analysis tor the composites

processed at 1loooe and 1300°C indicated a lower carbon level for the intertàcial boundary

layer. Additionally, the carbon content at the particle center was nearly twice that of the

interfacial boundary region in the composites sintered at 1100°C and 1300°C, while the

carbon level of the entire reinforcement in the composite sintered at 1500°C corresponded

to that of the boundary layer in the material processed at lower temperatures (Fig. 6.20).

These tindings contradict the SEM and quantitative micro-analysis work of Gu et

alY Il) on these composites in which a continuous carbon deficient region was detennined to

fonn from a dissolution··type reaction between the matrix and reinforcement. In reference

to the titanium-carbon phase diagram (Fig. 2.2), a dissolution-type reaction is suggested tor

the composite system. As such, the particles would dissolve in the matrix until either ail

the carbon is in solution or equilibrium occurs between a saturated solution of carbon in

titanium and sorne remaining TiC that would then be non-stoichiometric (i.e. TiC,).[113-115 1

Nonetheless, a reduction of nearly 50% in the carbon content determined in this work for

the boundary layer is consistent with the micro-analysis work of Konitzer and Loretto by

electron-energy loss spectroscopy (EELS) that revealed a carbon content of approximately

12 wt.% on the reinforcement periphery and 20 wt.% al the particle center. However, it is



uncertain from their findings whether the entire carbon-deficient boundary layer

corresponded to a single composition as that observed in this work.• Chapter8 Discussion --------------------210
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Also, the electron probe micro-analysis work (Fig. 6.22) indicated a compositional

gradient for carbon across the boundary region between the particle and matrix, thus

supporting previous findings. However, the size of the x-ray volume from the electron

beam size of the micro-probe was the same order of magnitude (Fig. 6.23) as the size of the

boundary layer observed with the field emission gun SEM. Hence, the interfacial region

would be difficult to analyze with this technique. The carbon composition in the particles

decreased from approximately 20 wt.% in the composites sintered at II oooe to as low as

12 wt.% for composites sintered at 1500°C. Combining the electron micro-probe work

with the field emission gun results, it is reasonable to say that the carbon composition at the

reinforcement center for the composites sintered at IlOOoe and 13000 e is approximately

20 wt.%, while the carbon content of intertàcial boundary region and for the entire particle

in the composites sintered at 1500°C is 12 wt.%. These compositional values intèrred for

the reinforcement center and periphery correspond weB with the findings of Konitzer and

Loretto. Additionally, the carbon composition of the matrix remained nearly constant~

falling in the range of 0.3 wt.°A> to 0.6 wt.% (solubility limit of titanium for carbon is 0.4

wt.%). This suggests the tormation of a stable phase at the interfacial boundary between

the particle and matrix, as evidenced by the field emission gun SEM work and the growth

of the reinforcement for pressureless sintering temperatures of 1500oe. Yet the work from

the low voltage field emission gun SEM and the electron micro-probe cannot irrevocably

ascertain the chemical composition and the exact nature of the intertàcial reaction region

(i.e. a single phase or compositional gradient in carbon).

However, the low voltage field emission gun SEM analysis of the interfacial region

provided an unprecedented means of viewing the boundary layer between the matrix and

reintbrcement. Even for the composites processed by hot defonnation, in which the

boundary layer is smaller in thickness, the characteristics of the interface are resolved

distinctly. For the defonned composites~ the interfacial reaction layer appeared to form

unifonnly on the periphery of the reinforcement, as compared to the diffuse and irregular

layer around the particles in the composites processed by pressureless sintering (compare

Fig. 7.23 with 6.19). Chemical compositional analysis across the interfacial reaction layer

in the defonned composites could not he perfonned due to the smaller thickness of the

boundary region. Regardless, the inherently different characteristics observed for the

interfacial reaction region for the two processing techniques may conceivably influence the

properties of the composite.



To study the fonnation and composition characteristics of the interfacial reaction with

processing, systematic monitoring of the Ti-6%AI-4%V!TiC composite system was

perfonned using a neutron powder diffractometer equipped with elevated temperature

sintering capabilities. The concept was to observe changes in the lanice parameters of the

starting phases to monitor the reaction between the TiC particles and ~-Ti-6%AI-4% V

matrix. The preliminary work involved determining the temperature dependence of the

lanice parameter and the coefficient of linear thennal expansion for both Ti-6%AI-4%V

and TiC. Although this information provided the basis for monitoring the interfacial

reaction for this work, the lanice parameter and coefficient of linear thennal expansion data

detennined tûr the beta phase of Ti-6%AI-4% V extend considerably the existing data for
such parameters in the 1iterature.[:!5-1,
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The most remarkable change in the diffraction spectrum with holding time at

temperature was observed for the (331) and (311) peaks of the TiC phase. (The (Ill)

peaks of TiC could not be de..convoluted, but the peak was observed to shift to higher

scattering angles with holding time at temperature.) With the progression of sintering,

these peaks were observed to diminish in intensity and two distinctive peaks, at slightly

higher scattering angles, fonned. Careful analysis of the diffraction spectrum indicated that

the peak pattern corresponding to the beta-phase of Ti ..6%AI-4% V also evolved. The

lattice parameter of the alloy was detennined to increase during holding at temperature.

whilst the intensity was observed to decrease. The significance of a continuaI reduction in

the integrated intensities of the starting materiaIs and the emergence and growth of new

peaks with the progression of sintering is that a reaction occurs between Ti..6% AI-4% V and

TiC and forms a distinct phase at the intertàce. As part of the initial reaction between the

matrix and reinforcement, it appears that carbon diffuses from the TiC phase and dissolves

in Ti-6% AI-4% V, thereby increasing the lanice parameter, until saturation of the alloy

occurs. It is noteworthy that the lattice parameter of the TiC phase did not change \Vith

holding time at constant temperature, as illustrated in Figure 8.1 for consolidation of a 20

vol.% TiC composite at 1100°C. Hence, the increase in the lanice parameter of the beta-Ti

6%AI-4% V phase cannot be attributed to particle-matrix stresses.

Further reaction of carbon with Ti-6%AI-4% V fonned between the matrix and

reinforcement an interfacial phase having a stoichiometry of Ti!C (lanice parameter of

4.290..4.296 A) and a face centered cubic crystal structure (similar to that of TiC). Growth

of the interfacial phase was observed through a decrease in the integrated intensities of both

p-Ti..6%AI-4%V and TiC phases and an increase in the integrated intensity of the Ti!C

phase. Moreover, the mechanism for growth of the Ti2C interface was detennined to occur

by carbon transport from the panic1es through the Ti2C interface to the matrix.
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Figure 8.1 Variation in the lanice parameter of the beta..Ti-6°IÔAI-4% V and TiC phases

with holding time for a 20 vol. TiC composite sintered al 1100°C.

The present interfacial results can he used to revisit the titanium-carbon phase

diagram and in particular the neutron diffraction work of Goretzki on the titanium-carbon

system.[I17] Goretzki hot-pressed compositional mixtures between 32 and 48.8 atomic

percent carbon and annealed these at temperatures between Il ao°c and 2000°C. For the

titanium-carbon system he detennined that a carbon concentration of 33 at.% resulted in an

ordered phase arrangement of carbon atoms in the octahedral sites of the titanium lanice.

Through different annealing and quenching treatments, the stability of this phase was

detennined to be 1900°C at 33 atomic percent carbon. Although Goretzki proposed the

existence of stable Ti2C (33 at.~tQ C) as early as 1967, no particular distinction has been

made between the equilibria involving TiC and those involving Ti:!C. because most

investigators did not distinguish the two structures and linle infonnation is available on the

stability range of the Ti2C phase.

•

The discrepancy in the findings of Goretzkill
11] and the work of other investigatorsll13

1[6.1 [91 on which the present titanium-carbon phase diagram is based is a result of the nature

of the experimental techniques used to detennine the phases present. Whilst the work of

Goretzki involved phase detennination by neutron diffractometry, the studies conducted by
Cadoff and Nielsen,l[ 13] Ogden et al.,P 14] Wagner et al.,l[ 191 Bickerdike and Hughes,IIIS] and

Rudy et a1.,11161 utilized metallography, x-ray diffractometry (employing CuKa radiation)

and chemical analysis. Specifically the techniques used for metallographic examination of



the phases present in the titanium-carbon system consisted of optical and conventional

electron microscopy. As revealed from the present work as weil as that of previous
investigators,[26.JO.lIO.l 13-1 14.120.123.139.1431 no phase contrast between TiC and Ti

2
C is apparent

using optical or conventional SEM (using either secondary or backscattered electron

imagjng) techniques. Unprecedented viewing of the boundary layer between the

reinforcement and matrix was only possible using high resolution low voltage field

emission gun SEM analysis as revealed in the present work. Moreover the observations

trom x-ray diffractometry seemed to support the existence of non-stoichiometric TiC" as a

reduction in the carbon concentration in TiC was tbund to broaden the diffraction peaks

and shift these to higher angles.ll131 Hence in the visual absence of a phase transformation,

there was no reason to question the conclusions based on the x-ray diffraction observations.

where the peaks from TiC and Ti2C were not easy to resolve due to similarities and

overlapping of the diffraction patterns (as discussed in the sintering chapter).
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Recently, the transmission electron microscopy work of Konitzer and Loretto[IIOI on

the interfacial reaction region in TiCp reinforced Ti-6% AI-4% V composites did reveal a

circular dislocation network on the periphery of the reinforcement which had a lattice

parameter and chemical composition corresponding to Ti2C. Veto uncertainty remained

\vith regard to the composition of the entire interface because the number of measurements

possible across the periphery region is limited using EELS. Moreover, the micro-analysis

findings of Gu et al.[1111 had indicated a compositional gradient for carbon between the

matrix and panicle center supporting the findings of previous investigatorsI2tdO.IIO.IIJ

114.120.123.139.143J and the existing titanium-carbon phase diagram. Similar observations were

noted in the electron microprobe results of the present work, but it has been remarked that

abrupt changes in composition may he difficult to observe, especially if the electron beam

diameter and interfacial thickness are similar in size (Fig. 6.23).

From the low voltage field emission gun SEM work, visual evidence was tbund tor

the fonnation of an interfacial phase between the particles and matrix (Figs. 6.19 and 7.23).

Moreover, chemical compositional analysis using energy dispersive spectroscopy at low

accelerating voltage revealed abrupt changes in the carbon content in trus region (Fig.

6.20). Finally using neutron diffractometry the interfacial phase was identified as having a

distinct chemical composition with a lanice parameter value (4.290-4.296 Â) corresponding

to stoichiometric Ti2C with a face centered crystal structure. Undoubtedly, the similarity in

the crystal structures of TiC and Ti1C leads to the good phase coherency and compatibility

which is often remarked in the literature when describing the nature of the interfacial

reaction region in the TiC-titanium composite system. In facI, it appears that it is this that

has prevented proper detennination of the interfacial reaction in these composites.



10099

A

9897

Scattering Angle (29)

Neutron diffraction pattern showing the

evolution of the (331) TiC peak with

processing ternperature for a hold time

of 1 hour for 20 vol.% TiC composites.

(b) 1300e c
TiC C

•••••••••••••••••••••• J:2 •••••••••••••••••••••••• -
C

A

••••••••••••••••••••••••• .A ••• _••• -/i •••••••••••• ~

A 6.A..o._ A
.... A A A A AtJ.A ~ A

A-MliAA A A,.,ÂUJ,. AÂA AlJ.ÂA M

c c Ti~C

200 ·····················é·····~_············~

cP~~ ~~

o 1 (c) lIGOe

95 96

400

1000

1600 1 .

1400 l···· ..·.. ·· · · ··~·~·l~~ .
A

1200

Figure 8.2

-------------------214DiscussionChapter8

To correlate the field emission gun SEM images of the interfaciallayer fonned in the

composites (Fig. 6.19), Figure 8.2 was plotted to show the effect of processing temperature

on the diffraction pattern in the region of the (331) diffraction peak of TiC. ln a 20 yol.%

TiC composite, holding at 1100°C for one hour clearly reveals the single (331) peak tor

TiC and perhaps a slight evidence of a small peak corresponding to the interfacial phase at

an angle near the original (331) diffraction peak for TiC (Fig. 8.2c). For a similar holding

lime, the 20 vol.% TiC composite shows two peaks for a processing temperature of

1300°C. At this intermediate temperature, one peak corresponds to the (331) diffraction

peak for TiC whilst the other is that of

the interfacial phase (Fig. 8.2b). AIso,

there is a shift in peaks to lower

scattering angles, as the lattice

parameter of both carbide phases was

observed to increase with temperature.

A diffraction pattern of the same

material processed tor one hour at

1500°C was obtained by re-heating to

IlOO°C. The pattern showed a single

diffraction peak whose lattice
~
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correlate weil with field emission gun

SEM micrographs showing the

interfacial region in these composites.

At 1100°C a 0.6 J.1m interfacial layer

was present for holding lime of 4

hours. Hence the size of the neutron

diffraction peak ofthe Ti2C phase after

an hour of holding al 1100°C is

relatively small (Fig. S.2c). An hour

•

•

•



at 1300°C results in considerable reaction of the matrix and reinforcement phases (Fig.

6.19) and both TiC and Ti!C are present in the neutron diffraction pattern. At 1500°C,

complete transfonnation of the TiC particles is evident in the field emission gun SEM

results and the absence ofTiC is remarked in the neutron diffraction pattern (Fig. 8.2).
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ln light of the present findings, it is appropriate that changes to the titanium-carbon

phase diagram be considered by examining annealed microstructures of compositionaI

mixtures between 10 and 20 wt.% carbon in titanium using improved resolution techniques

such as the field emission gun SEM and/or neutron diffractometery. Specifically, the

existence of stoichiometric Ti!C phase at a composition of 33 a1.% (or 12 wt.°,fo) has been

detennined unequivocally using neutron diffractometery. The stability of stoichiometric

Ti!C was detennined presently to be 1500°C~ however Goretzkilllij has suggested

temperatures as high as 1900°C. Hence a new titanium-carbon phase diagram cao be

proposed that incorporates the existence of Ti!C and its stability range known to date. as

suggested in Figure 8.3. The region between 10 wt.% and 20 wt.% carbon has been

modified as indicated by the dashed !ines in the proposed phase diagram. as compared to

that from the literature (Fig. 2.2). {1121 ln the region between 12 wt.% and 20 wt.% carbon in

titanium, Ti2C and TiC most likely co-exist. The exact nature of the solidus and liquidus

regions for the carbon composition range of 1Owt.% to 20 wt.% carbon are uncertain. but

these are speculated to lie above 1500°C. Of the two possibilities proposed in Figure 8.3.

the isomorphic equilibria between TiC and Ti;!C may be more likely due to the similarity in

their face centered cubic structures. (The formation of a eutectic between TiC and Ti~C

would imply less chemical compatibility and greater differences in their crystal structures.)

Interestingly, in the work of Cadoff and Nielsenll131 the region below the Iiquidus line

was identified as containing liquid (L) plus a phase designated as 8. This 8 phase was

observed to extend to II wt.% carbon at 1750°C and gave a tàce centered cubic diftTaction

pattern. With decreasing temperature, structures of li plus transfonned ~ were found below

1648°C and cS plus a below 920°C. It is mentioned that f1 primary li was tound in alloys of

carbon content as low as 0.2 wt.% carbon". These observations suggest the characteristics

of a stable stoichiometric phase, Ti2C, termed 5 by Cadoff and Nielsen. However in their

work, a 12 wt.% carbon composition was not investigated. Moreover, discrimination could

not be made between Ti2C and TiC using optical microscopy on the alloys beyond 13 wt.o/o

carbon. As such, the Ô phase was suggested to vary in composition and was designated as

being sub-stoichiometric TiCx over the carbon range illustrated in Figure 2.2. Through a

reconstruction of their experimental work, the microstructural features between 12 and 20

wt.% carbon cao be established (using the field emission gun SEM) to improve on the

cUITent labeling of the various regions on the carbon-titanium equilibrium phase diagram.
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Hardness testing and shear punch testing techniques were used to evaluate the

properties of the composites processed by pressureless and defonnation-assisted sintering.

Hardness testing is a method commonly used for inferring the mechanical properties from

small specimen configurations. However, shear punch testing is not known as widely and

infonnation on its development, applicability and limitations, especially with regard to

mechanical property evaluation ofcomposites, has been discussed in chapters four and five.

The use of this latter technique is particularly useful, since both strength and ductility

infonnation can be assessed from the material defonned to failure. The present extension
of previous work on shear punch testing of metallic materials1:!39.2.a!1 to include

discontinuously reinforced composites enables the tensile properties to be evaluated in a

relatively simple and economical manner, which should facilitate research and development

work on various composites because of relative ease ofmechanical property determination.

For the composites processed by sintering alone, the overall tensile properties

detennined by hardness and shear punch testing were intèrior to those obtained in the
literature for the TiCp-Ti-6% AI-4%V systemY,·I.a'.1501 At low processing temperatures.

limitations in the strength and ductility are most probably a result of the high porosity and

poor reinforcement-matrix bonding. With increasing sintering temperature the size and

amount of pores decreased and consolidation to over 900/0 relative density was achieved at

1500°C. However, interaction of the matrix and reinforcement phases was observed to

occur at an increasingly rapid rate with increasing temperature. This chemical reaction

between the alloy and the particles consisted of carbon diffusion from the reintorcement to

the matrix phase. Initially, the carbon was determined to dissolve in Ti-6% AI-4% V as

evidenced by the increase in the lattice parameter with hold time at temperature (Figs. 6.32

to 6.37) and supported by the microhardness measurements in the matrix phase (Fig. 6.65).

Ensuing carbon saturation of the alloy, further reaction occurs by carbon diffusion to the

matrix-reinforcement interface to fonn stoichiometric Ti;!C on the periphery of the TiC

particles. This reaction is evidenced by the growth of the particles in the optical

microscopy work and by the resolution of the Ti:!C phase in field emission gun SEM and

neutron diffractometry work. Reaction of this nature between the matrix phase and TiC

particles was observed to have a deleterious effect on the properties of the composites as

indicated by a reduction in the microhardness values of the reinforcement phase with

increasing sintering temperature (Fig. 6.65). However, reaction between the matrix and

reinforcement phases is arguably necessary for promoting good bonding characteristics.

Nonetheless extensive reaction at elevated temperatures occurs and transforms much of the

TiC particles to TizC. This limits the overall strength and ductility properties of the



composite despite the higher sintered density probably because of a reduction in the Ti-C

bond strength for Ti2C as compared ta TiC. An indication of the lower bond strengili for

Ti;2C is indicated by the lower microhardness value of 1500 kg-mm-;2 as compared to 2200

kg-mm-.! for TiC. (lt should be notOO that the microhardness measurement for Ti;2C was

made on the reinforcement phase in composite sintered at 1500°C for 1 hour, since such

sintering conditions were observed to completely transform the TiC particles to Ti;2C.)
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Besides reinforcement transformation, microstructural coarsening of the lamellar

arrangement of alpha and beta was observed to occur with increasing temperature

(Fig. 6.(4). The incorporation ofTiC particles appears to diminish this coarsening effect of

temperature (Fig. 6.(5). However local agglomeration of the reinforcement phase cao be

seen with increasing TiC volume fraction (Fig. 6.(5) and poorer bonding may occur in

these regions as the ceramic particles in contact would require higher consolidation

temperatures for bonding. This is a possible explanation for the asymptotic leveling in

properties observed with increasing reinforcement volume fraction (Figs. 6.66 to 6.68).

Although the strength and ductility properties obtained tor the as-sintered

composites in this work were inferior to the potential of the TiCp-Ti-6~/oAl-4~/oV system.

analysis of the tensile fracture surface of the composites processed to near-complete density

revealed both cleavage and dimple formation. This suggests that in these composites load

transfer occurs between the matrix and reinforcement. Hence, by processing the

composites to near-complete density, with minimal structural degradation, further increases

in the mechanical propenies are possible. Low temperatures are necessary to minimize the

reaction between the reinforcement and matrix phases. Porosity removal can then be

enhanced at low temperatures in the presence of an applied stress, as was achieved through

defonnation-assisted sintering.

Mechanical property evaluation of the defonned materials indicates that the strength

and ductility values obtained are comparable to that reported in the literature tor these

materials (compare Tables 2.5 and 2.6 with 7.6 and 7.7). Also, as compared to the

properties of the sintered composites, the strength and ductility were markedly improved by

defonnation processing. The enhancement in the mechanical properties can be attributed to

lower residual porosity, matrix microstructure modification and interfacial reaction

minimization.

The greatest amount of porosity, roughly 200/0, was observed for the materials

defonned at 850°C and their strength and ductility values were just slightly below those

obtained for the composites processed by sintering al 1300°C for four hOUTS, which had



approximately 15% porosity. A 100°C increase in the defonnation temperature halved the

porosity and improved the properties to the extent that the materials defonned at 950°C had

strength and ductility values which surpassed the materials processed to less than 5°1o

porosity by sintering at 1500°C for four hours. Therefore, albeit the higher density of the

sintered material, the properties are inferior most probably on account of the differences in

the microstructure of matrix or interface characteristics. For example, the unreinforced

alloy sintered at 1500°C for four hours reveals substantial coarsening of the lamellar matrix

microstructure as compared to the Ti-6%Al-4% V defonned at 950°C (Fig. 6.14 versus Fig.

7.16). For the composite material, the reinforcement phase in the composites processed at

1500°C have completely transfonned from TiC to Ti~C within a half hour~ as revealed by

the neutron diffraction patterns (Fig. 6.30) and the field emission gun SEM results (Figs.

6.19 and 6.20). Altematively, the size of the interfacial boundary layer in the composites

deformed at 950°C is less than 0.25 )lm in size.
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The effect of porosity on strength cao be isolated for the unreintorced alloy detonned

above the beta transus since the differences in the lamellar structure appear to be negligible.

Using equation 2.22, the strength-porosity data for Ti..6%AI-4% V defonned above the beta

transus temperature were fitted and values for k, 0'0 and 0'0 were detennined to be 1.44~
y ulS

882 MPa and 979 MPa. The lower value for k than expected (usuaJly in the range of 2 to

10) suggests that incremental changes in porosity have a smaller effect on increases in

strength for defonnation processing temperatures above the beta transus. In tact. a similar

analysis for Ti-6%AI-4°/oV defonned at temperatures between 850°C and 950°C gave 3.78

for k, which is close to that commonly reported.(I7:!.t73 1 (It should be mentioned that k has a

temperature dependency.) Also, the pore-free yield and tensile strengths (O'Oy and O'OUIS) tûr

lamellar Ti·6%AI-4o/DV processed by deforming above the beta transus temperature tàIl in

the range of such properties obtained tor lamellar structures produced by annealing and are

superior to microstructures ofcast and hot isostatically pressed materials (Table 2.5).

For the composites defonned above the beta transus temperature, a similar analysis

using equation 2.22 gave a slightly lower k value of 1 for both 10 and 20 vol.% TiC. The

pore-free yjeld and tensile strengths were 891 MPa and 995 MPa for the 10 vol.% TiC

composites and 920 MPa and 1010 MPa for the 20 vol.°/o TiC composites. As compared to

the properties reported in the literature for such fully dense composites (Table 2.6) the

values for the yjeld strength are somewhat lower whilst the tensile strengths are

similar.(:!7.147-150] However, considering that certain differences in the matrix microstructure

are possible and the simplicity of the present analysis, the strengtb values projected for the

pore-free composites appear to be in good agreement with the literature.



Besides porosity, the matrix microstructure of Ti-60/oAI-4% V also influences the

mechanical properties and the structure-property relationships are summarized in Table 2.4

and 2.5. Defonning the materials near the transus temperature enabled the fonnation of

sorne equiaxed alpha, and the overall matrix microstructure was bimodal. The presence of

the equiaxed alpha fraction was observed to increase the strength and ductility

simultaneously, as indicated by the structure-property interdependencies given in Table 7.6

for the unreinforced alloy and Table 7.7 for the TiCp reintorced Ti-6% AI-4%V. For the

cOlnposites detormed above the beta transus temperature, presence of the partic1es altered

the microstructure further through a change in orientation of the alpha lamellae. The

colony orientation of the alpha plates in the unreinforced titanium alloy was observed to

have a basket-weave or random appearance in the 10 vol.% or 20 vol.% TiC composites~

respectively. As the changes in matrix microstructure are convoluted with porosity and

reintorcement volume fraction ditTerences, it is difficult to isolate the influence of the alpha

orientation and aspect ratio on the properties. However previous work on microstructural

modification in the Ti-6%AI-4% V has indicated that lower alpha aspect ratio increases the
yield strength and tensile elongation while the ultimate tensile strength is unaffected.[5).Z;Ql

Also the initial reaction between TiC and Ti-6%AI-40/oV, which leads to carbon

dissolution into the titanium alloy, is likely to affect the properties of the matrix and as a

result the composite (e.g. increases the yield and tensile strengths and decreases the

ductility). Moreover, the size of the interfacial reaction layer influences the properties as

indicated by the heat treatInent experiments on the detonned composites (Fig. 7.31). An

increase in the volume fraction of TizC occurred with holding time at temperature and this

was observed to degrade both the strength and ductility of the composites. It is interesting

to compare the 20 vol.% TiC composite processed by sintering for four hours at 1300°C

with that defonned at 1200°C (strain of0.5 and strain rate of 0.0005 S") and heat treated for

8 houTS at IlOO°C~ as given in Table 8.1. Heat treatment of the as-defonned composites

results in a substantial decrease in the yield and tensile strengths and a slight decrease in

percent elongation. As the matrix microstructure and relative density are similar~ the

degradation in the mechanical properties appear to be an effect of an increase in the Ti1C

volume fraction from 3.2% to 14.5%. Comparing the composite sintered at 1300°C for

four hours with the defonned and heat treated composite, it appears that the mechanical

properties are influenced by factors besides the TizC volume fraction and relative density.

For a similar Ti!C volume fraction, the projected pore-free yield and tensile strengths of the

as-sintered composite are considerably lower than the defonned composite heat treated for

eight hours at 1100°C. This may be an effect of the alpha orientation in the lamellar

microstructure and/or the nature of the interfacial boundary region (i.e. diffuse and irregular

in thickness for the sintered composites and unifonn for the defonned composites).

•

•

•
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Table 8.1 - Comparison of20 vol.~/o TiCp reintorced Ti-6%Al-4~~V Composite

--------------------221Discussion

Property
Sintered As Deformed As-Deformed plus Heat

1300°C, 4 hours 1200°C, 0.5, 5E4s·1 Treated 1100°C. 8 hours
Matrix Microstructure Colony Basket-weaveiRandom Basket-weaveIRandom
Alpha Lamellae

Relative Density (%) 90.2 99.5 99.9

Volume Fraction Ti2C (%) 13.5 3.2 14.5

Yield Strength (MPa) 725
1

912 880

Tensile Strength (MPa) 765 999 958

Percent Elongation (%) 1.1 2.1 1.6

Pore-free yS· (MPa) 800 916 881

Pore-free UTS· (MPa) 843 1004 959
1.

The heat treatment studies indicate that bonding between the matrix and

reinforcement phases must be achieved by means ofa minimum reaction at the interface for

optimum properties. Hence full density processing necessitates the use of deformation

assisted sintering. (In the case of the unreinforced alIoy, full density processing by

sintering alone may also be detrimental to the properties through microstructural

coarsening.) Depending on the mechanical property requirements for the final application,

the composite can be processed above and/or below the beta transus temperature to produce

lamellar structures, equiaxed structures or combinations of these. Moreover, defonnation

processing of the composite below the beta transus temperature by 20°C to 30°C appears to

produce refinement in the bimodal alpha-beta structure and results in improved mechanical

properties. In general, the titanium-based materials produced by deformation-assisted

processing had bimodal or lamellar microstructures with less than 5% porosity. The

strength and ductility properties obtained were similar to those reported in the literature for

such materials. Although the dynamic properties were not evaluated, the present work

suggests that full density processing by defonnation-assisted sintering near the beta transus

of these composite materials shows promise tor good overall properties.

ChllpterS

•

•

Projected values calculated assuming k as 1 in equation 2.22.

•
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CHAPTER 9

CONCLUSIONS

TiC particulate reinforced Ti-6% AI-4% V composites have been processed using two

powder metallurgy processing techniques, namely elevated temperature pressureless

sintering and hot defonnation-assisted sintering. The following are the main conclusions

from this work.

:;,. Influence of the processing parameters (e.g. hold time. temperature, strain and strain

rate, as applicable) on the densification behavior of the titanium-based composites has

indicated that temperature has a greater effect than holding time (and strain and strain

rate tor defonnation processing) on achieving consolidation. The main difference in the

processing routes for the densification of the composites is that tor a given density. the

conditions for bath the isothennal temperature and hold time are considerably reduced

by defonnation-assisted sintering as compared to sintering aJone. This occurs because

in defonnation assisted sintering the applied stress enhances consolidation by being

superimposed on the existing materia! transport mechanism, that is volume di tfusion

(by lattice and grain boundaries) in the case of the TiC-titanium alloy system.

., The incorporation of the reinforcement partic1es inta the Ti-6%AI-4% V rnatrix was

observed to increase the as-processed density by approximately 1 to 3% for every 50/0

increase in TiC volume fraction. This effect is attributed to an increasing green density

and decreasing pore size with increasing TiC volume fraction because the partic1e size

difference between the reinforcement and matrix powders enabled the accommodation

ofTie in the void spaces amidst adjacent Ti-6%Al-4%V partic1es.



~ For pressureless sintering~ the influence of the processing parameters on the matrix

microstructure was coarsening of the lamellar structure of plate·like alpha separated by

interplate beta with increasing temperature and holding time. Incorporation of TiC

reinforcement particles in Ti..6%AI-4%V was observed to homogenize the matrix

microstructure and inhibit coarsening of the lamellar structure as evidenced by the tiner

alpha plates.
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, Defonnation..assisted sintering was performed at temperatures above and below the

beta transus. As such, microstructural modification by hot working was greater than

that by sintering alone because deforming the unreinforced alloy at temperatures in the

single phase beta region achieved a lamellar structure, while in the two phase (a+~)

region combinations of lameIIar and equiaxed structures tonned.

, The addition of TiC reinforcement particles to the titanium alloy matrix was observed

to change the orientation of the lamellar alpha plates in the composites processed above

the beta transus temperature. The alpha lamellae change from a colony orientation in

the unreinforced alloy to a basket..weave microstructure for the 10 vol.% TiC composite

or randomly orientated in the 20 vol.% TiC composite. This progressive change in

alpha plate orientation with increasing TiC volume fraction is a result of an increase in

the nucleation sites for alpha in the presence of the reintorcement particles.

Additionally, with increasing TiC volume fraction, the aspect ratio of the alpha plates

was observed to decrease.

, Hot working the composites near the beta transus temperature was observed to refine

the matrix microstructure of equiaxed and lamellar alpha. For the 10 vol.% TiC

composites, hot defonnation at loooac achieved an alpha plate size of approximately

5 J,lm, as compared to a lOto 20 /lm size for other processing conditions.

" Besides the matrix microstructure, the nature of interfacial reaction between the

titanium alloy and the TiC particles was observed for the composites processed with

and without deformation using low voltage field emission gun scanning electron

microcopy. In the composites processed by sintering~ the thickness of the uneven and

diffuse interfacial boundary region increased rapidly with increasing temperature to the

extent that the carbon composition of the entire reintorcement particle in the material

sintered at 1500ae was nearly half that of the original TiC. By hot deformation

processing, a uniform interfacial boundary layer was formed between the reinforcement

and matrix and was less than 0.3 J.1m in thickness for the composites sintered to near..

complete density.



j.. ln situ neutron diffraction sintering studies of the TiC particulate reinforced Ti-60/0Al

4%V composites revealed that the lanice parameter of the matrix phase initially increases

with holding time for the various sintering temperatures (Iloooe to 1350°C), which

suggests carbon ditfusion from the reinforcement to the matrix. Beyond the carbon

solubility limit of the Ti-6%Al-4%V alloy, the appearance of distinctive peaks in the

neutron diffraction patterns suggest the formation of a stable stoichiometric phase.

Treating this phase as a face-centered cubic structure, the room temperature lanice

parameter was detennined to be 4.290-4.296Â with a fractional occupancy of carbon of

0.45 ± 0.04 and suggests a chemistry of Ti1C. Analysis of the diffraction intensities of

the various phases indicated that the growth of the Ti2C interfacial phase most likely

occurs by carbon diffusion from the TiC reinforcement particles, through the reaction

zone and to the titanium alloy matrix. Complete transtonnation of the TiC reintbrcement

phase to Ti:!C was observed in the composites sintered at 1500°C.
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,. The visual observation of the interfacial region by low voltage scanning electron

microscopy combined with the neutron diffraction results of a phase tbrming in the

carbon-titanium alloy system support the existence and stability of Ti2C. a phase having

a distinct chemical composition and a tàce centered crystal structure. Moreover~

chemical compositional analysis using energy dispersive spectroscopy at low

accelerating voltage on the field emission gun SEM revealed abrupt changes in the

carbon content in the region between the TiC reinforcement particle and the Ti-6°/oAI

40/0V matrix. These findings support amendment of the existing titanium-carbon phase

diagram to include the presence of stoichiometric Ti2C at 12 wt.o/o carbon (or 33 a1.%)

up to temperatures ofat least 1500°C.

,. To assess the influence of the various microstructural features of the as-processed

composites, the mechanical properties of the composites were evaluated using hardness

and shear punch testing. To employ the shear punch testing technique tor

discontinuously reinforced composites, the punch load-displacement data wer

correlated to the deformation features and the empirical relationship between the

mechanical properties from shear punch testing and tensile testing was refined to

include composite materials.

,. For the composites processed by sintering only, porosity limited the strength and

ductility al low temperatures, whilst these were limited during near-complete density

consolidation al high temperatures by the extensive tormation of the interfacial Ti;!C

phase.



~ Using defonnation-assisted sintering, the titanium-based composites could be processed

al lower temperatures (1 OOO°C to Il OO°C) to high relative densities (> 950/0) and with a

minimal interfacial reaction region « 0.3 jJm) between the matrix and reintorcement.

The resultant mechanical properties of the defonned materials were comparable to

those reported in the literature. Titanium-based materials having a bimodal matrix

microstructure showed better strength and ductility propel1ies as compared to lamellar

matrix structures. Moreover it was observed that defonnation processing at

temperatures slightly below (20°C-30°C) the beta transus refined the microstructure

and produced mixtures of equiaxed and lamellar (bimodal) structures. These were

determined to give good strength and ductility combinations.
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,. Heat treatrnent studies of the defonned titanium-based composites indicated that the

degradation in the mechanical properties that occurs with holding time at temperature is

due to an increase in the volume fraction of Ti1C. Full density processing should thus

aim to achieve bonding between the matrix and reintorcement phases with minimal

exposure to elevated temperatures to control the reaction at the intertàce and optimize

the properties of the material.
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RECOMMENDATIONS FOR FUTURE WORK

Although work in the literature exists on the processing and properties of TiC

particulate reinforced Ti-6AI-4%V composites, the present work indicates that previous

findings on the characteristics of the interface in such materials are tlawed. The tbllowing

suggestions are made to continue the present work on powder metallurgy processing of the

TiC - titanium alloy system.

, Although the composites have been produced by defonnation-assisted sintering to

relative densities greater than 950/0, full density was not achieved for the temperatures

investigated. Future work on these materials should involve the application of higher

strains to reach complete consolidation in the materials.

, The influence of the certain microstructural aspects of the matrix on the mechanical

properties is pending. Specifically, the change in aspect ratio and orientation of the

alpha plates on the static properties of the composite material should be assessed. For

varying the matrix microstructure in full density materials, double hit compression

testing May be of particular interest. Essentially such testing could involve applying an

initial defonnation at a temperature above the beta transus to remove the porosity

rapidly and standardize the initial microstructure and a second detonnation below the

transus to tailor the microstructure.

, The beta transus temperature of the Ti-6AI-4% V alloy used in this work was

detennined accurately by means of neutron diffractometry. However, the change in the

beta transus temperature for the 10 vol.% and 20 vol.% TiC particulate reintbrced

composite materials needs to be investigated. Essentially, with carbon diffusion trom

the reinforcement particle to the matrix, the beta transus temperature of the titanium

alloy will increase until the matrix reaches the solid solubility limit for carbon. Hence,

during defonnation-assisted sintering the beta transus temperature is increasing

asymptotically and a processing temperature which initially is above the beta transus

May fall below the beta transus upon interaction of the reinforcement and matrix

phases. This leads to considerable uncertainty in the processing of the titanium-based

composite materials and in determining the transpiration of the various microstructural

features.



,. [n this work, the strength and ductility after synthesis of the titanium-based materials

were assessed and compared to that of the literature. The static properties obtained

appear to correlate satisfactorily with those of previous investigators and thus the

dynamic properties of these materials should be considered for investigation, especially

since certain applications necessitate good fracture toughness and tàtigue behavior.
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., The fonnation and characteristics of the interfacial region examined in this work

indicate that the reaction between the matrix and reinforcement phase leads to the

evolution of stoichiometric Ti2C, which has a lanice parameter value at room

temperature of 4.290-4.296 A for the face centered cubic crystal structure. An

investigation of the nature of the ordering of the vacancies in the Ti2C phase as well as

the stability range of this composition should be examined by preparing binary

titanium-carbon alloys in the composition range from Ti2C to TiC for high temperature

studies in situ in a neutron powder diffractometer. Microstructural work to complement

this investigation should be perfonned using the low voltage technique on a field

emission gun SEM to differentiate between the TiC and Ti2C phases. This fundamental

examination should resolve the uncertainties in the equilibrium phase diagram for the

titanium-carbon system.



•
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1.

2.

3.

4.

STATEMENT OF ORIGINALITY

AND CONTRIBUTIONS ro KNOWLEDGE

The first comprehensive examination of the transient reaction occurring during

sintering of the TiC particulate reinforced Ti-6%AI-4%V composite system.

The use of low voltage microscopy on a field emission gun scanning electron

microscope to resolve for the first time the interfacial reaction region on the

periphery of the reinforcement particles.

The monitoring of the sintering process using a neutron diffractometer to examine

the tonnation and growth of the interface reaction products.

The interfacial interaction between the matrix and reinforcement phases was

distinguished and characterized. The reaction was shown to consist of carbon

dissolution into the Ti-6%AI-4% V alloy followed by the fonnation of a

stoichiometric compound having a face centered cubic crystal structure and a

lattice parameter value corresponding to a composition ofTi!C.

5. Subsequent growth of the interface was determined to occur by further diffusion of

carbon from the TiC reinforcement particles, through the Ti2C boundary layer to

the titanium alloy matrix.

6. Unequivocal evidence for the existence and stability of stoichiometric Ti!C up to

ternperatures of lSOO°C which supports amending the existing titanium-carbon

phase diagram to include Ti2C at 12 weight percent (or 33 atomic percent) carbon.

7. Development of a technique to retine the microstructure of the Ti-6%AI-4%V

matrix by hot defonnation processing the TiC particulate reinforced composites at

temperatures slightly below the beta transus.

8. Extension of the shear punch small specimen test to include the assessment of

tensile mechanical properties ofdiscontinuously reinforced composites.

• 9. ln situ measurements of the lanice parameter for the beta phase of the Ti-6%Al

4%V alloy at temperatures in the range of IOOO°C to 1350°C.
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ApPENDIXI

HOT DEFORMATION TESTING PROGRAM

10 REM
20 REM-CONST.~'lT TRUE STRAIN RATE INTERRUPTED CO~IPRESSION TEST
30 REM
40 REM************PROGRk\IMED DY A. ZAREI-HA.~ZAKI*****************
SO REM**********:\'IODIFIED DY T.~IACCAGNO .-\.~D P.W:\~~JARo\***********

60 REM
70 REM
80 ERASE
90 DIM X(SO.l ).Y{50, 1)

100 COMMON A(3S0,3).C(350.3),D(350,3).2(350).T(3S0)
110 COMMON F( (5),E( (5)
120 COMMON HO,A0,Dl.D2.D5,B,SO.Jl.I2.D
130 COMMON C 1.S l.S2.LO.A,J.NS.MS.TS
140 PRINT "SAMPLE IDENTlFlCATION"; INPUT NS
150 PRINT' PRINT "MATERIAL"; INPUT MS
160 PRINT ,PRINT "TEST TEMPERATURE": " INPUT TS
170 PRINT \ PRINT "INITIAL HEIGHT (mm)"; \ INPUT HO
[80 PRINT \ PRINT "INITIAL D[M.(ETER (mm)"; INPUT DO AO=PI*(DO)":!.14
190 PRINT \ PRINT "Nill;IBER OF DEFORMATIONS:"; \ INPUT D5
200 PRINT" PRINT "FIRST DEfORMATION"; INPUT Dl
205 PRINT" PRINT "FIRST STRAIN RATE (lis)"; " INPUT SI
210 IF 05=1 THEN GO TO 240
220 PRINT '. PRINT "SECOND DEFORMAnON"; , INPUT 02
235 PRINT "PRINT "SECOND STRAIN RATE (Lsf: " INPUT S3
240 PRINT '. PRINT "TIME INTERPASS (s)": INPUT T
2S0 PRINT \ PRINT "LOAD RANGE (kip)"; " INPUT L LO=L*4.4482*1000
260 PRINT " PRINT "STROIŒ RANGE (mm)"; INPUT SO
270 PRINT \ PRINT "NO. OF DATA YOU W:\NT (MAX. 300)"; INPUT D \ D9=DiDS
280 ERASE
290 GTIME(,MJI)
300 PRINT "DATE :"; \ PRINT DATS
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(SEC"

(mm)"
(mm)"

kip"
(mm)"

1SEC"
SEC"

PRINT ..
PRlNT .•

:"; PRINT L:
:"; PRINT 50;

:";' PRINT DI
:"; PRINT SI; PRlNT"
:"; \ PRINT D2
:": '. PRINT 53; , PRINT .,
:"; PRINT T; , PRINT "

:"; " PRINT T$
:"; '. PR..TNT HO; PRINT"
:"; \ PRINT DO: ., PRINT "

:"; PRINTN$
:"; \ PRINT M$

Appendix 1 Hot Deformation Testing Program

310 PRINT '"TIME :"; \. PRINT H; ":"M
320 PRINT
330 PRINT "************************EXPE~NTAL DATA*************************..
340 PRINT \ PRINT
350 PRINT ··Fll..E NAl'\IE
360 PRINT"MATERl.U
370 PRINT
380 PRINT "TEST TEMPERATURE
390 PRINT "INITIAL HEIGHT
400 PRINT "INITIAL DIAMETER
410 PRINT
420 PRINT "NUMBEROF DEFODIATIONS :"; \ PRINT D5
430 PRINT "NUMBER OF REQUESTED DATA :"; \ PRINT D
440 PRINT
450 PRINT "FIRST DEFORMATION
455 PRINT "(ST STRAIN RATE
460 PRINT "SECOND DEFORMATION
475 PRINT "2ND STRAIN RATE
480 PRINT "TIME INTERPASS
490 PRINT
500 PRINT "LOAD RANGE
510 PRINT "STROKE R·\NGE
520 W=SYS(4)
530 PRINT \PRINT
540 PRINT "PRESS RETURN TO START THE TEST": INPUT GS
550 PRINT \PRINT
560 PRINT "STARTING THE AUTOMATIC POSITIONING OF THE ACTUATOR"
570 FGARG( l, "R'" TIME 100,-0.4)
580 ADIMMED( l,A)
590 FGGO
600 IF A<-3.00000E-03 THEN GO TO 620
610 GO TO 580
620 FGSTOP
630 S2=A·LO/AO
640 PRINT \ PRINT "THE STRESS ON THE SAMPLE IS: ": ' PRINT 52; PRINT "MPa"
650 ETIME " SLEEP( 1)
660 ADI~fED(3.B)

670 TI =D Ils 1/50 \ T2=D2/S3/50
675 PRINT "TI= "; TI. "T2= "; T2
680 REM
690 FOR 1= 1 TO 50
700 H I=HOlEXP(D 1·1150)
710 X(I,O)=(HI-HO)/SO+B
720 NEXT 1
730 REM
740 Hl=HO/EXP(DI )+0.254
750 H=(HO-H 1)/50
760 FOR [= 1 TO 50
770 H3=H2lEXP(D2·1150)
780 Y(I,0)=(H3-H2)/SO+.02+(B-H)
790 NEXTI
800 REM
810 CKTIME(l,.Ol)•

•

•
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820 Vl=DI/SlI.OI \. T8=VlID9 \. IF T8<1 THEN T8=l
830 V2=D2/S3i.Ol \. T9=V2/D9 \ IF T9<l THEN T9=1
880 ADTIMED(1~, ,1,T8,3,4)
890 ADTIMED(2,A, ,1,10000,3,4)
900 ADTIMED(3,A. ,1,T9,3,4)
910 ADTRIGGER(3,F5,-I)
920 REM SET UP THE SYSTEM-------------
930 FGARB([, "R", TIME TI, ARRAY X)
940 FGARB(l, "R", TIME 1.00000E-03..02+(B-H))
950 PRINT \. PRINT "PRESS RETURN TO START mE DEFORMATION"': INPUT GS
955 PRINT \. PRINT "TO INTERRUPT THE TEST. PRESS Ctr["C. ":
957 PRINT "AND TYPE 'GOTO 1060' "
960 ADlNIT \. FGGO \ ADGO( 1)
970 FGSTATUS(I.W) ". [f W< > 0 THEN GO TO 970
980 :\DSTOP( 1)
990 PRINT" PRINT "IST DEFORMATION DONE"
1000 IF 05= 1 THEN GO TO [060
1010 ETIME \ 5LEEP(n
1020 PRINT" PRINT "INTERPAS5 FINISHED"
1030 FGARB( [. "R", TIME T2. ARRAY Y)
1040 FGGO' ADGO(3)
1050 FGSTAruS( I.S) '. IF S< >0 THEN GO TO 1050
1060 ADSTOP \ FGSTOP .. CKSTOP
[070 REM
1080 FGIMMED(1. "K'. TIME .5.0)
1090 PRINT' PRINT '. PRINT
1100 PRINT ,.****** THE EXPERIMENT IS FINISHED ******": INPUT GS
1105 REM-----C 1 [5 THE MTS COMPL[ANCE-------------
1110 FOR 1=1 TO A
1130 C2= -ELEVEL(A(I,I»·lO
[140 C[= .198769*(l-EXP(-1.15596E-07·C2'''2»-2.0006E-OS·C2
1150 Z(I)=HO+(ELEVEL(A(1.2»-B)·SO
1160 REM - PRINT I.LOG(HO/Z(I)
1170 NEXT 1
1180 PRINT \ PRINT
1190 XO=I.00000E-05
1200 FOR [=10 TO A
1210 Xl=LOG(HO/Z(I)
1220 [F XI <XO THEN 1250
1230 XO=Xl
1240 NEXT [
1250 PRINT "Il=";I-1 ., Il=[-I
1254 G2= -ELEVEL(A([1.1»*LO·Z(Il)/AO/HO
1256 G3=.I·G2
[260 FOR ]=[1 TO A
1270 X2= -ELEVEL(A(1.1 »·LO·Z(J)/AOIHO
1280 lF X2 > G3 THEN 1300
1290 NEXT]
1300 PRINT "12=";] " [2=1
1310 ]=0
1380 FOR 1=0 TO A
1390 lF 1 > Il THEN lF [ < [2 GO TC 1420
1400 D(],O)=A(I,O) \ D(],I)=A(I,l) \. D(1,2)=A(I,2) \ D(],3)=A(I,3)
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1410 J=J+ 1
1420 NEXT 1
1430 REM
1440 ERASE
1450 PRINT \ PRINT
1460 PRINT "RESULTS FROM THE EXPERmIENT:"
1470 PRINT \ PRINT
1480 PRINT "INITIAL POSITION:"; \ PRINT B
1490 PRINT "TOTAL ~(BEROF DATA POINTS:"; \ PRINT J
1500 PRINT "NUMBER OF POlNTS FOR THE FIRST DEFORMATION:": PRINT Il
1510 F(l)=} \ F(2)=11
1520 F(3)=12 \ F(4)=HO \ F(S)=DO \ F(6)=D5 . F(7)=DI F(8)=S 1
IS30 F(9)=T \ F(10)=D2 \, F(1I)=L' F(l2)=SO
1540 F(l3)=B \ F(l4)=S3
1550 PRINT \ PRINT \ PRlNT
1560 W=SYS(4)
1570 PRINT "00 VOU WANT TO SAVE THE DATA"; INPUT GS
1580 PRINT" PRINT
1590 IF G$="N" THEN GO TO 1650
1600 OPEN "OU1:T'&N$ FOR OUTPUT AS FILE #1
1610 OPEN"OUl:K"&N$ FOR OUTPUT AS FILE #2
1620 FOUT( 1,0(0,0), ,O,F) 1. CLOSE #1
1630 FOUT(2,F( 1), ,O,F) " CLOSE #2
1640 REM ---
1650 PRINT' PRINT "00 VOU \\tANT TO SEE THE DATA"; INPUT GS
1660 IF G$="N' THEN GO TO 1910
1670 OPEN "OUI:T'&NS FOR INPUT AS FILE #1
1680 OPEN "OU 1:K"&N$ FOR INPUT AS FILE #2
1690 FINP(1.C(O.O). .O,f) '. CLOSE #1
1700 FINP(2.E( 1), .O.F) CLOSE #2
1710 J=E(1) \ Il=E(2) \ 12=E(3) \ HO=E(4)
1720 DO=E(5) \ DS=E(6) \ Dl=E(7) \ SI=E(S)
1730 T=E(9) \ D2=E(l0) \ L=E(11) SO=E(12), B=E(l3)
1740 REM--
1750 T(O)=O
1760 FOR 1=1 TO J
1770 T(I) = C(I.O)·.O 1+T(I-I)
1780 NEXT 1
1790 LO=L·4.4482·1000
ISOO AO=PI·(DO)"2J4
1810 PRINT \ PRINT "TEST= "; N$
1820 PRINT \ PRINT "T1ME(sec) :", "HEIGHT(mm) ;", "LOAD(kN) ;", "TEMP(C)"
1830 FOR 1=1 TO J
1840 Hl=HO+(ELEVEL(C(I.2»-B)·SO: ":",
1850 PRINT T(I); ";".
1860 PRINT HI; ";".
1870 PRINT (ELEVEL(C(1.1»·L·4.4482; ":",
1880 PRINT (ELEVEL(C(I,3»·2794-25
1890 NEXT 1
1900 PRINT \ PRINT "B=": E(l3). "J="; E(l), "11="; E(2)
1910 PRINT \ PRINT "00 VOU WANT TO SEE THE GRAPmCs": '. INPUT fS
1920 IF F$="Y" THEN CHAIN '·BAlST.BAS" LINE 270
1930 END
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SHEAR PUNCH TESTING PROGRAM

10 REM-CONSTA!l\JT ACTUATOR VELOCITY PUNCH TEST-
20 REM-PROGRAMMED BV A. ZAREI-HANZAKI & A. ROHATGI
25 REM-~IODIFIED BV T.MACCAGNO AND P.WA.l\JJARA-
30 ERASE
40 DlM A(1 000,2),B(l 000, 1),F(5)
50 J==O '. MO=O
60 PRINT "OLD TEST (0) OR NEW TEST(N) ": INPUT AS
70 PRINT "FILE NAME:": ,INPUT NS
80 IF A$="N" GO Ta 100
90 GOSUB 600 GO Ta 530
100 PRINT "MATERIAL :": rNPUT S$
110 PRINT' PRINT "ENTER LOAO RANGE (kips)": INPUT L LO=L·4A482·1000
120 PRINT ,PRINT "ENTER STRûKE RANGE (mm)": INPUT S
130 F( 1)=L ,F(2)=S
140 ERASE
150 GTIME(,M.H)
160 PRINT "DATE :": PRINT DATS
170 PRINT "TIME .... PRINT H: ":"M
180 PRINT
190 PRINT "********************PUNCH EXPERmlENTAL DATA***********************
200 PRINT', PRINT
210 PRINT "FILE NAJ.\IE :": PRINT N$
220 PRINT
230 PRINT "TOTAL EXPERIMINT lThlE (Set) ". INPUT T$
240 PRINT "TOTAL STROKE DISPLACEMENT (mm) ": INPUT D
250 PRINT
260 PRINT "LOAD RAJ.~GE ..•. PRINT L: PRINT" kip"
270 PRINT "STROKE RANGE :": ,PRINT S: PRINT" (mm)"

280 REM SET UP THE SYSTEM------------
290 CKTIME( 1,.03)
300 ADTlMED(l,A•.3.10,1)
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310 FGARB(I, "R", TIME T, -D/S)
320 PRINT "DO YOUWAI~T 'ONSCREEN' DISPLAY (YIN): ": \ INPUT A$
330 [F A$="N" THEN GOSUB 1280
340 PRINT ,.AFfER THE GRAPO AXIS HAVE BEEN PLOTfED, PRESS RE11.J&~ TO START'
350 W=SYS(4)
360 GOSUB 970
370 GOSUB 1170
380 FGIMMED(I, "R", TIME 0.5, 0)
390 PRINT .•****** THE EXPEIlIl\IENT IS FINISHED ******"
400 W=SYS(4) \ ERASE
410 FOR [=0 TO A
420 MI= -(ELEVEL(A(l,2»)·LO
430 [F MI> MO THEN MO = Ml
440 PRINT l. (ELEVEL(A(O, l»-ELEVEL(A(I.-( »)·S.M 1
450 PRINT
460 NEXT [
470 PRINT "REFERENCE ROW #: ": INPUT R
480 PRINT "IF VOU WILL not SAVE THE DATA, VOU WILL EXIT FROM THE PROGR-\.\f'
490 PRINT "DO VOU WA1~T TO SAVE THE DATA": . INPUT GS
500 PRINT \ PRINT
510 [F G$="N" THEN GO TO 580
520 GOSUB 840
530 PRINT \ PRINT "DO VOU WANT TO SEE THE GRAPHICS": INPUT GS
540 [F GS="N" THEN GO TO 560
550 GOSUB 760
560 PRlNT" PRINT "ANOTHER OLD FILE (0) OR FINISH (F)": lNPUT AS
570 [F A$="O" THEN GO TO 70
580 STOP
590 END
600 REM SUBROUTINE FOR PRINTING THE DATA----
610 OPEN "DU 1:M"&N$ FOR INPUT AS FILE #2
620 FINP(2,F(0), ,O,F) \ CLOSE #2
630 MO=O \ 1=F(0)/2 \ L=F( 1) \ S=F(2)
640 OPEN "DUI:T'&NS FOR INPUT AS F[LE #[

650 FINP( l ,8(0,0),F(O >.O.F) \ CLOSE #2
660 PRINT "PRESS RETURNTO SEE THE DATA": W=SYS(4)
670 PRINT "LOAD RANGE :";L: "Kips"
680 PRINT "STROKE RANGE :":S: "mm"
690 PRINT "NO. OF ROWS :";]
700 PRINT
710 FOR 1=0 TO (1-1)
720 MI =8(1.1) \ PRINT I,B(I,O),B(I.l)
730 IF Ml> MO THEN MO=M 1
740 NEXT 1
750 RETURN
760 REM-SUBROUTINE FOR PRINTING THE GR-\PH Of LOA» VS DISPLACE~IE~T
770 GOSUB 970
780 FOR 1=0 TO J
790 MARK(l ,4,B(I,O),B(I, 1»
800 NEXT 1
8[0 W=SYS(4)
820 ERASE
830 RETURN



PRINT MO: "N"
INPUTU
INPUT Ui
INPUT V
INPUT VI
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REM SUBROUTINE FOR SAVlNG THE DATA--------
FOR I=R TO J
B(J,O)=(ELEVEL(A(R, 1»-ELEVEL(A(I,-I »)·S
B(J,I )=-(ELEVEL(A(I,-2» )·LO
J=1+1
NEXTI
K=J·2
F(O)=K
OPEN "DUI:T'&N$ FOR OUTPUT AS FILE #1
OPEN "DU1:M"&N$ FOR OUTPUT AS FILE #2
FOUT( I.B(O.O).K.O,f) \ CLOSE # 1
FOUT(2,f( 1). ,O,f) \ CLOSE #2
RETURN
REM-----SUBROUTINE FOR PLOTTING THE GRAPO AXIS ETC.---
ERASE
PHYL( 1.5,95,0,99)
PRINT ... PRINT "MAXIMUM LOAD RECORDED
PRINT \, PRINT "ENTER THE MAXIMUMLOAD (N) ON Y A.."(IS . ".
PRINT '- PRINT "ENTER THE LOAD lNTERVALS ON y AXIS
PRINT , PRINT "ENTER THE MAXIMUM OISPLACEMENT (mm) . ".

PRINT \. PRINT "ENTER THE INTERVALS ON X AXIS
ERASE
SCALE( 1,0.-.01,V-r.01,O.U)
INVEC( 1) \ PLOT( 1,-.01,0)
PLOT( 1.-.0 LU)
PLOT( l,V+.O l.U)
PLOT( l,V+.O l.0)
PLOT( 1.-.01,0)
LABEL( I."DISPLACEMENT (mm)":'LOAD (N)n,VI. UI.I)
LABEL( 1," ",'" ",V1I5,U 115.3)
COMM(I,"TEST :....05·(V),.9S·U)
COMM( I.NS,.2,·(V),.95·U)
RETURN
REM--SUBROUTINE FOR "ONSCREES'" DISPLAy OF THE CURREST TEST-
W=SYS(4)
ADIMMED(3,BO)
ADINIT \ FGGO \ AOGO(I)
ADIMMED( l,Al) '- ADIMMED(3.Bl)
X=(BO-Bl)·S· Y=-AI·LO
MARK( 1.4,X,Y)
FGSTATUS(l,W) . If W < > 0 THEN GO TC 1210
ADSTOP \ FGSTOP . CKSTOP
FGIMMED(l:·R". lThlE 5,0) \ W=SYS(4) ERASE
RETURN
REM SUBROUTINE TO PERFORM THE TEST WHEN ·VISUAL' SOT ON--
PRINT "PRESS RETURN TO START THE TEST' . W =SYS(4)
ADINIT \ FGGO \ ADGO( 1)
fGSTATUS{1,W) \ [fW<>OTHENGOTO 1310
ADSTOP " FGSTOP \ CKSTOP
GOT0380
RETURN

Appendix Il Shear Punch Testing Program
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ApPENDIXIII

LATTICE PARAMETER CALCULA TIONS

Lanice parameter detennination trom diffraction data involves a number of

calculations and a proper analysis technique to ensure high precision in the computed

values. [n general. the lanice parameter. ao• of a cubic substance is directly proponional

to the spacing d of any panicular set of lanice planes according to the following equation.

(AllI. 1)

where hk/ are the Miller indices of the diffracting plane. a is the lanice spacing of the

cubic substance and dhA:J is the crystallographic plane spacing.

From the diffraction data, a measurement of the Bragg angle. 9h.t/' for each set of

diffracting planes, can be used to calculate dh.tl, according to Bragg's law.

À
dhk/ ., . e

_sIn hk/

(AIII.2)

•
where À is the neutron de Broglie wavelength for the neutron diffraction data analysis.

Hence obtaining dhA:l from equation AIII.2, a can be calculated trom equation AIII.1.

Precision in either dhA:J or a depends on precision in sin e, a derived quantity and not on

precision in e, the measured quantity. Hence, the error in sin e caused by a given error in

the measured 9 has becn tbund to decrease with increasing 9, (Fig. AllI. 1).



Thus, the angular position ofa diffracted beam will be more sensitive to a change in

crystallographic plane spacing or lanice parameter when e is large. Precision in lanice

parameter measurements therefore lies in the use of backward-reflected beams having

scattering angle, 28, values close to 180°. Although the error in sin e disappears as the

scattering angle approaches 180°, no observable retlected beams exist at this angle.

However, since the values of a calculated for the various diffraction planes approach the

(nte vaille more c10sely as the scattering angle increases. (238) it may be possible to obtain

the !nIe vaille of the lanice parameter by simply plotting the measured a values against e
and extrapolating to 29 = 180°. Unfortunately, a plot of the a values against the

scattering angle directly gives a nonlinear curve which is difficult to extrapolate

accurately. However, extrapolation functions giving a linear behavior have been derived

by considering the various effects that can generate systematic errors in the measured

values of the scattering angle.{D8) (A systematic error is one that varies in a regular

manner with sorne particular parameter such as off-center specimen and absorption).
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Figure AIII.l Variation in sin e with e illustrating that the uncertainty in sin edecreases

as eincreases.

[n this work, the a values were plotted against cos2 eand the true value of the lattice

parameter, élc, of a particular phase was found by extrapolating to cos2 9 = O. In general,

the use of the extrapolation function enables the elimination of systematic errors in a

which approach zero as eapproaches 90°. In addition, there is an increasing drift in the a

values with increasing 9 and this gives an indication as to the nature of the systematic

error, as shown in Figure A1I1.2. Comparing Figure AIII.2a with AIII2b, il is observed



that in the fonner plot the calculated a values exhibit a strong correlation to the regression

Hne, indicating small random errors, however, the line itself is quite steep due to large

systematic errors. The random errors occur inevitably during measurement of the

scattering angles of the diffracted peaks. These random errors in a also decrease in

magnitude as 9 increases, essentially due to the slow variation of sine with e at large

angles, as shown in Figure AIl!. 1. In both cases, the ao value remains the same.

However, inasmuch as the reliability of the regression line decreases with the degree of

scatter, great effort must be taken to minimize both random and systematic errors.
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(a) (b)
Figure AIII.2 Schematic of extreme fonns of extrapolation curves illustrating (a) large

systematic errors, small random errors and (b) small systematic errors and

large random errors.

ln the present work, at the commencement of consolidation~ at any isothennal

sintering temperature in the range of Il oooe to 1350°C, two phases existed: a Bec phase

corresponding to the 13-Ti..6~oAI-4% V and a FCC phase corresponding to the TiC. The

mean scattering angles for the diffraction peaks were identified from the neutron

diffraction data. These were then fitted to the hk/ Miller indices of the various diffracting

planes of each phase. Using equation AIII.2, the crystallographic plane spacing was

calculated. From these values the corresponding a values were obtained using equation

AIIL2, as summarized in Table AIII.I and AIII.2 for J3-Ti..6%AI-4%V and TiC,

respectively. The true lanice parameters at Il oooe for these phases were then obtained

by plotting the a values against cos1 9. As illustrated in Figure A.I1L3 and A.lII.4~ the

true lanice parameter, ao, for 13-Ti-6%AI-4% V and TiC was determined be 3.3043 A and

4.3609A, respectively.
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Table AIl!. 1 • Diffraction Peak Angles of Beta-Ti·6%AI4% V at Il OOae

h k 1 28 (0) d(hkJ) (A) ~hkJ) (A)

1 1 0 37.900 2.310 3.266

2 0 0 54.550 1.637 3.273

2 1 1 68.189 1.338 3.277

2 2 0 80.560 1.160 3.281

3 1 0 92.501 1.038 3.283

2 2 2 104.359 0.949 3.289

Table AIII.2 • Diffraction Peak Angles of TiC at II ooce

h k 1 28 e) dChkl) (A) ~hkn (A)

1 1 0 34.721 2.514 4.3537

2 0 0 40.299 2.177 4.3544

2 2 0 58.291 1.540 4.3557

3 1 1 69.640 1.313 4.3563

2 2 2 73.222 1.258 4.3565

4 0 0 87.039 1.089 4.3566

3 3 1 97.221 1.000 4.3576

4 2 0 100.638 0.975 4.3581

With consolidation, two new peaks were observed to fonn at the higher scattering

angles. From previous work with the Ti·6%AI4~/oV/TiC composite system~ it is

expected that the fonnation of the interfacial reaction product would be a non
stoichiometric TiC, phase.[lb.S6-89.11Q.121 1 It has been found that TiC, crystallizing in a NaCI

crystal structure, displays deviations from stoichiometry over a wide composition range

(TiC,: 0.5 :5 x :5 0.97). These deviations are caused by vacancies on the carbon lanice

sites. Moreover the carbon vacancies are disordered in the lanice. Thus, the analysis

perfonned for the lanice parameter of the TiC, phase was similar to that ofTiC.
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ApPENDlxIV

SINGLE PEAK GAUSSIAN FITTING PROGRAM

C THIS IS A PROGRAM TO TAXE A R.41VGE OF DATA FROJW Cl DIFFRACTION PA TTEItV
C AND FIT WITH A GAUSSIAN FUNCTIOIV.

DIMENSION X(IOO). Y(LOO). D(100). PARMS(5)
DIMENSION C(S}. FIINV(5.5}. CERR(5)
OPEN (UNlT=l.FILE='c:PRlTII.IN'. STATUS='OLD')
OPEN (UNlT=2.FILE='c:PRlTI l.P~V.STATUS='UNKNOWNt)
apen (unit=3,file='c:PRITI I.OUP'.status='unknawn')

C INITIAL GlIESSES OF PEAK POSITIONS
WRITE(· .• ) 'INITIAL GUESSES Of PEAK ANGLE
READ (.,.) C2

C ANALYZE SPECTRA UNTIL EOF
1 CONTINUE

C INPUT THE DA 7:" FROM DISUITE OR HARD DISK FILE•.-tVD JWODIFY IT INTO rx. J)
C FORM. ALSO HEP TRACK OF THE VAR/OUS EXPEIUWENTAL R P.4RA~UETERS FOR THIS
C RUNSUCR AS RlJN#, XPOS, YPOS WHICH ARE NECESSARY FOR OUTPUT FILE• .'X IS
C THE NUMBER OF EXPEJUVENT.4L DATA CPOINTS TO BE FIT.

CALL DATAIN (X.Y.NX,PARMS,AMON.IMDONE.lERR.C2)
[f (IMDONE.EQ.I) GOTO 999
IF (IERR.EQ.I) GOTO 990

C CALCUUTE INITIAL J.~4LUESOF TRE COEFFICIENTS OF THE .VODEL FFNCTION
C REPRESENTING THE PEAK DATA. (THE MODEL IS A GAUSSL41VSUPERI1WPOSED ON A
C SLOPED BACKGROlIND: HENCE THE COEFFICIENTS.4RE THE GAUSSIAN.4MPLIT[rDE,
C .VEAN SIGMA, .41VD THE LINE SLOPE .41VD y INTERCEPT. LABELLED C(1) THROUGH C(5)
C RESPECTIYELY. RETURNS ANERROR FUG IF THE DATA IS NOT LIKELY TO BE WELL
C .4NALYSED BYÂ GAUSSL;fJV,.EG NO DISCERNIBLE PEAK AG.4lNSTBACKGROl~VD

CALL PREFIT (C,x.Y,NX.IERR)
(f (IERR.EQ.I ) gala 990

C REFINE THESE ESTIMA TES OF THE COEFFICIENTS OF THE .VODEL FUNCTIOiV lTSLVG
C A LEAST-SQUARES PROCEDURE (NEWTON·RAPHSONSOLlTTION). THIS YIELDS THE
C BEST MODEL FUNCTION, D, .4ND A FINAL INVERSE llt.f TRIX USED FOR Ul'iCER7:.f1JVïY
C ESTIMATES, FIINY. IF THE N-R i.IATRlXC41VNOT BE INVERTED, FUG IERR IS SET TO 1.
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CALL REFINE (C,x,Y,D.fIINV,NX,IERR)
[f (lERR.EQ.I) GOTO 900

C CALCUUTE THE UNCERTAINTIES ASSOCIATED WlTH THE FINAL V.4LLTES OF THE
C COEFFICIENTS, AND THE GENERAL QUALITY OF FIT OF THE ~"ODEL TO THE DA r..., CH!

CALL UNCERT (Y,D,FIINV,CERR,CHI,NX)
C OUTPUT RESULTS IN THE FORMAT REQUlRED FOR THE SPREADSHEET PROGR.-L't.

CALL OATOUT (X,Y,D,NX.C,CERR.CHLPARMS.AMON)
GOTO 1

900 CONTINUE
WRITE (·,500) PARMS(I)

500 FORMATC RUN# ·.F8.0,' ••••• MATRIX NOT INVERTIBLE ••••••••)
GOTO 1

990 CONTINUE
WRITE(·,555) PARMS(l)

555 FORMATC RUN# ·,F8.0,' DATA NOT SUITABLE FOR GAUSSIAN FIT)
GOTO 1

C END-oF-FILE ENCOUNTERED. STOP PROGlUV
999 CONTINUE

WRJTE(*.550)
550 FORMAT(' END OF FILE FOUND... STOP')

CLOSE( 1)
CLOSE(2)
STOP
END

SUBROUTINE DATAIN (X.Y.NX.PARMS.AMON.IMOONE.IERR.C2)
DIMENSION X( 100).Y( 100),PARMS(5).YIN(800)
IERR=O
IMOONE=O

C CLEA.ll OUT BLANK LINES, TRA1VS HEADER AND SPECTRO~tETER IDENTIFIER
DO II K=1,4
READ ( l,• ,END=999)

II CONTINUE
C READ RUN NUl'JBER .-iND NlhlfBER OF DA 7:" POINTS I1V SC.f1V

READ ( 1,480,END=999) lNPT
480 FORMAT(5X,14)

C CLEAR OUT ."ODE LINE AND SPECTROMETER SETUP LLVES
DO 12 K=I,5
READ ( l,· .END=999)

12 CONTINUE
C READpllil

READ (1,461.END=999) PHIl
461 FORMAT(3IX,F8.3)

DO 121 K=I,8
READ ( 1.• ,END=999)

121 CONTINUE
C READ TIME, ~"ONITOR, TEMPERATURES

READ (1 ,482.END=999) TIME.AMON.CTEMP. RTEMP
482 fORMAT( 15X,F5.0.F9.0.f1O.4,f10.4)

READ (1,· ,END=999)
PARMS( 1) = lNPT
PARMS(2) =CTEMr
PARMS(3) = RTEMP
PARMS(4) = TIME
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C READINTHEDATA
READ (1,·,END=999) (Y1N(K),K=I,800)

C CORRECT THE BAD CHANNELS
't1N(l62) = (YlN(l61 )"T" YIN(l63 »/2.
YIN(449) = (YIN(448)+YIN(450»/2.
YIN(681) =(YlN(680)+YTN(682»/2.

C EXTRACT THE PEAK OFF THE DIFFRACTION PATTERN
ICENTR=(C2-PHII )·10+ 1
ILOW=fCENTR-15
IHI =ICENTR+15

C CONSTRUCTTHE~Y.4RlUYS

DO 15 I=ILOW,IHI
K = (I-ILOW)+ 1
X(K) -= PHil ... (lLOW.,.K-l)·O.l

15 Y(K) = YIN(I)

NX=31
RETURN

C EOF FUG SET IF END-OF-FILE 1J:.fS ENCOlJNTERED
999IMOONE=1

RETURN
END

SUBROUTINE PREFIT (C.X.Y,NX.IERR)
DIMENSION C(5).X(300),Y(300)
IERR=O

C FIND THE .VAX1JVUM J/.4Ll/E OF DATA Y, AND lTS POSITION
YMAX=O.
YMIN=I.0E6
DO 10 1=I.NX
IF (Y(I).LE.YMAX) GOTO 9
YMAX=Y(I)
fNDX=I

9 CONTINUE
IF (Y(I).LT.YMIN) YMIN=Y(I)

10 CONTINUE
C FllVD THE FULL WlDTH ATHALF .\I..fX

HMAX=(YMAX-YMIN)!2.
DO 20 l=lNDX.NX
IF «Y(I)-YMIN).LE.HMAX) GOTO 11

la CONTINUE
11 XMAX=X(I)

DO 30 J=l,INDX
l=lNDX-l+1
IF «Y(I)-YMIN).LE.HMAX) GOTO 31

30 CONTINUE
31 XMIN=X(I)

C (FWHM=XMAX-XMIN SIGlVA = FWHM/2,35)
C( I)=YMAX-YMIN
C(2)=X(INDX)
C(3)=(XMAX-XM~1/2.35
C(4)=(Y(NX)-Y( 1»/(X(NX)-X( 1»
C(5)=Y(l)
IF «INDX.EQ.NX).OR.(fNDX.EQ.l» ŒRR= 1
IF (YMAX.LT.(1.2·YMIN) IERR=l
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IF (YMAX.LE.lO.O) ŒRR=l
IF (NX.LT.lO) IERR=l
RETURN
END

SUBROUTINE REFINE (C.VECX,VECY,VECD,FIINV,N,IERR)
DIMENSION VECX(300),VECY(300).VECD(300)
DIMENS[ON C(5),F(5),Fl(5.5).FllNV(5.5),DF(5).DFl(5.5)
SUMSAV=l.OElO
[ERR=O
XO=VECX(l)

C CLEAR NEWTON-RAPHSON Fl'NCTION .41VD 11S DERIVA TlVE WlTH RESPECT TO COEFFS
1 DO 10 [=1,5
F(I)=O.
DO 10 1=1.5

10 FI(I,J)=O.
C COMPOSE N·R FUNC110N AND DERIVATWE .v... TRIX BY Sl'iU.WING INCRE~WENTS ARISING
C FROM EACH DATA POINT

DO 20 1=I.N
X=VECX(I)
Y=VECY(I)

C C4LCULA TE INCREMENTS OF F .41VD FI FOR THIS, THE lTH DA 7:" POINT AND THE
C VALUE OF THE ~VODEL FUNCTION, D, FOR THE CURRENT COEFFS V.4LlIES

CALL FINC (C,X.XO.Y.D.DF.OF1)
VECD(I) = D
DO 151=1.5
F(1) = F(1) ... OF(])

DO 15 K=1,5
15 Fl(1.K) = Fl(1.K) ... DFI(1.K)
20 CONTINUE

C SEE IF Sl~V(F**2)IS S;V-4LL ENOUGH SO THAT WE HA fic CONJ-cRGENCE
SUMF=O.
DO 30 [=1.5

30 SUMF = SUMf ... (F(I)/F1(l.I)"2
IF (SUMF.LT.l.E-4) RETURN

C CONVERSELY, IF THEBE W:"S NO PROGRESS o VER THE L"ST ITERATIOiV, THEN Ql'IT
TEST=ABS« l.-SUMF/SUMSAV)
IF (TEST.LT.O.O 1) RETURN
SUMSAV=SUMF

C IF FURTHER ITERATIONS ARE NEEDED, COEFF 1t:4LUES JIUST BE lfPDATED BY
C INYERTING THE N-R ~UATRIX

CALL MINV (F1.IERR)
IF (lERR.EQ.l) RETURN

C (SA VE MATRIX INVERSE IN C4SE THIS IS THE L"ST ITER." TION)
DO 501=1,5
CORR=O.
00401=1,5
FI INV(IJ)=F1(1.1)

40 CORR = CORR + FI(I,J)·F(1)
50 C(I) =C(I) - CORR/2.

GOTO 1
END

SUBROUTINE FINe (C,x,X0.Y,D,DF,DF1)
DIMENSION C(5), DF(5), DFl(5,5), Dl(5)
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CA =C(I)
CMU=C(2)
CS =C(3)
CM =C(4)
CS =C(5)

C CALCULA TE DERIJ-:.fTlVES OF jVODEL FlWCTIONAT THIS X WlTH RESPECT TO COEFF(N)
EXPARG =0.5*«X-CMU)/CS)**2
01(1)=0.
IF (EXPARG.LT.20.0) 01(1) = EXP «O.-EXPARG»
01(2) = CA*Dl(I)*(X-CMU)JCS/CS
01(3) =o1(2)*(X-CMU)/CS
01(4) = X-XO
Dl(5) = 1.0

C C4LCUL4TE THE ,.,ODEL FUNCTION WlTH PRESENT COEFFICIENTS
D = CM*DI(4) + ca.- CA*DI(1)

C WEIGHT OF EACH CONTRIBUTION TO THE I1VCREJVElVT, .41VD WEIGHTED DIFFERENCE
C BETWEEN DATA AND j.,ODEL ..fIlE:

w= l.!(Y+l.)
WD[FF = W*(O-Y)

C CALCULA TE THE INCREMENTS OF F
DO 101=1.5

10 DF(I) = WOIFF*DI(1)
C CALCULA TE THE INCRE.VENTS OF FI

DO 20 1=[,5
DO 20 1=1.5

20 DFI(l,J) = W*DI(I)*Dl{J)
C COMPLETE THE SYMMETRIC JIATRIX

DO 30 1=1.4
Jl=[+ 1
DO 30 1=J1.5

30 DFI(J.I) = Dfl(l,J)
RETURN
END

SUBROUTINE UNCERT (Y,D.F IINV.CERR.CHI.N)
DiMENS[ON Y(300). 0(300), FIINV(5.5), CERR(5)
XN=N
CHISQ=O.
DO 10 I=I,N

10 CHISQ = CHISQ ... (y(n - D(I»**2/(Y(I)~ 1.)
CHI = SQRT«CHISQ/(XN-5.»)
DO 201=1,5

20 CERR(I) =SQRT(FIINV(I.I»*CH[
RETURN
END

SUBROUTINE DATOUT (X.Y.D,NX,C,E,CID.PARMS,AMON)
DIMENS[ON C(5), E(5), PARMS(S),x(300),Y(300),0(300)

C SUM THE COUNTS oVER ALL CH4NNELS
SUM=O.
DO III 1L"l=1,NX

III SUM=SUM+Y(KN)
C COJVYERT AMPLITUDE TO INTEGRA TED lNTENSITY

FCT=SQRT(6.283186)*C(3)
C( 1)=ABS«C( l)*FCn)/AMON*1.0ES
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E( 1)=ABS«E( 1)*FCT)IAMON*l.OE5
C(5)=ABS«C(5)*FCT»/AMON*l.OE5
E(5)=ABS«E(5)*FCT)/AMON*1.OES
C(4)=ABS«C(4)*FCT)/AMON*I.OE5
E(4)=ABS«E(4)*FCT)/AMON*I.OES

C CONVERT SIGMA TO FWHM
C(3)=ABS«2.35482*C(3»)
E(3)=ABS«2.35482*E(3»)
WRITE (2!SOO) (PARMS(I),I=1,4),(C(I),E(I)'{=1.5),CHI

500 FORMAT(' '.F12.0,3FI2.2,lIFI2.4)
WRITE(·,497) NX

497 FORMAT CNUMBER OF DATA POlNTS ='.13)
C PUT INPUT/OUTPUT DA TA TO FILE

WRITE(3,*) , ,

WRITE(3,697) (PARMS(I).I=I,4), AMON
697 FORMATe ',4FI2.3.F12. 1)

DO 10 K=l.NX
WRITE(3,498) X(K).Y(K).D(K)

498 FORMAT(' ',FI2.3,2F12.3)
10 CONTINUE

WRITE (* .50 1) PARMS( 1),(C(I).I= 1.3 ),CHI
501 FORMATC RUN# [ MEAN FW CHI:'.F6.0...JF12.4)

RETURN
END

C SUBROUTINE TO INVERT'" 5X5 .\lATRlX FI. RETlfRNS INVERTED Ji.. TRIX IN ORIGINAL
eSPACE OF FJ AND SETS FUG (IERR=J IF Ji.. TRIX SINGl'L"R. 0 IF INVERSION seCCESS)

SUBROUTINE MINV (F 1.1ERR)
DIMENSION F 1(5.5), A(5.1O), [D(5)
N=5
NN=N.... [
N2=2*N
DO 200 l=l,N
DO 200J=I,N

200 A(I,J)=F 1(1,1)
K=l
DO 1 I=I,N
DO 1 J=NN,N2

1 A(I,J) = o.
DO 21 1=I,N
AU,N+l) = 1.

21 ID(l) =1
2 CONTINUE

KI( = K~l

IS = K
IT= K
B = ABS (A(K,K»
DO 3 1 = K,N
003J=K,N
IF (ABS(A(I,J).LE.B) GOTO 3
IS = 1
IT=]
B = ABS(A(I,J)

3 CONTINUE
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IF (IS.LE.K) GOTO 4
0042 J=K~N2

C=A(lS~J)

A(lS,J) = A(K,J)
42 A(K~J) = C
4 CONTINUE

IF (IT.LE.K) GOTO 5
IC = ID(K)
rO(K) = ID(ln
100n = IC
DO 52 I=L,N
C = A(Un
A(Un = A(I,K)

51 A(I,K) = C
5 CONTINUE

IF (A(K.K).EQ.O.) GOTO L20
DO 7 J=K.K~N2

A(K,1) = A(KJ)lA(K,K)
DO 71 = KK,N
W=A(I,K)·A(K.1)
A(I,J) = A(I.1) - W
IF (ABS(A(I,1).GE.O.OOOl·ABS(W) GOTO 7
A(I.1) = O.

7 CONTINUE
K=KK
IF (K.LT.N) GOTO 1
IF (K.GT.N) GOTO 120
IF (A(N,N).EQ.O.) GOTO 120
D09J=NN~N2

9 A(N,J) = A(N,J)/A(N.N)
NI = N-l
DO LO M=I,NL
1= N-M
II= 1+ 1
DO La K=II~N

DO L0 J=NN,N2
10 A(I.1) = A(I.1) - A(I.K)·A(K.1)

DO Il l=l,N
DO 11 J=I,N
IF (10(1) .NE. 1) GOTO Il
DO 112 K=NN,N2

L12 FI(I,K-N) = A(J.K)
Il CONTINUE

lERR = 0
RETURN

120 IERR = 1
RETURN
END

----------266



•

•

•

ApPENDIXV

DOUBLE PEAK GAUSSlAN FlTTlNG PROGRAM

C THIS IS ... PROGRAJ~I TO TAKE'" RANGE OF DA 7:4 FROM C2 DIFFRACTION PA TTELV
C AND FIT WlTH A GAUSSL-LV FUNCTION.

DIMENSION X( 100). Y( 100). Dt 100). PARMS(4)
DIMENSION C(6), FIINV(6.6), CERR(6)
OPEN (UNIT= I.FILE='c:PRITI2JN'. STATUS='OLD')
OPEN (UNIT=2.FILE='c:PRITI2.PRN'.STATUS='UNKNOWN')
open (unit=3,file='c:PRlTI2.0UP'.status='unknown')

C INITL« GUESSES OF PEAK POSITIONS
WRITE(t .t) 'INITIAL GUESSES Of DOUBLET ANGLES
WRITE(t,t) 'FIRST PEAK
READ (t,.) C3
WRITE(·.• ) 'SECOND PEAK
READ (t,.) C4
CAVG = (C3+C4)/2.

C ANALYZE SPECTRA lINTIL EDF
1 CONTINUE

C INPUT THE DATA FROM DISKETTE OR HARD DISK FilE, .-LVD JIODIFY IT lNTO fX t) FOIt~1

C ..uSO KEEP TRACK OF THE VAR/OUS EXPERlMEN7:H PARAMETERS FOR THIS R(~VS(!CH
C RUN#, XPOS, YPOS WHICH ARE NECESSARY FOR OliTPlJT FILE• .VX IS THE Nl/JIBER OF
C EXPERlMEN7:H DA 7:4 POll\7S TO BE FIT.
CALL DATAIN (X,Y,NX,PARMS.AMON,IMOONEJERR.CAVG)

IF (IMDONE.EQ.l) GOTO 999
IF (IERR.EQ.l) GOTO 990

C C4LCUUTE INITIAL VALUES OF THE COEFFICIENTS OF THE .VODEL Fl'NCTION
C REPRESENTING THE PEAK DATA. (THE .UODEL IS A G:4USSL4NSlIPERlMPOSED 01VA
C SLOPED BACKGROUND: HENCE THE COEFFICIENTS ARE THE GAUSSL41V.-tUPLlTliDE,
C MEANSIGlVA, AND THE L/NE SLOPE .4ND y INTERCEPT, LABELLED C(1) THROUGH CrS)
C RESPECTlVEl t: RETURNS ANERROR FLAG IF THE DATA IS NOT LlKELY TO BE "''ELL
C .4NALYSED BYA GAUSSIAN,.EG NO DISCERNIBLE PEAKAGAINST BACKGROU.VD

C(3)=C3
C(4)=C4
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CALL PREFIT (C,X,Y,NX.IERR)
IF (lERR.EQ.l) gete 990

C REFINE THESE ESTIMA TES OF THE COEFFICIENTS OF THE ;VODEl Fl!NCTION l'SLYG
C A LEAST-SQUARES PROCEDURE (NEWTO.V-RAPHSON SOLUTION). THIS fIELDS THE
C BEST .VODEL FUNCTIOl'/, D, ..LVD ... FINAL I1VVERSE JIATRIX (·'SED FOR U.VCERT.4J1VTY
C ESTIMATES, FilNf/. IF THE N-R MA TRIX C.41VNOT BE INYERTED, FL4G IERR IS SET TO 1.
CALL REFINE (C,X,Y,D,FIINV,NX,IERR)

IF (IERR.EQ.l) GOTO 900
C CALCUUTE UNCERT.4lNTIES ASSOCUTED WITH FINAL VALUES OF THE COEFFS, .-LVD
C THE GENERAL QUALITY OF FIT OF THE .~fODEl TO THE DA 7:4, CHI.

CALL UNCERT (Y,D,F 1INV.CERR.CHI.NX)
C OUTPUT RESLTLTS IN THE FORMAT REQUIRED FOR THE SPREADSHEET PROGRA.V.

CALL DATOUT (X.Y,D,NX.C.CERR,CHI,PARMSAMON)
GOTO 1

900 CONTINUE
WRITE (*,500) PARMS( 1)

500 FORMATC RUN# I.FS.a: ••••• MATRIX NOT INVERTIBLE •••••••f)

GOTO 1
990 CONTINUE

WRITE(·,555) PARMS( 1)
555 FORMATC RUN# ',FS.O: DATA NOT SUlTABLE FOR GAUSSIAN FIT)

GOTO 1
C END-OF-FILE ENCOUNTERED. STOP PROGR.4.V
999 CONTINUE

WRITE(*.550)
550 FORMATC END OF FILE FOUNO... STOP')

CLOSE(I)
CLOSE(2)
STOP
END

SUBROUTINE DATAIN (X,Y,NX.PARMS.AMON.lMDONE.lERR.CAVG)
DIMENSION X{lOO),Y( 100).PARMS(4),YIN(SOO)
IERR=O
IMDONE=O

C CLEAR OUT BL4NK lINES, TRANS HEADER A.ND SPECTROMETER IDENTIFIER
DO Il K=1,4
READ (1,·,END=999)

II CONTINUE
C READ RUNNlh~IBERA1VD .VlJMBER OF DATA POINTS 11VSC4N

READ (I.4S0.END==999) INPT
480 FORMAT(5X,14)

C CLE.a OUT MODE LINE .4ND SPECTRO.VETER SETUP LINES
DO 12 K=I,5
READ ( 1,• .END=999)

12 CONTINUE
C READphil

READ (1,461 ,END=999) PHIl
461 FORMAT(31X.F8.3)

DO 121 K=1.8
READ (1,*,END=999)

121 CONTINUE
C HEAD TIME, MONITOR, TEMPERATURES

READ (1 ,482,END=999) TIME,AMON,CTEMP, RTEMP
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482 FORMAT( 15X,F5.0,F9.0,F1O.4,F10.4)
READ (1,• ,END=999)
PARMS( 1) = INPT
PARMS(2) = CTEMP
PARMS(3) = RTEMP
PARMS(4) = TIME

C READ IN THE DATA
READ (l.·,END=999) (YIN(K).K=I,800)

C CORRECT THE BAD CHANNELS
YIN(l62) = (YIN(161)+YIN(l63»/2.
YIN(449) = (YIN(448)+YIN(450»/2.
YIN(681) = (YIN(680)+YIN(682»t2.

C EXTRACT THE PEAK OFF THE DIFFRACTION PATTERN
ICENTR=(CAVG-PHI 1)·10+ 1
ILOW=ICENTR-20
IHI =(CENTR+20

C CONSTRUCT THE ...~Y.·tRRAYS
DO 15 I=ILOW,IHI
K = (I-ILOW)+ 1
X(K) = PHIl .,. (lLOW~K-2)·0.1

l5 Y(K) =YIN(!)
NX=41
RETURN

C EOF FUG SET IF EiVD-DF-FILE W:-iS ENCOUNTERED
999 lMDONE=1

RETURN
END

SUBROUTINE PREFIT (C.x.Y.NX,IERR)
DIMENSION C(6),X(100).Y( 100)
IERR=O

C FIND THE .VAXIMUIV VALUE OF DA 7:" JI: ....ND ITS POSITION
YMAX=O.
YMIN=I.OE6
DO lO l=l,NX
IF (Y(I).LE.YMAX) GOTO 9
YMAX=Y(I)
INDX=(

9 CONTINUE
IF (Y(I).LT.YMIN) YMIN=Y(I)

10 CONTINUE
IF «INDX.EQ.NX).OR.(INDX.EQ.l» IERR= 1
IF (YMAX.LT.(1.2·YMIN)) IERR=I
IF (NX.LT.IO) IERR=1
RETURN
END

SUBROUTINE REFINE (C,VECX,VECY,VECO,FllNV.N.IERR)
DIMENSION VECX( (00),VECY( 100),VECD( 100)
DIMENSION C(6),F(6),F1(6,6),F1INV(6,6).DF(6),DF1(6.6)
SUMSAV=1.0EIO
IERR=O
XO=VECX(I)

C CLEAR NEWTON-RAPHSON FUNCTION, A1VD ITS DERlYATIYE WITH RESPECT TO COEFFS
1 DO 10 (=1,6
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F(I)=O.
DO 10 1=1,6

10 Fl(I.1)=O.
C COMPOSE JV-R FIINCT/ON, AND DERIVATIVE ~"'41RlXBYSUJUM/NG INCRE,UEI.VTS
C AR/SING FROM EACH DATA POINT

DO ZO 1=I.N
X=VECX(I)
Y=VECY(I)

C CALCULATE THE INCREMENTS OF F .41VD FI FOR TH/S, THE ITH DATA POIJVT .41VD THE
C VALUE OF THE lVODEL FUNCTION, D, FOR THE CURRENT ~:4LUESOF THE COEFFS.

CALL FINC (C,X,XO.Y,D.OF.OF1)
VECD(I) = 0
DO 151=1,6
F(l) = F(l) + OF(l)

DO 15 K=I,6
15 FI0,K) = Fl(J,K).,.. OF 1(1.K)
ZOCONTINUE

C SEE IF SUM(F**1) IS SMALL ENOUGH SO 18.4T WE HA VE CONVERGENCE
SUMf=O.
DO 301=(,6

30 SUMF =SUMF'" (F{I)lFl(I.I)··Z
IF (SUMf.LT.l.E-6) RETURN

C CONVERSELY, IF THERE W"S NO PROGRESS oVER THE LAST ITER." TION, THEN QlJT
TEST=ABS« 1.-SUMF/SUMSAV))

IF (TEST.LT,O.OO 1) RETURN
SUMSAV=SUMF

C IF FURTHER ITERATIONS ARE NEEDED, COEFF VALUES .UUST BE l/PDATED BY
C INVERTING THE N-B .lfATRlX

CALL MINV (F l,IERR)
IF (lERR.EQ.l) RETURN

C NEW COEFFS =OLD COEFFS -IJVV(FI) . F
C (SA VE .VATRIX liVYERSE IN C"SE THIS IS THE L4ST ITERATIOl')

DO 501=1.6
CORR=O.
DO 401=1.6
FI INVO,1)=F1(1.1)

40 CORR = CORR'" FI(lJ)·F(1)
50 C(I) = C(I) - CORRJZ.

GOTO 1
END

SUBROUTINE FINC (C.x.xO.Y.D.OF,DFl)
DIMENSION C(6), DF(6), DFH6,6), 0[(6)
CAl =C(l)
CA2 =C(Z)
CMI =C(3)
CM2 =C(4)
CS =C(5)
CB =C(6)

C CALCULA TE DERIVATIVES OF MODEL FUNCTION AT THIS X WITH RESPECT TO COEF (iV)

EXPARG= o.s·«X-CM ()ICS)··Z
DI(1)=O.
IF (EXPARG.LT,20.0) 01(1) = EXP «O.-EXPARG»
DI (3) = CA.·01( 1)·(X-CM 1lieS/CS
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EXPARG= 0.5*«X-CM2)/CS)**2
01(2) = O.
IF (EXPARG.LT.20.0) 01(2) = EXP «O.-EXPARG»
01(4) = CA2·0 1(2)*(X-CM2)iCS/CS
D1(5) = Dl(3)·(X-CMl)/CS + Dl(4)·(X-CM2)/CS
D 1(6) = 1.0

C CALCUL4TE THE I~ODEL FUNCTION WlTH PRESENT COEFFICIENTS
D = ca + CAI*Dl( l) + CA2*OI(2)

C WEIGHT OF EACH CONTRIBUTION TO THE INCREMENT. A.ND WEIGHTED DIFFERENCE
C BETWEEN DATA AND JUODEL ARE:

W = l./(Y+l.)
WDIFF = W*(D-V)

C CALCULATE THE INCREME1VTS OF F
DO 10 1=1,6

10 DF(I) = WDIFF*Dl(1)
C CALCULATE THE INCREMENTS OF FI

DO 201=1.6
DO 20 J=I,6

20 DFI(I,J) = W·Dl(I)*Dl(1)
C COMPLETE THE SYJVMETRIC IlL4 TRIX

00301=1,5
11 =1+ 1
DO 30 J=Jl.6

30 DFl(J.I) = DFl(l,1)
RETURN
END

SUBROUTINE UNCERT (V.D.FIINV.CERR.CHI.N)
DIMENSION V( 100).0(100). FIINV(6.6). CERR(6)
XN=N
CHISQ=O.
DO 10 I=I.N

10 CHISQ = CHISQ - (Y(I) - 0(1)*·2.:(Y(l)+ 1.)

CHI = SQRT«CHISQ/(XN-6.»)
DO 201=1,6

20 CERR(I) = SQRT(FIINV(I,I)·CHI
RETURN
END
SUBROUTINE OATDUT (X.Y.D.NX,C.E.cHI.PAüfS.AMON)
DIMENSION C(6). E(6), PARMS(4),X( IOO),Y( 100),D( 100)

C SUM THE COUNTS oVER .al CHAlVJ.VELS
SUM=O.
DO 111 KN=l.NX

111 SUM=SUM+Y(KN)
C COjVYERTAMPLITUDE TO Il\TEGRA TED INTE1VSITY

FCT=SQRT(6.283186)*C(5)
C( 1)=ABS«C( 1)·Fcn)1AMON*I.OE5
E( 1)=ABS«E( [)·FCT)/AMON*I.0E5
C(2)=ABS«C(2)·FCT)1AMON*I.OE5
E(2)=ABS«E(2)·FCT)IAMON*I.OE5
C(6)=C(6)/AMDN*1.0E5
E(6)=E(6)/AMON*1.OE5

C CONYERTSIGMA ro FWHM
C(5)=ABS«2.35482·C(5»)
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E(5)=ABS«2.35482·E(5»)
WRITE (2,500) (PARMS(I),I=I ,4),(C(I),E(I),I= 1,6),CHI

500 FORMATC ',FIO.O,3FIO.2,13FIO.4)
WRITE(· ,497) NX

497 FORMAT (' NUMBER OF DATA POINTS ='.13)
C PUT INPUT/OUTPUT DATA TO FilE

WRITE(3.697) (PARMS(I),I= 1,3)
697 FORMAT('O',3FlO.3)

DOIOK=l.NX
WRITE(3,498) X(K),Y(K).D(K)

498 FORMATC ',3FlO.3)
la CONTINUE

WRITE (. ,501) PARMS( 1),(C(I),I= 1,5,2),CH[
501 FO~(AT(' RUN# INT MEAN FWHM CHISQ:'.F8.0.4FI0.4)

RETURN
END

C SUBROlJTINE TO INVERT A 6X6 MATRIX FI. RETURNS INVERTED Jl4TRIX IN ORIGINAL
C SPACE OF FI AND SETS A FL4G (IERR=I IF ~K"TRIX SINGUL4R, 0 IF INVERSION SFCCESS)

SUBROUTINE MINV (Fl.IERR)
DIMENSION FI(6.6), A(6.12), 10(6)
N=6
NN=N+I
N2=2·N
DO 200 I=I,N
DO 200 J=I.N

200 A(I,J)=Fl(IJ)
K=l
DO 1 I=I.N
DO 1 J=NN.N2

1 A(I)) =O.
DO 21 I=I.N
A([,N+I) = 1.

21 [0(1) = 1
:2 CONTINUE

KK. = K+l
15=K
IT=K
B =ABS (A(K,K))
D031=K,N
D03 J= K,N
IF (ABS(A(I.]».LE.B) GOTO 3
15 = [

IT=J
B = ABS(A(l.J)

3 CONTINUE
IF (lS.LE.K) GOTO 4
DO 42 J=K,N2
C=A(lS,J)
A([S.J) = A(K,J)

42 A(K,J) = C
4 CONTINUE

IF (lT.LE.K) GOTO 5
[C = ID(K)
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ID(K) = ID(lT)
ID(IT) = le
DO 52 I=l.N
e = A(I.IT)
A(I,IT) = A(I.K)

52 A(I,K) = e
5eO~'UE

IF (A(K.K).EQ.O.) GorO 120
DO 7 J=KK.N2
A(KJ) = A(K.J)/A(K,K)
DO 71 = KK.N
W=A(I.K)·A(K.J)
A(I.J) = A(I.J) - W
IF (ABS(A(I.J).GE.O.OOO 1·ABS(W) GOTO 7
A(lJ) = O.

7 CONTINUE
K=KK
[f (K.LT.N) GOTO 2
[f <K.GT.N) GOrO 120
IF (A(N.N).EQ.O.) GOrO 120
009J=NN.N2

9 A(N,J) = A(N.J)/A(N.N)
NI = N-l
DO 10 M=l.NI
I=N-M
11= 1+ 1
DO 10 K=II.N
DO 10 J=NN.N2

10 A(I,J) = A(I,J) - A(I.K)* A(K.J)
DO Il l=l.N
DO 11 J=I.N
IF (IO(J) .NE. 1) GOTO Il
DO 112 K=NN.N2

112 Fl(I,K-N) = A(J.K)
Il CONTINUE

IERR = 0
RETURN


