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ABSTRACT

his study focuses on various aspects of solid-state
diffusion bonding of two ceramic-metal combinations, namely: silicon carbide-
molybdenum (SiC-Mo), and silicon nitride-molybdenum (Si,N;-Mo). Single SiC-Mo and
Si,N,;-Mo joints were produced using hot-uniaxial pressing. The microstructure of the
resulting interfaces were characterized by image analysis, scanning electron microscopy
(SEM), electron probe micro-analysis (EPMA), and X-ray diffraction (XRD). The
mechanical properties of the joints were investigated using shear strength testing, depth
sensing nanoindentation, and neutron diffraction for residual stress measurement.
SiC was solid-state bonded to Mo at temperatures ranging from 1000°C to
1700°C. Diffusion of Si and C into Mo resulted in a reaction layer containing two main
phases: Mo.Si; and Mo,C. At temperatures higher than 1400°C diffusion of C into

Mo,Si; stabilized a temary phase of composition MosSi,C. At 1700°C, the formation of
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Abstract iv

MoC,, was observed as a consequence of bulk diffusion of C into Mo,C. A maximum
average shear strength of 50 MPa was obtained for samples hot-pressed at 1400°C for
1 hour. Higher temperatures and longer times contributed to a reduction in the shear
strength of the joints, due to the excessive growth of the interfacial reaction layer. Si;N,
was joined to Mo in vacuum and nitrogen, at temperatures between 1000°C and 1800°C,
for times varying from 15 minutes to 4 hours. Dissociation of Si;N; and diffusion of Si
into Mo resulted in the formation of a reaction layer consisting, initially, of Mo,Si. At
1600°C (in vacuum) Mo,Si was partially transformed into MosSi; by diffusion of Si into
the original silicide, and at higher temperatures, this transformation progressed
extensively within the reaction zone. Residual N, gas, which originated from the
decomposition of Si;N,, dissolved in the Mo, however, most of the gas escaped during
bonding or remained trapped at the original Si,N,-Mo interface, resulting in the formation
of a porous layer. Joining in N, increased the stability of Si;N,, affecting the kinetics of
the diffusion bonding process. The bonding environment did not affect the composition
and morphology of the interfaces for the partial pressures of N; used. A maximum
average shear strength of 57 MPa was obtained for samples hot-pressed in vacuum at

1400°C for 1 hour.



RESUME

_Be présent travail traite de I’adhésion a diffusion
a 1’état solide appliquée & deux combinaisons céramique-métal: carbure de silicium-
molybdeéne (S8iC-Mo) et nitrure de silicium-molybdeéne (Si;N4s-Mo). Des joints simples de
SiC-Mo et Si;N,-Mo ont été fabriqueés en utilisant le pressage uniaxe a haute température.
La microstructure des inte;rfaces a été caractérisée a 1’aide de ’analyse d’image, balayage
€lectronique, analyse par la microsonde électronique, et la diffraction des rayons X. Les
propriétés mécaniques des joints ont €té étudies en analysant la résistance en
cisaillement, indentation avec sondage de la profondeur de pénétration, et la diffraction
de neutrons pour mesurer les forces résiduelles.
SiC a été lié 3 Mo a 1’état solide & des températures variantes entre 1000°C et
1700°C. La diffusion du Si et du C dans Mo a résulté 2 une zone de réaction constituée

de deux phases: MogSi; et Mo,C. Pour des termpératures supérieures a2 1400°C, la



Résumé vi

diffusion du C dans MosSi, a stabilisé la phase ternaire de composition Mo;Si;C. A
1700°C, la formation de MoC,_, a été observée due 2 la diffusion en volume du C
dans Mo,C. Une valeur maximale moyenne de la résistance en cisaillement de 50 MPa
a été obtenue pour des échantillons fabriqués a 1400°C pour 1 beure. Des
températures plus élevées et des temps plus longs ont contribué a la réduction
de la force de tondre des joints, due a la croissance excessive de la couche de
réaction a ['interface. Si;N, a été joint 2 Mo sous vide et sous azote dans ’intervalle
de température 1000°C - 1800°C pour des temps variants entre 15 minutes et
4 heures. La dissociation du Si,N, et la diffusion du Si au Mo ont causé la formation
d’une couche de réaction constituée, initialement, de Mo,Si. A 1600°C (sous vide) Mo,Si
a €té partiellement transformé en Mo,Si, par diffusion du Si envers le siliciure original.
A des températures plus élevées, telle transformation a développé considérablement dans
la zone de réaction. Le gaz N, résiduel, qui est créé de la décomposition du Si;N,, a été
dissous dans le Mo, cependant, la plus part du gaz a échappé pendant ’adhésion ou a
resté piégé a I'interface original du Si;N,-Mo, causant la formation d’une membrane
poreuse. Le joint sous N, a augmenté la stabilité de Si;N,, affectant les cinétiques du
proces d’adhésion & diffusion. L’environnement de 1'adhésion n’a pas affecté la
composition et 1a morphologie de I'interface avec les pressions partielles du N, utilisés.
Une valeur maximale de la résistance en ciszillement de 57 MPa a été obtenue pour les

échantillons pressés sous vide 2 1400°C pour 1 heure.
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CHAPTER 1:

INTRODUCTION

D uring the past few years the use of ceramics in

structural applications has gradually increased. Conventional heavy metallic structures
have been replaced by lighter ceramic materials, capable of providing high strength as
well as good corrosion and wear resistance at high temperatures. Ceramics such as
silicon carbide (SiC) and silicon nitride (Si;N,) are also able to resist severe mechanical
stresses, in the presence of radiation and in chemically hostile environments, particularly

at high temperatures, exceeding by far the capabilities of metals. Among the properties
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that make SiC and Si;N, suitable for structural applications are low density, high-strength
at high temperatures, high modulus of ~upture, good wear-resistance, and relatively good
oxidation resistance as compared to other high-temperature structural materials, such as

nickel and iron based superalloys (Figure 1.1 and Appendix I).
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Figure 1.1- Oxidation of SiC and structural Ni-Fe superalloys at 1250°C [1].

Because of this combination of properties, engines and gas-turbines containing
Si;Ny and SiC parts can operate at higher temperatures with improved thermodynamic
combustion efficiency [2,3]. In addition, the use of light materials also represent
advantages from the economical point of view. Reducing engine weight enhances fuel

economy (Figure 1.2), and decreases the emission of gaseous and particulate pollutants
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into the atmosphere: a benefit that heips companies t0 meet increasingly rigorous

environmental regulations [4].
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Figure 1.2- Specific fuel consumption for different turbine inlet temperatures.
Engines operate at typical pressure ratios of 7 and 16 [5].

The automotive industry has profited from the recent developments in ceramics
such as SiC and Si;N,, fabricating turbochargers and other engine components for service
temperatures in excess of 1000°C [1,2]. Figure 1.3 shows a Si;N, turbocharger rotor
manufactured by Garrett Turbo Inc., and employed by Nissan in the 1990 Skyline model.
The use of the light-weighted Si;N, turbine wheels reduced rotating inertia by 40% and
improved time-to-boost by 30%, delivering 280 hp with nearly instantaneous

. acceleration [6].
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Figure 1.3- Si;N, turbocharger rotor used in the Nissan 1990 Skyline model [2].

Other automobile manufacturers have also investigated the use of ceramic
materials for turbocharger engines. For example, Toyota Motor Corporation has already
introduced injection molded Si;N, rotors into the Celica model, improving overall engine
performance, as depicted in Figure 1.4. Volkswagen AG is another company developing

SiC and Si;N, rotors aiming at turbocharger inlet temperatures of 1230°C [6].
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Figure 1.4- Comparative perforinance of Toyota engines equipped with metallic and
Si,N, turbochargers [6].
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SiC and Si;N, have also being used as aeroengine materials (Figure 1.5)
permitting aerospace companies to improve the thrust to weight ratio by 50% in military
aircrafts and 25 % in civil airplanes {8]. For military engines this equates to better aircraft
performance, increased capability for carrying weapons, and prolonged operating ranges.
For civilian engines these benefits translate into reduced specific fuel consumption,
lowering life cycle costs. Modern engines run in an environment of about 900°C to
1000°C, requiring extensive cooling of the metallic components, such as exhaust nozzles.
With the use of SiC or Si;N,, the operating temperatures of such engines can be raised
to 1200°C or higher, without cooling. As an example, Rolls-Royce have researched the
manufacturing process of SiC, expecting to enhance the materials properties to withstand
engine cycles of 1400°C [6]. In addition, ceramic components have the potential to last
up to four times longer than similar metal parts exposed to high temperature conditions.

Elsewhere, SiC has been used in the electronic industry and in nuclear fusion
reactors. Structural materials for fusion reactors require chemical and oxidation resistance
along with improved mechanical properties at high-temperatures. SiC has these
characteristics and it can be used as a protective coating of reactors first wall materials
such as Mo, due to their similar thermal-expansion characteristics and refractoriness [9].
For microelectronics applications, although silicon-based devices are used in 99% of the
cases, there are certain service requirements for whicﬁ they are not appropriate, i.e.,
exposure to radiation and high-temperatures. For these purposes, alternative combinations

of semiconductors (GaAs and SiC) and refractory metals (Mo and W) have been studied.
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Refractory metals are important in electronic applications because they react with the
ceramic promoting the formation of ohmic contacts with low electrical resistance within
the interfacial region.

The use of ceramics also have a few associated disadvantages. For example, as
an outcome of their brittle behaviour, ceramics usually have large scatter in their
strengths and they are difficult to machine. Consequently, ceramics are used in
conjunction with metals to fabricate composites, ceranﬁé-coated components, and joined
structures. When bulk ceramic parts are used, they are usually small and replace specific
components. However, thi§ situation implies that the ceramic parts have to be joined to
various metallic structures, as in the case of the ceramic turbine rotor to the metallic
shaft of an engine. Therefore, the practical use of ceramics in engineering devices largely
depends on the ability to join them to metals. Reliable joining processes are necessary
for the production of sound joints with good mechanical properties at the required service
temperature and environment [2,3].

Several methods to join ceramics to metals have been developed over the years,
The appropriate approach depends on the materials to be joined, joint design, and the
anticipated operating conditions. Among the various joining methods currently available,
metal-brazing is known to produce sound ceramic-metal joints with good mechanical
properties. However, brazed joints are usually not resistant to temperatures in excess of
500°C because of the typical brazing temperatures, and limited melting temperature and

oxidation resistance of the available brazing alloys [10]. Solid-state diffusion bonding
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arises as an alternative method to produce temperature-resistant interfaces. Diffusion
bonded joints are able to withstand higher service temperatures than brazed components,
as well as to resist chemically hostile environments.

Solid-state joining requires the application of pressure at high-temperatures in
order to promote intimate contact between the parts, which is essential for high-quality
bonding. This requirement, however, is a shape-restrictive aspect, limiting the geometry
of the joints to flat components. However, the most relevant problem in ceramic-metal
joining by solid-state diffusion comes from the different thermal expansion behaviour of
the materials. Highly covalent ceramics, such as SiC and Si;N,, have generally lower
coefficients of thermal expansion (CTE) than metals. Whereas Si;N, and SiC have CTEs
of 3.5:10°°C"! and 4.4:10%°C" respectively, metals and alloys of technological interest
have CTEs ranging from 8:10%°C? up to 25:10°°C. These metals and alloys contract
more than the ceramic during cooling of the diffusion couple from the relatively high
bonding temperatures. Consequently, residual stresses are created, affecting the
mechanical integrity of the joint. In particular, the presence of tensile stresses in the
region adjacent to the interface and close to the edges of the ceramic, increases the
probability for brittle fracture [11]. Several approaches can be used to overcome this
difficulty. The main alternatives are the optimization of sample design avoiding
geometries with points of high stress concentration such as rectangular faces, and the use

of metallic interlayers with CTE between those of the ceramic and base metal.
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The use of metallic interlayers is based on metals with CTE close to that of the
ceramic. Although a few Ni-alloys have low thermal expansion characteristics, this
behaviour is limited to a narrow temperature range. Therefore, the comparative analysis
carried out, herein, is limited to metals that do not show discontinuities in their thermal
expansion curves as a function of the temperature. Figure 1.6 shows thermal expansion
coefficients for a few low-expansion metals as compared to those of SiC and Si;N;. From
the thermal expansion point of view, refractory metals such as tungsten (W) and
molybdenum (Mo) are the most attractive materials to be used as interlayers for joining
SiC and Si;N, to other metals. Their CTEs are close to those of the ceramics and they
can be used to reduce the thermal mismatch between SiC/Si;N, and metals or metal

alloys with higher CTEs.
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Figure 1.6- Linear coefficient of thermal expansion («, 20°C to 1600°C) of SiC,
¢ Si,N,, and low-expansion metals [4,11].
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. Mo-interlayers can be readily used to join SiC and Si;N, to metals, even if the
joint is required to function in corrosive environments, as Mo is resistant to high-
temperature corrosion by most types of molten glasses and acids found in chemical plants
[12]. On the other hand, if the service conditions involve exposure to oxidizing
atmospheres, the Mo-interlayer has to be protected. An exception occurs if the joint
design keeps the interlayer isolated from the oxidizing environment, such as in the case
of ceramic-metal seals, exhaust valves, and fuel nozzles [3]. Moreover, it has been
reported that unprotected Mo is capable of sustaining short term use (up to 100 hours)
in fuel-rich sections of turbine engines, operating at temperatures up to 1400°C [13].
However, the fast rates of oxidation of Mo at temperatures higher than 540°C in
oxidizing atmospheres, prevent long term use of the material [14]. For service
temperatures up to 1300°C, the Mo-layer can be protected by a double coating consistii:z
of a Ni-Cr and a Au-Pd layer [13]. For applications where higher temperatures are
involved, silicide coatings provide the most efficient protection. MoSi;, for example,
melts at temperatures above 2000°C, and its resistance to oxidizing environments results
in service temperatures of the order of 1900°C [15,16].

An additional parameter to be considered in selecting an intermediate material is
the mismatch in the elastic modulus between the ceramic and metallic interlayer. A misfit
in elastic modulus generates very large tensile and shear stresses in the region adjacent
to the edges of the joint, regardless of the sign of the mismatch, enhancing the propensity

to fracture [11]. In the case of Si;N,, for example, although the CTE mismatch with W
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is smaller compared to Mo, the elastic modulus mismatch is considerably smaller for
Si;N,-Mo (Figure 1.7), which decreases the contribution of the elastic mismatch term to
the overall residual stresses. From a general perspective, therefore, Mo has a better set
of properties than W as an intermediate material between SiN, and metal or metal

alloys.
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Figure 1.7- Mismatch in the elastic modulus for SiN-W and Si,N-Mo
combinations [4,11].

Therefore, in order to assess the potential of a specific ceramic-metal combination
for structural applications, the physical and mechanical properties of the joining materials

is an important aspect. However, it is also relevant to understand the mechanism of
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interface formation between the metal and ceramic. In particular, the SiC-Mo and the
Si;N,-Mo systems are reactive, and the presence of an interfacial reaction layer may
affect the final properties of the joint, especially if brittle intermetaliics are formed. For
this reason, it is important to investigate the reaction behaviour of SiC and Si;N, in the
presence of Mo, upon the fabrication of diffusion couples, and to correlate the

microstructure of the ceramic-metal interfaces with the mechanical properties of the

joints.



CHAPTER 2:

CERAMIC-METAL
JOINING PROCESSES

(‘ 4
J eramics and metals can be combined for the
production of composites or coated devices. Composites are fabricated by methods such
as powder metallurgy (hot pressing or hot isostatic pressing), squeeze casting, and
infiltration processes (liquid or vapour infiltration). In the fabrication of structural
composites, ceramics are used as whiskers, particles, or fibres to reinforce a metallic

matrix. Ceramics are also used as protective coatings on metallic substrates. In this case,

a ceramic film is deposited on a metallic substrate to produce a thermal barrier, or to

13
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prevent wear and corrosion of the substrate, Ceramic coatings are commonly produced
by methods such as chemical vapour deposition (CVD), plasma-assisted chemical vapour
deposition, and physical vapour deposition (PVD).

Another possibility to integrate ceramics and metals is to produce bulk joints. This
method is particularly useful when sintered ceramic components have to be incorporated
into engineering devices largely composed of metailic parts. For example, a ceramic
turbocharger rotor joined to a metal shaft in a combustion engine. Several methods have
been developed over the years to produce sound and reliable joints between buik
ceramics and metals. The choice of appropriate joining method depends on the materials
to be joined, joint design, and the anticipated service éondiﬁons. The main techniques
used to join ceramics to metals can be divided into three ‘groups: mechanical, indirect,
and direct joining [17].

2.1 MECHANICAL JOINING

Boltung, shrink fitting, and clamping are some of the processes used to
mechanically attach ceramic parts to metallic structures. Shrink fitting, for example, iz
used to join turbine components, such as a Si;N, rocker arm insert to an aluminum arm.
Clamping has been used to hold ceramic leading edges to the structure of space shuttles
{18]. Although mechanical joining provides low-cost products, several disadvantages are
associated with these processes, including design restrictions and the presence of points

of high stresses that increase the probability of failure of the ceramic component {19].
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2.2 INDIRECT JOINING

Indirect joining refers to the use of adhesives, glasses, or metallic brazing alloys
to join a ceramic to a metal. Adhesives provide a simple and inexpensive method of
joining ceramics to metals, however, the service temperatures are limited. Organic
adhesives such as epoxies, can form strong bonds suitable for temperatures as high as
175°C. In one application, epoxy film adhesives are used to bond ceramic tiles to the
interior of offshore oil pipes made of steel. The role of the ceramic is to protect the
inside of the pipe from abrasion. Epoxies are also used to mount ceramic magnets in
electrical motors [17]. As for glass interlayers, they are used, for example, to bond ALO,
to niobium (Nb) in the production of sodium vapour lamps [17]. However, the use of
glass interlayers can only be employed to join ceramics that form intergranular glassy
phases, as bonding occurs by a reaction between this phase and the glass interlayer. A
glass phase that can carry out such a reaction does not exist in every non-oxide ceramic,
as in the case of SiC [4].

Brazing is commonly used in the manufacture of high-integrity joints with good
mechanical properties. Complex designs and shapes can also be produced without major
complications. However, brazing requires wetting of the ceramic (contact angles less than
90°), which is often difficult to achieve because of the high stability of ceramic
compounds. One way to overcome this problem is to metallize the ceramic surface.
Metallizing methods, such as the molybdenum-manganese process, consists of applying

a thin metallic layer to the ceramic substrate, thus improving the wettability of the
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ceramic to the braze [.7]. Although widely used in industry, metallizing processes are
generally restricted to oxide ceramics [4]. Another alternative, available for non-oxide
ceramics, is to add small percentages of a reactive metal, e.g. titanium (Ti), in order to
promote wetting of the ceramic surface by the braze. One example is given in Figure 2.1
for the alloy Cusil (72 Ag-28 Cu, in wt.%). The contact angle of Cusil on Si;N,
decreases drastically when titanium is added to form Cusil ABA (65 Ag-33.5 Cu-1.5Ti,

in wt. %), clearly indicating a major improvement in the wetting properties of the alloy

(17].
160
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Figure 2.1- Contact angle of Ag-Cu based alloys on the surface of Si,N, substrates
. at 900°C [17].
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Nevertheless, brazed joints are usually not resistant to high temperatures and
oxidizing environments. Typical brazes have limited melting points and oxidation
resistance, and brazing itself is carried out at relatively low temperatures [10]. Brazing
of Si;N, using Cusil ABA, for example, takes place at temperatures between 800°C and
900°C, where the reaction between the alloy and the ceramic is already quite extensive
[17]. This results in strength degradatdon of the brazed joints using Cusil ABA, which

has been observed even in vacuum [17].

2.3 DIRECT JOINING

Direct joining includes processes where the ceramic is joined to the metal without
interlayers. Welding and solid-state diffusion are the most common examples. Welding
involves fusion of one of the components at the interfacial region to promote joining. In
solid-state diffusion, the aim of the process is to produce a joint without melting any of
the components. Bonding occurs with or without mass transfer across the interface. In
the latter case, bonding is a result of charge transport across the interface with the
establishment of van der Waals forces between the materials (physical bonding). Mass
transfer occurs when the atomic species of thé original materials diffuse across the
interface (chemical bonding). In this case the resulting interface can have a diffusion
layer (diffusive interface) or a reaction layer (reactive interface), depending on the

thermodynamics of the system and the joining conditions [20].
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2.4 MECHANISM OF SOLID-STATE BONDING
2.4.1 GENERAL ASPECTS OF DETﬁSION—BONDING

The first requirement for soiid-state diffusion is the establishment of interatomic
contact between the materials to be joined. For that, the bonding surfaces have to be free
of impurities and they must have minimum roughness {19]. In additien to a good contact,
there should be enough diffusion between the materials in a reasonable time. To fulfil
this requirement, solid-state joining is a pressure-assisted process carried out at high
temperatures. Pressure can be applied uniaxially (hot-press, HP) or isostaticaily ¢(hot-
isostatic press, HIP) on a diffusion couple. In HIPping, complicate geometries can be
produced whereas uniaxial hot-pressing is limited to flat components. Among the
disadvantages of HIPping, the cost of hot-isostatic pressed products is extremely high.

There are several benefits of solid-state joining. Direct bonding makes it possible
to join materials with different refractoriness. Moreover, diffusion-bonded joints are
usually able to withstand higher service temperatures than the brazed ones. The interfaces
also offer good corrosion, oxidation, and radiation resistance at high temperatures.
Another characteristic of diffusion bonding is that minimum distortion or deformation
takes place, resulting in accurate dimensional control. This is particularly important in
the fabrication of components where flatness and lateral tolerances are a decisive aspect
[21]. Solid-state bonding can also be used to assess the mechanism of interface formation
in metal-ceramic systems prior to the fabrication of composites or coati_ngs. To

successfully produce a ceramic-metal composite, or to coat a metal substrate with a
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ceramic film, it is important to understand how the ceramic interacts with the metal,
especially from the aspect of interface formation.

Among the disadvantages, direct bonding is a batch process, which means limited
production. In addition, the misfit in the CTEs of the joining materials can result in areas
of high stresses. To minimize this problem, geometries that favour the development of

high stress concentrations have to be avoided, or interlayers that reduce the CTE

mismatch have to be employed.

2.4.2 ESTABLISHMENT OF CERAMIC-METAL INTERFACES

The driving force for interface formation in solid-state bonding is the reduction
in the surface energy, that occurs wien iniimate contact between the metal and the
ceramic is achieved. This energy change per unit area (AG) is expressed by the Young-
Dupr€ equation [22]

AG = yp + ¥e - Yom 2.1)
where «,, and v, are the surface energiés of the metal and the ceramic respectively, and
“Yem 15 the ceramic-metal interfacial energy. If physical bonding occurs, i.e., no reaction
takes place, AG is identical to the work of adhesion W, which corresponds to the
energy necessary to separate a unit area of interface into the two original surfaces [23].
Substituting W,, for AG in equation (2.1) and rearranging the terms yield

Von = Ym + Ve = Wa 2.2)

which shows that the ceramic-metal interfacial energy, ., decreases as W, increases,
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which facilitates bonding. Therefore, in systems with high W,,, strong interfaces are
formed between the metal and the ceramic. This trend is illustrated in Figure 2.2 for

different ceramic-metal systems [23].
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Figure 2.2- Correlation between W ,/adherence and v, [23].

There are two ways to calculate W, depending on the ceramic-metal system. If

there is melting at the ceramic-metal interface, W, is calculated by
W, =, (I + cosO) 2.3)
where © is the contact angle between the metal and the ceramic, which can be measured,
by sessile drop experiments [17], and values of v,, for most metals can be found in the
literature. On the other hand, if the ceramic-metal is ; solid-solid system, W,, can be
estimated by measuring the dihedral angle, ¢, associated with residual voids on diffusion-

bonded interfaces [24]. If the interface ruptures in a brittle fashion, ¢ can be measured
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using an atomic force microscope and W, is then obtained by
W, = v, (I - cosd) (2.4)
Another important consequence of equation (2.1) is that a stable interface requires
a positive AG (or W,). For a number of ceramic-metal systems, W, varies with the
temperature, which provides an explanation for minimum temperature requirements to
achieve bonding {22]. Chemical reactions, when present, further lower the free energy
of the system, improving bonding [25]. Values of v, are available in the literature for
just a few solid-solid systems, most of them involving Al,O;. From Table 2.1 it can be
seen that, in general, v, for Al,O;-metal systems tends to increase with the cohesive
energy of the metal, which is directly related to its melting temperature. In other words,
the higher the melting point of the metal, the higher is the energy necessary to establish

an interface with the ceramic substrate [23].

Table 2.1- Interfacial Energies of Solid-Solid Al,O,-Metals Systems

[23] ~

System Y (MJ/m?) T_ of metal (°C)
AlLO;-Ag 1570 (700°C) 962
ALO;-Au 1800 (1000°C) 1064
Al,O,-Cu 2210 (850°C) 1085
AlLO,-Ni 1730 (1002°C) 1455
ALO,-Fe 2200 (1000°C) 1538
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2.4.3 MODELLING SOLID-STATE BONDING
Solid-state diffusion bonding occurs when mass transfer mechanisms act to close

the voids formed upon the contact between ceramic and metal, as shown in Figure 2.3.

Initial Area of Contact

Appiied Load ‘l'

Final interface l

Figure 2.3- Mass transport by diffusion mechanisms closes the void network in a
ceramic-metal interface resulting in bonding.

Several models have been proposed to explain diffusion bonding. Each of them
is based on a distinct representation of surfacz roughness, and different bonding stages
and mechanisms. In the currently accepted model [26], contact between the metal and the
ceramic surfaces form an interface with a void network consisting of parallel cylinders

of elliptical cross-section. The closure of a section perpendicular to the longitudinal axis
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occurs by the simultaneous action of different mass diffusion mechanisms. The elliptical
profile is a simple and acceptable representation of the complex void geometries observed
in real systems. Void geometry is an important aspect of theoretical modelling because
it determines the contribution from the different diffusion mechanisms to bonding. In
assurning an elliptical void geometry, for example, it is implicit that the dominating
diffusion mechanism shifts depending on the instantaneous void aspect ratio: from surface
sources to interface sources as the aspect ratio approaches unity and vice-versa. The
mechanisms responsible for di*fusion bonding include plastic yielding, creep, and mass

transport processes. They are listed below and illustrated in Figure 2.4 [27):

1. Initial plastic yielding.

2. Surface diffusion from a surface source to a neck.

3. Volume diffusion from a surface source to a neck.

4. Evaporation from a surface source and condensation at a neck.
5. Grain boundary diffusion from an interfacial source to a neck.
6. Volume diffusion from an interfacial source to a neck.

7. Power-law creep.

These mechanisms can be generally classified into plastic deformation, diffusion

from surface and interface sources to necked regions, and power-law creep.
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Figure 2.4- Schematic representation of sources and sinks of material durieg
diffusion bonding [27].

a. Mechanism 1- Initial plastic deformation

The initial contact between metal and ceramic occurs within the area of asperities
(Figure 2.3). The applied load on the diffusion couple causes plastic deformation which
increases the initial area of contact by mutual indentation of the asperities. Plastic
deformation occurs mainly in the metal, as a consequence of rapid loss in strength at

elevated temperatures. The initial area of contact grows until the applied load can be



Ceramic-Metal Joining Processes 25

supported, i.e., the local stress falls below the yield strength of the metal [27]. Bonding
occurs when the local shear stress in the metal reaches a maximum value required for
plastic flow. Following this plastic deformation, diffusion and power-law creep take
place. These are time dependent stages and one or more of six diffusion and creep

mechanisms may contribute to bonding [26].

b. Mechanisms 2 to 4- Diffusion frem surface sources to necked regions
Mechanisms 2 to 4 are activated by the change in chemical potential that
accompanies any change in the curvature of a void. Matter diffuses in the direction of
increased curvature, i.e., towards the sharp neck of the void (Figure 2.4a). As a result,
elliptical cross-sections change into circular ones. When the aspect ratio of the voids
approaches one (circular cross-section), the diffusion rates of mechanisms 2 to 4 tend to
zero. Each mechanism is governed by a diffusion coefficient, properly selected: for
surface diffusion (mechanism 2), the assumed two-dimensional geometry is a thin surface
layer and the relevant diffusion coefficient is that of surface diffusion; for volume
diffusion (mechanism 3), matter is transported through the area of the neck. Hence, the
diffusion coefficient is that of volume diffusion. For the evaporation and condensation

mode (mechanism 4), the rate of mass transfer is governed by the vapour pressure [3].

¢. Mechanisms 5 and 6- Diffusion from interface sources to necked regiens

The rate of diffusion from interfacial sources is determined by the chemical
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potential gradient along the bond interface, which depends on the void neck radius and
the applied pressure [26]. Although mechanisms 5 and 6 have the same interfacial source,
the routes of material transfer are different (Figure 2.4b). Considering the interface to
be 2 high-angle grain boundary, mechanism 5 transfers matter along a thin boundary
layer. The coefficient for boundary diffusion would therefore be applicable. Bulk
diffusion, which is associated with mechanism 6, should employ the coefficient for

volume diffusion.

d. Mechanism 7- Power-law creep

Diffusion bonding is usually carried out at high-temperatures for relatively short
times. Although macro-creep is undesirable because it causes specimen distortion, micro-
creep of asperities can contribute to void closure [26]. The power-law creep mechanism
is modelled as a two-stage process. In the first stage, a change in void height occurs,
i.e., an elliptical hole grows in plane-strain condition under the power-law creep. The
second stage consists of filling the void with material displaced from the neighbouring

area of contact (Figure 2.4¢) [3].

The total bonded area is calculated based on the assumption that the contribution
from each diffusion mechanism can be added linearly. A major problem in calculation
comes from the lack of representative values for diffusion cdefﬁcients, activation

energies, and creep constants. Such data are not readily available, particularly for
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ceramics, limiting the practical application of the model to a few systems.

2.5 INFLUENCE OF EXPERIMENTAL PARAMETERS ON BONDING
Experimental parameters that affect solid-state bonding are temperature, time,
pressure, and, in some cases, environment [27]. Their influence on the final properties

of the interface are discussed below.

2.5.1 TEMPERATURE

Temperature is the most important parameter in solid-state joining because it
controls the kinetics of the thermally activated processes involved in diffusion bonding.
Joining at high temperatures enhances atomic mobility across the interface and assists in
the movement of dislocations [23]. In fact, all diffusion mechanisms are sensitive to
temperature. The temperature required to obtain sufficient joint strength is typically
between 0.5T, and 0.9T,, where T, is the absolute melting point of the base metal [27].
A compromise has to be reached to assure the formation of a reliable interface with
minimum residual stresses. Although stress concentration increases with incréasing
bonding temperature, for each ceramic-metal system there is an optimum value that
maximizes the strength of the interface. To a certain extent, increasing the temperature
enhances bonding, provided that time is controlled to prevent the development of
detrimental reaction products in reactive systems. An example of the dependence of bond

strength as a function of the temperature is given for Al,O,-Nb joints in Figure 2.5.
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Figure 2.5- Tensile strength of Al,O,-Nb joints as a function of the bonding
temperature [23].

The increase in strength for the Al,O5-Nb joints, at temperatures up to 1550°C,
was related to an increase in the fraction of bonded surface. The loss of strength above
1550°C was due to the formation of a thick reaction zone (= 20 um) detrimental to the
strength of the joints [23]. For a given pressure and time, a minimum temperature is
often necessary to achieve complete bonding, as can be seen for the Al,O;-Pt system
(Figure 2.6a). This minimum temperature increases with the melting point of the metallic

component of the joint (T}, as shown in Figure 2.6b [23].
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Figure 2.6- (a) Fraction of bonded interface as a function of the temperature for
ALO,-Pt joints; (b) bond strength as a function of temperature for
several Al,O,-metal combinations [23].

2.5.2 TIME

Bonding times may vary from one second to several hours depending on the
ceramic-metal combination and the joining temperature [17]. For each temperature, there
is a corresponding minimum time required to promote complete bonding. This value
decreases when the temperature or pressure increases. For reactive systems, bonding

. times also have to be adjusted to promote bonding with limited reaction. Because solid-
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state diffusion is freguently described by non-equilibrium thermodynamics, time may
affect not only the amount of reacticn, but also the nature of the reaction products. In
Si;N,-W, for example, time affects the amount of Si present at the interface, which

determines the type of W-silicide that precipitates (W, Si; or WSi,) [20].

2.5.3 LOAD

Representative uniaxial pressures used in hot-pressing of ceramics to metals range
from 1 to 100 MPa, These values are typically a fraction of the room temperature yield
strength of the metal, thus avoiding macroscopic deformation of the component [27]. The
role of pressure on bonding is not limited to establishing contact between the materials
and to promote micro-creep. Pressure is also responsible for breaking the stable oxide
film present on the surface of most ceramics, exposing the material to interact with the

metallic component of the joint.

2.5.4 SURFACE ROUGHNESS

The presence of asperities on the bonding surfaces limits the total area of contact
between the metal and oxide-free ceramic, and, in addition, large voids are rarely closed
[23]. Interfacial flaws are detrimental to the strength of the joint in the sense that they
act as fracture initiation sites. Therefore, it is necessary to polish the bonding surfaces
prior to joining, improving the initial area of contact between the metal and ceramic and

preventing the formation of large voids. However, unjoined areas are stll likely to
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remain at the interface, especially close to the edges [2]. Unjoined edges are a weakening
factor as they create notches at the interface. Not only the average joint strength
decreases, but also the local strength becomes position dependent. Large variations in

strength have been observed comparing different positions of such interfaces, as can be

seen in Figure 2.7 for Si;N,-Fe-Si;N, joints.
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Figure 2.7- Strength of Si,NFe-Si;N, at different positions of the joint [2].

The strength of Si;N,-Fe-Si;N, joints reached 500 MPa at the centre of the joint.
Close to the edges, the strength drastically decreased to 10% of that value. Limited

bonding at joint edges occurs for several reasons. One is the curvature of the interface.
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Mechanical finishing of bonding surfaces inevitably removes extra volume from the edge
region. Another cause is the inhomogeneity in the deformation of the metal layer under
the applied load [2]. Figure 2.8 shows the distribution of load on a sandwich type sample
depicting the loss of contact stress close to the border of the specimen [23]. Another
possibility occurs in reactive systems where gas is released: the reaction in the outer
region of the joint may be promoted by continuous evacuation, causing excessive thinning

of the edge of the ceramic.
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Figure 2.8- Contact stress distribution in sandwich-type joints [23].
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2.5.5 ENVIRONMENT

Diffusion bonding is usually carried out in vacuum or in the presence of a gas
with low oxygen activity, e.g. argon (Ar) or nitrogen (N,). Although bonding pressure
is usually sufficient to break down the protective oxide layer of the ceramic, its recovery
may occur rapidly if the partial pressure of oxygen is sufficiently high [27]. If one of the
reaction products is a gas, such as N, in Si;N,-metal systems, the environment affects the
thermodynamics of the system and the kinetics of the reaction. In such cases, increasing
the partial pressure of N, in the environment may promote the formation of metal-

nitrides, a situation not observed when joining is carried out under vacuum.
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\J eramic-metal interfaces can be classified into

three categories, as illustrated in Figure 3.1 [18]:

1. Interfaces with no reaction or diffusion layer: planar interfaces with possible
epitaxial growth, as in the case of Al,O,-Nb, Al,0,-Pt, and ZrO,-Pt [20].
2. Interfaces with a diffusion layer: originating from interdiffusion between the

metal and ceramic, as in the case of Si,N,-stainless steel [20].

34
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3. Interfaces with a reaction layer: new phases result from a chemical reaction
between a ceramic and metal, as in the S1C-Ni system. As atomic ditfusion is far

easier in metals than in ceramics, reaction layers grow extensively in metals but

to a limited extent in ceramics [18].

[METAL

Figure 3.1- Common classes of ceramic-metal interfaces. (a) Non-diffusive and non-
reactive, (b) diffusive, and (c) reactive.

The growth of interfacial reaction layers initially enhance bonding, forming an

adherent interface between the metal and ceramic. However, if the new phases are
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brittle, thick reaction layers can result in excessive concentrations of thermal stresses,
degrading the quality of the bond [20,28]. Thus, the chemistry of a ceramic-metal
interface has to be established in order to determine the best parameters for the
production of mechanically sound joints, capable of fulfilling demanding service

requirements.

3.1 INTERFACIAL CHEMICAL REACTION

Chemical reaction during solid-state bonding occurs when mass is transferred
across the interface, resulting in the formation of new phases. Some degree of reaction
is important because it lowers the interfacial energy of the system, enhancing the
adherence of the interface, according to Figure 2.2 [23]. As an example, Al,O; forms
non-reactive interfaces with nickel (Ni) and copper (Cu), v;ith relatively high interfacial
energies. However, when Ni-O and Cu-O alloys are bonded to AlO;, a chemical
reaction take place resulting in the formation of a spinel layer, lowering the interfacial

energy (Table 3.1).

Table 3.1- Interfacial Energy (y) of Solid Ceramic-Liquid Metal
Systems [23]

System T(°C) ¥(m¥/m®) Reaction
ALO;-Ni 1500 | 2440 No
Al,O,-Ni(Q) 1600 1600 Yes
ALO;-Cu 1100 2080 No
AlLO,-Cu(0) 1230 1000 Yes
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Whether new phases are formed at ceramic-metal interfaces depends on the
thermodynamic properties of the joining materials and on the experimental conditions.
Some systems change their nature from non-reactive to reactive according to the bonding
parameters. For instance, Al,O; may react with Nb depending on the partial pressure of
oxygen in the environment [23]. Chemical reactions take place when the formation of a
reaction product reduces the total Gibbs free energy of the system. Because interfacial
reactions are irreversible processes, they should be described using irreversible
thermodynamics, where entropy is determined by the flow of heat, mass, and chemical
potentials of the reacting species {23]. Since such data are not available for most of the
ceramic-metal systems of practical interest, equilibrium thermodynamics are used in first
approximation. Equilibrium values are usually available for various reactive systems as
a function of temperature and atmosphere.

The thermodynamic behaviour of a particular ceramic-metal system is described
considering the variation in the Gibbs free energy (AG) of all possible reactions and
soﬁd-sol;ltgons involving its constituents. The system spontaneously undergoes the
wansformation that results in the lowest energy state. Alternatively, the reactivity of 2
system can be assessed comparing the standard free energy of formation of reaction
products (AG?% with that of the ceramic. If a particular reaction product is more stable
than the original ceramic, it will form, and the system is reactive. This method is useful
if an automated thermodynamic database is readily available and if not many elements

are involved, as in the case of systems containing SiC and a metal (Me). The
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decompcsition of SiC results in Si and C, and thus only the formation of Me-carbides
and Me-silicides has to be investigated.

Figure 3.2 shows AG? for Me-carbides and Me-silicides considering a variety of
metals. As an example, Figure 3.2b indicates that Ni,Si is more stable than SiC. On the
other hand, Figure 3.2a shows that Ni,C has AG® > 0 for the entire temperature range
under consideration. Hence, the interface of SiC-Ni diffusion couples would probably
contain a reaction layer consisting of Ni,Si and free C. This analysis is in good
agreement with experimental results obtained for this system [23].

An advantage of the use of a thermodynamic database is that it provides a view
over an entire temperature range. This way, it is possible to identify changes in the
composition of ceramic-metal interfaces, as one particular compound becomes more
stable than another as the temperature changes. An example of this fact is seen in
Figure 3.2a comparing the stability of WC and W,C. On the other hand, isotherms of
ternary phase diagrams are available only for a limited combination of elements and for
specific temperatures, which could impair a thorough thermodynamic analysis of a
particular ceramic-metal system.

Some disparities between thermodynamic predictions and experimental results
have been observed. One of them involves the reaction between SiC and Al resulting in
ALC;, which is thermodynamically less stable than SiC. A possible explanation for this
result is that there is a discrepancy between the literature and the real value of AG® for

the formation of SiC. The literature suggests that the SiC used in the production of
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SiC-Al joints is somehow less stable than the variety considered in the thermodynamic
evauation of the system [20].

In the case of systems involving Si;N,, an additional difficulty is introduced by
the presence of a gas phase. N, gas is formed upon the dissociation of Si;N,, and it may
or may not diffuse into the metal, depending on its solubility at the bonding temperature.
For metals with low solubility for N,, the gas remains trapped inside the interfacial
voids, resulting in porosity. Metals with high solubility for N, dissolve the gas to a
certain extent, and the interfaces hav« @.-..ited or no porosity, depending on the amount
of Si;N, that dissociated. Alternatively, N, can also react with the metal or a component
of a metallic alloy, resulting in the formation of a nitride phase within the interface.
Examples of N, solubilities in different metals, at 1200°C are: close to zero for cobalt
(Co), molybdenum (Mo), nickel (Ni), and tungsten (W); 1.5 at. % for niobium (Nb);
5 at. % for iron (Fe); 6.5 - 7 at. % for chromium (Cr), tantaium (Ta), and vanadium (V);
and larger for manganese (Mn), titanium (T1i), and zircon (Zr). Titanium is also a strong
nitride former, and it is used as an alloying element to minimize interfacial porosity [20].

Many ceramic-metal combinations are classified as reactive systems. The
thickness of an interfacial reaction zone, as a function of temperature and time, can be
expressed by [27]

x=Kr (3.1)
where x is the thickness of the reaction layer, K, is the coefficient of penetration, and ¢

is the time. The temperature term is implicit in the coefficient of penetration which
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follows an Arrhenius-type relationship

K, = K, exp(-Q/RT) (3.2)
where K, is the pre-exponential factor, Q is the activation energy for interface formation,
R is the gas constant, and T is the absolute temperature.

The rate constant, K, in equation (3.2) contains the frequency factor of atomic
migration at the interface. In a study where different types of SiC were joined to Nb, K,
was evaluated [29]. For pressureless sintered SiC (PLS-SiC), K, was 3.22x10°* m%s;
lower than that of reaction bonded SiC (RBSC): 2.38 m%s. This indicated that Nb
combined more readily with Si at the interface with RBSC than with PLS-SiC.

For most of the reactive ceramic-metal combinations, interfaces grow
parabolically with time, i.e., following equation (3.1) with n equal to 0.5 (Fick’s law).
However, a few exceptions to this rule have been reported. Figure 3.3 illustrates the
thickness of SiC-Ni interfaces as a function of the time, for different temperatures.
During the initial stages of diffusion, Si penetrated into Ni but did not form intermetalilic
compounds, due to its large solubility in the metal. The nucleation of Ni,Si was then
delayed. At low temperatures, this resulted _in a slow interfacial growth during the entire
process, as a result of the slow kinetics of diffusion. At higher temperatures, an initial
incubation period was observed, after which the growth rate of the reaction layer
increased considerably with time, deviating from the parabolic growth [20]. Another
exception to Fick’s law was observed in the TiC-Mo system, where the growth rate of

Mo,C was constant for low concentrations of free C in TiC [20].
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Figure 3.3- Thickness of SiC-Ni reaction layer as a function of the time, for
different temperatures [20].

3.2 THE SiC-Mo SYSTEM

The SiC-Mo system has been studied for its importance in the fabrication of
composites, and for the matching thermal expansion behaviour and refractoriness of these
materials. Another important feature of this system is molybdenum disilicide (MoSi,).
This compound is a potential material for the fabrication of high temperature intermetallic
composites and coatings. MoSi, has high melting point (2032°C), excellent high-
temperature oxidation resistance, and high electrical and thermal conductivity [16].

Because of its low CTE, Mo has been considered as an intermediate material for
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joining SiC to metals and alloys. Although much work has been done in joining SiC to
metals such as Nb, Ti and Al, little data are available concerning the physical and
mechanical properties of SiC-Mo interfaces. It is known that no liquid phase is expected
to form up to 1800°C within the SiC-Mo interface [30]. Therefore, solid-state diffusion
is the only mechanism that can result in bonding of SiC to Mo, for temperatures between
1100°C and 1700°C.

The reaction between SiC and Mo has been studied for pyrolitic $-SiC coatings
on Mo substrates, and for resistance-welded joints [31]. The temperature investigated was
1200°C, and a reaction layer was formed, consisting of a region with two intermixed
phases (Mo,S1; and Mo,C) and a thin layer of a ternary compound (Mo,S1,C) in contact
with SiC. The mixed aspect of the Mo,Si;/Mo,C layer was attributed to a ternary
diffusion pheaomenon, assuming diffusion of carbon (C) as the rate-determining step.
Considering volume diffusion of C through the Mo;Si, layer, the reaction to form Mo,
would proceed faster at those points where C had to trave] the shortest distance through
Mo,Si;. A similar argument applies considering that C diffused along grain boundaries
of the Mo;Si, phase towards Mo [31].

Figure 3.4 shows a cross section of the Mo-Si-C phase diagram at 1200°C [31].
In this diagram, Mo;Si, is shown as coexisting with Mo;Si,C and SiC by the presence
of a compatibility triangle joining these phases. This situation was not observed at
1600°C, according to the corresponding isotherm (Figure 3.5). At that temperature,

MoSi, coexists with MosSi,C and $1C {30]. Conversely, the presence of MosSi, and
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Figure 3.5- Cross-section of the Mo-Si-C phase diagram at 16006°C [30].
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Mo,Si,C were observed at 1700°C [32], in a study consisting of joining S$iC to Mo by
hot-pressing and hot-isostatic pressing (HIPping). The diffusion couples were annealed
for 1 hour under pressures of 100 MPa upon hot-pressing, and 1 GPa upon HIPping. The
reaction products and diffusion paths were the same as the ones observed at 1200°C, but
they were obtained for shorter times at the higher temperature. Finally, the reaction
between SiC and Mo has also been studied at 1100°C, and the reaction products
observed were Mo,C and MosSi;. The formation of the ternary phase was not reported

at that temperature [33].

3.3 THE Si,N-Mo SYSTEM

Some aspects of the reaction between Mo and Si;N, have been previously studied,
particularly when the starting materials were in powder form. It has been reported [34]
that Mo has a low solubility for N,, and that the dissolution of the gas in the metal
occurs endothermically, i.e., the concentration of N, dissolved in Mo increases with the
temperature at a constant partial pressure of N,. Based on this work, the solubility of N,
in Mo was calculated for two different partial pressures of the gas at 1600°C (Table 3.2).

Si;N, and Mo powders have been observed to react at temperatures as low as
1000°C, forming MosSi, and N,. Similar results have been obtained by annealing a
powder mixture of Mo and Si blended with Si;N, at 1700°C. In this work, no phase
transformation was observed between 1000°C and 1700°C [34]. In another study, the

formation of Mo,N was observed upon annealing of Si;N, with 50 vol. % Mo at 1000°C
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for 30 minutes under a vacuum of 10?2 torr (1 Pa). At 1200°C, the reaction products

observed were MoSi,, MosSi; and Mo;Si [35].

Table 3.2- Solubility of N, in Mo at 1600°C [34]

Partial Pressure of N, (kPa) Concentration of N, in Mo (at. %)
0.02 10°
120 10°

The influence of the atmosphere cn the reaction between Si;N, and Mo powders

has also been studied [36]. In one investigation, different mixtures of Si;N, and Mo were

annealed at 1300°C in environments with partial pressures of N, varying from 6x10° to

10* kPa. The reaction products obtained in this work are summarized in Table 3.3.

Table 3.3- Reaction between Si;N, and Mo Powders at 1300°C [36]

Partial Pressure of N, (kPa)
Mo:Si,N, 6x10° 2210 80 1x10°
3:1 MoSi,, Mo,Si; | MoSi,, Mo,Si; | Si;N,, Mo,Si; { Mo,N, Si;N,
6:1 Mo,Si,, Mo,Si | Mo,Si;, Mo,Si | MosSi;, Mo,Si | Mo,N, Si;N,
20:1 Mo, Si, Mo Mo,Si, Mo Mo, Si, Mo Mo,N, Si;N,
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Because the Si;N,-Mo system contains a gas phase (N,), the Mo-Si-N phase
diagram depends on the partial pressure of the gas. Figure 3.6 illustrates the 1300°C
cross-sections of the Mo-Si-N phase diagram for different partial pressures of N, [36].
The results contained in Table 3.3 showed, in general, good agreement with the
thermodynamic predictions based on the 1300°C cross-section of the Mo-Si-N phase
diagram [36], except when the partial pressure of N, was equal to 10 MPa. In the same
study, however, it was observed that in the production of Si;N,-Mo diffusion couples at
1300°C, the external partial pressure of N, influenced the reaction only at the triple
points where Mo, Si;N,, and N, were in contact. Away from the triple points, the
interface was formed exclusively by Mo,Si. At the triple points, both Me;Si, and MoSi,
were observed along with Mo,Si. It was concluded that in these areas the Mo-rich
silicides were formed through the reaction between Mo and the more Si-rich silicides.
The reaction at the triple points were not observed at 1100°C. Also, no Mo-nitride was
formed, indicating that the N, coming from the decomposition of Si;N, remained at the
interface between Mo and Si;N,, forming a porous layer with internal pressures being
estimated between 700 and 8800 kPa [36].

Additional contributions to the study of Si;N,-Mo couples can also be found in the
literature. Whereas one investigation reported Mo,Si; as the only reaction product
observed when Si;N, and Mo were hot-pressed at 1750°C, a second study reported, not
only the formation of Mo,Si;, but also Mo,Si at the interface of diffusion couples pressed

at 1717°C [35]. Finally, it has been reported that the thickness of the Mo substrate
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influenced the mechanical integrity of Si;N;-Mo couples. When Si;N,-Mo couples were
hot-pressed at temperatures between 1170°C and 1500°C, the presence of thermal
stresses prevented the formation of reliable joints when the thickness of the Mo block
was of the order of 15 mm. In that case, joining could only be achieved using a Mo-W

laminate interlayer to reduce the amplitude of thermal residual stresses [10].

3.4 MOLYBDENUM CARBIDES

The Mo-C phase diagram is illustrated in Figure 3.7 [37]. The melting
temperature of molybdenum is estimated to be approximately 2610°C, which is good
agreement with the value given in Table AL.3 (Appendix I). At 2207°C the solubility of
carbon in Mo reaches its maximum (1.1 at. %), with a marked reduction as tl;le
temperature decreases. The Mo-C phase diagram also shows that carbon forms four
interstitial compounds with Mo. They have compositions Mo,C and MoC,,, and each one
has two distinct crystallographic structures. Mo,C has an orthorhombic polymorph
(e-Mo,C) stable at low temperatures, and an hexagonal modification (8-Mo,C) stable at
high temperatures. The transformation temperature between the « and § structures
depend on the concentration of carbon. As for the MoC phases, they are both
non-stoichiometric carbides. The hexagonal phase (3-MoC,,) has a composition near
Mo,;C,, and is stable above 1655°C. The cubic phase (@-MoC, ) has composition near
MoC, ,, and is stable above 1860°C. A few physical and mechanical properties of Mo,C

are included in Table 3.4.
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Figure 3.7- The Mo-C phase diagram [37].

Table 3.4- Properties of Mo,C {38]

Hexagonal (B) Lattice Parameters a=17244 A
| c=4.734A
Orthorhombic () Lattice Parameters a=17244A
b=6.004 A
c=519A
Density (X-Ray) 9.06 g/cm®
CTE (x10%) 49°C'/a
g.2°Cl/ ¢
Microhardness (HV) 15 GPa
. Elastic Modulus 227 GPa at 25°C
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As mentioned earlier, Mo crystallizes in a bee structure, where two types of
interstitial sites are found: the larger ones are tetrahedral sites situated at the positions
('2,%,0) and equivalents, and the smaller are distorted octahedral sites situated at the
positions (0,0,'%), (*2,'2,0) and equivalents. Figure 3.8 illustrates the geometry of the

bee interstitial sites [39].

s - A

A e

Tetrahedral Site Octahedral Site
&, Metal Atom
O Interstitial Site

Figure 3.8- Interstifial sites in the bcc structure [39].

Carbides are usually interstitial compounds. Carbon has a preference for
octahedral sites, since the tetrahedral geometry results in interstices which are too large
for such a small atom. However, the octahedral sites in the Mo bce structure are too

small to accommodate carbon, which accounts for its limited solubility in Mo. In order
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to provide larger octahedral sites, Mo transforms from bec to hep, which contains larger
octahedral interstitial positions (Figure 3.9). The geometry of the new octahedral sites
are adequate to accommodate carbon, and hence, the precipitation of a Mo-carbide takes
place. The chemical bonding in Mo-carbides consists of a combination of metallic
(Mo-Mo) and covalent (Mo-C) character. The dominating nature of the bonding changes
from covalent to metallic in the series «-MoC,, = 3-MoC,, ~ Mo,C [40]. The Mo-C
bonds are made by hybridization of Mo,,-C,, orbitals and they are responsible for the
high hardness and brittleness of these compounds, due to' their strongly localized
character. As for the Mo-Mo bonds, they contribute to the high melting point and

extensive concentration range and stability, characteristic of Mo-carbides [38].

¢ Metal Atom
O Interstitial Site

Figure 3.9- Octahedral interstitial sites of the hep structure [39].
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3.5 MOLYBDENUM SILICIDES

The Mo-Si phase diagram is illustrated in Figure 3.10. The melting point of Mo
is established as 2623°C. The solubility of Si in 'Mo increases as the temperatire
increases, until it reaches 5.4 at. % at 2070°C. Two eutectic points have been observed
in the Mo-Si system: one at 2070°C corresponding to 16.5 at.% Si, and another at
1410°C corresponding to 95 at. % Si. In addition, evidence of a third eutectic has been

found at approximately 1900°C, and corresponding to 55 at. % Si [41].
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Figure 3.10- The Mo-Si phase diagram [41].
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Three Mo-silicides are known. They are Mo,Si (8-phase) with cubic symmetry,
MoSi, (5-phase), and Mo,Si, (v-phase), both with tetragonal symmetry [16]. Mo-silicides
have low solubility for C. In particular, addition of C to Mo,Si; stabilizes the hexagonal
structure of the ternary phase with composition Mo;Si,C [16]. This phase is built on
parallel chains of MosC octahedra, with each octahedron sharing two opposite faces with

its neighbour, as shown in Figure 3.11.

Figure 3.11- The MogSi,C structure showing its building blocks of Mo C [31].
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Not all the interstitial sites of the Mo,Si;C are occupied by C atoms, resulting in a rather
broad range of composition over which the compound is stable. MosSi;C is an unusual
example of a MeSi; (Me = metal) structure stabilized by C. The Me;Si; family contains
numerous interstitial free binary phases and ternary solid solutions Me;Si;(C), but only

a few true ternary compounds. A few properties of Mo;Si; and Mo;Si;C are contained

in Table 3.5.

Table 3.5- Proggties of Mo<SiL_[_16,31,35,42] and Mo_qS_iE,C [38,43}

Mo,Si, Structure Tetragonal
Lattice Parameters a=9.645A
c=4912A
Melting Point 2180°C
Density (X-Ray) 8.24 g/em’
CTE (x10%) 6.4°C1 (20 - 1000°C)
Elastic Modulus 50 GPa at 1000°C
Oxidation Resistance -67 mg/cm? (1500°C/4h)

Mo, Si,C Structure Hexagonal
Lattice Parameters a=7286A
c=5046 A
Density (X-Ray) 7.86 g/em®




CHAPTER 4:

THE MECHANICAL BEHAVIOUR
OF CERAMIC-METAL
JOINTS

A thorough description of the mechanical

behaviour of ceramic-metal joints requires the determination of their strength along with
the distribution of residual thermal stresses. This chapter reviews the basic aspects
involved in evaluating the mechanical strength and residual stresses, especially for the

case of hot-pressed diffusion couples.
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4.1 MECHANICAL STRENGTH

The mechanical properties of hot-pressed diffusion couples depends on the
properties of the joining materials (CTE, elastic modulus), joint geometry, and bonding
conditions. A mechanically reliable joint is not only z strong joint, but also one
characterized by small scatter in strength. Scatter in strength is mainly caused by the
presence of interfacial imperfections and the occurrence of brittle debonding. Figure 4.1
schematically shows some of the common interfacial defects resulting from diffusion
bonding. Among the most common interfacial deformities, unjoined or weakly bonded
izlands result in substantial scatter and reduction in the average joint strength. Moreover,

if a reaction layer is excessively thick, cracking is also likely to occur, weakening the

joint [2].

Inclusien

with cracks

"T'.- Crack into ceramic
e
was damage Unjoined edge

L

Figure 4.1- Schematic representation of interfacial flaws commonly encountered in
ceramic-metal diffusion couples [2].
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Several approaches have been used to measure joint strength. The most corimon
methods include tensile, bending (or flexural), and shear tests. The schematics of these
tests are illustrated in Figure 4.2. Tensile tests (Figure 4.2a) are generally performed in
double joint specimens {ceramic-metal-ceramic), whereas three-point bending can be
performed in both single and double joints, as shown in Figure 4.2¢ and Figure 4.2d.
Shear tests (Figure 4.2b) can only be performed on single joints as a consequence of their

intrinsic geometry.

~...2] CELtAMIC

Figure 4.2- Schematics of mechanical tests performed on ceramic-metal joints. (a)
Tensile; (b) shear; (¢) flexural on single joint; (d) flexural on double
joint [1,17].
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The characterization of the interfacial strength by pull-off or shear-off tests have
several limitations. The first one is related to the variety of techniques used by different
research groups, making it difficult to establish a mutual comparison of results. Efforts
to calculate a transferability factor from one test to another have found little sutcess. In
one attempt, tensile and three-point bend were compared for Si,N,-Al-Invar! joints [44].
The bend strength of the joint was predicted to be 1.7 times the tensile strength whereas,
experimentally, a factor of 2.5 was obtained. The discrepancy was attributed to a
difference between the calculated and the observed stress distributions, and to different
contributions of the plastic deformation to the tensile and bend values. Similar adversities
are expected when three and four-point bend tests are compared. The shear test provides
an altermative way to assess the mechanical strength of interfaces. Sampies are casily
produced, but the results are generally lower than those obtained for bend and tensile
tests.

Tensile, bend, and shear tests yield the load at which the joint ruptures. Fracture
is caused by the load-induced propagation of the moét severe flaw within the bonded
interface. The fracture load is a function of the stress intensity at the flaw and of the
crack propagation resistance of the interface. However, if the crack deviates from the
interface line, the fracture becomes a function of the crack surface, limiting the accuracy

of the measurement of the inherent bond strength of the interface [23].

Ynvar: 64 at.%Fe, 36 at. %Ni.
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In order to restrain the crack trajectory to the interface line, notched or pre-
cracked double joints are used in three-point bending tests. Figure 4.3 illustrates the
geometry of a ceramic-metal-ceramic specimen notched between the metal and one of the

ceramic layers [11].

CERAMIC

; B :

Figure 4.3- Pre-notched ceramic-metal-ceramic sample used in three-point bending
tests [11].

In this approach, the measured parameter is the interfacial fracture energy G,

obtained from the fracture load, F., by

G, = FX 9e’x ).YE 4.1)
B*W* E*

where ¢, B, and W are related to the geometry of the specimen. Y is a geometric

correction function and E” is the effective elastic modulus. Equation (4.1) is valid if the
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load vs. deflexion curve is linear up to the point of rupture. The effective elastic modulus

is expressed by

4.2)

where p is the shear modulus of the material, £ is the stress intensity factor, and the
subscripts 1 and 2 refer to the joining materials. The stress intensity factor, 4, is equal
to (3-4») for plain strain conditions, which is the case for the geometry of the sample
depicted in Figure 4.3. The term » is the Poisson’s ratio of the material. The reversible
fraction of G, corr nonds to the work of adhesion W, as given by equations (2.3) and
(2.4). Hence, if W, is known, it is possible to estimate the irreversible fraction of G,
which is the dissipated energy that accompanies interface fracture [11]. Once G, is
obtained, a fracture resistance parameter K, can be calculated according to
K. = [EG/(1-8Y]" 4.3)
where § is one the Dundurs parameters [45]. If the crack tip region is small compared
with the crack length, the interface fracture energy does not depend on the crack tip
model, and X, can be considered a material property {11]. Accurate measurements oi G,
can be obtained if residual stresses, crack trajectories, and pre-cracking are carefully
controlied.
One problem with this method is in the production of samples using a hot-press
equipment. Because of their geometry and typical dimensions, samples have to be pressed

individually, which can lead to differences in the experimental conditions from one
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specimen to another. In addition, it is difficult to measure the dihedral angle necessary
to calculate W,,, particuiarly if a reaction zone is present. Reactive systems frequently
fracture in a brittle manner, leaving chips of interfacial material attached to the original
components (metal and ceramic), which prevents an accurate assessment of the dihedral
angle. Finally, very little work has been done on the determination of fracture resistance
parameters, which prevents comparison of results. Consequently, shear tests were
performed on the joints produced in this work. Shear tests usually yield results which are
lower than in tensile and bending tests. The reason for this is in the parameter that relates
test geometry to crack trajectory, namely the phase angle of loading v [11]). In the case
of two brittle solids, ¢ is given by

¥ = tan’ (kylk,) 4.4)
where &, and k, are the mode I and mode II stress intensity factors as shown in

Figure 4.4.

[

Figure 4.4- (a) Mode I and (b) mode II loading corresponding to the Re(k) and
Im(k) in k = k’ - ik” [1].
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Since ¢ = 0 for mode I loading and #/2 for pure mode II, ¥ is directly related
to the fraction of mode II loading on the interface crack [11]. Different specimen
geometries provide different phase angles, which results in different dominant stress
states, according to Figure 4.5. Notably, if the sample is subjected to shear loadings, the

crack tends to deviate from the interface into the ceramic, resulting in lower values for

interfacial strength [40].
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Figure 4.5- Stress dominant states as a function of the phase angle ¥ [46].

Ceramic-metal interfaces can fracture in a ductile or brittle fashion depending on
the joining materials and the type of interface. If a reaction zone is present, its

mechanical properties also influence the fracture mode. Figure 4.6 illustrates the most

shear
domitant

statos
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common fracture mechanisms observed in ceramic-metal systems.

(a) " METAL (e) % METAL
(:boo. )

CERAMIC ¥ CERAMIC
voIDS Crack

® | . . .. METAL {d) METAL
REACTION ZONE (RZ) / (R
CERAMIC CERAMIC

Figure 4.6- Fracture mechanisms of ceramic-metal interfaces: (a) and (b) ductile
fracture; (c¢) and (d) brittle fracture [24].

Only a small number of systems fracture in a ductile way. Examples include the
Al,O;-Al (non-reactive), and the Al,O;-Al/Mg (reactive) systems [24]. Ductile fracture
occurs by nucleation and coalescence of voids, caused by plastic flow of the metal in the
region adjacent to the interface, as shown in Figure 4.6a. The majority of metal-ceramic
combinations fracture by brittlé debonding. Systems such as Al O,-Nb, Al,O;-Pt, and

$i0,-Cu are examples of non-reactive systems that fail by brittle debonding, whereas
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SiC-Ni is a reactive system that fractures in the same fashion. Brittle debonding differs
from ductile fracture in the sense that no metal remains attached to the ceramic,
indicating that the crack propagates at the interface plane by bond rupture (Figure 4.6c).
However, if the diffusion couple consists of a ductile metal and a brittle ceramic, the
fracture behaviour also becomes sensitive to the sign of the phase angle. Figure 4.7

iltustrates this situation.
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Figure 4.7- Interfacial fracture mode of ductile metal-brittle ceramic diffusion
couple as a function of the phase angle ¥. (a) y < 0; (b) ¥ > 0 [11].

When the phase angle is positive, the crack path is influenced by its magnitude.
The crack moves away from the interface, preferentially into the brittle material, as
approaches 70°. On the other hand, if y is negative, the usually large fracture energy of

the metal compared with the interface, prevents the propagation of the crack out of the
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interface. In this case, one of two possibilities occurs depending on the yield strength of
the ductile metal. If the yield strength of the metal is low, plastic blunting of the interface
cracks leads to ductile fracture involving hole nucleation at the interface. Alternatively,
if the metal has a high yield strength, the stress field of the interface crack interacts with
pre-existing flaws in the brittle ceramic. Because these flaws are subject to substantial
mode II loading, the crack is deviated back towards the interface. As a result, chips of

the ceramic remain attached to the fracture surface [11].

4.2 RESIDUAL STRESSES

The amplitude and distribution of residual stresses in a joint depends on
parameters such as CTE and elastic modulus of the metal and ceramic. Geometry of the
joint, bonding temperature, and thickness of reaction layers also have an important
influence. The presence of residual stresses not only limits the strength of a joint, but
also increases the scatter in strength [2]. High concentrations of residual stresses are
generally found close to the interface and to the free surface. In cylindrical samples, the
amplitude of stresses increases with the diameter of the joint. For the rectangular
geometry, the corners of the bond faces act as points of high stress concentration.

The presence of residual stresses in ceramic-metal joints with rectangular
geometry can be visualized in Figure 4.8 [47]. Residual stresses do not form during
heating of the ceramic-metal system, since the materials are not constrained. However,

upon cooling from the joining temperature, the metal develops a smaller lateral
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- dimension than the ceramic, because of its larger CTE. As a result, large tensile stresses
are formed in the direction parallel to the interface (in-plane component, o). especially
close to the ceramic side. To counteract this effect, compressive in-plane stresses
originate in the vicinity of the interface, on the ceramic side. Along the edges of the
joint, high stress intensities are also created, especially in the direction perpendicular to
the interface (normal component, o,). Large shear stresses (r,,) occur in that region, as
well. In addition, a mismatch in elastic modulus of the joining materials contributes to
the formation of tensile stresses at the edge, enhancing the propensity to fracture. Thus,

a substantial mode II contribution to edge failure is expected in all situations [11].

a. | METAL
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Centro Edge

Figure 4.8- Residual stresses in rectangular single joints. (a) Stress-free joint at the
joining temperature; (b) stresses developed during cooling [47].
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The vectors of the principal stresses, o, and o5, are obtained from measurements
of a,, 0,, and 7,, according to
[:j - jlora)eglio o sae lr (4.5)
Figure 4.9 shows an example of a typical distribution of o, and ¢, as a function |
of the relative position and orientation with respect to the interface. The stresses were
estimated using FEM analysis on Si,N,-SM50 spainless-steel joints. The bonding

temperature was set at 700°C [48].
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Figure 4.9- Distribution of ¢, and ¢, in diffusion couples of Si,N,-SM50 [48].
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According to Figure 4.9a, o, reaches its maximum close to the edge of the
sample, where the ceramic is subjected to large tensile stresses. The o, component is
strongly compressive in the ceramic side along the bond line (Figure 4.9b).
Consequently, the position where o, reaches its maximum determines the most probable
location for crack initiation, and the direction of crack propagation is governed by o,
[48]. Therefore, it is important to minimize o4, in order to inhibit crack initiation, thus
improving the average strength of the joint, and reducing scaitering. Several methods
have been studied to achieve this objective, such as the use of interlayers, and the
optimization of the joint geometry [48].

Interlayers are used to minimize the CTE mismatch between ceramics and metals,
thus reducing the amplitude of residual stresses. One of the approaches is the graded-a
technique, where a number of buffer layers are inserted between the metal and the
ceramic (Figure 4.10). By controlling the composition of each layer, it is possible to
adjust the individual CTEs to closely matched values [17]. Although this configuration
can be easily produced in hot-press equipment, a Jarge number of layers are necessary
and their thermal expansion behaviour must be well understood. Another possibility is
the use of a metallic interlayer with a closely matched CTE to that of the ceramic, and
relatively low yield strength and high ductility. Refractory metals, such as molybdenum

(iMo) and tungsten (W), are a few candidates.



The Mechanical Behaviour of Ceramic-Metal Joints 70

METAL

: : O
GRADED INTERLAYERWM

<O <O <Oz <t <0Om

Figure 4.10- Graded-¢ attachment technique used to reduce the thermal expansion
mismatch between ceramic and metal [17].

The geometry of the sample can also be optimized to reduce the formation of
residual stresses. The effect of geometry change on oy, is shown in Figure 4.11.
Inserting the metal between the ceramic substrates reduces ¢y, by 30% (Figure 4.115}.
Instead, if a ceramic interlayer is inserted between metal substrates, oy, increases by
35% of the original value. Another possibility is to change the neutral axis of bending,
which affects the bending moment. In the geometry illustrated in Figure 4.11b, 04,
decreases by 15%, and in Figure 4.11c by 40%. When the ceramic and metal substrates
are reversed in Figure 4.11c, oq, increases by 13% of the original value because oy,

is further from the bond line, which increases the bending moment [48].
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Figure 4.11- Effect of joint geometry on o,_,. (a) Double joint; (b) and (¢) change
in neutral axis of bending. Values of o,,,, are compared to that of a
single joint with straight interface (o,,;;) [48].

Several methods can be used to evaluate the distribution of residual stresses in
ceramic-metal joints. The most common techniques are the finite element method (FEM),
X-ray diffraction (XRD), and neutron diffraction. FEM is a numerical approach where
the properties of the ceramic and metal are used along with the joining conditions, to
obtain a computerized map of the stress distribution in the joint. The disadvantage of this
technique is that it does not take into consideration the effect of the reaction layer and
the properties of the reaction products into the final results. The thickness and nature of

reaction zones can affect drastically the distribution of residual stresses, and therefore the

mechanical strength of the joint.
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Diffraction techniques are also employed to evaluate residual stresses. They are
based on a change of the position of the diffraction peaks as a result of strain. Combining
the strain measurements with the properties of the ceramic and metal, it is possible to
calculate the stresses to which the material is exposed. XRD is a non-destructive
technique more popular than neutron diffraction, as a result of the availability of
equipment. However, one serious limitation results from the poor penetration of X-rays,
which restricts the stress analysis to the surface of the material. Neutron diffraction is
also a non-destructive method used to measure residual stresses in engineering materials.
The technique is similar to XRD, however, neutrons have higher penetration than X-rays,
making it possible to determine bulk properties rather than surface effects [49]. This
technique was employed to obtain the stress distribution of the SiC-Mo diffusion couples

hoi-pressed in this work.



CHAPTER 5:

OBJECTIVES

/

he interaction between SiC and Si;N, with Mo

has not yet been thoroughly investigated. However, Mo is an important material from

the standpoint of integrating monolithic ceramics into engineering devices, as well as
developing ceramic-metal composites.

Previous studies have addressed the problem of joining SiC and Si;N, to Mo.

Nevertheless, a variety of different techniques have been used, which prevents a mutual

comparison of résults. Moreover, fundamental aspects of the subject have been
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overlooked. In particular, questions concerning the evolution of the microstructure of the
interfaces and its relation to the mechanical properties of the joints remain unanswered.

In addition, no study has been conducted on the determination of residual stresses by
neutron diffraction on hot-pressed SiC-Mo and Si;N-Mo joints. Estimates of the
distribution of residual stresses in hot-pressed diffusion couples have been made for
similar systems, such as Si,N;-stainless steel, however, the finite element method has
been used. Despite the fact that numerical models usually provide reliable
approxirmations, important aspects such as the presence of reaction zones, incomplete
bonding, an.d the rate employed to cool the joints from the bonding temperature are not
taken into account.

Finally, very little attention has been paid to the production of hot-pressed diffusion
couples using these materials, yet, this technology can become available if a basic
understanding of the optimum joining parameters is obtained. In summary, it is necessary
to establish a complete guide on the fabrication and characterization of hot-pressed SiC-
Mo and SiN,-Mo joints. Only with that information will it be possible to turn these
systems into effective ceramic-metal combinations for structural applications.

This work addresses some of the aspects of joining SiC and Si;N, to Mo by solid-
state diffusion, using the hot-uniaxial pressing technique. The optimum parameters were
studied in relation to the mechanism of interface formation, and joint strength. In
addition, residual stresses were also determined for SiC-Mo joints by neutron diffraction.

The main steps followed during this work are summarized as follows:
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1. Prepare a series of hot-pressed SiC-Mo and Si;N,-Mo diffusion couples using

commercially available materials, and vary production parameters such as joining
temperature, bonding time, cooling rate, surface roughness, and atmosphere (for

the Si;Ns-Mo system).

. Investigate the microstructural evolution of the ceramic-metal interfaces and

compare the results with thermodynamic analyses carried out for both the SiC-Mo
and Si;N,-Mo systems.
Measure joint strength by shear testing and the mechanical properties of the

interfacial reaction products using a novel nanoindentation technique.

. Correlate the microstructure of interfaces with join? streugth.

. Evaluate residual stresses by neutron diffraction and investigate ways to minimize

the amplitude of those stresses.



CHAPTER 6:

EXPERIMENTAL TECHNIQUES,
ANALYSIS AND CHARACTERIZATION
OF DIFFUSION COUPLES

|
I he bonding characteristics of SiC-Mo and

Si;N,-Mo joints were investigated. Initially, the thermodynamic behaviour of these
systems was studied, followed by hot-pressing, microstructural analysis of the ceramic-
metal interfaces, and characterization of the mechanical properties of the joints. This
chapter describes the main techniques used to carry out these analyses, as well as the

equipment employed for the production and characterization of ceramic-metal diffusion

couples.
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6.1 THERMODYNAMIC ANALYSIS

Thermodynamic analyses cf SiC-Mo and Si;N,-Mo systems were performed with
the aid of a computer program named F*A*C*T (Facility for the Analysis of Chemical
Thermodynamics). The results obtained from this automated database were used in
conjunction with available literature information, and isothermal cross-sections of
Mo-Si-C and Mo-Si-N phase diagrams.

F*A*C*T is a program capable of performing thermochemical calculations and
supplying thermodynamic properties of variou~ stoichiometric compounds and binary
soluttons [50]. The analyses carried out herein were based on the routine REACTION
to calculate the standard Gibbs free energy for the formation of Mo-Si-C and Mo-Si-N
compounds (AG?%. REACTION calculates changes in extensive thermochemical functions
such as enthalpy (H), entropy (8), internal energy (U), and Gibbs free energy (G) for a
specified change in the state of a system. The input consisted of a balanced chemical
equation and a subscript line to specify the temperature, hydrostatic pressure, phases, and
activities of each reactant and product. According to data retrieved from the F*A*C*T
database, a tabular print-out was generated, containing the change in the required
thermodynamic properties of the system for a particular temperature or range of
temperatures.

For the Mo-Si-C system, AG® for the formation of SiC was obtained and plotted
along with AG® for the formation of Mo-Si (Mo;Si, Mo,Si;, MoSi,), and Mo-C (Mo,C,

MoC) compounds. Temperatures up to 1800°C were investigated, and a hydrostatic
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pressure of 0.01 atm. (minimum value accepted by F*A*C*T) was chosen to simulate
vacuum conditions. The values of AG® were normalized for 1 mol of SiC, i.e., the
formation of any reaction product corresponded to the decomposition of the same amount
of SiC. A similar procedure was followed for the Mo-Si-N system. The AGP for the
formation of Si;N, was obtained and plotted along with the AG® for the formation of
Mo-Si (Mo,Si, MosSi;, MoSi,), and Mo-N (Mo,N) compounds. Temperatures up to
2000°C were studied along with pressures of 0.01 and 1 atm. In the latter case, Ny, was
included as a reactant to simulate joining in a N, atmosphere. The values of AG? were

normalized for 1 mol of Si;N,.

6.2 STARTING MATERIALS

The starting materials used in the preparation of diffusion. couples were
pressureless sintered «-SiC Hexoloy grade SA™ (Carborundum Co., Niagara Falls,
USA), Ceralloy 147-3® Needlelok Si;N, (Ceradyne Inc., Costa Mesa, USA), and Mo
sheet 99.95% pure (Johnson & Matthey, Toronto, Canada). SiC was sintered by the
manufacturer using small amounts of carbon (C) and boron (B) as additives. A sample
taken from one of the plates was analyzed by X-ray diffraction (XRD) using CuKe
radiation. The resulting spectrum, shown in Figure 6.1, revealed that the plates consisted
of hexagonal «-SiC polymorph 6H with a slight textufe in the (103) and (116) planes.

Table 6.1 contains a few physical and chemical properties of this material, relevant to

this work [50,51].
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Figure 6.1- XRD pattern of Carborundum «-SiC.

$31dn0> uCISi(T fo UONVZLBIIDIDY) pup SISKIDUY ‘SMbyId] (oMAULIAXT

6L



. Experimental Techniques, Analysis and Characterization of Diffusion Couples 80

Table 6.1- Properties of Cglgorundum Sintered a:_§iC [51,52]

Physical Properties
Decomposition Temperature 2300 - 2500°C
Density 3.13 g/em® (97.5% Theoretical Density)
CTE 4.5x10°°C" (20°C - 1000°C)
Mechanical Properties
Elastic Modulus 414 GPa at RT
Modulus of Rupture 335455 MPaat RT
Vickers Microhardness 33.00 GPa
Poisson’s Ratio 0.14

The variety of Si;N, used in this work was sintered reaction-bonded B8-Si;N,
(SRBSN) Ceralloy® 147-3. This material was produced by adding the sintering additives
AlO; and Y,0; to silicon, prior to shaping. The material was then nitrided, as for
reaction-bonded Si;N, (Appendix I), and fired in N, at temperatures between 1800 and
2000°C, using a protective powder-bed consisting of boron nitride (BN). The final
product achieved 99% of theAtheoretical density with reduced linear shrinkage. Table 6.2
shows some of the properties of Ceralloy® 147-3 [53]. A sample of Ceralloy® 147-3 was
also analyzed by XRD (Figure 6.2). The diffraction pattern indicated the presence of
$-Si;N,, and an additional crystalline phase having composition Si;N, - Y;0;. The latter
was identified as N-melilite, an intergranular phase often found in Y,0; siniered Si;N,.

. Although AL,O; was also used as a sintering additive, no peaks corresponding to any
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other compound were found, possibly indicating the presence of a vitreous intergranular

phase containing both Al,O, and S10,.

Tab;e 6.2~ Properties of Ceralloy 147-3 Si,N, [53]

Physical Properties
Density 3.30 g/em® (99.3% of Theoretical Density)
CTE 3.5:10%°C* (20°C - 1000°C)
Thermal Conductivity 35 W/m.K at RT
17 W/m.K at 1000°C
Mechanical Properties
Elastic Modulus 320 GPaatRT
Modulus of Rupture 800 MPa at RT

737 MPa at 1000°C
545 MPa at 1200°C

366 MPa at 1400°C .
Vickers Microhardness 15.5 GPa
Poisson’s Ratio 0.28
Fracture Toughness 6.0 - 7.5 MPavm

A collection of properties for the rolled Molybdenum sheets supplied by Johnson
& Matthey is shown in Table 6.3 [54]. XRD was also performed, confirming the bee
structure and high purity of the material (Figure 6.3). At high values of the diffraction
angle, it was visible that some of the doublets were resolved due to the different angles

of diffraction corresponding to CuKe; and CuKa, wavelengths [35].
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Table 6.3- Properties of Rolled Molybdenum Sheet [54]

Physical Properties
Melting Point 2622410°C
Density 10.14 g/em®
CTE 5.35x10%°C? (20°C - 1600°C)
Electrical Resistivity 5.65x10° Q.cm at RT
35.2:10° Q.cm at 1130°C
Thermal Conductivity 124.77 W/m.K at RT
Mechanical Properties
Elastic Modulus 324 GPa at RT
289 GPa at 540°C

262 GPaat 1100°C
103 GPa at 1650°C

Vickers Microhardness

2.30 GPa

Poisson’s Ratio

0.324

6.3 JOINING EXPERIMENTS

Joining experiments started with the preparation of the diffusion couples. SiC and

Si,N, were supplied as plates of 150x150x6 mm? and 20:20:5.4 mm” respectively, and Mo

was supplied as 50:50.2.5 mm?® rolled sheets. The original plates were cut into small

blocks having a cross-section 9.0:9.0 mm? and the thicknesses of the supplied plates,

using a diamond blade and a high-speed wafering saw. The surfaces to be joined were

then ground and polished with 1.0 um diamond paste finish and cleaned with isopropanol

in an ultrasound probe for 5 minutes. The diffusion couples consisted of a block of SiC
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or Si;N, mounted axially with a block of Mo such that their polished surfaces were in
contact. The experimental apparatus used to join the diffusion couples consisted of a hot-

press, a rotary vacuum pump, and a N, gas supply, as depicted in Figure 6.4,

Three-way valve

~~

Hot-press [
AN

CHZ012
T°C
b

~ Load Cell ~_ ’

/ [0

Vacuum Pum
N,-Cylinder e P
JOMEGA DP-BD
[LOAD
Pressure Display =2 _~ Hydraulic Press
and Controller

e

Figure 6.4- Experimental apparatus used to join SiC and Si;N,; to Mo.

Once a diffusion couple was assembled, it was then positioned in the furnace.
Individual samples were inserted in a graphite die and embedded in BN powder 99.5%

pure (Johnson & Matthey, Toronto, Canada). The role of the powder-bed was to avoid
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contact between the sample and the internal walls of the graphite die, and to aid in the
distribution of the hydraulic pressure applied to the sample. The graphite die containing
the sample and the powder-bed was then placed in-line with the remaining graphite
punches. Figure 6.5 shows a schematic representation of the sample assembly and the
hot-press chamber. The sample holder and punches used to apply the uniaxial load to the
diffusion couple were manufactured from a graphite grade used especially for
hot-pressing applications (AQ-30, Speer Canada, Montreal). Table 6.4 shows some of

the properties of this material [56].

Table 6.4- Properties of Graphite Speer Grade AQ-30 [56]

Density 1.75 g/em®
Compressive Strength 98.5 MPa
Thermal Conductivity 105 W/m.K

CTIE 3.5:10%°C
Ash Content 100 ppm

The pressure applied to a sample during hot-pressing was provided by a hydraulic
pump ENERPAC IPE-2560 and monitored by a load cell placed underneath the furnace
(Figure 6.4). This load cell generated an output voltage signal that was sent to an

OMEGA DP-80 digital display. Calibration of the load cell was performed periodically
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. Figure 6.5- (a) Front and (b) side views of the hot-press chamber.
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against the ENERPAC gauge, maintaining a precision of 5% of the nominal applied load.

The joining temperature was measured by an infrared pyrometer MIKRON M-600
inserted at the back of the furnace (Figure 6.5b). Its target tube consisted of a glassy-
graphite cylinder connected to a fibre-optic lens assembly. As the temperature increased
the target tube glowed, and the fibre-optics sent a signal, in the form of infrared
radiation, to a control box. There, an output voltage signal was generated, simulating a
type-C thermocouple, and sent to a programmable temperature controller OMEGA
CN2012. The pyrometer was periodically calibrated against a tyi)e-C thermocouple'
placed in contact with the sample. Hence, the testing temperatures were within a range
of 5°C of the nominal value.

Once a sample was in position, the furnace was closed and evacuated to a
pressure of 2x10™* atm. (20 Pa), at room temperature. For the experiments carried out in
N,, the furnace was backfilled to pressures slightly above 1 atm. (110 to 120 kPa). After
the joining environment was established, the furnace was heated up to the preset joining
temperature at a rate of 15°C/min. Two graphite elements were used for heating, and the
hot zone was surrounded by graphite fibre insulators on all six sides (Figure 6.5). During
joining experiments in N,, the expansion of the gas was controlled using the three-way
valve shown in Figure 6.4. When the temperature in the furnace was 10°C lower than

the set point, the load was applied to the sample.

! Tupgsten - 5%Rhenium / Tungsten - 26% Rhenium.
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Joining of SiC to Mo was carried out for temperatures ranging from 1000°C to
1700° C under vacuum. Si;N, was joined to Mo under vacuum and in N, for temperatures
between 1000°C and 1800°C. For both systems, the holding times varied from
10 minutes to 4 hours, and the hydraulic pressures from 5 to 100 MPa. Figure 6.6 shows

the temperature and pressure profiles followed in the joining experiments.
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Figure 6.6- Temperature and pressure profiles followed in joining experiments.

After the holding time elapsed, the sample was cooled to room temperature. The

. applied load was carefully removed during the initial stages of cooling. Two cooling
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profiles were employed. In the first one, the sample was simply furnace cooled. Typical
cooling rates for this profile are estimated in Figure 6.6. Furnace cooling was used to
produce samples to calculate the activation energy for the formation of interfaces. In this
case, slow cooling would result in continued reaction beyond the holding time stipulated,
affecting the final value of activation energy. The second profile consisted of cooling the
sample slowly (5°C/min) for the first 500°C. The sample was then furnace cooled for
the remainder of the cycle. This profile was used in the preparation of specimens for

mechanical testing.

6.4 MICROSTRUCTURAL CHARACTERIZATION

In order to investigate the composition and morphology of the SiC-Mo and
Si;N,-Mo interfaces, cross-sections of each joint weré cut using 2 low-speed diamond saw
and mounted in a cold-setting epoxy resin. Specimens were then polished with diamond
paste and alumina suspension (0.05 pum finish). Although the hardness of AlO,
(23.7 GPa) is lower than that of SiC (33.0 GPa) [1], this last polishing step was effective
in improving the surface conditions of Si;N, (hardness of 15.5 GPa), Mo (hardness of
2.30 GPa), and the interfacial reaction products.

The thickness of the interfaces were measured using a LECO 2005 image
analyzer. Micrographs were obtained from a JEOL JSM-840A scanning electron
microscope, using mainly the back-scattered electron image mode (BEI). The

backscattered signal is proportional to the average atomic number of the sampling
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volume, producing a contrast between regions of a specimen with different compositions.
Electron probe micro-analysis (EPMA) of interfacial phases was performed in a
CAMEBEX electron microprobe with wavelength dispersive system (WDS) using a beam
current of 0.7 nA and an accelerating voltage of 10 kV. Quantitative analysis of carbon
was performed using a polymeric window (NORAN®) with enhanced transmission
properties. X-ray line analysis was carried out in a JEOL-8900 superprobe using a beam
diameter of 1 pm, step size of 0.5 um (to allow overlapping and therefore continuous
analysis), and beam penetration of 2 um (to minimize interference from underlying
material). For SEM and EPMA characterization, the samples were carbon-coated using

an EDWARDS E306A Coating System.

6.5 X-RAY DIFFRACTOMETRY

X-ray diffraction was carried out on fracture surfaces of the joint components,
using CuKe radiation on a RIGAXKU ROTAFLEX RU-200B diffractometer. CuKe
radiation consists of two lines (Ke; and Ka,) with wavelengths 1.544390 A and
1.540562 A, respectively. The angular range between 5 and 100° was investigated with
an angular velocity of 0.6°/min, accelerating voltage of 50 kV, and current of 150 mA.
Similar conditions were used on samples of the starting materials, except for the angular

range which was adjusted individually, as can be seen in Figures 6.1 through 6.3.
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6.6 SHEAR STRENGTH TESTING

The interfacial strength of SiC-Mo and Si;N,-Mo joints was determined by
fracture shear loading using 2 INSTRON Dynamic Testing System Model 8500, and a
shear jig represented schematically in Figure £.7. The specimens consisted of butt-joined
ceramic-metal diffusion couples. Prior to shearing, the samples were surface ground to
assure parallelism between the sample and the plunger. They were then carefully placed
in the bottom part of the jig, with the interface plane parallel to the plane of vertical
displacement of the plunger. The position of the specimen was adjusted so the contact
area between the bottom of the plunger and specimen included all the specimen cross-
section. The sample was held in position by two screws. These screws applied a slight
pressure on the Mo side of the sample to prevent any bending moment and specimen
movement during testing. The sample assembly was thex-m moved up towards the piunger
at a vertical speed of 0.5 mm/min until the applied load resulted in fracture of the
specimen.

The load-displacement curves were obtained on a x-y chart recorder connected to

the testing equipment. The shear strength of the joint was then calculated by
= (6.1)

where 7 is the shear strength, P,,, is the fracture load, and A is the specimen cross-
sectional area. For each set of experimental conditions studied (temperature, time, and

environment for the case of Si;N,-Mo joints), an average of six samples were used to
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determine the shear strength. The error bars were assumed to be plus or minus one

standard deviation.

INSTRON

Mo —» |:i7i— CERAMIC

SHEAR 5
<
JIG

B T CHART RECORDER
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Figure 6.7- Assembly used in shear loading tests.

6.7 NEUTRON DIFFRACTOMETRY
The effect of the joining temperature on the distribution of residual stresses in

SiC-Mo joints was studied using neutron diffraction. A series of SiC-Mo diffusion
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couples was hot-pressed at temperatures ranging from 1200°C to 1560°C for 1 hour,
under a pressure of 10 MPa. The samples were cooled slowly from the joining
temperature as illustrated in Figure 6.6. In addition, the effect of the cooling rate on the
distribution of residual stresses was also studied, using a sample hot-pressed at 1400°C
for 1 hour, under a pressure of 10 MPa. This sample was cooled directly from the
joining temperature.

Neutrons are generated in a nuclear reactor as a product of the nuclear fission of
Uranium-235 (3°U) atoms (Figure 6.8). Because of its quantic nature, a neutron with
velocity v has associated with it a particular wavelength, A, according to the equation
[62]

A = himy (6.2)

where £ is the Planck’s constant, and m is the mass of the neutron. Neutrons with
different velocities are generated in the process. Fast neutrons (short wavelengths) are
slowed down or rhermalized inside the reactor by collisions with moderators such as
graphite and heavy water (D,0Q). Thermalization is necessary, mainly, to produce
neutroﬁs with wavelengths of the order of magnitude of the atomic spacing in crystalline
structures. Hence, it is possible to ‘investigate the arrangement of the atoms of a
particular specimen by analyzing the diffraction of the neutron b&am with the atomic

planes of the material, as in X-ray diffraction.
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Figure 6.8- Schematics of a nuclear reactor showing its core, shielding, and neutron
spectrometers [57].

Neutrons with different velocities, and therefore different v-zavelengﬂls, fdrm a
polychromatic, or white beam, as they are collimated towards a neutron spectrometer.
There, a crystal diffracts part of the white beam generating a monochromatic diffracted
beam. The wavelength of the monochromatic beam, A, is related to the atomic spacing,

d, of a selected set of planes (hkl) of the monochromator crystal, by the Bragg’s law
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A = 2d.sinf (6.3)
where § is the angle of diffraction. Only 1% of the white beam is diffracted by the
crystal. The remainder is undeviated and absorbed to avoid being counted as background,
and to reduce the level of radiation surrounding the neutron detector. Imperfections in
the cr)lrsta.l and horizontal divergence of the white beam result in a band for the
wavelength of the monochromatic beam (A+d\). The width of the band &\ is of the
order of 0.05 A.

The monochromatic beam is then collimated towards the sample under
investigation. As the neutron beam penetrates the sample, diffraction occurs in all
directions selected by the Bragg’s law. By adjusting the position of the neutron detector,
a particular set of planes is selected according to the corresponding angle of diffraction.
The diffracted beam enters the detector and is electronically counted. Neutrons being
uncharged (n%), do not produce ionization. Thus, the detection process depends on
neutron absorption by atoms whose subsequent decay resuits in ionizing products. In a
*He detector the reaction can be expressed as [49]

*He + n° = H* + *H* + 0.76 MeV (6.4).
In a subsequent step, H* and H* ionize the *He gas generating a voltage pulse. The
energy released (0.76 MeV) is in form of  radiation, which originates an electric pulse
of intensity equal to 1% of the intensity of the pulse produced by the neutrons. In the
counting process, neutrons are separated in electronic channels according to the angle of

incidence, which is directly related to the angle of diffraction with the crystallographic
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planes of the sample. Using equation (6.3) it is then possible to calculate the atomic
spacing of the particular set of planes, which is the foundation of the stress analysis by
diffraction methods.

The set-up employed in the neutron diffraction experiments is illustrated in
Figure 6.9. A germanium (Ge) crystal was used as monochromator, where a beam of
wavelength 1.8533 A was generated by diffraction of the white beam of neutrons with
the (331) planes of the crystal. The monochromatic beam, arising from the Ge-crystal,
was collimated towards a SiC-Mo sample, placed on top of a moving table. The spacial
position of the sample was adjusted by a set of independent stages for the x, y, and 2z
coordinates. The x and y coordinates selected a specific position within the sample, and
the z coordinate was fixed. The beam height, as selected by the slit, was greater than the
sample height, allowing an integrated diffraction process through the entire sample. The
angular position of the neutron detector, ¢, was adjusted to collect the neutrons diffracted
by a particular set of crystallographic planes of SiC or Mo. The strain in the SiC side of
the sample was studied using the {212) planes which diffracted at = - 89.84°. For Mo,
the (211) planes were used corresponding to ¢ = - 92.40°. These particular sets of
planes were chosen taking into account the intensity of the diffracted peak and its angular
position [58]. The diffracted peak had to be relatively intense, as a consequence of the
inherent low intensity of the monochromatic neutron beam. As mentioned earlier, the
typical intensity of a monochromatic beam is of the order of 1% of the intensity of the

white beam. In addition, the number of neutrons generated in a nuclear reactor is four
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Figure 6.9- Set-up for neutron diffraction analysis of SiC-Mo joints.
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orders of magnitude lower than the number of quanta generated in an X-ray tube. Also,
the angle ¢ had to be preferentially close to 90°, since .he distortion of the sampling
volume is minimum in that situation, as shown in Figure 6.10. This last feature is
important from the spacial resolution standpoint, since 75% of the diffracted beam is

concentrated around the centre of the sampling volume, in an area which accounts for

Y

25% of the total value [58].

I,

—
o)

—
o

i |
\ N
\

SV T— =1, { SV
\
lo

$ << 90° $ = 90° ®>> 90°

|- Incident Beam
- Diffracted Beam
SV- Sampling Voiume

Figure 6.10- Geometry of sampling volume as a function of &.

The angle of rotation of the table, ¥, was adjusted in order to select the geometry
of the diffraction process, and therefore the component of strain to be studied

(Figure 6.11). Normal components of strain are studied setting the angle of rotation of
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the sample ¥ to $/2, and in-plane components setting ¥ to $/2 + 90°, Therefore, the
corresponding values of ¥ for SiC were 45.08° for the in-plane component, and -44.52°
for the normal component. For Mo, ¥ was equal to 43.80° for the in-plane component,

and -46.20° for the normal component. Symmetry was assumed between the two in-plane

components of strain.

(1 )(3)
B L.—'
: (2)
Incident Ditfracted incident Diffracted
Beam Beam Beam Beam
/| METAL N,

/e CERAMIC

a. (1) ¥, =872 b.(2,03) ¥ =&/2+90°

Figure 6.11- Sample orientation selected by the angle ¥ for (a) normal strain
component, and (b) in-plane strain component.

The angle @ is related to the angle of diffraction § in (6.3) by
$ =20 6.5)

Thus, by measuring 9, it is possible to calculate 8, and therefore the interplanar distance,
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d, corresponding to the (7kl) planes observed. When the material is under tension, the
planes are pulled slightly apart so that d increases with respect to a strain-free value, 4,
Likewise, if the sample is under compression, the planes are pushed together and d
decreases with respect to d,. The measured strain, &, is then defined by

e = (d-d/d, (6.6)
Strain can also be expressed in terms of the diffraction angles for peaks in the specimen
and strain-free sample (if A is the same). Errors in strain measurements are sometimes
of the order of the strain values because if the number of collected points is small, the
error in the peak fit (Gaussian function) can be of the order of the peak shift itself. The
error in the Gaussian fit is related to the quality of the statistics generated during
measurements, and not necessarily to peak width, i.e., a broad peak can be collected
with reasonable statistics yielding satisfactory results, whereas a sharp peak can be
collected with a reduced number of points, resulting in a poor fit. Once the strain is

obtatned, the corresponding stress can be calculated according to

o, = Es*-v
ey ¥ 1-2v

(exre el 6.7

where E is the elastic modulus, and v is the Poisson’s ratio. The values of E and » for
$iC and Mo are included in Tables 6.1 and 6.3, respectively. A cyclic permutation of
indices in equation (6.7) yields the other two components of stress (o, and o). On the
basis of sample symmetry, it was assumed that the strain along both in-plane components

were equivalent (g, = &,). Hence, the set of three equations implied in (6.7) was reduced
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to two: one to calculate the in-plane components of the strain (g, and &), and another to

calculate the normal component (g,).

6.8 NANOINDENTATION ANALYSIS

Depth sensing nanoindentation was used to determine the hardness and elastic
modulus of the reaction products existing within SiC-Mo interfaces. Whereas typical
microhardness measurements use fixed loads from 1 to 10 N, nanoindentation tests are
performed in the ultra-low load regime (less than 1 N). The advantage of this test over
conventional microhardness is that small volumes of material can be analyzed (layer
thickness between 2 to 3 um).

A schematic representation of the nanomechanical probe used in this work is
shown in Figure 6.12 [59]. The sample was placed on a set-up consisting of independent
X, ¥, and z stages controlled by a computer. A microscope was used to select the areas
of the sample for the indentation tests. The tests were performed using a diamond
indenter attached to a load cell. The Joad cell resolution was 10 mN for the applied load
of 0.055 N. The depth resolution was 0.3 nm, and the spacial resolution was 100 nm.
The load and depth of penetration were collected from the time the indenter touched the
sample until it was completely removed from it, resulting in a load vs. depth plot from

where the elastic modulus and the microhardness of the tested material were obtained.
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1.Frame 4.Ball slide
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. Figure 6.12- Diagram of probe used in nanocindentation tests [59].
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The Vickers hardness (HV) was calculated from load-depth plots according to the

equation [60]

HV = 113.51% (6.8)

/3
where W, is the plastic work in uJ and %, is the plastic depth in um. The elastic modulus
was calculated from the slope of the unloading segments of load-depth plots using the
following equation {61]:

(L:.J_‘.E‘iof)%; . 2@ 6.9)
where dP/dh is the slope of the linear portion of the unloading curve, » is the Poisson’s
ratio of the material being tested, v, and E, are the Poisson’s ratio and the elastic

modulus of the diamond indenter, and A, is the contact area between the indenter and the

sample.



CHAPTER 7:

THE SiC-Mo SYSTEM

nitially a thermodynamic analysis of the Mo-Si-C
system was carried out and followed by the hot-pressing and characterization of SiC-Mo
diffusion couples. A correlation was established between the microstructure of the

resulting ceramic-metal interfaces and the mechanical properties of the joints.

7.1. THERMODYNAMIC EVALUATION OF THE SiC-Mo SYSTEM

When SiC is in contact with Mo, a reaction is expected to take place. In

105
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Figure 7.1 the stability of Mo-Si-C compounds, represented by their respective standard

Gibbs free energy of formation (AGP), is plotted for temperatures up to 1800°C.
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Figure 7.1- Standard free energy of formation of Mo-Si-C compounds as a function
of the temperature (data obtained from F*A*C*T).

Because Mo,Si and MosSi; have lower AG® of formation compared to SiC, they
are expected to form. The process starts with the decomposition of SiC into silicon (Si}

. and carbon (C) according to
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SiC = 8i + Cu......... AG] (7.1)

where AG} > 0, since the formation of SiC has associated with it a AG® < 0,
Subsequently, Si diffuses into Mo and reacts with it to form Mo,Si following

3 Mo + Si = MojSi.......... AGS (7.2)

Combining equations (7.1) and (7.2), and selecting 1200°C as the joining temperature

gives
SiC=8i+C.......... AG) =61k
3 Mo + Si = MosSi.......... AG) = -115 kJ
yielding
SiC + 3 Mo = Mo,Si + C.......... AGL = AG + AGS = -54 kJ (7.3)

Carbon originating from the decomposition of SiC also diffuses into Mo. This step of the
process should be thermodynamically evaluated considering two possible routes: the
formation of a stable carbide (Mo,C), |
2Mo + C = MoC.......... AGS (7.4)
and the formation of a solid-solution between Mo and C according to
Mo.C = 2 Mo + [C],,,.......... AG; (7.5)
Although AG; is not available, the Mo-C phase diagram (Figure 3.7) indicates that C has
a very small solubility in Mo for temperatures lower than 2100°C. In addition, Mo has
a high affinity for C resulting in the formation of Mo,C. Considering 1200°C as the

joining temperature (AG{ = -52 kJ), and then combining (7.3) and (7.4) yield
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SiC + 5 Mo = Mo,Si + Mo.C.......... AGl = AG) + AGS = -106 kJ  (1.6)
Comparing (7.3) and (7.6), it can be seen that the formation of Mo,C lowers the total
free energy of the system, indicating that (7.6) is more favourable than (7.3).

As the reaction proceeds, the concentration of free Si at the interface increases,
which precipitates MosSi,, as a result of the diffusion of Si into Mo;Si. The total reaction
between SiC and Mo at this point can be expressed by

SiC + 5 Mo = Mo;Si + Mo.C
Mo,Si + 4/5 Si = 3/5 Mo,Si,
4/585iC=4/55i+4/5C
8/5 Mo + 4/5 C = 4/5 Mo.C

9/5 SiC + 33/5 Mo = 3/5 MoSi, + 9/5 Mo.C.......... AG? 7.7)

For a joining temperature of 1200°C, AGJ = -173 kJ. Since AG? < AG], the reaction
expressed by (7.7) proceeds. According to the Mo-Si and Mo-C phase diagrams, and
F*A*C*T, the reaction between SiC and Mo would continue with the transformation of
Mo,Si; into MoSi, by addition of Si into the Mo,Si,, and with the transformation of
Mo,C into MoC by addition of C into the Mo,C. F*A*C*T does not contain any data
on ternary Mo-5i-C phases, nevertheless, the existence of such a compound has been
established and it may prevent the transformation from Mo,Si, to MoSi, [30,31,32].

A similar thermodynamic analysis can be conducted based on the 1200°C cross-

section of the Mo-Si-C phase diagram. The two methods should yield similar resuits.
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Figure 7.2 shows the 1200°C cross-section of the Mo-8i-C phase diagram plotted along

with the SiC-Mo interface (dotted line).

MoSi, Mo Si, Mo,Si
-—p at.% Mo

Figure 7.2- The 1200°C cross-section of the Mo-Si-C phase diagram plotted along
with the SiC-Mo interface (dotted line). Labels (1) to (4) indicate
interfacial reactions [31].

When SiC and Mo are joined at 1200°C, the sequence of events that take place
within the interface can be visualized from Figure 7.2. In a ternary cross-section of a
phase diagram, the interface between two materials is represented by a straight line

connecting them. Every time the interface intercepts a tie-line, reaction occurs and the
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corresponding products are the compounds present at the extremities of the tie-line. In
- this situation the lever rule applies, and it can be used to estimate the relative amounts
of each compound. Thus, following the interface line in Figure 7.2 towards SiC, it can
be seen that a first reaction between SiC and Mo, labelled (1) in Figure 7.2, produces
Mo,C and Mo,Si in a wt. % ratio of 0.63 to 1. This result corresponds to the reaction
expressed by (7.6), where the wt. % ratio of Mo,C to Mo,Si was calculated to be 0.65
to 1. Subsequently, the interface intercepts a tie-line containing Mo,C and Mo;Si;,
labelled (2), in a wt.% ratio of 1.09 to 1. This reaction corresponds to equation (7.7)
where the wt. % ratio between Mo,C and Mo;Si; is 1.1 to 1. At this point, the phase
diagram analysis complements the data based on F*A*C*T. In the phase diagram, a
ternary phase of composition Mo,Si,C is seen coexisting with Mo,C, as indicated by label
(3) in Figure 7.2. Hence, the transformation of Mo;Si; into MoSi, does not take place.
Further evidence of this fact is the absence of any tie-line containing MoSi;, as an
extremity intercepting the interface in Figure 7.2. Finally, the SiC-Mo interface line
intercepts a tie-line containing MoSi,C and C as its terminal phases. The presence of
free carbon within SiC-Mo interfaces has not been reported in the literature, and it may
be a consequence of using phase diagrams, i.e., equilibrium conditions, to explain a non-
equilibrium situation, such as the continuous diffusion of Si and C into Mo, observed
during the production of SiC-Mo diffusion couples.

Considering a higher joining temperature (1600°C), the formation of Mo-silicides

(Mo,Si and MosSi;) as well as the formation of Mo,C can be observed by direct
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examination of Figure 7.1. Alternatively, this fact can also be observed by plotting the
SiC-Mo interface line along with the 1600°C cross-section of the Mo-Si-C phase diagram
(Figure 7.3). The same sequence of events observed at 1200°C occurs at 1600°C.
However, an important difference is noticed as the interface intercepts a tie-line
connecting Mo,Si;C to MoC. This indicates that during bonding at 1600°C, a
transformation from Mo,C to MoC is likely to occur. Further evidence of this fact is
found in the binary Mo-C phase diagram (Figure 3.7). However, the temperature of
stability of the first MoC phase (n-MoC,.,) in that diagram is 1657°C. The presence of

MoC within diffusion-bonded SiC-Mo interfaces has not been reported in the literature.

C

MoSi, Mo;Si; Mo,Si
— at.% Mo

Figure 7.3- The 1600°C cross-section of the Mo-Si-C phase diagram plotted along
with the SiC-Mo interface (dotted line) [30].
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7.2 INTERFACE CHARACTERIZATION

Diffusion couples of SiC and Mo were hot-pressed in vacuum at temperatures
ranging from 1000°C to 1700°C and times varying from 10 minutes to 4 hours. The.
pressure applied to the sample was limited to values between 10 and 20 MPa, as this
range is within the compressive yield strength of Mo. Pressures in excess of 50 MPa
resulted in substantial deformation of the Mo foil, especially at relatively high joining
temperatures.

Joining of SiC to Mo occurred by the formation of a reactive interface on the Mo
side of the sample. The reaction started with the decomposition of SiC into Si and C and
diffusion of these species into Mo. Because solid-state diffusion is a thermally activated
mechanism, reaction became significant only for relatively high joining temperatures
(above 110C°C). The interfaces consisted initially of one reaction layer containing two
intermixed phases. EPMA performed on a sample hot-pressed at 1250°C for 2 h showed
an interface with 8 um in thickness and indicated that the two phases formed were MosSi;
and Mo,C (Figure 7.4).

Despite the fact that Si is larger in size than C', the activation energy for the

* diffusion of Si in Mo (327 kJ/mol) is lower than the activation energy for the diffusion
of C in Mo (348 kJ/mol) [63]. This indicates that upon joining of SiC to Mo, Si probably
diffused into Mo faster than C. It has been suggested that the rate of diffusion of non-

metals into transition metals is related to the ionization potential of the non-metal species

1 Carbon has atomic radius 0.77 A and silicon 1.17 A [62].
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rather than its ionic size [63]. The lower the ionization potential of the non-metal ion,
the easier it diffuses into the transition metal. Following this argument, Si diffused into
Mo easier than C, as a result of its lower ionization potential (8.28 eV) as compared to
that of C (11.24 eV) [63]. However, the high affinity of Mo for Si resulted in ready
formation of a silicide, initially Mo,Si, preventing Si from diffusing extensively into the
Mo. Mo,Si transformed rapidly into MosSi; which indicates considerable decomposition
of SiC, and a large supply of Si. The diffusion of C into Mo resulted in Mo,C formation.
Although initially present intermixed with MosSi; only, Mo,C extended deeper inside the

Mo and, at 1400°C, consisted of a separate interfacial layer [64].

Figure 7.4- Backscattered electron image (BEI) of SiC-Mo interface (vacuum,
T = 1250°C, t =2 h, P = 10 MPa).
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Figure 7.5 shows the interface of a sample hot-pressed at 1300°C for 1 hour. The
average thickness of this interface was 11.25 um and consisted once more of Mo,Si; and
Mo,C. Back-scattered imaging also showed a contrast effect in the Mo,C region probably
related to texture. This result was later confirmed for samples hot-pressed at higher
temperatures. A different contrast was also observed in the Mo,Si; region in contact with
SiC. EPMA showed a composition which corresponded to MogSi; but contained a trace
amount of C. It is believed that this was the beginning of the precipitation of the ternary

phase Mo,Si;C. This fact became evident when the joining temperature was increased 1o

1500°C.

Figure 7.5- BEI of SiC-Mo interface (vacuum, T = 1300°C,t = 1 h, P = 10 MPa).
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The interface of a SiC-Mo diffusion couple hot-pressed at 1500°C for 10 minutes
is shown in Figure 7.6. A Mo,Si;C layer of 3 um in average thickness was observed in
contact with SiC, and identified by EPMA. The total thickness of this interface was
24 um. Figure 7.6 also illustrates a more defined interface between SiC and Mo, which
is composed of three reaction zones: (a) a layer of Mo,C in contact with Mo; (b) an
intermediate reaction zone containing both MosSi, and Mo,C, and (c) a layer of Mo;Si,C

in contact with SiC [64].

Figure 7.6- BEI of SiC-Mo interface (vacuum, T = 1500°C, t = 10 min,
P = 10 MPa).

The presence and position of each reaction layer identified in Figure 7.6 can also

be visualized in the WDS line analysis of Mo, Si, and C across that interface
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(Figure 7.7). The different reaction layers can be identified through the variation in

intensities of the X-ray scans as a function of distance from the original interface.
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Figure 7.7- 'WDS line analysis of atomic species across the SiC-Mo interface shown
in Figure 7.5 [64].

In Figure 7.7, the Mo,C layer in contact with Mo is identified by an increase in
the relative intensity of the C signal. At the point where the C signal reaches its
maximum, the intensity of the Si signal stzrts to increase, indicating the presence of
Mo,Si;. At that point, the probe was on the mixed layer, where a second peak in the C

. signal is seen at the same relative position as a peak in the Mo intensity, indicating the
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presence of a Mo,C region. Subsequently, the relative intensity of Mo abruptly decreases
at the same point where the intensities of Si and C increase, indicating the presence of
the ternary phase Mo,Si;C.

Therefore, the sequence of reaction within a SiC-Mo interface can be summarized
as follows: when Mo became saturated with Si, cubic Mo;Si was probably formed
initially, but not observed. Further addition of Si stabilized tetragonal Mo;Si;. The next
step in the reaction should be the formation of MoSi,, as reported for experiments on
siliconizing of Mo [63]. However, the presence of C prevented the formation of MoSi,.
Carbon is thought to diffuse preferentially along the grain-boundaries of Mo;Si;, however
lattice diffusion could also have occurred, and a fraction of C atoms, diffusing through
Mo;Si;, remained in the structure stabilizing the hexagonal Mo,Si,C. In this structure,
C occupies interstitial positions at the centre of octahedra formed by the Mo atoms as
shown in Figure 3.11.

A common aspect observed for all SiC-Mo interfaces was their irregular pattern
with wavy phase-boundaries between MosSi; and Mo,C, between Mo,C and Mo, and
between Mo,Si;C and SiC. It has been suggested that this is a ternary diffusion
phenomenon related to the kinetics of C diffusion through the MosSi, layer [31]. As for
the wavy aspect of the Mo;Si;C-SiC boundary, it may be related to the asperities present
at the original SiC and Mo surfaces. Voids of different sizes are formed when the SiC
and Mo surfaces are brought in contact. At the points where large voids are present, the

final interface can be expected to be relatively thin,
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Bonding experiments carried out for temperatures higher than 1500°C generally
resulted in failure of the joints. X-ray diffraction was performed on the SiC and Mo
fracture surfaces of a sample hot-pressed at 1650°C, which debonded during cooling
from the joining temperature. The corresponding patterns are shown in Figure 7.8. The
diffraction spectrum obtained from the SiC fracture surface matched that of the original
a-8iC (Figure 6.1) with the addition of residual MogSi; and Mo,Si;C. Although
overlapping of Mo,Si;C and SiC occurred, the presence MosSi;C was established mainly
by its (112) peak. Mo,C peaks were not observed on the SiC fracture surface [64].

Mo;Si; was the main phase observed on the Mo fracture surface. The main peaks
observed were (411) and (321), although the (321) peak overlapped with the (102) peak
of Mo,Si;C. Hexagonal 8-Mo,C was also observed. As the Mo fracture surfaces were
characterized by a change in composition with the distance from the surface, and
diffraction at high angles included a thicker region of the interface, the relative intensities
of the carbide peaks increased with the angle of diffraction, 20, due to the increase in the
penetration of X-rays. For angles greater than 60°, diffraction originated from the
interface layer rich in Mo,C and, depending on the local thickness of the interface, even
the Mo layer diffracted, as can be seen by the Mo (220) peak at 26=287.65°. An intense
peak observed at 26=35.7° was identified as the (006) planes of hexagonal «-SiC, and
originated from particles dispersed on the Mo surface. Another relatively intense line was
observed at 26=20.9°, It was attributed to presence of free C on the Mo fracture

surface, as predicted in Figure 7.3. Upon joining at high temperatures, reaction took
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place at the extent that the Mo-Si-C system was approaching the equilibrium conditions
represented by its phase diagram, resulting in the formation of Mo,Si;C and free C.

At 1700°C, samples were hot-pressed for 1 hour resulting in failure of the joints.
X-ray diffraction of the Mo fracture surface of one of those samples indicated that the
transformation from B8-Mo,C to n-MoC,;, may have occurred, but the results were
inconclusive due to extensive peak overlapping. As SiC-Mo interfaces are characterized
by a change in composition with sample depth, it is important to know the effective depth
of penetration of X-rays for each compound. An estimate of the depth analyzed by X-ray
diffraction can be obtained from the parameter G, [55]. This parameter represents the
fraction of the total diffracted intensity originated from a layer of thickness x, and is

expressed by

(D (7.8)

= 1 - sing
G, =1-e

where p is the mass absorption coefficient of the compound, x is the thickness, and @ is
half of the diffraction angle. The method used to calculate the coefficients of mass
absorption for Mo,Si;C, MosSi;, and Mo,C is described in Appendix II. Figure 7.9
shows a plot of G, as a function of 26 for Mo,S1,C, Mo,Si;, and Mo,C. It ¢can be seen
that for all three compounds, more than 95% of the X-rays analyzed were originated in
a layer 10 pm thick, which explains the difficulty in obtaining clear Mo-carbides spectra.
The variation of G, with 6 also accounts for the preferential presence of Mo and

Mo-carbide peaks at high angles of diffraction.
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In order to establish whether n-MoC,,, was formed at 1700°C, X-ray diffraction
was performed after gradually removing interfacial material from the Mo-fracture surface

of a sample hot-pressed for 1 hour. Figure 7.10 shows a cross-section of the Mo-side of

the sample [64].

Figure 7.10- BEI of SiC-Mo interface (vacuum, T = 1700°C, t =1h,
P = 20 MPa).

The labels (a) through (c) in Figure 7.10 correspond to the X-ray spectra
contained in Figure 7.11, and they indicate the interfacial layers analyzed. First, the
original interface was studied and the presence of Mo,Si;C and MosSi;, as the main
phases, was confirmed (Figure 7.112). Mo,C was identified at high angles of diffraction.

Then, the sample was ground to eliminate the ternary phase, and X-ray diffraction was
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performed on the mixed layer (Figure 7.11b). Mo,Si; was identified as the main phase,
although Mo,Si,C was still present as a result of the characteristic wavy aspect of the
reaction layers. At 26=36.7°, the peak (102) of hexagonal %-MoC,, was observed.
However, this position overlapped with the (002) peak of Mo,Si;. The last grinding step
was performed until optical microscopy of the cross-section of the Mo fracture surface
showed only the carbide layer in contact with Mo, at which point about 70 um had been
removed from the sample. X-ray diffraction was then performed resulting in a more
accurate determination of the type of carbide present (Figure 7.11c). Although residual
Mo,Si; was still detected, carbide peaks were observed over the whole angular range.
$-Mo,C was identified as the main carbide formed, however peaks of n-MoC,., were also
observed [64].

The most intense peak for 8-Mo,C was observed at 26=39.49° corresponding to
the (101) planes, followed by the ‘(002) which showed some texturing in accordance with
previous observations (Figure 7.10). The presence of 3-MoC,, was determined by its
most intense peaks: (102) and (103). Although the (102) peak was superimposed with
Mo,Si; (002), comparing the relative intensiﬁes of MoSi; (002) and (202) in
Figure 7.11b, it could be seen that the peak at 20=36.78 (Figure 7.11c) could not be
explained solely by the presence of Mo,Si; (002). Moreover, the diffraction pattern for
71-MoC,, shows this peak as its most intense one. Otiler peaks also corresponded to
»-MoC,,, i.e., the (203) and the (1011) planes. For these peaks there was no

overlapping, therefore their presence could not be related to any other phase.
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The transformation from 8-Mo,C to n-MoC,_, was predicted in the thermodynamic
analysis of the Mo-Si-C system. Mo-carbides are of an interstitial nature. When C
diffuses into Mo, it tends to be accommodated in the octahedral interstitial sites of the
Mo bee structure (Figure 3.8). However, these sites are too small for C, especially along
the ¢ direction. This situation forces a change of crystal structure of Mo from bcce to hep
which contains larger octahedral interstitial sites (Figure 3.9) arranged in a simple
hexagonal structure. In the Mo,C structure, C occupies statistically half of the available
interstitial sites. However, the actual amount of C present can vary widely, resulting in
a range of compositions for these compounds. Although surface and grain-boundary
diffusion usuvally have lower activation energies compared to lattice diffusion, the
formation of MoC,, showed that the latter process also took place, especially at high
temperatures. Diffusion of C into the Mo,C structure at high temperatures stabilizes the
hexagonal and substoichiometric -MoC,.,. 8-Mo,C crystallizes in the L3’ structure
where Mo forms a hcp lattice with stacking sequence ABAB... and the C atoms form a
simple hexagonal structure by occupying octahedral interstitial sites of the Mo-hcp
structure. The complete stacking sequence is AXBXAXBX... (Figure 7.12a). If the C
concentration exceeds the homogeneity values for 8-Mo,C, substoichiometric 7-MoC,.,
precipitates. The similarity of crystal structures observed between the two carbides may
also confirm this fact, assuming that 8-Mo,C undergoes a displacive transformation
resulting in n-MoC,,,. In the new structure, C occupies statistically two-thirds of the

octahedral interstitial sites of the hcp structure. The stacking sequence of Mo is
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ABCACBABCACB... and the complete stacking sequence becomes

AXBX'CX’AXCX'BXAXBX'CX"'AXVCX'BX... (Figure 7.12b).

A
A - 5 O X
B o C X O X
o -0 X ¢ T
A o C A - ; X
B O - O x C Q ' N O x'

B
A 0) X

A _
a b.
_ Mo atom
O Csite

Figure 7.12- Atomic stacking sequence of (a) hexagonal 3-Mo,C and (b) hexagonal
7»MoC, , [38,64].

The activation energy and growth behaviour of SiC-Mo interfaces were also
studied. A series of samples was prepared varying the joining temperature from 1200°C
to 1500°C, and the holding time from 15 minutes to 4 hours. In order to inhibit the
reaction between SiC and Mo during cooling of the diffusion couple, it was necessary
to minimize the time that the joints were exposed to elevated temperatures. This was
achieved by furnace cooling the samples directly to room temperature, as indicated in

Figure 6.6. The thickness of the reaction zones was measured by image analysis.
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Figure 7.13 shows a plot of the thickness of the interfaces as a function of the
holding time for two joining temperatures: 1200°C and 1400°C. The interfaces grew in
a parabolic fashion, resulting in a time exponent equal to 0.5 for equation (3.1). This
behaviour is typical of systems where the diffusing species have limited solubility in the
host material [20]. Diffusion of Si and C into Mo was immediately followed by reaction,
which contributed to the growth of the interfaces. The rate of interfacial growth was
higher at 1400°C compared to 1200°C, which accounts for an increase in the value of
K, in equation (3.1), with increase in temperature. As diffusion mechanisms are
thermally activated processes, increasing the temperature from 1200°C to 1400°C
resulted in substantial mass transport across the interface and faster growth of the

reaction zones.
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Figure 7.13- Thickness of reaction zone as a funciion of joining time,
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The activation energy for the formation of SiC-Mo interfaces was calculated
using equations (3.1) and (3.2). A series of samples was hot-pressed from 1200°C to
1500°C for 1 hour, and furnace cooled. The thicknesses of the corresponding interfaces

were measured resulting in a plot of In(X,) as a function of the temperature, as shown

in Figure 7.14.
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Figure 7.14- Plot of In(K)) vs. temperature for diffusion bonded SiC-Mo couples.

A value of 400410 kJ/mol was obtained for the activation energy, Q. This value
is of the same order of magnitude of previously reported results (517 kJ/mol and
477 kI/mol) [27,33]. The interpretation of activation energies is a controversial topic. It

has been suggested that the activation energy for the formation of interfaces can be
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obtained by simply summing the energy terms corresponding to the decomposition of the
ceramic, and diffusion of the atomic species [65]. Others have reported that the resulting
value of activation energy depends solely on the dominating diffusion mechanism {27].
Comparing the activation energy for the formation of SiC-Mo interfaces (400 kJ/mol)
with the activation energies for the solid-state diffusion of Si and C in Mo (327 kJ/mol
and 348 kI/mol, respectively) [63,66], it can be observed that the values are of the same
order of magnitude, which indicates that the second hypothesis is correct. However, a
more positive assessment of the problem would require the values of the activation
energy for the diffusion of C through MoSi; and Si through Mo,C, which are not
available in the literature. Nevertheless, further evidence to support the second hypothesis

was obtained upon studying the Si;N,-Mo system, as described in Chapier 8.

7.3 MECHANICAL PROPERTIES
7.3.1 INTERFACIAL STRENGTH

In order to establish a surface preparation procedure, the importance of the
surface conditions on joint strength was evaluated. For this experiment, a sample
consisting of a Mo foil inserted between two SiC blocks was hot pressed at 1400°C for
1 h (P = 20 MPa). One face of the Mo foil was cleaned and polished to 2 1 pm finish,
and placed in contact with a SiC surface, also cleaned and polished in the same fashion.
The other two faces in contact were cleaned and polished to a 45 pm finish. While the

former sample was successfully joined, the latter one containing the rough surfaces was
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not. This clearly indicates that solid-state diffusion bonding requires not only surfaces
free of contamination, but also intimate contact between the mating materials. Therefore
polishing of the surfaces to be joined to a 1um finish was performed for the remainder
of the work.

Joining temperature and time were the main parameters studied. Figure 7.15
shows a matrix of joining conditions used to hot-press SiC-Mo samples. Three distinct

regions can be visualized, corresponding to:

1800
0 Not bonded
1700+ 0 w o I Bonded
1600 = o w
O 1500fm m o
'
2 1400 = n = =
=
(1]
o 1300rm = . -
o
= I
o 1200r= L n [}
et
1100 = =
1000 C o
900 ' : 1 -

0 60 120 180 240
time (min)

Figure 7.15- Experimental conditions used to hot-press SiC-Mo diffusion couples
P = 20 MPa).
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1. Unbonded samples: low temperature region (less than 1100°C) which did not
result in joining even for holding times of the order of 4 hours.

2. Bonded samples: corresponds to intermediate joining temperatures (between
1100°C and 1600°C). Between 1100°C and 1400°C, joining occurred for any
length of time between 15 minutes and 4 hours. As the temperature increased,
bonding took place only in samples hot-pressed for short times.

3. Debonded samples: refers to the high temperature region of the Figure. For such
conditions, joining occurred but the samples debonded during cooling. As the
joining temperature increased from 1500°C to 1700°C, the time for coﬁlplete

debonding and failure of the joint decreased from 1 hour to less than 15 minutes.

The strength of solid-state diffusion bonded ceramic-metal joints depends on the
nature and microstructure of the interface between the joining materials. For non-reactive
systems, the interface is either formed by the development of van der Waals forces or
it consists of very thin diffusion layers. In such cases, joint strength is primarily a
function of the fraction of bonded surface [23]). Maximum strength can then be achie.ved
by optimizing the joining parameters (time, temperature, and applied load) to result in
complete bonding as shown in Figure 2.6a. However, reactive systems such as SiC-Mo,
develop reaction zones which may be detrimental to the strength of the joints. If the
reaction zone is relatively thick, joint strength becomes dependent on the physical and

. mechanical properties of the reaction products. In particular, the CTE and elastic
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modulus mismatch between interfacial reaction products and the original ceramic and
metal play a decisive role.

The first indication that the amount of reaction, and consequently the thickness
of the interface, drastically affected the strength of SiC-Mo joints was obtained from
samples hot-pressed at 1500°C. When the holding time was 1 hour, the average thickness
of the interface was 31.8 pm, and the joint debonded during cooling. However, samples
hot-pressed reducing the holding time to 10 minutes resulted in reliable interfaces with
an average thickness of 24 um (Figure 7.6). Although the joining temperature was the
same for both samples, the concentration of interfacial flaws was severely reduced by
decreasing the holding time from 1 h to 10 min. This result indicated that although the
concentration of residual stresses in a joint is a function of the joining temperature, the
thickness of the reaction zone may dominate in the final joint strength. To verify this
assumption, plots of shear strength as a function of bonding temperature and time are
showed in Figure 7.16 [67]. Substantial scattering was observed and attributed to the
brittle nature of fracture, and to the deflection of the crack path towards the SiC. All
sheared specimens fractured in the interface between SiC and the reaction zone, most of
which remained attached to the Mo side. However, the occurrence of brittle fracture was
characterized by the presence of residual SiC particles on the Mo fracture surface and
of interface material on the SiC fracture surface, as shown in Figure 7.17. The SiC
particles present on the Mo fracture sLlrface were distributed over the entire area,

however,' the concentration of these particles was higher close to the comers of the
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Figure 7.16- Plots of shear strength as a function of time for SiC-Mo samples hot-
pressed at (a) 1200°C and (b) 1300°C.
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Figure 7.16(cont)- Plots of shear strength as a function of time for SiC-Mo
samples hot-pressed at (¢) 1400°C and (d) 1500°C.
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. Figure 7.17- BEI of (a) SiC and (b) Mo fracture surfaces (vacuum, T = 1650°C,
t = 30 min, P = 10 MPa).
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sample. The non-uniform concentration of SiC particles was probably related to the fact
that stresses are developed preferentially near the corners of rectangular surfaces. As for
the small particles observed on the SiC fracture surface, X-ray diffraction showed that
these particles wefe mainly Mo;Si; and Mo;sSi;C. This result is consistent with
Figure 7.10, where the interface is seen attached to the Mo-fracture surface of the
corresponding sample. EPMA was also performed on the interface particles present on
the SiC fracture surface depicted in Figure 7.17. The results confirmed the XRD
observations, however an excess of C was also detected. The presence of free C within
interfaces hot-pressed at high temperatures is predicted by the Mo-Si-C phase diagram,
as discussed earlier.

An analysis of Figure 7.16 showed that at 1200°C, the shear strength appeared
to increase with time from an average value of 3 MPa to an average value of 29 MPa
when the bonding time increased from 15 minutes to 2 hours. At 1300°C, the average
shear strength showed a slight increase from 15 minutes to 1 hour, achieving a maximum
value of 32 MPa. Although the average value measured for a bonding time of 2 hours
was 24 MPa, the range of measured values are well within the error bar of the strength
measured for a bonding time of 1 hour. At 1400°C, the shear strength increased initially
to reach a maximum of 50 MPa after 1 hour, and then decreased to about 35 MPa, after
2 hours of hot-pressing. At 1500°C, the effect of time was to decrease the shear strength
of the samples, resulting in failure of joints hot-pressed for 1 hour or more.

The variation of the shear strength with bonding time for the different bonding



The SiC-Mo System 137

temperatures can be explained in terms of the fraction of bonded surface and growth of
the interfacial reaction layer. The growth of the SiC-Mo reaction layer is governed by
equations (3.1) and (3.2). Because K, is an exponential function of the temperature and
a parabolic function of time, for low temperatures (1200°C), the growth of the reaction
layer was limited even ;vhen the bonding time was set to 2 hours. Consequently, at this
temperature the strength of the joint was controlled by the amount of bonded surface
which increased with time. At 1300°C, the beneficial effect of increasing the fraction of
bonded area started to be counteracted by the detrimental :i=ct of the growth of the
reaction layer. At 1400°C, the latter growth process began to take over for times longer
than 1 hour, and at 1500°C, it was the dominant term [67].

In order to understand the detrimental effect of the growth of the reaction layer
on the shear strength of the samples, the microhardness and the elastic modulus of the
phases present at the interface were measured, by conducting depth sensing indentation
on the interface depicted in Figure 7.6. Representative load-depth plots obtained for the
various phases present within that interface, as well as for Mo and SiC, are shown in
Figure 7.18.

The different maximum loads and depths indicated differences in the elastic and
plastic properties between the various phases analyzed. For instance, SiC which has the
highest hardness also has the lowést depth of penetration and the highest maximum load.
Mo,Si;, on the other hand, has the highest maximum depth of penetration and the lowest

maximum load, and consequently is expected to have the lowest hardness. The loading
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segments for MosSi; and MosSi;C were different from those of Mo, SiC, and Mo,C, in
that they consisted of two distinct regions: in the first one, the increase in the load is low
and that of the depth is high, and in the second region the slope of the load-depth curve
increased substantially. Such trends indicated that the plastic and elastic deformation to
accommodate the indenter may have occurred first in a soft material and then moved to
a harder and more rigid material situated underneath the phase being studied. Because
the reactions to produce Mo,C and MoSi; are influenced by local conditions such as the
diffusion path of C, they may proceed faster in certain locations than in others. As a
result, the thickness of the Mo,C and Mo;Si; phases may vary drastically from point to

point, which explains the differences observed in the loading segments [67].
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Figure 7.18- Load-depth curves of SiC, Mo, and the reaction products present
within the interface illustrated in Figure 7.6.
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From the load-depth plots in Figure 7.18, the microhardness and elastic modulus
of the different phases were obtained using equations (6.8) and (6.9), respectively. These

results are given in Table 7.1 along with published values.

Table 7.2- Hardness and Elastic Modulus of SiC, Mo, and
Interfacial Reaction Products [1,16,38,66,68]

Material HV_... (GPa) HV,, (GPa) E.... (GPa) E,. (GPa)
Mo 3.83+0.26 2.30 307.0£37.5 324
SiC 44.7545.36 33.00 402.7+52.5 414

Mo,C 23.69+8.40 15 339.1+£33.4 228
Mo,Si, 1.37+0.49 11 231.1+75.1 260
Mo,Si,C 3.85 N/A 201.7 N/A

The errors represented in Table 7.1 correspond to plus or minus one standard
deviation. The unusually large errors in the measurements reflect the scatter in the data,
probably resulting from surface defects such as scratches and voids. Nevertheless, the
elastic modulus values determined from unloading segments of load-depth plots were in
good agreement with the published values. In the case of the MosSi, phase, the scatter
may also be due to the variation in the thickness of the layer. The difference between the
calculated and published values for the hardness of SiC is due to the fact that the current
tests were conducted at a much lower load (approximately 0.055 N) than in the

microindentation regime (1 to 10 N). For most ceramics, a change of typical load values
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from the microindentation regime to the nanoindentation regime is accompanied by an
increase in the measured hardness of the material. This behaviour is referred to as the
indent action size effect [67,69].

By examining the elastic moduli obtained for Mo.C, Mo;Si,, and MosSi,C, the
detrimental effect of excessive growth of the reaction layer on the she:;lr strength of
SiC-Mo joints could be explained. The presence of an interfacial reaction layer within
the SiC-Mo joints results in the existence of two interfaces: one between Mo and Mo,C
and another between SiC and MoSi, or Mo,Si,C, depending on the joining temperature.
Mo has a CTE of 5.35x10°°C" (between 20°C and 1600°C). and Mo,C has an average
CTE of 6.55x10%°C'. In addition, the elastic modulus of these materials are similar
(Table 7.1). For these reasons, the interface between Mo and Mo,C is not subjected to
substantial residual stresses during cooling from the joining temperature. The interface
between SiC and Mo,Si;, on the other hand, is expected to have high tensile and shear
stresses as a result of the mismatch in the CTE and elastic modulus of these two
materials. The coefficients of thermal expansion for SiC and Mo;Sis, in the temperature
range of 20 to 1000°C, are 4.5x10° and 6.4x10°°C"!, respectively. In addition, the elastic
modulus of SiC is approximately 403 GPa, and that of Mo,Si; is 231 GPa. A similar
situation occurs within the interface between SiC and Mo;Si,C. The high tensile and
shear stresses generated in the area adjacent to the SiC-Moﬁi;/Mo,Si;C enhance the
propensity to fracture in this region. Hence, a decrease in strength is observed in the

joints hot-pressed at 1500°C, where substantial growth of the ternary phase MosSi,C
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occurred. Furthermore, from Figure 7.10 it can also be seen that extensive precipitation
of Mo,Si; results in 2 high concentration of flaws parallel to the interface plane. When
cracking occurs perpendicular to the interface it is characteristic of the mismatch in the
thermal expansion properties of the joining materials. On the other hand, cracking
occurring parallel to the interface is related to a volume expansion corresponding to a
phase transformation. The volume change associated with the formation of Mo;Si; from
the original Mo is of the order of 46%, whereas the formation of Mo,C from the original
Mo results in a volume change of only 20%. This explains the longitudinal cracking
observed within the MoSi; layer in Figure 7.10.

Therefore, in the choice of the suitable conditions to prepare ceramic-metal joints,
knowledge of the mechanism of reaction between the materials and the evolution of the
interface are fundamental requirements. For the case of hot-pressed SiC-Mo diffusion
couples, strong bonding was obtained when the joining temperature and time were
1400°C and 1 hour, respectively, with a resulting average shear strength of 50 MPa.
Under such conditions total bonding did not occur. Maximum strength resulted when a
balance was achieved between the fraction of bonded interface and the growth of the
reaction zone. In this case, a more realistic representation of the appearance of the
interface can be accomplished by modifying Figure 2.3 to include the effect of time on

the shear stiength, 7, of a sample joined at a particular temperature, T (Figure 7.19).
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Figure 7.19- Schematics of diffusion bonding taking place on a reactive ceramic-

metal system.
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7.3.2 RESIDUAL STRESSES

The distribution of residual stresses on SiC-Mo joints was studied using neutron
diffraction. Tests were performed on joints hot-pressed under vacuum, at temperatures
between 1200°C and 1400°C for 1 hour (P = 10 MPa). In-plane (s,), and normal (c,)
stresses were obtained using equation (6.6) and (6.7). Initially, the distribution of stresses
was studied along a line perpendicular tc the interface and far irom the comer of the

samples, as shown in Figure 7.20.

mm .
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Figure 7.20- Position of scan line for neutron diffraction tests across SiC-Mo
interfaces.

From the results of the sample hot-pressed at 1200°C (Figure 7.21), it can be

seen that SiC is in compression in the direcion of ¢, while Mo is in tension, as ex- .ited
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from Figure 4.8. This behaviour is mainly a consequence of the mismatch in the CTEs
of these materials. As Mo has a higher CTE than SiC, it contracted more during cooling
of the joint from the bonding temperature. However, as its contraction was restrained by
the bonding with SiC, compressive stresses resulted on the ceramic side. Mo reacted to
that tendency, trying to extend the interface, thus resulting in a concentration of tensile

stresses especially near the interface with SiC.
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Figure 7.21- Distribution of stresses across SiC-Mo interface. Sample hot-pressed
in vacuum (T = 1200°C, t = 1 h, P = 10 MPa), and furnace cooled
from the joining temperature.
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Also from Figure 7.21, it can be seen that in both the ceramic and metal sides,
the amplitude of o, decreased with distance from the interface. On the SiC side, the value
of o, was close to zero at a distance of 1.5 mm from the interface, whereas at the Mo
side, residual stresses were measured at an equivalent distance, as a result of the plastic
deformation of the metal. Adjacent to the interface, o, reached average values of
-140 MPa on the SiC side and 330 MPa on the Mo side. By contrast, the normal
component remained close to zero (within the margin of error) for most of the region
studied, with an oscillating pattern resulting in slight tension on the metal side and
compression on the ceramic sid.e. This behaviour has been observed in FEM studies of
other ceramic-metal joints prepared by solid-state diffusion. Figure 7.22 shows the FEM
results obtained for a Si;N,-SMS50 stainless-steel diffusion couple, and indicates good
agreement with the results of this work for both the o, and o, components [48].

Increasing the joining temperature to 1400°C, increased the amplitude of o,
adjacent to the interface to an average value of -550 MPa on the SiC side, and 300 MPa
on the Mo side (figure 7.23). Increasing the joining temperature fronln 1200°C to
1400°C, increased the AT to which the sample was exposed during cooling, which
reflected higher values of residual stresses. However, the profile of the stress distribution
is similar to that obtained for the sample hot-pressed at 1200°C. A remarkable exception
is the presence of high values of the o, component far from the interface. As the
temperature increased, the compressive yield strength of Mo would decrease, as indicated

in Appendix I (Figure Al.12). On the other hand, the pressure applied to the sample
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Figure 7.22- (a) Line analyzed by FEM on SiN-SM50 samples (dotted line).
Arrows indicate bending moment originated by the CTE mismatch
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remained constant (10

MPa), resulting in higher plastic deformation of the metal, and

consequently, higher values of g,.
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Figure 7.23- Distribution of stresses across SiC-Mo interface. Sample hot-pressed

in vacuum (T = 1400°C,t = 1 h, P = 10 MPa), and furnace cooled
from the joining temperature.

The results contained in Figure 7.21 and 7.23 refer to samples which were

furnace cooled from the joining temperature. Figure 7.24 shows the distribution of

stresses on a sample hot-pressed at 1400°C, and cooled according to the two-step profile

depicted in Figure 6.6.

The distribution of stresses is similar to that from Figure 7.23.

However, the amplitude of stresses adjacent to the interface, particularly for the o,
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component, was significantly reduced. Slow cooling increased the time to which the
sample was exposed to elevated temperatures. At high temperatures atomic mobility is
enough to promote structural rearrangement of the materials in accommodating residual
stresses, i.e. creep. Therefore, controlled cooling should decrease the amplitude of o, on
the SiC side adjacent to the interface. Figure 7.23 provides clear evidence of this
phenomenon, since under rapid cooling conditions an average value of o, = -550 MPa

was obtained, whereas the amplitude of o, in the equivalent position in Figure 7.24 is

only 50 MPa.
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Figure 7.24- Distribution of stresses across SiC-Mo interface. Sample hot-pressed

in vacuum (T = 1400°C, t = 1 h, P = 10 MPa), and slowly cooled
from the joining temperature.
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The presence of residual stresses was also investigated in the direction parallel to
the ceramic-metal interface for a sample hot-pressed at 1200°C, as indicated in
Figure 7.25a. From the FEM results on Si;N,-SM50 stainless-steel [48], o, would be
expected to increase upon approaching the edge of the sample, where it would reach its
maximum value, as it can be seen from Figure 7.25b. However, Figure 7.25¢ shows that
the average value of o, is higher at the position corresponding to x = +1.75 mm than
at x = +3.5 mm. This result can be explained by the presence of unjoined edges as
illustrated in Figure 4.1 and 7.19. Limited edge bonding can result from mechanical
bevelling of the bonding surfaces. Grinding and polishing of SiC and Mo prior to joining
may have removed extra material from the region close to the edges, preventing contact
of the joining surfaces [2]. Thus, the edge of the joint may not correspond to the edge
of the bonded interface, which in this case, would be somewhere between the positions
corresponding to 2 and 4 mm in Figure 7.25a. If bevelling occurs, g, is expected to
reach its maximum at the position corresponding to the edge of the bonded interface,
which explains the decrease in the amplitude of stresses observed at the positions

X = +4 mm in Figure 7.25¢.
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(T =1200°C, t = 1 h, P = 10 MPa).



CHAPTER 8:

THE Si,N,-Mo SYSTEM

similar approach to that described in Chapter 7
was applied to the Si,N,-Mo system. Diffusion couples were hot-pressed and the
microstructure of the resulting interfaces was analyzed. The results were then compared
to thermodynamic predictions obtained using the F*A*C*T program and database, as
well as data from the literature. In addition, the mechanical strength of the joints was

investigated by shear testing.

151
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8.1. THERMODYNAMIC EVALUATION OF THE Si,N-Mo SYSTEM

A thermodynamic evaluation of the SiN-Mo system was carried out using
F*A*C*T. The analysis was based on the stability of Mo-Si-N compounds that could
possibly result from joining Si;N, to Mo in a vacuum of 107 atm. (1 kPa). A plot of the
standard Gibbs free energy of formation of these compounds as a function of

temperature, for this pressure, is shown in Figure 8.1.

400
~ 200r Mo.N
o

z /

l-n '

w 0 - K

3_ MoSi, .-~ _ -~

o -200 - -

E M°5s|3\ L °

:-3-. j

3-5_‘, -400 \Mo,Si

0] e

< .600} . - 'SisN,

-800 ' ' ' '
0 400 800 1200 1600 2000

T (°C)

Figure 8.1- Standard free energy of formation of Mo-Si-N compounds as a function
of the temperature (data obtained from F*A*C*T).

Si;N, is more stable than any other Mo-Si-N compound from room temperature

. to approximately 900°C. Hence, no reaction is expected to take place in that temperature
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range. At 900°C, Mo;Si becomes more stable than Si;N,, and is expected to form. The
~ reaction starts with the decomposition of Si;N;, into Si and N,,

SNy = 38+ 2 Nogyevnnnnnnnn AG) 8.1
where AG] > 0, since the formation of Si;N, has AG® < 0. In the next step, Si diffuses
and reacts with Mo to form Mo,Si,

9Mo + 3 Si = 3 MoSi.......... AGS 8.2)

Combining (8.1) and (8.2) and setting the joining temperature to 1300°C results in

SigNy =3 Si + 2 Nypppuran. AG) = 216 ki
9Mo + 3 Si = 3 Mogfi......... AGS = -345 kI
therefore,
SizNy + 9 Mo = 3 Mo;Si + 2 Ny,y......... AG) = AG) + AGE = -129 k] (8.3)

According to reaction (8.3}, Ny, is formed along with Mo,Si. If N, diffuses into

Mo to form Mo,N, the reaction at 1300°C is expressed by

Si;N; = 3 5i + 2 Ny AG) =216 kJ
9Mo + 38i = 3 MoSi.......... AG) = -345 K
8Mo + 2 Ny, = 4 Mo.N.......... AGE = 76 kJ (8.4)

resulting in,

Si;N, + 17 Mo = 3 Mo,Si + 4 MoN.......AG? = AG? + AG) + aG? = -53 XJ (8.5)
However, as AG] < AG] the reaction expressed by (8.5) is thermodynamically less
favourable than the one expressed by (8.3). Therefore, the formation of Mo,N at the

Si;N,-Mo interface is not expected to occur during joining experiments at 1300°C in
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vacuum. In fact, Figure 8.1 shows that, in a vacuum of 107 atm., Mo,N is unlikely to
form in the temperature range of 0 to 2000°C. Up to 300°C, Mo,N is not expected to
form because the reaction between Si;N, and Mo is thermedynamically unfavourable.
Between 900°C and 2000°C, Mo,N is not expected to form, as its AG® of formaton is
positive, contributing towards making the overall AG® for the reaction less negative.
Therefore Mo-silicides are the only reaction products anticipated to be present at
Si;N,-Mo interfaces of diffusion couples hot-pressed under a vacuum of 107 atm.,
Depending on the concentration of Si within the interface, Mo,Si can be converted

to MosSi;. At 1300°C, this reaction is expressed by

SiN, + 9Mo = 3 MosSi + 2 Nagpernnn.. AGE = -129 kT (8.3)
- 3 Mo,Si + 12/5 Si = 9/5 MoSi,.......... AG? = -569 kJ (8:6)
4/5 Si;N, = 12/5 Si + 8/5 Nygyvr.n.... AGE = 173 ki (8.7)

resulting in,
9/5 Si;N, + 9 Mo = 9/5 MosSi; + 18/5 Ny,....... AGI=AGS+AG+AGI= -525 kJ (8.8)

Mo;Si;, in its turn, can be transformed into MoSi, following

9/5 SisN, + 9 Mo = 9/5 MosSi; + 18/5 Ny,.......... AG = -525 kJ
9/5 MoSi; + 63/5 S5i = 9 MoSi........... AG) = -1152 kJ (8.9
21/5 SisN, == 63/5 Si + 42/5 Ny.......... AG), = 907 kJ (8.10)
which gives

6 Si;N, + 9 Mo = 9 MoSiy + 12 Ny,.....AG,=AG+AG)+AG],= -770 K (8.11)

Because AGY, < AG} < AGS, the sequence of reactions to convert Mo,Si into Mo,Si;,
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and Mo;Si; into MoSi,, by addition of Si into the original silicide, is thermodynamically
favourable. This sequence of events 1s lllustrated in Figure 8.2, where the 1300°C cross-
section of the Mo-Si-N phase diagram, co.responding to a pressure of 107 atm.

(Figure 3.6), is plotted along with the Si;N,-Mo interface (dotted line) [36].

N

Mo

Si

Mo,Si Mo, Si, MoSi,
-~ at.% Si

1.6x10° < pM, < 3 kPa

Figure 8.2- The 1300°C cross-c:ction of the Mo-Si-N phase diagram for a total
pressure of 1 kPa, plotted along with the Si,N,-Mo interface (dotted
line). Labels (1) to (3) indicate interfacial reactions [36].

The Si;N;-Mo interface intercepts three tie-lines in Figure 8.2. At the extremities
of those tie-lines are Mo;Si and N, MosSi; and N, and MoSi, and N. Thus, the sequence

of reactions proposed by (8.3), (8.8), and (8.11) confirms the observations of the



The Si;Ns-Mo System 156

Mo-Si-N phase diagram. The relative concentration of each compound cai be found
either from equations (8.3), (8.8), and (8.11), or by the lever rule applied to the tie-lines
of Figure 8.2, since the two analyses are equivalent, The silicide-to-N ratios calculated
from T; ure 8.2 were 2.9:1 for Mo,Si:N, 2.1:1 for MosSi;:N, and 1.1:1 for MoSi,:N,
whereas equations (8.3), (8.8), and (8.11} yielded silicide-to-N ratios of 3:1 for
Mo,SizN, 2:1 for Mo,Si;:N, and 1.1:1 for MoSi,:N.

Because diffusion is the dominating reaction mechanism in solid-state joining,
silicide transformations may or may not be observed depending on the joining
parameters, especially bonding temperature and time. These parameters affect the
concentration of diffusing Si at the interface, and therefore, the nature of the resulting
silicide. Upon joining of SiC to Mo, Mo,;Si was not observed at the interface for the
joining conditions described in Chapter 7. However, for the same joining conditions,
Mo;Si may be observed during the initial stages of the bonding process between Si,N;
and Mo. As Si;N, is more stable than SiC at temperatures between 1200°C and 1500°C,
both in vacuum and N, (Figure 8.3), the initial concentration of St within Si;N;-Mo
interfaces may be low enough to allow the observation of Mo,;Si. Subsequently, diffusion
of Si into Mo,Si produces MosSi;. In addition, because no ternary phase is known for the
Mo-Si-N system, if the concentration of Si reaches 66.67 at.% at any point of the
interface, the transformation from Mo,Si; to MoSi, may also be observed, as indicated

in the binary Mo-Si phase diagram (Figure 3.10) [41].
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Figure 8.3- Standard free energy of formation of Si;N; and SiC as a function of the
temperature (data obtained from F*A*C*T).

8.2 INTERFACE CHARACTERIZATION

8.2.1 MICROSTRUCTURAL EVOLUTION

Si;N,-Mo diffusion couples were hot-pressed at temperatures varying from

1100°C to 1800°C, under vacuum and in N,. Figuie: 8.4 summarizes the results obtained

from these experiments. Bonding was not observed in samples hot-pressed for

temperatures lower than 1200°C in either vacuum or N,. At 1100°C, for example, even

for holding times up to 4 hours, the fraction of bonded interface was insufficient to

establish a reliable mechanical joint between the ceramic and the metal. As a
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consequence of poor bonding, a high concentration of unbonded islands remained at the
interface. The fact that SiC was joined to Mo at lower temperatures and shorter times
than Si;N,, is related to the different thermodynamic stabilities of the ceramics. SizN,
being more stable than SiC (Figure 8.3) required higher temperatures and/or longer times
to close a substantial fraction of the voids present within the interface, thus promoting

joining.
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Figure 8.4- Experimental conditions used to hot-press Si,N,-Mo diffusion couples
(P = 10 MPa).
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Between 1200°C and 1800°C, Si;N, was successfully joined to Mo under vacuum
and in N,, for bonding times varying from 13 minutes to 4 hours. All the samples were
hot-pressed under a uniaxial pressure of 10 MPa. For the range of bonding times
investigated, joining started to take place at 1200°C. Samples prepared between 1200°C
and 1400°C developed single-layer interfaces at the sub-micron scale, both in vacuum
and in N,. An example of such an interface is shown in Figure 8.5, which depicts a
sample hot-pressed at 1400°C for 1 hour, in N,. A BEI contrast was observed at some
points of the interface. EDS spot analysis performed at different locations indicated that

the contrast was due to the precipitation of Mo,Si.

Mo

Figure 8.5- BEI of Si,N,-Mo interface (N,, T = 1400°C,t = 1 h).
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A plot of the thickness of the interfaces for the samples hot-pressed at 1400°C,
as a function of the joining time, is shown in Figure 8.6. The sampies were cooled
directly to room temperature. The interfaces grew in a parabolic fashion and, as a result,

increasing the holding time from 1 to 4 hours did not result in a significant increase in

the interface thickness for that temperature,
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Figure 8.6- Thickness of reaction zone as a function of joining time (T = 1400°C).

On the other hand, increasing the temperature to 1500°C resulted in the
development of thicker reaction zones. Figure 8.7 shows two interfaces produced at
1500°C. Figure 8.7a illustrates the interface of a sample hot-pressed for 2 h in N,, and
Figure 8.7b shows the interface of a sample hot-pressed for 1 h under vacuum. BEI and

EDS showed that both reaction zones consisted of single Mo,Si layers. However,
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. Figure 8.7- BEI of Si;N,-Mo interfaces.(a) (N., T = 1500°C, t = 2 h); (b) (vacuum,
T = 1500°C, t = 1 h).
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important differences were noticed between the two specimens. Firstly, the sample hot-
pressed in vacuum had a thicker interface (2 um) than that hot-pressed in N, (1 um),
despite the shorter holding time (1 h in vacuum and 2 h in N,). As a result, transverse
thermal cracking can be observed in the Mo,Si layer of the thicker interface
(Figure 8.7b). Secondly, porosity was observed in the Mo,Si layer adjacent to Si,N,, in
the region of the original Si;N,-Mo boundary line. The concentration of pores was higher
in the sample hot-pressed under vacuum (Figure 8.7b), compared to the sample hot-
pressed in N, (Figure 8.7a). The small concentration of pores in the sample shown in
Figure 8.7a, within a relatively thin reaction layer, indicated that the reaction to form
8i;N.-Mo interfaces proceeded at a slower rate under N, than in 2 vacuum. As the
formation of Mo,Si depended upon the decomposition of Si;N,, joining in N, changed the
stability of the ceramic compared to joining in vacuum.

The equilibrium reaction of Si;N, is expressed by (8.1). By heating up Si;N,-Mo
couples to the joining terperature, N,y is evolved. When joining experiments were
carried out in a dynamic vacuum, N, evolved according to (8.1) was continuously
pumped out, driving (8.1) towards reestablishing the equilibrium vapour pressure of the
system, i.e., from left to right. On the other hand, when joining was carried out in a N,
atmosphere, lower concentrations of N, evolved as a result of the higher stability of
Si;N, (Figure 8.3). In addition, the N, which evolved upon the dissociation of Si;N,
remained in the environment. As a result, the equilibrium vapour pressure of the system

was easily achieved, and (8.1) proceeded more slowly.
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The presence of pores at the interface is also related to the evolution of Ny, due
to the dissociation of Si;N,. As the temperature increased from 1400°C to 1500°C, the
stability of Si;N, decreased, contributing to the dissociation of Si;N, into Si and N,,.
The Si diffused into Mo resulting in the formation of Mo,Si. At these ternperatures, Si
has a very low solubility in Mo (Figure 3.10). Under vacuum, Si;N, dissociated more
readily than in the presence of N,, resulting in thicker interfaces and also in considerable
evolution of N, gas. As no reaction occurred between Mo and N,, under the partial
pressures of N, investigated, the Ny, resulting from the decomposition of Si;N;, could
either diffuse into Mo,Si and/or Mo, or be evolved at the interface between Si;N, and
the reaction layer, thus resulting in porosity. Because of the low solubility of N, in Mo
(less than 107 at. %, according to Table 3.2), when the continuous dissociation of Si,N,
exceeded this critical concentration of N,, the gas could no longer dissolve in the metal.
Consequently, the excess N, remained trapped at the interface forming a porous layer.
It has been suggested that, depending on the amount of N,, the gas could build up
significant pressures inside the pores [36]. Because the dissociation of Si;N, is strongly
dependent on the temperature, increasing the joining temperature would result in a
substantial increase in the N, pressure within the porous layer (Figure 8.8) [70].

Figure 8.9 shows an interface produced at 1600°C. The sample was hot-pressed
for 1 hour under vacuum. The average thickness of the interface was 3 um. Along with
Mo;Si and the porous layer, both observed previously, a new BEI contrast was present

in the interfacial region adjacent to Si;N,. EDS area analysis confirmed the composition
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Figure 8.8- Partial pressure of N,, as a function of the temperature, for
decomposition of Si;N, in vacuum, according to equation (8.1) [70].

Figure 8.9- BEI of Si;N,-Mo interface (vacuum, T=1600°C, t=1 h).
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of the new phase as Mo,Si;. The formation of MosSi; occurred as a consequence of
diffusion of Si into Mo,Si, as anticipated in the thermodynamic analysis of the Mo-Si-N
system. However, the transformation of MosSi; into MoSi, was not observed at 1600°C,
for holding times up to 4 hours. This indicated that the concentration of diffusing Si in
Mo did not reach ihe minimum necessary to form MoSi, (66.7 at. %), at any point
within the interface. Increasing the temperature to 1700°C, increased the total thickness
of the interface, as shown in Figure 8.10 (vacuum hot-pressed for 2 hours). Porosity also
increased as a result of the extensive dissociation of Si;N,. Within the same interface,
substantial transformation of Mo,Si into Mo;Si; was observed, however, there was no

evidence of the formation of MoSi,, even after 4 hours of hot-pressing.

Figure 8.10- BEI of Si;N-Mo interface (vacuum, T = 1700°C, t = 2 h).
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8.2.2 EFFECT OF JOINING ATMOSPHERE

Comparing the overall reaction between Si;N, and Mo, under vacuum and in N,,
confirmed that the same sequence of events occurred in both cases. However, in N,,
higher temperatures and longer times were required to obtain the same microstructures
observed for samples hot-pressed under vacuum. The higher stability of Si;N, in N,
compared to vacuum delayed the formation of Mo,Si, the growth of the porous layer, and
the transformation of Mo,Si into Mo,Si;.

However, the environment did not affected the mechanism of diffusion, and
consequently, the activation energy for interface formation under the different
atmospheres remained unchanged. Figure 8.11 shows a plot of the coefficient of
penetration, K, as a function of the temperature. The activation energy, Q, for the
formation of interfaces was calculated from the slope of the Arrhenius curves obtained
for vacuum and N, conditions. The curve for the SiC-Mo system is also shown in
Figure 8.11. From the Si;N,-Mo samples hot-pressed under vacuum, an activation energy
of 440 kJ/mol was obtained._Hot-pressing in N, did not result in a significant change of
the value of the activation energy (450 kJ/mol), indicating that the activation energy is
associated with the diffusion mechanism, which remains the same in both environments,
and not with the dissociation of the ceramic. The only difference between the curves for
vacuum and N, was a slight shift of the frequency facbr (pre-exponential term, K)o
a lower value for the samples hot-pressed in N,, which accounted for the thinner

interfaces compared to the specimens produced under vacuum. Furthermore, the values
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of Q obtained for the Si;N;-Mo system were nearly identical, within the margin of error,
to that obtained for the SiC-Mo, despite the significant difference in the thermodynamic
stability of the two ceramics (Figure 8.3). This fact confirmed the hypothesis that the
determining factor for the activation energy is the dominating diffusion mechanism rather
than a combined contribution from diffusion and thermodynamic stability of the ceramic.
Therefore, for both the SiC-Mo and Si;N,-Mo systems, the activation energy for the
formation of interface is directly related to the slowest diffusion process taking place. In
the case of SiC-Mo, this may be the diffusion of C through Mo;Si; [31], and in the case

of Si;N,-Mo, the diffusion of Si through Mo,;Si.
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1800 1800 1400 1200
=27 T T T T
-29r Sic-Mo
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Figure 8.11- Arrhenius plot of the coefficient of penetration, K,, for the SiC-Mo
and Si;N,-Mo systems. The activation energy, 0, is obtained from the
slope of the curves.
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8.2.3 ELECTRON PROBE MICROANALYSIS

The distnbution of atomic species across the Si;N,~Mo interface was studied by
X-ray mapping, using EPMA-WDS on the interface shown in Figure 8.10. The main
elements analyzed were molybdenum (Mo), silicon (Si), and nitrogen (N). Since Y,0;
and AL O, were used as additives to sinter Si;N; CERALLOY® 147-3, therefore yttrium
(Y), and aluminum (Al) were also analyzed. The corresponding maps are shown in
Figure 8.12, where the interface is aligned in the vertical direction; Mo is at the left side
and Si;N; at the right. In the Mo-map, the different contrasts from left to right
corresponds to the decrease in the concentration of Mo from pure Mo to pure Si;N,,
passing through Mo,Si and Mo,Si;, where the concentration of Mo was 75 and
62.5 at. %; respecti..vely. No diffusion of Mo into the ceramic is observed, resulting in
the dark region corresponding to Si;N,. The porous layer can be seen as a dark area
indicating that Mo was not present in the regions along and beneath the pores. For the
Si map, a decrease in the intensity corresponding to a decrease in the concentration of
Si is observed in the direction of Mo. Starting from Si;N, which contained 43 at. % Si,
the concentration of the element decreased to 37.5 at.% in MosSi;, and to 25 at. % in
Mo,Si. The porous layer appears as a zone depleted in Si as compared to the Si;N,
region. Residual Si can be observed in the region adjacent to Mo indicating the presence
of traces of Si dissolved in Mo, which is consistent with the Mo-Si phase diagrani. From
the Y and Al maps, an increase in the concentration of these elements can be noticed

close to the interface, d<’ineating cl~<:'y the porous layer. However, no diffusion of Al
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or Y into Mo can be observed. The N map shows excessive background interference.
Part of the noise was eliminated by subtracting the background from each peak during
the data acquisition stage, resulting in the map shown in Figure 8.12. Some of the pores
contours can be visualized in regions where the concentration of N, was probably much
higher than its surroundings. In the area corresponding to the Mo-silicides, a slightly
higher concentration of N, can be observed, as compared to pure Mo, possibly
corresponding to the presence of dissolved N,,. This rﬁay be an indication that the Mo-
silicides layers had a slightly higher solubility for N, as compared to pure Mo. In order
to reduce the effect of background interference, diffusion profiles across the interface
shown in Figure 8.10 were also obtained by WDS line analysis. This method also
permitted obtaining an acceptable profile for oxygen, and consequently, establishing the
presence of oxide phases. In order to obtain an overview of the distribution patterns, all
the elements were analyied. The diffusion profiles are illustrated in Figure 8.13. The line
was chosen to intercept a large pore (diameter greater than 1 um), located entirely in the
Mo,Si layer. The distance from one of the extremities of the pore to the Si;N, region had
to be close to 0.5 pm. This way, using a spot size of 0.5 um, it was possible to observe
variations in the intensities of all elements corresponding to the different regions
analyzed, without significant interference from the surrounding material.

Data was collected starting at a distance of about 6 pgm inside the Si;N, region
(x = 0). Mo was not observed in that area, confirming the results obtained from WDS

mapping. Until about x =5 pum, the main elements present were Si and N. At
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Figure 8.13- WDS analysis across the Si;N,-Mo interface depicted in Figure 8.10.
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x = 2 um, an increase in the Y and O signals suggested that the probe scanned a grain-
boundary area rich in N-melilite. The Al profile indicates the presence of a residual and
well distributed concentration of Al across the Si;N, area (0 < x < 4 um). The Mo and
Si profiles show good agreement with the data obtained from the WDS mapping. The
different interfacial phases (Mo,Si and MosSi;) can be seen through the variation in the
intensity of the WDS signal, for these two elements. Increases in the Mo intensity were
matched by a decrease in the Si signal, indicating the transition to a different phase, e.g.,
the Si signal reaches its maximum in the Si;N,-MosSi; boundary where the Mo signal
reaches its minimum. The region corresponding to the pore (6 =< x =< 8gm) shows an
abrupt increase in the Al, Y, and O intensities confirming that most Al and Y were
deposited along the porous layer in the form of oxides. In the same area, the intensity
of N seems to increase slightly while that of Mo appears to decrease, confirming the
WDS mapping which showed that the porous region contained N, but was depleted in
Mo. The presence of O in the silicide layers and in Mo is not clear. The residual
intensity of the profile can be related to surface oxide and/or background noise. Y and
Al were not observed outside the porous layer in the direction of Mo, confirming the
WDS mapping, which indicated that these elements did not diffuse into the metal. These
results indicated that, upon decomposition of Si;N,, Si was the main diffusing element
into the metal. Due to the limited solubility of N, in Mo, gas evolved forming a porous
layer where the original Si;N,-Mo interface was once located. Y and Al did not diffuse

into the metal or the interface, but remained trapped along the porous region, probably
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in the form of oxides or oxynitrides. Whether or not O diffused into Mo was not clear,
however the Mo-O phase diagram does not indicate the existence of any mutual solid-

solubility between these two elements [71].

8.2.4 X-RAY DIFFRACTOMETRY

In order to further identify the phases found in the Si,N,-Mo diffusion couples,
X-ray diffraction was performed. The specimen used was hot-pressed at 1700°C for
2 hours in N;. The sample was sheared at the interface resulting in two fracture surfaces.
The XRD spectra from these surfaces are shown in Figure 8.14. Comparing the pattern
of the Si;N, fracture with that of the original Si;N; material (Figure 6.2), it can be
concluded that, upon shearing, most of the interface remained attached to the metal.
However, as for the SiC-Mo system, fracture occurred in a brittle manner, and Si;N,
particles remained attached to the Mo surface. The dominant peaks in the Si;N, spectrum
corresponded to CERALLOY® 147-3 (hexagonal 8-Si;N,). An intergranular crystalline
phase was also observed. This second phase was N-melilite (Y,Si;N,O,), a tetragonal
crystalline phase having similar structure to that of melilite (Ca,Mg8i,0). Al;O; was not
observed, suggesting the presence of an amorphous alumino-silicate intergranular phase.
Comparing these results with the WDS line analysis, it can be concluded that, within and
beneath the porous layer remained a mixture of N-melilite and an alumino-silicate glass.
Low intensity peaks attributed to residual Mo,Si; were also observed at the angular

positions 26 = 38.26°, 26 = 42,77°, 26 = 66.94°, and 26 = 77.68°. No peaks could
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be attributed to any Mo-nitride phases (Mo.N, MoN and Mo,N;), confirming the
thermodynamic predictions and WDS results. The X-ray pattern corresponding to the Mo
fracture surface revealed the presence of cubic Mo (bee structure) by the presence of its
most intense peaks 26 = 40.52°, 26 = 73.68°, and 2¢= 58.62°. Residual 8-Si;N, was
also observed by low-intensity peaks, many of which overlapped with other phases,
which were present in greater abundance. The intergranular N-melilite phase was not
observed on the Mo fracture surface. The main reaction compounds detected on the Mo
fracture surface were tetragonal Mo,Si; and cubic Mo;Si. Apparently, the concentration
of Mo,Si; was higher, which confirms the results obtained from BEI and EDS, since
substantial transformation from Mo,Si to Mo,Si; was observed at 1700°C. Also, no

Mo-nitrides were identified on the Si;N, fracture surface,

8.3 MECHANICAL STRENGTH

As indicated in Figure 8.4, joining between Si;N, and Mo was achieved for
temperatures as low as 1200°C. In addition, the presence of residual thermal stresses
close to the interfaces did not result in debonding of the Si;N,-Mo joints, even for the
highest temperature tested (1800°C), which is contrary to previous investigations [10].

In fact, Si;N,-Mo joints endured higher joining temperatures than SiC-Mo, as can
be seen comparing Figure 7.15 and 8.4. This fact canﬁot be explained from an analysis
based on the values of CTE for SiC, Si;N,, and Mo. If residual thermal stresses depend

mainly on the CTE mismatch between parent materials, the amplitude of those stresses
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would have to be higher in the Si;N,-Mo interfaces than in the SiC-Mo interfaces. SiC
has an average CTE of 4.5x10%°C" and Mo has a CTE of 5.4x10¢°C", resulting in a
mismatch of the order of 1.0x10°°C?. On the other hand, Si;N, has a CTE of
3.5x10°°C"! which results in a mismatch with Mo of the order of 2.0x10%°C". Therefore,
this would imply that Si,N,-Mo couples should fail at lower joining temperatures
compared to SiC-Mo. An explanation of this controversy can be found by examining the

thickness of SiC-Mo and Si;N,-Mo interfaces (Figure 8.15).
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Figure 8.15- Thickness of interface as a function of the temperature for SiC-Mo
and Si;N,-Mo diffusion couples (t = 1 h).
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For both the SiC-Mo and Si,N;-Mo systems, the thickness of the interfaces is an
exponential function of the joining temperature, however, there is a ten fold difference
in the absolute values of the interface thicknesses. Because of the difference in the
thermodynamic stability of SiC and Si;N, in vacuum (Figure 8.3}, Si and C were more
abundant for reaction when SiC was joined to Mo, than Si and N, when Si;N, was joined
to Mo, for the same bonding temperature and time. As a consequence, the formation of
a reaction zone proceeded preferentially for the SiC-Mo system, resulting in thicker
interfaces. For this reason, joining of SiC to Mo started at lower temperatures than Si;N,
to Mo. This result is depicted in the lower left side of Figure 8.15, which represents a
region where insufficient diffusion resulted in no bonding between Si;N, and Mo. On the
other hand, as the temperature increased, reaction became significant in the SiC-Mo
system, resulting in debonding at lower temperatures (1600°C) as compared to Si;N,-Mo,
where samples were joined even at 1700°C, in vacuum. This fact can be observed by the
open symbols on the upper right region of Figure 8.15, referring to samples where
joining occurred and it was followed by debonding of the couple upon cooling.

In summary, the two systems studied showed a significant difference in the
absolute thickness of the interfaces, which required different experimental conditions to
promote reliable joining. As a consequence of the limited amount of reaction, Mo could
be joined to SiC at lower temperatures than for Si;N,, however debonding also occurred
at lower temperatures. It is clear that the amount of interfacial reaction played a major

role in determining the final mechanical properties of the joints. Furthermore, the nature
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of the reaction products may aiso have influenced the mechanical properties of the joints.
Significant production of Si and C, from the decomposition of SiC, resulted in the
precipitation of Mo,3i; and Mo,Si;C. As discussed earlier, the formation of these phases
had limited benefit on the final mechanical stréngth of SiC-Mo joints. Excessive
formation of either one decreased the overall strength of the joints, ultimately leading to
failure. On ihe other hand, the concentration of Si present within the Si;N,-Mo interfaces
was lower than for SiC (for the same joining conditions) which prevented substantial
precipitation of Mo;Si;. In addition, the absence of C prevented the formation of
Mo,Si,C, which exhibits undesirable mechanical properties.

The weak link in the Si;N,-Mo joints was determined to be the porous zone left
by the entrapment of N,,, within the interface between the Si;N, and the reaction zone.
Figure 8.16 shows plots of the shear strength of Si;N,-Mo samples as a function of |
joining temperature, time, and atmosphere. All samples were slowly cooled during the
first 500°C, and then furnace cooled to room temperature. For samples hot-pressed at
1400°C uﬁder vacuum, it was observed that the average joint strength increased from
30 MPa to 57 MPa, as ihe bonding time increased from 15 minutes to 1 hour. This
improvement was attributed to the initial stages of interface formation, and elimination
of interfacial voids. However, as the bonding time increased from 1 to 2 hours, and
subsequently to 4 hours, the average joint strength decreased to 20 MPa and 15 MPa,
respectively, as a consequence of the increasing porosity present at the interface. An

analysis of the joint strength for samples hot-pressed for 1 hour under vacuum revealed
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a similar trend, however, the effect of temperature was more drastic than the effect of
time. Increasing the joining temperature from 1400°C to 1500°C decreased the average
joint strength from 57 MPa to less than 20 MPa. The difference in the effect of
temperature and time is related to the growth rate of the reaction zone as a function of
these parameters, i.e., exponential vs. parabolic, respectively.

Finally, joint strength was measured for Si,N,-Mo samples hot-pressed under N,
for 1 hour. A maximum average strength of 53 MPa was achieved for samples hot-
pressed at 1500°C. From that point on, the joint strength decreased as the joining
temperature increased. Comparing the results obtained from the samples hot-pressed
under vacuum and N, for 1 hour, a similar behaviour was observed. However, the
samples hot-pressed under N, achieved their maximum average strength at 1500°C,
whereas the maximum average strength for the samples hot-pressed under vacuum was
attained at 1400°C. The fact that the maximum joint strength occurred for 2 temperature
100°C higher, for the samples hot-pressed in N,, confirmed that there is a strong
relationship between the interface microstructure and joint strength. The absolute values
of joint strength for samples hot-pressed under vacuum at 1400°C for 1 hour, and in N,
at 15060°C, for the same bonding time, were the same when considering the error bars
on the strength data. A schematic correlation between the interfacial microstructure and
joint strength can be seen in Figure 8.17.

As mentioned earlier, shear tests result in significantly lower strength values than

tensile and flexural tests. This implies that the actual service strength of the joints
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produced in this study are much higher than the values obtained herein. A direct
comparison between solid-state bonding and brazing of Si,N, to Mo was obtained. Under
optimum conditions (vacuum, 1400°C, 1 hour), an average strength of 57 MPa was
measured for Si;N,-Mo diffusion couples. This value represents a significant
improvement when compared to shear strength values of the order of 28 MPa, reported
when Si;N, was brazed to Mo at 1300°C using an Ni-Cr-Si alloy [25]. In additldn, no
degradation is expected in the high-temperature strength of the diffusion couples, whereas
high service temperatures result in a further decrease of the strength of the brazed

material.



CHAPTER 9:

CONCLUSIONS

series of SiC-Mo and Si;N,-Mo joints was
hot-pressed varying experimental parameters such as, joining temperature, time, and
environment. Extensive characterization of the physical and mechanical properties of the
corresponding ceramic-metal interfaces was performed. In general, the microstructure of
the interfaces could be predicted, with reasonable certainty, using the thermodynamic
analyses performed for both the Mo-Si-C and Mo-Si-N systems. Furthermore, important

observations were made concerning the relationship between the microstructural evolution

183
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of the interfaces and its effect on the final mechanical properties of the diffusion couples.

Finally, the presence of residual stresses was studied, and a simple and effective solution

was developed to limit the concentration of residual stresses.

9.1 CONCLUSIONS ON SiC-Mo

1‘

A thermodynamic analysis of the Mo-Si-C system indicated that SiC-Mo
interfaces are reactive. For a joining temperature of 1200°C, the predicted
reaction products were Mo,Si, MosSi;, Mo,C, and MosSi;C. Although the
F*A*C*T database does not include any ternary phase for the Mo-Si-C system,
the existence of Mo,Si;C is well established in the literature. Furthermore,
increasing the joining temperature to 1600°C, Mo,C is likely to transform into
MoC.

Joining between SiC and Mo did not take place at temperatures lower than
1100°C for the bonding times investigated (between 15 minutes and 4 hours).
A reaction zone was observed to form between $iC and Mo, and consisted of two
main phases: Mo,Si; and Mo,C. A ternary phase of composition MoSi,C was
also formed. Although.initially identified at 1500°C, there was evidence that
traces of this phase were also present at lower temperatures. The suggested
sequence of reaction was that, after the formation of tetragonal Mo,Si;, C diffused
into the octahedral interstitial sites of this phase, causing it to transform into

hexagonal Mo;Si;C. The main carbide formed was identified as hexagonal
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B-MOZC. At 1700°C, the formation of MoC was identified by X-ray diffraction.
Carbon accommodated in the Mo,C structure precipitating non-stoichiometric
hexagonal n-MoC,_,. Although this is a high-temperature phase, it was present in
the final interfaces, probably as a result of the cooling rates employed after the
joining experiments.

An activation ensrgy of 400+ 10 kJ/mol was calculated, and is in good agreement
with previous reported values. It is believed that this parameter is mainly related
to the diffusion mechanism involved in the formation of SiC-Mo interfaces,
probably the diffusion of C through Mo,Si,.

The amount of reaction was an important factor in determining the final
mechanical strength of the joints. Initially, the shear strength of SiC-Mo joints
increased with joining time and temperature to a maximum average value of
50 MPa, obtained for samples hot-pressed at 1400°C for 1 hour. Increasing the
temperature or time caused the strength to decrease, ultimately resulting in failure
of the joints by a brittle fracture mechanism. Debonding occurred invariably
between SiC and the Mo,Si;/Mo;Si;C reaction layer. The variation of the shear
strength with bonding temperature and time was atiributed to the competing
effects of interfacial bonding and growth of the interfacial reaction layer. At low
joining temperatures, joint strength was controlled by the fraction of bonded
surface which increased with time. At higher temperatures, the beneficial effect

of increasing the fraction of bonded area was counteracted by the detrimental



. Conclusions 186

effect of the growth of the reaction layer. Excessive growth of the reaction layer
decreased joint strength because of the mismatch in the mechanical properties of
the reaction products Mo;Si,/Mo;Si;C and SiC, which enhanced the propensity to
fracture.

6. Thermomechanical stresses were measured on SiC-Mo joints by neutron
diffraction. High residual compressive stresses parallel to the interface were
observed at the SiC side of the joints. These stresses were counteracted by tensile
stresses at the proximity of the interface on the Mo side of the joints. The
distribution of stresses was affected by the cooling profile to which the diffusion
couples were exposed. Slow cooling the samples for the first S00°C was an
effective way to reduce the amplitude of in-plane stresses, particularly in the SiC
adjacent to the interface. For samples hot-pressed at 1400°C for 1 hour, the
absolute value of these stresses was reduced from 550 MPa to 50 MPa by

controlling the cooling rate.

9.2 CONCLUSIONS ON Si;N,-Mo
1. A thermodynamic analysis of the Mo-Si-N system indicated that reaction is
expected to take place within Si;N,-Mo interfaces. The nature of the reaction
products depends upon the partial pressure of N,, corresponding to the joining
environment. For N, environments with pressures up to 1.2 atm. only .

. Mo-silicides will form. For a joining temperature of 1300°C, the formation of
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5.

Mo,Si, MosSi;, and MoSi, is thermodynamically favourable in vacuum. The
transformation from one Mo-silicide into ahother takes place by diffusion of Si,
depending on the bonding time.

Joining of Si,N, to Mo was investigated for temperatures ranging from 1000°C
to 1800°C. For the range of bonding times investigated (between 15 minutes and
4 hours), joining did not take place for temperatures lower than 1200°C.
Joining started with the dissociation of Si;N, into Si and N,,. Subsequently, Si
diffused into Mo forming Mo,Si. Further diffusion of Si into Mo,Si stabilized
Mo;Si;. The formation of MoSi, as well as the reaction between Mo and Ny,
were not observed. Initially N, diffused into Mo and Mo-silicides, but as a
consequence of limited solubilities, the excess N, remained trapped at the
interface between Si;N, and Mo-silicide resulting in a porous layer.
Hot-pressing in vacuum produced thicker interfaces than hot-pressing in N,, for
similar joining conditions. Joining in a N, atmosphere increased the stability of
Si,N, delaying the formation of Mo,Si and its transformation to MosSi;, along
with the growth of the porous layer. |

An activation energy of 440410 kl/mol was calculated for the sampies hot-
pressed in vacuum, whereas 450425 kJ/mol was obtained for samples hot-pressed
in N,. The similarity between these two values and the activation energy
calculated for the SiC-Mo system (40010 kJ/mol), despite the differences in the

thermodynamic stability of SiC and Si;N,, confirmed the hypothesis that
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activation energies are determined by the diffusion process, rather than the free
energy of dissociation of the ceramic. For Si;N,-Mo, it is possible that the

activation energy is directly related to the diffusion of Si through Mo;Si.

. Contrary to the observations for SiC-Mo, debonding did not occur for joints hot-

pressed at temperature in excess of 1500°C, as a consequence of the limited
growth of Si;N,;-Mo interfaces as compared to SiC-Mo.

The extent of the reaction between Si;N, and Mo, and the growth of the porous
layer were the determining factors in the mechanical reliability of the joints.
Optimum joining conditions were attained by establishing a balance between the
fraction of bonded interface (beneficial to joint strength) and the thickness of the
interfacial porous region (detrimental to joint strength). Maximum strength was
obtained when Si;N, was joined to Mo in vacuum at 1400°C for 1 hour. Shear
tests performed on these samples resulted in an average strength of 57 MPa.
Shear testing performed on Si;N,-Mo joints hot-pressed in a N, atmosphere
confirmed that there is an intimate relationship between interfacial microstructure
and joint strength. Similar shear strength values were obtained for samples hot-
pressed in vacuum at 1400°C and in N, at 1500°C, despite the different joining

temperatures.



CONTRIBUTION TO
ORIGINAL KNOWLEDGE

Ithough the joining of SiC and Si;N, to Mo
has been previously studied to some extent, several important aspects of the diffusion
bonding of these materials were addressed here for the first time. In particular, a
thorough description of the solid-state diffusion bonding technique as applied to these
materials was developed. This chapter summarizes the most important original

contributions achieved in this study.
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a. SiC-Mo

1. The microstructural evolution of the interfaces was studied as a function of
joining parameters, and the results were correlated with the thermodynamic
behaviour of the system.

2. The composition and crystal structure of the different reaction products was
investigated by successive X-ray diffraction analyses of the interface, which led
to the conclusion that 8-Mo,C transformed into #-MoC,,, as predicted by the
thermodynamic analysis.

3. The elastic constants of the reaction products were measured by the
nanoindentation technique, and a relationship between these values and the
mechanical behaviour of the joints was established.

4. Joint strength was measured as a function of the experimental parameters by shear
testing, and the optimum joining conditions were identified.

5. The distribution of residual stresses as a function of experimental parameters was
evaluated by neutron diffraction, and a method to reduce these stresses was

developed by controlling the cooling rate employed in the joining experiments.

b. Si;N,-Mo
1. A comprehensive study of the interfacial microstructure of diffusion couples was

provided based on a thermodynamic analysis and experiniental data.
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2.

The microstructural evolution of the interfaces as a function of joining
temperature, time, and atmosphere was investigated, and a correlation with the

observed joint strength was established.

. The distribution of atomic species across the interface was investigated by EPMA-

WDS, and a complete diffusion profile was provided and included elements such
as yttrium, aluminum, nitrogen and oxygen.

Shear tests were performed and the experimental conditions necessary to optimize
joint strength were investigated.

The results obtained for the Si;N,-Mo system were correlated with those obtained
for SiC-Mo, and existing discrepancies related to bonding temperature and joint
strength were explained.

The activation energies for the formation of interfaces were calculated, and their
determining factor was established to be the dominating diffusion mechanism

rather than the dissociation of Si;N,.



RECOMMENDATIONS
FOR FUTURE WORK

his study provided an important contribution
towards extending the available literature on joining of SiC and SN, to Mo by solid
state diffusion. Although significant questions concerning the microstructure of the
interfaces and the mechanical properties of the diffusion couples have been addressed,
other important aspects of technological interest remain to be studied regarding these two
ceramic-metal systems, some of which are proposed below as topics for further

investigation.
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1.

To obtain the thermodynamic data of the MosSi;C phase and, to include this
information in the F*A*C*T database.

To study the use of nitride forming elements, e.g. titanium, in conjunction with
molybdenum, in order to prevent the formation of interfacial porous zones in
Si;N,-Mo joints, and to investigate the effect of the new microstructure on the
mechanical properties of the diffusion couples.

To study the solubility of nitrogen in Mo-silicides.

To measure the distribution of residual stresses and joint strength of diffusion
couples with cylindrical geometry, in order to eliminate the detrimental corner
effects found in joints with rectangular geometry.

To measure joint strength and toughness on sandwich-like samples
(ceramic-Mo-ceramic) by three or four point bending on pre-notched specimens.
To produce functionally graded SiC-Mo-metal and Si;N,-Mo-metal
samples using structural alloys of technological interest, e.g. superalloys or steel,

and to evaluate the mechanical properties of these joints.
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APPENDIX I:

PROPERTIES OF
SiC, Si.N, AND Mo

his chapter reviews the main physical and
mechanical properties of SiC and Si;N,. Emphasis is given to the high-temperature
behaviour and oxidation mechanisms of these materials. Lastly, the properties of the

metal Mo are also addressed.

AL1 SILICON CARBIDE
Al1l.1 GENERAL ASPECTS

SiC is a highly covalent ceramic with three possible crystallographic symmetries:

201



Properties of SiC, Si;N,, and Mo 202

cubic, hexagonal and rhombic [4]. Several SiC polytypes have been identified so far. The
simplest one has a cubic diamond-like structure in which alternate carbon (C) atoms are
replaced by silicon (Si). This structure is referred to as 8-SiC. All other structures show
either hexagonal or rthombic symmetry and are collectively called «-SiC. Every «-SiC
polytype is made up of C atoms arranged in an hexagonal closed-packed (hcp) pattern
placed above a second layer of C atoms in another hexagonal pattern as shown in

Figure Al.1,

& carbon

Silicon

Figure Al.1- Crystal structure of the hexagonal «-SiC polymorph [52].

The Si atoms fit into the tetrahedral interstitial positions of the hep structure. Every C

atom is surrounded tetrahedrally by four Si atoms and every Si atom is also surrounded
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tetrahedrally by four C atoms (coordination 4). Differences between the a-polymorphs
arise from the different stacking arrangements of C and Si atoms, resulting in different
lengths of the c-axis [52]. In this study, the polymorph 6H was used (space group
P6,mc). The lattice parameters for this hexagonal variety are: @=3.073 A and
c=15.08 A.

Although SiC is rarely found naturally, it can be synthetically produced from
almost any source of Si and C [1]. The most widely used technique to produce SiC
powder is the Acheson process [52]. In this method, SiC is formed from the reaction of
high-purity silica (S8i0,) and coke (C) according to

Si0, + 3C = S5iC+2C0 (ALL)

Depending on the time and temperature of the reaction, the resulting SiC is either
in the form of a fine powder or as a large chunky mass. After crushing, milling, and
separation into specific size fractions, the powder is roasted to oxidize traces of residual
C and washed with hydrofluoric acid (HF) to remove SiO, to the required purity [4].

Commercial SiC products can be reaction bonded or sintered. In this work, the
SiC was sintered by the manufacturer using boron (B) and carbon (C) as additives,
Sintering is usually carried out at temperatures between 2000°C and 2200°C, and
proceeds “ia solid-state densification. The presence of C as an additive apparently aids
the removal of the SiQ, layer from the surface of the SiC particles. The use of B is based
on its low solid-solubility in SiC, enhancing material transfer between adjacent SiC

grains, thus increasing the rate of diffusion and sintering [1]. Sintered SiC is the choice
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for structural applications because of its superior mechanical properties and good
oxidation resistance. Although SiC decomposes, in vacuum or inert gas, into volatile Si
and C (that reverts to graphite) between 2300°C and 2500°C, the mechanical integrity
of structural SiC components becomes compromised at around 1650°C, this being

accepted as the maximum service temperature for this material [17].

AL1.2 PROPERTIES OF SINTERED «-SiC

Table Al1 includes a collection of physical and mechanical properties of sintered
«-SiC. Among the most attractive properties, the low CTE of SiC makes it a
dimensionally stable material, useful in applications where close tolerances are required.
SiC is also chemically stable at high temperatures, and it has been used in the presence
of radiation and combustion gases, and in oxidizing atmospheres. For example, SiC has
been used as lining material for chemical equipment, as electrical contacts for hostile
environments, and las coating of nuclear reactor structures [52,74].

However, one of the main attractions of SiC is its oxidation resistance. In several
applications, SiC components are required to work in air at high temperatures, or in the
presence of combustion gases and deposit-forming corrodents, such as in heat exchanger
tubes for glass remelting, and alﬁminum reclamation furnaces [74]. SiC is inherently
unstable in air and, as a result, whenever the material is exposed to an oxidizing
atmosphere, passive oxidation takes place resulting in the formation of a thin superficial

layer of SiQO, according to,
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SiCy,, + 1.5 Oy, = §i0.,, + CO} (AL2)
Because Si0, has the lowest permeability to oxygen of any of the common oxides, it
forms an effective reaction barrier, which gives SiC the potential of substantially better

high-temperature oxidation behaviour than metals.

Table Al.1- Properties of Sintered a-Si__g_[4,52,73]

Physical Properties
Molecular Weight 40.07 g/mol
Decomposition Temperature 2300 - 2500°C
Density 3.21 g/em’®
CTE 4.4 - 4.8:10°°C" (20°C - 1000°C)
Maximum Service Temperature 1650°C
Electrical Resistivity 10% - 10° Q.cm
Thermal Conductivity 126 W/m.K at Room Temperature (RT)
78 W/m.K at 400°C
Oxidation at 1450°C 0.01 - 0.25 wt. gain% / 1000 h
Mechanical Properties
Elastic Modulus 395 - 420 GPa at RT
Modulus of Rupture 300 - 400 MPa (RT to 1500°C)
Vickers Microhardness 26.00 - 28.00 GPa
Poisson’s Ratio 0.14 |
Fracture Toughness 4.60 MPavm
Compressive Strength 4600 MPa

! Further oxidation may take place transforming CO,, into COuyy).
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The upper temperature limit of the chemical stability of SiC is related to the
melting point of Si0, (1700°C). When the protective Si0, layer melts, it begins to flow
and rapid transport rates are attained in non-protective environments. Figure AL2

illustrates the presence of the SiO, layer on the surface of SiC.

Figure Al.2- Schematic of protective SiO, layer on SiC [74].

Passive oxidation occurs only if a minimum partial pressure of oxygen is achieved
(Figure Al.3). However, most combustion nrocesses involve Iarge concentratioﬁs of the
oxidant (molecular oxygen, carbon dioxide, and water), generally resulting in passive
oxidation. Nevertheless, in a few cases, such as coal combustion, the partial pressure of
oxygen may fall below that needed for a stable SiQ, film to form. In that case, active

oxidation takes place which causes degradation of the ¢ceramic, according to

SiC,, + O, = $i0,, + CO,, (AL3)
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Figure AL3- Main routes of corrosive attack and degradation of SiC [74].

Degradation of kSiC can also be caused by the formation of corrosive deposits.
The most common deposit encountered in engines, for example, is sodium sulphate
(Na,SO,). Deposits of Na,SO, form when Na reacts with S, usually present as a fuel
impurity. The Na may also be present as a fuel impurity, or, most commonly, it can

originate from a marine environment or from a salted roadway. Na,SO; is corrosive
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between its melting point (884°C) and its dewpoint for deposition, which varies
according to the combustion conditions. However, as indicated in Figure AI3, the
temperature region for Na,SO, corrosion is very limited. With the use of SiC
components, engines can easily operate at high-temperatures, exceeding the dewpoint of
Na,SO, and preventing its deposition.

Another important aspect of SiC is its low density combined with superior
mechanical properties at high temperatures. SiC is becoming an increasingly important
structural ceramic, especially for the aerospace and automotive industry. For example,
sintered ¢«-SiC has been evaluated by General Motors for the production of hot sectionat |
structural components of land-vehicle gas-turbines and piston engines. The material
revealed excellent oxidation resistance at temperatures in excess of 1200°C, without
degradation of its modulus of rupture (335 MPa, at room temperature). Specimens
oxidized for 500 hours at 1250°C were tested at 1150°C and showed an average modulus
of rupture of 318 MPa [73]. The low density of SiC also contributes to a high strength-
to-weight ratio at high temperatures, which improves engine performance. Although other
structural materials have higher specific strength than SiC at low temperatures, SiC
outmatches the metallic alioys and intermetallics as the temperature approaches 1000°C
(Figure AI4). In that region, only carbon-carbon and SiC-C composites have a higher
specific strength than sintered SiC, however these materials have severe limitations

concerning their oxidation resistance [75,76].
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Figure AL.4- Strength-to-weight ratio of structural materials as a function of the
temperature [75,76].

Finally, SiC has a low steady-state creep rate as compared to strucCtural
superalloys and other ceramics (Figure AI.5). This property contributes to the mechanical
resistance of the material at high temperatures and increases the potential engine
operating temperatures by as much as 500°C [77].

The reason for the low creep rate of SiC, as compared io superalloys, is that
metals and ceramics have different creep mechanisms. In metais, creep is controlled by

the movement of dislocations, which increases significantly at high temperatures. In
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polycrystalline ceramics, creep is controlled by the rate of grain boundary sliding, which
is determined by the nature of the intergranular phases. If a ceramic is sintered with
additives, such as Si,N, sintered with MgQO, Y,0;, or Al,O;, its creep behaviour may be
significantly degraded. Additives usually form intergranular glassy phases which soften
at relatively low temperatures, allowing sliding to occur along grain boundaries at
temperatures well below the temperature at which the matrix material would creep. On
the other hand, «-SiC can be sintercd at temperatures in excess of 1800°C with low

levels of additives, which results in extremely low creep rates [1].
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Figure AL.5- Creep behaviour of structural matérials at high temperatures [77].
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The importance of incorporating S$iC components into engineering devices has
alrezdy been recognized by numerous manufacturers. Efforts have been made to
overcome the inherent difficulties of handling cefamics, such as their brittie behaviour
and failure mode, by tailoring the microstructure of the materials to optimize
performance. Moreover, new joining techniques have also beer developed in order to
attach ceramic components to metallic elements, thus creating mechanically sound hybrid

structures.

Al.2 SILICON NITRIDE
Al2.1 GENERAL ASPECTS

Si;N, crystallizes in two hexagonal forms, designated o and 8. Both phases have
similar hexagonal crystal structures but different cell dimensions, especially in the ¢
direction. For the «-phase, a=b=7.753 A and ¢=5.623 A. For the B-phase,
a=b=7.603 A and ¢=2.906 A. The crystallographic densities of the « and 3 phases are
3.185 and 3.196 g/cm®, respectively [78]. The o« and 8-Si;N, structures are built of SiN,
tetrahedra in which the four nitrogen (N) atoms are arranged around a central silicon (Si)
atom [79]. Because the nitrogen atoms are shared at the corner of each tetrahedron, a
three dimensional network is produced [78]. The 8-Si;N, polymorph was employed

throughout this study, and Figure AI.6 shows a schematic of this structure.
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Silicon

Figure AI.6- Crystal structure of 3-Si;,N, [78].

The SiN, tetrahedra of the 3-Si;N, structure are linked together forming rings
which surround large voids. In the a-phase, the bond lengths and angles are less uniform
compared to the S-phase, and the N atoms are slightly drawn in towards the centre of
structural voids [80]. The structure of the S-phase layers alternates in the sequence AB,
forming hexagonal tunnels in the ¢ direction. In the a-structure, the layers alternate
with mirror inverted layers in the sequence ABCD, resulting in a lattice parameter, c,
which is about twice as large as for the 8-phase. The hexageonal tunnels are not present
in the c-phase [81]. The o-phase is considered a defect structure where one N atom in
30 is replaced by an oxygen (O) atom, whereas 3-Si;N, is the stoichiometric form [79].

Si;N, does not occur naturally. It is, instead, produced synthetically by combining



Properties of SiC, Si;N,, and Mo 213

Si and N, using various processes. Two types of Si;N, are commonly used: porous
reaction-bonded Si;N,; (RBSN) and dense sintered Si;N;, which differ in both density and
microstructure, resulting in different mechanical properties [81]. RBSN is formed by the
reaction of elemental Si with N, gas. Nitridation of the starting Si powder compact
occurs at temperatures between 1250°C and 1450°C. The resulting material is a porous
S1,N; matrix formed with no sintering additives. The ceramic matrix usually has between
65 and 85% of the theoretical density. These parts are easy to machine and therefore,
complex shapes can be made. When the desired shape is achieved, the strength of the
material can be increased by post-reaction sintering or by the use of ceramic
reinforcements in the form of particles, whiskers or fibres [17].

Dense Si;N, is pfoduccd by pressureless or pressure-assisted sintering. Si;N, is
difficult to sinter because of its high degree of covalent bonding. For this reason, high
sintering temperatures (around 1850°C) are used. In addition, Si;N, has a high vapour
pressure at high temperatures which promotes decomposition rather than densification.
If Si;N, powder is heated up to 1900°C in 1 atm. of N,, Ny, gas will form and disperse,
forcing the reaction

SisNy,) = 3Siq + 2Ny, (AL4)
to proceed to the right. There are two alternatives to resolve this densification problem:
sintering under an overpressure of N, or application of external pressure to assist
densification {1]. In pressureless sintering, Si;N; powder compacts containing sintering

additives are densified at high temperatures in N,. The capillary pressure created by the
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presence of an intergranular liquid phase and particle dissolution are the driving forces
for diffusion [78]. However, even in N,, Si;N, will decompose if Si-vapour is not
prevented from escaping the system and if, as a result, the equilibrium partial pressure
of Si cannot build up. To overcome this difficulty, the ceramic compact can be embedded
in a powder with the same composition of the body, i.e., including the same amount of
sintering additives [81].

Pressure-assisted sintering can be subdivided into hot-pressing and hot isostatic-
pressing. Hot-pressing involves the use of uniaxial pressure at high temperatures to aid
densification. Fully dense hot-pressed Si;N, (HPSN) with good mechanical properties are
produced by this technique, however, only simple shapes can be designed [78]. Lower
sintering teinperatures are required due to the application of an external pressure. In hoi-
isostatic pressing, the pressure is applied by a gas surrounding the sample instead of a
mechanical load.

During sintering of Si;N,, the formation of the S-phase is the resuit of a solution-
reprecipitation process. Upon nitridation of Si, the reaction between SiO-vapour and N,
results in the formation of «-Si;N,. Sintering at high temperatures causes the a-phase to
become unstable with respect to 8-Si;N,. As the oz-pl;ase cannot be transformed into the
8-phase by a displacive process, the transformation is reconstructive, occurring by
solution-precipitation through a liquid phase [81]. Fof this reason, oxides are used as
sintering additives. At high temperatures, they react with Si;N, and $iO, (usually present

as a passive oxide layer on the surface of SiN,), promoting the formation of an
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intergranular liquid phase where the «-Si;N, particles dissolve and -Si,N, precipitates
[79]. After the first component melts, a rapid densification occurs by a creep process that
involves the movement of solid particles closing a large fraction of the voids present in
the compact (primary rearrangement). The densification rate due to this rearrangement
depends on the mobility of the solid particles and on the kinetics of the solution-
reprecipitation process {82]. The melting temperature and the amount of liquid phase
depends on the nature and composition of the additives. During the initial stages of
sintering, the amount and compdsition of the melt undergoes a continuous change by the
dissolution of Si;N, and residual additives. This changes the viscosity of the liquid
silicate which influences the particle movement and densification rate. With increasing
sintering temperature, the viscosity of the melt decreases, increasing the shrinkage rate
[82].

«Vhen primary rearrangement is complete, further densification is controlled by
secondary rearrangement. In this stage, the particle geometry changes at the contact
regions by flattening or dissolution of small particles and the reprecipitation of large ones
{82]. The process is controlled by the slower dissolution-reprecipitation kinetics. The
driving force responsible for grain growth is the dissolution of -Si;N, particles and the
reprecipitation of the material as 8-Si;N,. The growth of the 8-grains at the expense of
the a-particles include directional grain growth if the §-particles are much smaller than
the starting o-particles, or Oswald ripening if the 8-particles become much larger than

their adjacent e-grains [82]. Upon cooling, the liquid phase transforms into a glassy or
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partially crystallized phase arranged in thin layers at the grain boundaries or at triple
junctions [79,83]. The presence of this second phase is deleterious to the mechanical
properties of the final material (particularly its creep behaviour), and to its oxidation
resistance. Therefore, in the production of mechanically reliable Si;N,; components, it is
important to sinter the material using 2 minimum amount of additives [17].

The most common additives used to sinter Si,N, are Y,0,, AL, O;, and MgO. The
type and amount of additives determine the onset sintering temperature and the
densification rate. The nature of the sintering additives also influence the morphology of
the B-grains and the characteristics of the grain-boundary phase, which controls the high
temperature properties of the final material [81]. Y,O, promotes considerable shrinkage
at temperatures higher than 1600°C. The softening temperature is high and consequently,
densification starts at higher temperatures. For this reason, an increased N, pressure is
required to suppress decomposition of Si;N,. The melt is stable but because of the high
viscosity of the liquid phase, the densification rate is low [1]. Softening temperature and
viscosity can be adjusted by adding a second oxide, such as Al,O,. A mixture of Y,0;
and Al,O; results in a decrease of the softening temperature and viscosity as compared
to pure Y,0,, but also in a reduction of the thermal stability of the liquid phase.
Consequently, the densification rate and total shrinkage increase but the final mechanical
properties of the material are somewhat compromised [1]. The sintering mechanism of

Si;N, and the precipitation of the 3-phase is illustrated in Figure AL 7.



Properties of SiC, Si,N,, and Mo 217

-

. ot
A
"

a-SiN, ;oolin:; I\/‘ ,é/;:.//
liquid) & /
( / pSiN, KL

)

Microstructure
of dense 3-Si,N,

Starting Powders a-B Transformation

. s . . ey mne -Si;N, + glassy or
N, + Sint .g. = B-SiN,
Si,N, + Sintering aid (e.g. Y,0,)  Y,0, + Si0Q, = liquid silicate partially crystallized phase
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AL2.2 PROPERTIES OF SINTERED Si;N,

Table AI2 shows a collection of physical and mechanical properties of sintered
SizN, materials. Similarly to SiC, Si;N, has a low coefficient of thermal expansion,
which implies in good dimensional stability at high temperatures and, consequently, close
tolerances can be achieved. In addition, Si;N, has high toughness, which combined with
its low expansion characteristics, makes it an excellent material for the production of
bearings and cutting tools. On the other hand, the hardness of Si;N, is lower than that
of SiC, which makes the latter a better choics for the manufacture of grinding wheels and

abrasives [1].
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Table AL2- Properties of Sigtered Si3Ni__[l,4,ZZ]

Physical Properties
Molecular Weight ' 140.28 g/mol
Density 3.19 g/em’
CTE 3.0 - 3.5:10°%°C™* (20°C - 1000°C)
Electrical Resistivity >10% Q.cm

Thermal Conductivity

15 -45 W/m.K at RT
5-20 W/m.K at 1000°C

Mechanical Properties
Elastic Modulus 260 - 320 GPa at RT
Modulus of Rupture 600 - 1200 MPa at RT

340 - 550 MPa at 1350°C

Vickers Microhardness 13-17 GPa
Poisson’s Ratio 0.28
Fracture Toughness 5.0 - 8.5 MPavm

Si;N, is an attractive structural material for high-temperature applications, and

where corrosion and oxidation resistance are required. Similarly to SiC, Si;N, also

undergoes passive oxidation, which results in the formation of a protective Si0, layer on

its surface. In the case of Si;N,, an oxynitride (Si;N,0) layer is also formed under the

Si0, layer, as shown in Figure AL 8 [74]. The reactions that control the passive oxidation

of Si;N, are expressed by,
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Figure ALS- Protective oxide layer on Si;N, surface [74].

SisNyy + 0.75 Oy = 1.5 SiN,O,, + 0.5 Ny, (AL5)
SiuN,Opy + 1.5 Osyy = 2 8i04y, + Ny, (AL6)
As for the case of SiC, the chemical stability of SisN, is aiso limited by the
melting point of Si0,, and the main chemical attack routes, as illustrated in Figure AL3,
also take place. If the oxygen potential falls below that needed to establish a stable SiO,
layer, active oxidation of Si;N, occurs following

SizNyy + 1.5 0, = 3 8i0y, + 2 Ny, (ALT

however, as stated earlier, conventional applications seldom lead to this situation.
The use of Si;N, improves the high-temperature oxidation and corrosion resistance

of engineering devices. Figure AIL9 shows a plot of the weight gain per unit area for

structural superalloys and Si,N, materials, at 1400°C in air. It can be seen that Si;N, has

! NO,, may also been produced in addition to Ny,
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demonstrated an improvement of three to four orders of magnitude in the oxidation
resistance as compared to the superalloys. In fact, sintered Si,N, has even shown better

oxidation behaviour than SiC at that temperature {77].
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Figure AL9- Weight gain per unit area of Si;N, and high-temperature structural
superalloys at 1400°C in air [77].

Corrosion resistance is another area where Si;N; has better properties than
conventional superalloys. Figure AL 10 shows a comparison between sintered and
hot-pressed Si;N, with 2 Ni-based superalloy. It can be seen that the sintered Si;N, has
better properties than the bare alloy, although coating the same alloy improved its

corrosion behaviour, exceeding the capabilities of the sintered Si;N,. Howsver, the
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corrosion behaviour of hot-pressed Si,N, (HPSN) was still better than that of the coated
alloy. In addition, coatings may erode and lose their integrity with time, degrading the

properties of the metallic component [77].
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Figure AI.10- Hot-corrosion of Si,N, and Ni-based superalloy {77].

In addition to superior oxidation and corrosion resistance, SisN, has also excellent
mechanical properties at high temperatures. On the other hand, Si;N, is also a brittle
material and it requires a precise definition of the stress map throughout a component.
However, engineers have improved their skills in producing ceramic parts avoiding
notches and other sources of highly localized stress gradients [84]. In fact, the overall
number of Si;N, components in naturally aspirated, turbine, and diesel engines has

increased in the past few years. Si;N, has demonstrated better high-temperature
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properties than conventional superalloys, and acceptable strength values for practical

applications as demonstrated by Figure AL 11 for the case of turbine components [77].
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Figure Al.11- High-temperature strength of Si,N, materials plotted along with the
required strength for turbine engine components [77].

Si;N, also has a low creep rate at high temperatures compared to structural
superalioys. However, in this particular aspect, sintered SiC outmatches SisN,. SiC can
be sintered with lower amounts of additives than Si;N, resulting in significantly léss grain
boundary sliding. For the case of Si;N,, as discussed earlier, sintering additives such as

. MgO, Y,0;, and Al,O;, frequently result in the formation of intergranular glassy phases
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which degrades the creep resistance of the material. Nevertheless, alternative processing
routes, such as reaction bonding, allow Si;N, to be sintered without additives,
significantly reducing the propensity for grajn-boundary sliding, and consequently
improving the Ligh-temperature creep resistance of the material (Figure ALS) [1,77].
In summary, the use of Si,N; as a structural material is already a reality.
Nevertheless, research in processing techniques and joining of this material is still quite
extensive, which will contribute to a further increase in the number of Si,N, components

integrated to engineering devices, resulting in better overall performance.

AL3 MOLYBDENUM

Molybdenum is a transition metal from the VI-A series (Z = 42). Its coordination
number is eight and valences from +2 to +6 have been observed. The crystal structure
of Mo is cubic (bee) with 1wo atoms per cell, with no known allotropic transformations.
Because of its high melting point, Mo is often produced by a powder metallurgy process.
Pure Mo is obtained converting molybdenite (MoS,) to molybdenum trioxide (MoQ,),
which is subsequently reduced to Mo by hydrogen. The powder is compacted and
sintered in hydrogen or vacuum at temperatures around 1100°C [14].

As a consequence of its strong interatomic cohesion, Mo is considered a
refractory metal, and it possesses high strength at ambieﬁt and elevated temperatures, and
relatively small CTE compared to other metals. Mo is used in the fabrication of electrical

and electronic parts, and missile and aircraft components. Because of its small cross
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section for thermal neutrons, Mo is also a suitable material for nuclear reactor
applications. Elsewhere, Mo is used in hostile environments due to its resistance to attack
by most types of molten glass and acids [12]. Although Mo shows high strength at high
temperatures, it undergoes a ductile to brittle transition as the temperature is lowered.
Under certain conditions of purity, fabrication methods, and stress patterns, the transition
in unalloyed Mo may take place even at room temperature. For this reason, the room
temperature properties of Mo are very sensitive to mechanical and thermal history [14].

At elevated temperatures, unprotected Mo oxidizes rapidly in air or oxidizing
atmospheres at ordinary pressures that its continued use under such conditions is
impractical. The final product of the oxidation reaction is not a seif-protective oxide. The
oxidation of Mo is a two-step process which results in the formation of molybdenum
dioxide (MoQ,) as the internal layer and MoOQ, as the outer layer. Below 500°C, a
parabolic oxidation law is followed indicating some degree of self-protection. Above
500°C, MoOQ; begins to volatilize and at 770°C it evaporates at the same rate as it forms,
offering no protection to the base metal [14]. To overcome this difficulty, Mo can be
coated with oxidation-resistant Mo-silicides, such as MoSi,. Alternatively, when Mo is
used in combination with SiC or Si;N,, as an interlayer between the ceramic and a metal-
alloy, the ceramic can also function as a protective coating to the metal, depending on
the joint design. A summary of the properties for Mo is presented in Table AL3 and

Figure Al.12,
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Table Al.3- Properties of Molybdenum [12,14]
Physical Properties
Molecular Weight 95.94 g/mol
Melting Point 2617°C
Density 10.2 g/cm?®
CTE 7.210%°C? (20°C - 2000°C)
Thermal Conductivity 80 - 140 W/m.K at RT
Mechanical Properties
Elastic Modulus 330 GPa at RT
Vickers Microhardness 2.50 GPa
Poisson’s Ratio 0.293
Compressive Yield Strength Figure 2.12
Tensile Strength 830 MPa at RT
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Figure AL.12- Compressive yield strength of unalloyed Mo as a function of the
. temperature [68].



APPENDIX Ii:

MASS ABSORPTION COEFFICIENTS
OF Mo-Si-C COMPOUNDS

[ n order to estimate the depth of penetration of
X-rays in the SiC-Mo reaction products present within the interfaces, it was necessary
to determine the mass absorption coefficient, p, for each of these compounds. These

values were then used in equation (7.8) to obtain the parameter G,.

For an element, u is calculated multiplying tabulated values of (u/p) by the

density of the material, p [55]. For a compound, u is given by

226
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L. W(‘E) +W, (_E-) - (PJI. 1)
p 1 p 1 2 p 2

where w; is the weight fraction of element i in the compound, and (u/p); is the tabulated
mass absorption coefficient of element i for the wzivelength of CuKe radiation
O\ = 1.54 A).

Using equation {AIl.1l), and the mass absorption coefficients of Mo, Si, and C
(158.3 cm*g, 65.32 cm?¥g, and 4.219 cm?/g, respectively [55]), The values of u for

MosSi;C, MosSi;, and Mo,C, were calculated as follows:

a. Mo Si,C:

Molecular weight- 575.97 g/mol.
Density- 7.86 g/cm® (Table 3.5)
weight fraction of Mo- 0.833 wt. %
weight fraction of Si- 0.146 wt. %
weight fraction of C - 0.021 wt. %

Hence,

B = WPy + WelB)g + W)
(p)ua,s:,c uo(p)uo a(p)s: + c(p c
(%)Ma,sgc = 0.833(158.3)+0.146(65.32)+0.021{4.219) = 141.48 cm¥lg

(Wuosyc = (-;i)“,,,s,,c  (Plusnysyc = (141.48) - (7.86) = 111203 em™'  (AIL2)
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b. MoSi;:

Molecular weight- 563.96 g/mol.
Density- 8.24 g/cm?® (Table 3.5)
weight fraction of Mo~ 0.851 wt. %
weight fraction of Si- 0.149 wt. %

Hence,

B = wu ), + wo B
( p)uo,,sg Wyl P)uo Wl P)sr
(-Li),,qs,, = 0.851(158.3)+0.149(65.32) = 144.45 cm3g

Wity = (%)m * (Puogsy, = (144.45) - (8.24) = 119027 em™'  (AIL3)

c. Mo,C:

Molecular weight- 203.89 g/mol.
Density- 9.06 g/cm?® (Table 3.4)
weight fraction of Mo- 0.941 wt. %
weight fraction of C- 0.059 wt.%

Hence,

(—'J'- = Wy B + Wl
o hie = Wakol o Yo *+ Wel > )e
(J‘-:-)M,‘c = 0.941(158.3)+0.059(4.22) = 149.21 cm3g

(Buoc = (%)w,- (Plunc = (149.21) - (9.06) = 1351.84 cm™!  (AIL4)





