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RESUME

Le brovage a haute énergie du systeme Fe-Ti est réalisé pour une gamme étendue
de compositions. Les compositions Fegg'Tise et FegyTige produisent un composite
amorphe-nanocristaux sous 'effet du broyage. Un amorphe pur est produit dans le
cas du FegTisz. Cet alliage amorphe absorbe hydrogene, contrairement au com-
posé intermétallique de méme composition. Les alliages nanocristallins quant & eux
présentent un rétrécissement du plateau d’absorption el un abaissement de la pression
de cec plateau. Cette modification des propriétés d'absorplion est due & interaction
entre les nanocristaux et la phase amorphe. Cetle interaction est analysée i ’aide d'un
modele simplifié des contraintes élastiques. Enfin, Phydrogene est absorhé beancoup

plus rapidement par les alliages nanocristallins que par les matérianx conventionnels,



ABSTRACT

High energy ball milling of the Fe-Ti system is carried out over a wide range of
compositions. Milling FesoTise and FeyTige produces a composite material with
wunorphous regions and nanometer-sized crystals. Milling Feg; Tizs leads to a single-
phase amorphous alloy which absorbs hydrogen, in sharp contrast to the intermetallic
compound of the same composition. The nanocrystalline samples on their part exhibit
a narrowing of the miscibility gap and a reduction of the pressure of the absorption
plateau. The change in absorption properties, which is due to the interaction between
the nanocrystals and the amorphous phase, is analyzed using a simplified model of
the elastic stress. Finally, hydrogen is absorbed much faster by nanocrystalline alloys

than by conventional materials,
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STATEMENT OF ORIGINALITY

The author claims the following aspects of the thesis to be original contributions to
the advancement of knowledge.

- The first comprehensive study of a nanocrystalline metal hydride made by ball
milling.

- The establishment of a correlation between oxygen content and amorphons frac-
tion in ball-milled nanocrystalline Fe-Ti from X-ray diffraction measurements. An
oxygen limit above which complete amorphization occurs has previously been re-
ported [104], but we have also found a relation of proportionality to exist in cases of
partial amorphization.

— The complete amorphization of Feg;Tiaz by mechanical alloying. Partial amor-
phization was achieved by Cocco et al. [16], Eckert et al. [26], and Chu et al. [15].

- The measurement of the enthalpy of crystallization of amorphous Fegr'T'igy ob-
tained by mechanical alloying.

- The measurement of pressure-composition isotherms of hydrogen in ball-milled
Fe-Ti at non-equiatomic compositions.

- The extension of the Wagner-Horner theory of the elastic interaction in metal-
hydrogen systems to the case of crystals subjected to an external stress and the
application of this model to the explanation of the hydrogen storage propertics of
ball-milled nanocrystalline Fe-Ti.
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INTRODUCTION

In the search for alternative fuels, hydrogen stands as the ideal candidate, its combus-
tion essentially producing water vapor. The main problem limiting the widespread
nse of hydrogen is the difficulty to store it in a safe and practical manner.

Hydrogen can be stored in three states: gas, liquid, and metal hydride. Gaseous
slorage gives a very low volume density while heavy metal containers are required for
the use of high pressures. This form of storage is also dangerous, especially in vehicles
since containers ruptured in accidents would pose a risk of explosion. Liquid storage
is very cfficient, both in terms of volume and mass density. The refrigeration system
required makes this solution complicated. In addition, liquid hydrogen evaporates
and losses could be important during long-term storage.

Metal hydrides certainly constitute the safest method of storing hydrogen. They
can absorb up to one hydrogen atom per metal atom, this gives a higher volume

density than the liquid state. Hydrogen can be dissolved in certain absorbing alloys at

'Table 1.1: Hydrogen content in various media (taken from [2]).

medium moles of H per cm? | weight percent of H
H, gas at 100atm 0.81 100
H; liquid 7.0 100
MgHa 11.1 7.6
Mg, NiHy 9.8 3.8
FeTiH, go 10.0 1.8
LaNisHg 12.6 1.5
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a few atmospheres of pressure, kept there an indefinite amount of time, and retrieved
by heating the alloy at a few hundred degrees. Alloys with a wide variety of absorption
characteristics exist. Unfortunately metal hydrides are crippled by several problems,
which we will now describe.

Hydrogen absorbing metals and alloys are generally very sensitive to surface con-
tamination. They easily form oxides which block the passage of hydrogen atoms into
the material. Because of this, metals exposed to air have to be subjected to an ac-
tivation treatment at high temperatures and hydrogen pressures. If, in the course of
its use, a metal hydride is exposed to air, the activation treatment must be repeated,
ultimately resulting in the degradaticn of the storage capacity.

Crystalline metal hydrides have a miscibility gap, this means there is a concen-
tration range where a homogencous hydride phase is unstable. Upon hydrogen ab-
sorption, the hydrogen concentration reaches a solubility limit, after which regions
with very high hydrogen content start forming if more hydrogen is dissolved. ‘'his
inhomogeneous absorption translates into an inhomogencous expansion of the ma-
terial and this leads to decrepitation. The miscibility gap is rcached at a certain
pressure which depends on temperature and on the material. The gap shows up on
pressure-composition isothermal curves as a platean where the pressure is constant
over a wide concentration rangs. It is an advantage from the point of view of storage
since hydrogen can be successively stored and retrieved by a moderated change in
pressure. Amorphous alloys, which are very disordered and have a wide distribution
of binding energies, do not exhibit a plateau. Therefore they do not decrepitate but
their storage properties are not as interesting since one must change the pressure by
a large amount to either store or recuperate hydrogen. Decrepitation poses problems
in terms of how the metal hydride powder is to be kept inside a container.

Finally, by their very nature, metal hydrides are heavy. The exception is mag-
nesium hydride, which has a very good hydrogen mass density. Unfortunately it is
the most easily oxidized metal hydride. Table 1 gives the volume density and weight
percent of hydrogen of various forms of storage.

In the hope of improving the properties of metal hydrides, our group has initi-

ated a detailed study of hydrogen storage in nanocrystalline alloys. Nanocrystalline
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materials are polycrystalline materials with nanometer-sized crystallitos (typically 5-
100nm). In this fine microstructure an important fraction of the atoms are located
at, grain boundaries. Depending on the thickness of those boundaries — a currently
controversial issue —, up to 50% of the atorns can be included in them. In any case,
a large number of atoms in nanocrystalline materials are located within a few lattice
spacings of grain boundaries. This microstructure should provide a wide variety of
storage sites with binding energies more or less different from normal sites found in
conventional materials. For example close to grain boundaries, especially incoherent
grain boundaries, the crystal lattice will be strained, and storage sites located there
will have their binding energies slightly changed. This is also true for coarse-grained
material but their low density of grain boundaries makes it a negligible factor. The
large number of interfaces and [ree surfaces, could enhance diffusion and possibly
reduce decrepitation. Since nanocrystalline materials already have a very fine mi-
crostructure, hydrogenation may not necessarily break it up further. As to diffusion,
it cannot be known in advance whether interfaces are a better environment for the
dilfusion of hydrogen, this is something our experiments are intended to reveal.

Having decided to investigate hydrogen storage in nanocrystalline materials, we
had to choose a particular material and an appropriate method of synthesis. It was
decided by our group to study FeTi first. FeTi is a well known storage compound
with a total capacity of approximately one hydrogen atom per metal atom. Its con-
stituent elements are also inexpensive. Its weight may limit its use to stationary
applications. The work on FeTi described in this thesis was conducted in parallel
with other members of our group working on other compounds.

There are three widely used methods for the synthesis of nanocrystalline metals
and alloys: gas phase condensation, crystallization of an amorphous phase, and ball
milling. In the condensation method , a metal is evaporated inside a chamber filled
with an inert gas and collected on a cold finger. Nanometer-sized clusters are ob-
tained by scraping the surface of the cold finger. Dense materials are obtained by
compaction in ultra-high vacuum. The samples obtained by condensation are small (a
few milligrams) and, in our opinion, using it for alloys may pose problems regarding

the precise control of the chemical composition of the clusters.
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The method of crystallization of the amorphous phase cannot be used for large
samples in the Fe-Ti system. We were unable to make amorphous Fe'Ti by melt-
spinning and ball milling produces an amorphous phasc only for compositions close
to FegrTiaz or by adding oxygen. Amorphous Fe-Ti has been prepared by Sumiyama
et al. [80] using vapor quenching, but the samples so-produced are inherently small
and impractical for purposes of hydrogen storage.

In ball milling, balls made of a very hard material, steel or tungsten carbide,
are moving rapidly inside a rotating or vibrating container with thick walls. The
balls collide repeatedly and transfer energy to the powder trapped between them.
This mechanical energy transfer causes deformations in the material. 1 we start
with a single phase material, the deformation process causes a refinement of the
microstructure and, in certain cases, structural transformations. Il we start with a
multi-component material, the milling process creates a large number of interfaces
where chemical reactions can take place. In both cases a steady-state is reached
where the final product normally depends only on the average chemical composition
and milling conditions. Ball milling is a non-equilibrium process and thus permits the
formation of metastable phases which can not be synthesized by conventional means,
Ball milling has the advantage of producing large amounts of material (a few grams
with laboratory equipment) and industrial scale mills already exist.

In addition we wanted to try making amorphous Fe-Ti, with the intention of
controlling the crystallite size from large to very small values. The amorphous phase
would correspond to the limit when the size goes to zero. Fe-Ti is not a good system
for melt-spinning since amorphous phase formation is expected only close to a low
temperature eutectic, something which is not found in the phase diagram of Fe-Th. As
mentioned above, our attempt was only partially successful. We made amorphous Fe-
Ti only at the FegrTizs composition. We could have tried using this material to make
nanocrystalline Fe,Ti by crystallization of the amorplious phase but this compound
does not absorb hydrogen (iron has much less affinity for hydrogen than titanium),
therefore we found limited interest in such an experiment.

Ball milling experiments on Fe-Ti have already been performed by several groups [27,

21, 15, 16]. However results concerning amorphous phase formation vary and the sub-
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ject requires further investigation.

The synthesis of nanocrystalline materials is a subject of study in itself. Among the
different methods of characterization, X-ray diffraction is probably the most useful. It
gives precise information concerning the amount of each phase present. It also permits
indirect determination of the crystallite size and strain level from the width of the
peaks. In the case where two elements diffuse in each other, the lattice parameter can
provide information on interdiffusion. X-ray diffraction is thus a very appropriate
methed foi the study of phase transformations and was the main characterization
method used here.

Our storage experiments were carried out in a gas-titration apparatus. Electro-
chemical storage where the sample serves as the cathode is another possible method
of measurement but it is not as simple as gas phase measurements, and not very
practical in the case of FeTi. Most of the absorption in this system occurs above at-
mospheric pressure and additives would have to be used in the electrolyte to prevent
the evolution of hydrogen (the formation of bubbles of hydrogen at the surface of the
sample). Gas storage is insensitive to the form or shape of the sample, provided that
hydrogen can diffuse easily throughout the sample. This is an important factor since
melal hydrides decrepitate during absorption-desorption cycles. In electrochemical
measurements, we would be forced to deal with problems of mechanical integrity of
the cathode.

Our investigation of hydrogen storage in ball-milled Fe-Ti will focus on the follow-
ing objectives. We will determine the phase transformations occurring during milling
and try to describe the reaction mechanisms involved. As to hydrogen storage, we
intend to determine the new thermodynamic properties of the Fe-Ti-H system. This
is especially interesting since nanocrystalline materials have significantly altered ther-
modynamic properties compared to their coarse-grained counterparts. In view of pos-
sible applications we will also report the changes in kinetic properties and activation
behavior upon crystallite size refinement. We will finally attempt to relate our re-
sults to the findings of other groups on nanocrystalline palladium hydride. Miitschele
and Kirchheim [63] followed by Eastman et al. [23] have observed a narrowing of

the miscibility gap in the Pd-H system. Grain boundary regions are thought to be
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responsible for these changes but the precise interpretation of the results is & cause of
disagreement. In Fe-Ti we also expect the hydrogen storage properties to be aifected
by the high density of grain boundaries and by the chemical disorder induced by
ball milling. A precise characterization of the material will be important in order to
attempt cxplaining the properties of nanocrystalline Fe-Ti.

Our presentation is organized in the following manner. In chapter 2 we give an
introduction to the properties of metal-hydrogen systems with a particular emphasis
on the elastic interaction between absorbed hydrogen atoms. Chapter 3 summarizes
the recent developments in the field of nanophase materials with a section on the
palladium-hydrogen system. We describe the method of ball milling in chapter 4.
The detailed description of our experimental methods as well as our procedure used
for data analysis is found in chapter 5.

The results are given in the two following chapters: the synthesis of nanocrystalline
and amorphous Fe-Ti in chapter G, and the storage properties in 7. They are {ollowed

by a few concluding remarks in chapter 8.
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METAL-HYDROGEN SYSTEMS

2.1 Introduction

The field of hydrogen absorption by metallic materials dates back as far as 1866 [39].
The imperatives of technological progress have recently given the research commu-
nity the motivation to deepen its understanding of the phenomenon. A considerable
amount of work has been devoted to the study of the detrimental effect of hydrogen on
structural materials (steel embrittlement) and semiconductors (hydrogen impurities
in silicon).

Several hydrogen absorbing metals and compounds such as Nb, V, LaNis, and FeTi
have been studied in the last forty years but no widespread commercial application
has resulted so far. At the time of writing, there is renewed interest in the use of
hydrogen storage materials.

Before we give the important resvlts to be used in our study, we must first give
some definitions and basic results. Metal-hydrogen systems are often referred to
as hydrides. In this work the definition by Fukai {34] will be used. This definition
includes inetal-hydrogen systems where the hydrogen changes the crystalline structure
(topological change) and those where the hydrogen atoms in solution at least form an
ordered structure while the host lattice undergoes a slight distortion and expansion.

Many metals and intermetallic compounds absorb large amounts of hydrogen.
The H; molecule is dissociated at the surface and the H atoms are adsorbed and then
absorbed into the bulk of the material, their electron contributing to the electronic
bands of the host metal [34].

The equilibrium data on metal-hydrogen systems is usually presented in the form

of isothermal pressure-composition curves. We present the data for palladium which
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is the most widely studied and was the first discovered hydrogen absorbing metal
[39] (figure 2.1). The isothermal curve gives the relation between hydrogen pressure
and hydrogen concentration in the material at equilibrium, temperature being kept
constant. If pressure-composition isotherms are obtained for a range of temperatures,
a phase diagram can be established (figure 2.2).

Isotherms measured during absorption are generally different from those measured
during desorption. Isotherms measured during desorption arve normally shifted to
lower pressures with respect to that obtained during absorption. T'his hysteresis
is caused by plastic work occurring during the formation and decomposition of the
hydride phase.

In the low pressure region, we find a disordered solution. The hydrogen is randomly
distributed over storage sites (fcc octahedral sites in the case of Pd-H). lu this pressure
range the concentration varies very slowly with pressure. The concentration roughly
follows Sieverts law:

coc VP. (2.1)

At a certain pressure, which depends on temperature and on the absorbing material,
the concentration increases while there is no change in hydrogen pressure. A so-
called “plateau” is reached. After this plateau is passed an increase in pressure
is again necessary in order to augment the hydrogen concentration. The platean
corresponds to the formation of a hydride phase. [ustead ol having a continuous
change of hydrogen concentration with hydrogen pressure, regions ol hydride phase
(regions with high hydrogen concentration) start forming. We thus have a phase
separation which occurs below the critical temperature. The plateau region is also
referred to as a miscibility gap. Above the critical temperature there is no phase
separation and the relation between concentration and pressure is continuous (figure
2.2). The phase separation is due to the interaction between dissolved hydrogen
atoms, The interaction includes an elastic as well as an electronic contribution. Their
relative importance varies from one system to an other. In the case of Pd-H, it is nearly
equal [20]. This transformation from a phase with low concentration to a phase with
high concentration is responsible for the hysteresis observed as the material passes

through a full absorption-desorption cycle. As regions of high concentration grow,



e

METAL-HYDROGEN SYSTEMS 9

10° : : . ; ; .
10t} 3
: .
M «a " % & 8 .
Jo3p = .
o - o
m -
2 I
n..mzr 4
10tl -
100 1 1 1 1 L L

61 02 03 U4 05 086

Figure 2.1: Pressure-compoasition isotherm of Pd-! at 300°C {measured in desorption) [59).

plastic work occurs because of the inhomogencous lattice expansion. Upon absorption
the pressure must be raised higher than the equilibrium plateau pressure in order to
initiate the transformation. In the same manner, upon desorption, the pressure has
Lo be decrcased further than the equilibrium pressure in order to decompose the
hydride phase. The equilibrium pressure-composition isotherm is that which would
be observed were there no interface between the low-concentration solution and the
hydride phase. The absence of a miscibility gap above the critical temperature is due
to the thermal motion of the hydrogen atoms, which is such that phase separation
is no longer possible and a homogeneous disordered solution is found at all hydrogen

Pressurces.

2.2 Thermodynamics of metal-hydrogen systems

At equilibrium the chemical reaction
“Hy+M < MH, (2.2)

lhas equal reaction rates in both directions. From a thermodynamic point of view, the
hydrogen gas is in equilibrium with the hydrogen in solution in the metal host if the

Helmbholtz free energy A of the combined gas-solution system is at a minimum. The
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Figure 2.2; Phase diagram of Pd-1 (taken trom [59]). A mixture of phases is found below the line.

total number of hydrogen atoms is conserved:

Niotal = ?-Ngrza + N.

(2.3)

N, the number of hydrogen atoms dissolved, completely determines the state of Lhe

system. There is a factor 2 in front of the number of 1 molecules Ny, hecause there

are two hydrogen atoms per molecule. The free energy is al a minimum if

dA

av =0

(2.4)

The total free energy comprises that of the hydrogen gas and that of the metal-

hydrogen solution:

Equation (2.4) becom

From (2.3) we have

A= Alf:yas + Asuluﬁou-

€82

dA flagas + aAaoluh‘ou

aN aN "

aAHggaa ngas + 6Aso£uh'an__ 0

ONgas AN aN_
dNgas
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and (2.7) becomes
i (‘)A’lgg!zs _ (()"l.mfutirm

=— 2.9
2 ON,u, aN (29)
Where
()/’.H,y,,,
S o e 2.10
aNga, HHagas ( )
is Lhe chemical potential of the gas and
(r)/l fedi
_;:\.r"l‘rﬂ = Hgolution (211)

is that of the metal-hydrogen solution. Equation (2.9) is the well known rule that sev-
eral phases of the same constituent are in equilibrium with each other if the chemical

potentials of all phases are equal:

1
3!‘";»9“ = Haolution, (2 l'.?.)

using (2.10) and (2.11). There would not be a factor of 7, had we chosen to define the

chemical potential of hydrogen gas as the derivative of the free energy with respect

to the number of hydrogen atoms instead of the number of hydrogen molecules.
T'he chemical potential of hydrogen gas is

ftiages = Ba + KTn (7’:-) (2.13)

[1]
where £y is the dissociation energy of the hydrogen molecule, & is Boltzmann’s con-
stant, T" is the temperature, and Py varies as T7/%. The derivation of equation (2.13)
and the significance of Fp is found in appendix A.1.

On the other hand the {ree energy of the hydrogen in solution is:

A = Hyotution — T Ssotution (2.14)
A=H, TS, ~TS.. (2.15)

Sye and S, are respectively the non-configurational and configurational parts of the
entropy.

The configurational part is:

N
S.=kln [NH!(N_NH)!]. (2.16)
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N is the number of dissolved hydrogen atoms and Ny the number of sites (one type
of site is assumed). The non-configurational part includes vibrational and electronic

coniributions. The chemical potential follows:

L oa -
ftsolution = aN (2.1
al, . 08, N o
Haolution = W - I ()-\' A[ II] (\”—-—l\) (1 [{\)
fsotution = fo(T) + kT In (T—(;—) — i (2.19)
—C

wlere ¢ = N/Npy is the hydrogen concentration and py(7') depends on temperature
but not on concentration. The term (—aiyc) is the first-order correction, in terms of
concentration, to dH,/ON and =T (8S,../ON). This last term in (2.19) expresses the
interaction between hydrogen atoms dissolved in the metallic matrix.

Substituting {2.13) and (2.19) in (2.12) gives us the relation between pressure and

concentration:
1 P T L’d r ) s
2AT1n (E) = 1o(T) = 24 4 kTl ( - () — e (2.20)
The plot of the function
c Eint
= _ ot 9
yle})=1In (_1 — c) T ¢ (2.21)

for different values of a;, /KT shows what happens when the strength of the inter-
action increases. In figure 2.3 a;,, /AT is set to zero. The chemical potential mono-
tonically increases with conceniration. When ayy/ET = 4 (figure 2.4), the curve
is flat at ¢ = 0.5. If apu/kT = 8 then y(c) has a negative slope in the ¢ = 0.5
region (figure 2.5). The significance of this fact is that the pressure-concentration
relation (2.20) does not represent equilibrium in this case. The actual equilibrium
curve is found using Maxwell’s construction [34] (Lhe dotted line in figure 2.5). The
physical meaning behind this so-called plateau is that at a given concentration ¢, it
becomes thermodynamically favorable to start forming regions of concentration ¢y,
with ¢, + ¢ = 1, instead of continuing to increase the concentration homogencously.
The values of ¢, and ¢z are obtained from the requirement of minimal free energy

which leads to an equal area construction:

Hsolution (Ca) #soluhon(cﬁ) (C)flC (222)
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Figure 2.5: y(c) for agne/kT = 8.
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Figure 2.6: Free energy (schematic).

liquation (2.22) is equivalent to the common tangent rule familiar to physical metal-

lurgists. Figure 2.6 shows a schematic free energy curve where the dotted line is the

free energy of the mixture of two phases with concentrations ¢, and ¢g.

Physically this phase separation has its origin in the effective interaction between

dissolved hydrogen atoms. It has been shown [1] that this interaction mostly stems

from the volume expansion caused by the interstitial atoms. Electronic effects also

play a role whose importance vary from one system to another.

A high temperature will counteract the interaction and concentration will homoge-

neously increase with pressure. The critical temperature for equation (2.20) is given
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potential energy

Figure 2.7: Potential energy of the host lattice (parabola), hydrogen-metal potential energy (straight
line}, and total potential energy {dashed line) as a function of lattice parameter expansion (¢}, The
dotted line shows the expansion at mechanical equilibrium.

by
int _
KL

(see figure 2.4) and the critical concentration is ¢, = 0.5.

A (2.23)

Having discussed the effect of the H-1I interaction on the equilibrium properties

of metal-hydrogen systems we shall turn our attention to its origin.

2.3 [FElastic interaction

A microscopic theory of the elastic interaction has been developed by H. Wagner and
H. Horner in 1974 [92]. The approximations used are that hydrogen-metal interac-
tions are described by a linear potential (“Kanzaki forces” [46]) and the harmonic
approximation for the elasticity of the metal lattice. We shall review Lheir theory in

this section.

2.3.1 Qualitative introduction

When an atom of hydrogen is dissolved in a metal lattice, it exerts forces on the
neighbouring atoms. These forces are generally repulsive. If the lattice expands, the
potential energy of the hydrogen atom is decreased, while the clastic energy of Lhe
lattice is increased. The configuration of the hydrogen-metal system at equilibrium

results from the minimization of the sum of these two potentials.
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Figure 2.8: Left: illustration of a metal lattice with one hydrogen atom. Right: illustration of a
metal lattice with several hydrogen atoms. There is an overall expausion in addition to the local
<listortion around the hydrogen.

The elastic energy of the lattice is generally described by a potential which is
proportional to the square of the displacement of the atoms. This is the so-called
harmonic approximation. There is no linear term in the elastic energy because the
pure lattice is in a state of mechanical equilibrium. When a hydrogen atom is in-
troduced in the lattice, the atomic positions of the pure lattice no longer represent
mechanical equilibrium. The interaction between hydrogen atoms and metal atoms is
described in first approximation by a potential which is linear in terms of hydrogen-
metal interatomic distances. There will be of course higher order terms, but because
the interatomic potential is likely to be a well behaved function and the hydrogen-
induced deformations are of the order of a few percents, a linear potential is expected
to describe well the physics of metal-hydrogen systems. The resulting potential en-
crgy will of course be harmonic, since the metal-hydrogen solution has to follow a
harmonic potential near its equilibrium configuration (see figure 2.7).

The deformation induced by a hydrogen atom has two very different contributions.
There is the deformation that would occur if the lattice was infinite. It is essentially a
shear deformation. The presence of a free surface (the surface of the crystal), induces
an expansion which is necessary to release the stress at the surface (see figure 2.8).

Mechanical equilibrium is reached only if the surface is stress-free. This deformation
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is called the “image” field {29].

As a sccond hydrogen atom is introduced, it finds itself in an pre-expanded lattice,
Since the hydrogen-metal potential is -~ roughly — linear, the force the hydrogen
exerts on the neighbouring atoms is constant. The second hydrogen causes an ex-
pansion which is approximately the same as that of the lirst hydrogen. ‘Uhe potential
energy of this second atom, however, will be lower than the potential cnergy it would
have in the absence of the expansion caused by the first atom. A consequence of this
is that the potential energy of a crystal with two hydrogen atoms decreases as the
two hydrogens get closer, until short-range repulsion becomes important.

The first-order dependence in conceniration of the interaction term in the chem-
ical potential (2.20) is easy to understand. The expansion of a lattice caused by an
homogeneous distribution of identical dilatation centers is proportional to their mun-
ber. At the same time, because of the lincar hydrogen-metal potential energy, the
change in the energy of solution of a hydrogen atom in the metal, thus the change in
chemical potential of hydrogen in solution caused by the hydrogen already present, is
proportional to the expansion of the lattice. Therefore the variation of the chemical
potential with concentration has to be proportional to concentration itself.

This is the physical origin of the effective elastic interaction between hydrogen
atoms in a metal lattice. We now turn our attention to the mathematical description

of this interaction in order to obtain the necessary quantitalive expressions.

2.3.2 Discrete model

The position of metal atoms is given by
Wi = Uy + Vi (22’1)

where u,, is the rest position in the pure host lattice and v,, is the displacement.

Similarly the position of hydrogen atoms is
Za = Xq + Ya- (2.25)

The total potential energy includes that of the host metal ®(w), the hydrogen-

hydrogen interaction energy U(z), and the interaction energy hetween the hydrogen
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atoms and the lattice W(w, z). To cach hydrogen site corresponds an occupation
number 7,.

The potential energy of the pure host is given by

| ]
[ A
>

‘I)(‘IU) = (I)(u) + :’l;vm : ‘imn *Vn (. 3

where the linear term vanishes due to the requirement of mechanical equilibrium
!
((I)m,u = 0)-

Assuming a two-body central polential between hydrogen atoms and metal atoms
U(z,w,7) = D V(|20 — Wi |)Ta. (2.27)
ma

Expanding in scries with respect to the displacements v,, and y, and keeping only

zoroth and first order terms one obtains

U(z,w,7) = ¥(z,u,7)+ Culz,u,7) Vin (2.28)
where
a'/) Xg — Un|)7a
U SRERRIEDY ( Em ) (2.29)
[ mu
= ‘I,mpn'rn (230)

There is no term in y,, because the force on each hydrogen vanishes at rest (U,,.(z,u) =
0). In the first term on the right side of equation (2.28), 7 is the only variable since

x and u are determined by the pure host lattice. We may write
Uz, u,7) = (7). (2.31)

The hydrogen-hydrogen electronic interaction is replaced by a hard-core repulsion:

1
U(:L‘,‘T) = 32 UapTaTs = U(T), (232)
= ab
with
Uap = o0 for [X, = Xs5| < R (2.33)
=0 for |[xs —xs| > R (2.34)

'Greek indices designate coordinate axes. There is a summation over repeated indices unless specified

otherwise.
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Figure 2.9: Tetrahedral site in bec nio-
bium,

Figure 2.10: Octahedral site in fee palla-
dium.

where R is chosen to be representative of the closest distance between hydrogen atos

in the hydride phase being studied. The metal-hydrogen Hamiltonian is now:
1
Hioga=0+ 5Vm* D Vo FU(T) + V() + Tou(7) Vi 2.35)

The displacement of metal atoms consists of an elastic part duc to strains cansed hy

interstitial hydrogen and a thermal vibration:
Vi = Velan + Voibm. (12.36)
The requirement of time-averaged mechanical equilibrium ¥, = 0 leads to
®on Ve = -Cu(r) = -V T (2.37)

or

Vel.m('r) = D ‘I’n('r) (238)

where Dy, is the inverse of the matrix ®,,,. The force that the hydrogen atoms exert

on a metal atom is balanced by the elastic forces of the surrounding metal atoms.

2.3.3 Continuum model

The elastic Hamiltonian

1 .
Hetastic = Vin * WonaTa + 5Vm b, -V, (2.39)
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ane the equation

‘bm,. * Vo = —mfrm'ru (2"10)

liave a continuous version. ‘The reader shall find the conversion {from discrete to
continuous variables in reference [92].
The elastic constants

1
Cﬂﬁuv = ‘_/"maq)mﬂnuum: (2‘11)

in harmonic approximation and the strain field

L {dv, Jv, :
"-"(”=§( et )) (2:42)

are used logether with the density of the force-dipole tensor

ap(r) = 3 pi(r) Pag; (2.43)

where

Pﬂﬂj = Z(mma — Uaa) P mga (2.44)

m

(no summation over a) depends on the symmetry of the lattice and p; is the partial
density of hydrogen on sites of type j. The index j designates the axis of symmetry
of the dilferent sites.

From the symmetry of the lattice and considering neighboring atoms only we find
Pap; = P'Sap + (P — P')ba;dp; (2.45)

{no sum over index j) for bee tetrahedral sites. For example the site j = 2 (y-site)
shown in figure 2.9 will have Py = P, Pos = P, and P33 = P’ with all the other

components equal to zero. In the case of fcc octahedral sites (figure 2.10) P = P’ and
Pupi = Péap. (2.46)

[n the continuum model (2.39) becomes
Haosic = 5 [ ca(e)Cepuoeu (D) + [ Map(r)eap(r)ds (2.47)

while (2.40) is turned into

Oeu(r) _  Ollag(r)
61‘3 - 61-,3

Ca,ﬂuu
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Figure 2.11: Left: illustration of a coherent interface. Right: illustration of an incolierent interface,
inside the crystal. We also have the following boundary condition on the surlace:

Copuvita(r)em(r) = —fa(r}lau(r) (2.49)

{(7(r) is a unit vector pointing outward).

The density of the force-dipole tensor is the stress caused by the hydrogen dis-
solved. It has the units of pressure. The force-dipole itsell ( Pyp) is the induced stross
per unit of hydrogen density. The right-hand terms of (2.47) ave the clastic energy
of the pure lattice and the decrease in hydrogen-metal potential encrgy caused by
the relaxation (expansion) of the lattice. Equations (2.48) and (2.49) are the usual
equations of mechanical equilibrium of elasticity theory in the presence of the stress

.s(r). Equations (2.47), (2.48), and (2.49) are valid in the absence of external forces.

2.3.4 Coherency

An important question that arise when discussing metal-hydrogen systems is how Lhe
expansion of the lattice can be accommodated. The expansion caused by the hydrogen
atoms creates stress that can exceed the elastic limit of the material. Plastic work
is done during the formation and decomposition of hydrides. This plastic work will
cause the hysteresis found in pressure-composition isotherms.

Figure 2.11 shows the difference between a coherent interface between the pure
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metal and the hydride phase and an incoherent interface. In the incoherent crystal,
the strain field suffers a discontinuity at the interface between the two phases. Wagner
and Horner [92] have discussed in detail coherent density modes (hydrogen density
variations which do not create incoherent interfaces). However these modes are only
found in samples prepared in special conditions [101, 102]. Samples can generally be
considered incoherent; the stress is released by creating dislocations and cracks. In the
case of polycrystalline samples where an equilibrium between crystallites with differ-
ent hydrogen concentrations should involve much less interfacial energy than density

modes inside a crystal, the absence of coherency stresses is even more expected.

2.3.5 Lattice expansion
[n light of these facts the stress tensor
0ap(r) = lap(r) + Coputyu(r) (2.50)

(see equation (2.47)) is set to zero, therefore

ap(F) = —Cappur (1) (2.51)
or
Gu(r) = —Spvapllap(r) (2.52)
= ~Suwap 3 pi(r) Pag;. (2.53)
The components S,,,qp are the elastic moduliJ
SpvapCaprr = %(6,,n6u.\ + 8,nbus) (2.54)

and p;(r) the partial density of j sites. Equation (2.53) can be used to calculate the
components of the force-dipole tensor from experimental values of the lattice parain-
cters and hydrogen densities. For example the volume expansion of cubic crystals

with constant hydrogen density is:

AV = ¢,V (2.55)
= =Suuap 3 [NiPapj] (2.56)

7
= —Suuap 2 N; [P'8ap + (P — P')84;6p5] (2.57)

]

= =SuaaP'N = (P = P) T S,ii Ny, (2.58)
k)
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where N; is the number of hydrogen atoms on j sites and N is the total number of
hydrogen atoms dissolved. S, = A is the compressibility of the pure metal and

Suuii = K3 (with no sum over j) for cubic crystals. We linally obtain

AV = —%1\‘(1) + 2PN, (2.59)

2.3.6 Elastic energy

Equation (2.51) can be used to simplify (2.47):

| ) .
Hetastic = 5j(“"(P)("“ﬁi"":w(")d‘sl' + [ o) caa(r)de (2.60)
| i , _
= _§jfnﬂ(l‘)l[n”(l‘)d‘!l‘ + [ ll“,i(l')(,,,;(l‘)d“[- (2.G1)
L7 :
= Ef Map(r)ea(r)d'r. (2.62)
Using (2.52):
Hopastic = -—%fHna(r)Sag,wl'l,t,,(r)d'Jr (2L.63)

1 . L
- _5 ./ Z P_,'(l‘) [P"snﬁ + (P - P')Jn.iﬁj] Sﬂﬁm' ZP:‘(P) [P"‘m' + (P -P )‘\mml e
1 '
(2.61)
l' 20 ’ J AV )
= —Efzpj(r)pa([') [[yzsnnuu + I),( !J - [J’)(Sl""'l' + 'Sjjllll) + (f., - I, ).,H-”"I l"l‘.
Ji

(2.65)

In the case where p;(r) = p/3, equation (2.65) simply becomes:

2 o112 e A
1[’ 12/ } KN (2.66)

!{cfush'c = _'; 3 V

=

Taking Hetgsie into account in calculating the chemical potential of the hydrogen-

metal solution we introduce a correction

P+ KN ~

Apetastic = — [ 3 } \V (2.67)
P+2r1? K Ny

- _ AN 2.68

[ 3 ] o Nl,c (2.68)

(2.60)
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where vy is the specific volume of the metal, Ny, is number of metal atoms. and Ny
is the number ol hydrogen storage sites. In terms of equation (2.20) this translates
into

I A A Y
’+~",] I Ny (2.70)

Uint,elastic = ; -~
mt,eiastic [ '; U‘.l’ !\'rh

2.3.7 Validity of the Wagner-Horner theory

The theory described above has been tried in the calculation of the Nb-H phase di-
agram [42). The results are surprisingly good: the calculated critical temperature
falls between the values measured by different investigators. The critical concentra-
tion however is nol as close to experimental values (0.4 hydrogen atom/metal atom
instead of the experimental values centered around 0.3). These results support the
hypothesis that elastic forces are responsible for the phase separation in metal hy-
drides. A more precise treatment of short-range H-H interactions is necded in order
to obtain better agreement with experimental data. In particular, the use of a hard-
core repulsion is expected to introduce large errors. This theory will be used in the

analysis of our experiments on nanocrystalline Fe-Ti.

2.4 Hydrogen in amorphous alloys

Hydrogen is absorbed not only in crystalline materials but also in amorphous al-
foys [109]. The most important difference between the two is that no phase sepa-
ration between low and high density regions has yet been found in any amorphous
hydride. This is shown by the absence of a plateau in pressure-composition isotherms
ol these materials. The isotherms of crystalline and amorphous NiggZrso are shown in
figure 2.12. Structural disorder has an effect similar to thermal disorder in prevent-
ing phase separation. High temperatures inhibit phase separation when the thermal
motion of hydrogen atoms is such that they cannot stay confined in condensed hy-
dride regions. In the case of amorphous alloys, the energy difference between the
different sites is so high that hydrogen atoms go into deep storage sites which are
homogeneously dispersed in the amorphous matrix and therefore can only form ho-
mogeneous phases. While in crystalline materials the pressure-composition isotherm

is the result of a balance between configurational entropy and the effective H-H in-
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x=H/M

Figure 2.12: Pressure-concentration isotherms of crystalline and amorphous NignZrsy (taken from

[4))-

teraction, in amorphous alloys the spread in cnergy of the dilferent storages sites is
usually much larger than kT and the isotherm roughly corvesponds to the internal
energy. Though there is no theoretical reason to prevent an amorphous malterial
from exhibiting phase scparation, nonc has been found with such a behavior, ‘The
structural disorder is probably too important in any amnorphous alloy to allow phase
separation. Recent experiments have shown that the plateau can even be suppressed
in un-relaxed nanocrystalline FeTj [108].

The storage sites can no longer be described by well defined energies and a simple

concentration
1
c= — E N;. 2.7
NH 2 ( )

i
There is now an energy distribution D(£) (number of sites per energy unit) and a
partial concentration z(E), the proportion of occupied sites of energy £. The total

number of sites is

+0o0
Ny = j D(E)E (2.72)
—00 R
and the total concentration
1 oo o
e= 5 [_w D(E)J(E)E. (2.73)



2: METAL-HYDROGEN SYSTEMS 25
The partial concentration is given by the Fermi-Dirac distribution:
() = 1 9.74
) = Jmmamr 1 (2.74)
The chemical potential is obtained from the integral (2.73).
If we consider a square distribution
Nu o
D(E)=E for—A<E—-Ey<A (2.75)
=0 otherwise,
we find (EomBmi) KT
kT ~lBo=a=u)/RE 4 ]
c= o |E 1 (2.76)
28 " | Bt BT 4 |
Isolating p in (2.76) yiclds
2Ac/kT _ |
"‘=I:'0_A+kT]nl:l_eQA(c-l)/l:T]' (2.77)
If we include an interaction term the chemical potential becomes
e?AclkT -1
p=1Iy—A—apmec+kTIn [1 ~ e2A(c-l)/k?']' (2.78)
A positive critical temperature is found if
tine > 24, (2.79)

The details of the calculations are found in the work by Griessen [40]. More generally,
for symmetric distributions with a single peak at Ey, the criterion for having a plateau
is

1
Gint > m (2.80)

Amorphous alloys ave, of course, more complex. They can be modeled in the fol-
lowing way {41, 18]. It is assumed that storage sites are tetrahedral. In binary alloys
this means that five types of site are found: A B,_. with £ =0,1,2,3,4. The justi-
fication for using tetrahedral sites comes from scattering experiments [81, 45] which
provide evidence that hydrogen atoms stored in amorphous alloys are surrounded by
four nearest-neighbours. The energy of a site is expected to vary as a function of z.

The energy distribution is modeled as a sum of Gaussians centered around each site
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energy E;. The distribution can be determined by performing precise measurements
of the concentration as a function of chemical potential. This is usually done by clee-
trochemical charging of clectrodes made of the material studied [41]. Experiments

seemn to support the model [109).

2.5 Properties of real metal-hydrogen systeis

Materials studied in the laboratory differ from the ideal behavior deseribed in the
preceding sections. The hrst difference encountered is the infiuence of the surface.
The surface of metals is generally oxidized. This oxide layer is an elfective barrier
against the movement of hydrogen atoms [74]. An initial activation treatment, con-
sisting of repeated exposure to high temperatures and hydrogen pressures, is generally
required, especially in the case of hydrides of intermetallic compounds [73]. Different
mechanisms have been observed to operate during activation. In one of them, the
rather uniform oxide layer breaks into more stable oxide clusters, leaving some of the
surface free for hydrogen diffusion.

During the activation procedure, the hydride phase is forimed, partially at [Lrst,
completely at the end of the procedure. The initial hydride formation causes extensive
cracking and decrepitation of the material. This is presumably due Lo the large volume
expansion (~10%) induced by the interstitial hydrogen during the formation of the
hydride phase. Amorphous alloys, in which the hydrogen concentration is always
homogeneous, also expand but do not decrepitate.

Another non-equilibrium feature that remains cven in fully activated samples is
hysteresis. The growth of the hydride phase inside the metallic phase involves interfa-
cial stress and, as a consequence, plastic work. Hysteresis causes formation pressures
to be higher than decomposition pressures. This effect is detrimental to practical
applications.

Some researchers tend to consider decomposition isotherms as those representing
equilibrium. However theoretical [32, 33] and experimental [87] cvidence suggests
that equilibrium lies halfway, in terms of chemical potential, between formation and

decomposition isotherms.



2: METAL-IIYDROGEN SYSTEMS 27
Figure 2.13: FeTi.
T'he work done during a complete hysteresis cycle is given by:
1 Pr
W = Ni(cp — ca)=kTIn (—’) (2.81)
2 Pp

The extent of hysteresis widely vaties. In the case of Nb-H, it is 3.7kJ/mol H [53].

2.6 Iron-titamium

2.6.1 The iron-titanium binary system

The Fe(Z=26)-Ti(Z=22) binary system has two stable compounds: FeTi and Fe,Ti.
Fe,T has the MgZn,-type Laves structure (space group PG3/mmc) while FeTi has a
simple cubic (Pm3m) structure (figure 2.13) where iron is located at the corners of
the unit cell and titanium is at the center (or vice versa). The phase diagram [95]
(figure 2.14) also reveals an extended bce solid solution -Ti at relatively high tem-
peratures (>850K).

The free energies of the different phases in the Fe-Ti system and the phase dia-
gram have been calculated using the CALPHAD method [97, 95] (figure 2.15). The
CALPHAD method is basically a fit of the available thermodynamic data concern-
ing a particular intermetallic system to a function which describes the free energy.
This function contains terms involving the concentration of each element and the
temperature. Certain assumptions are made as to which terms are to be included,
depending on the particular system and the conclusions which can be made from the
thermodynamic data. Once a best fit is obtained for the coefficients of these terms,

onc can calculate the free energies of the various phases for different compositions and
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Figure 2.14: Phase diagram of Fe-Ti [95]. The stars are experimental points and the lines are
calculated by the CALPHAD method.

temperatures, and establish a phase diagram. The CALPHAD method is described
in more detail in chapier 4. Of particular interest is the free energy of the amorphous
phase which exhibits a phase separation. These free energy curves shall prove useful

in the analysis of the ball milling process applied to iron-titanium.

2.6.2 Hydrogen storage in Fe-Ti

Reilly and Wiswall [70] discovered in 1974 the remarkable hydrogen storage propertics
of iron-titanium. The compound Fe,Ti does not absorb hydrogen. On the other hand
FeTi does absorb hydrogen in large amounts, up to approximately one hydrogen alom
per metal atom.

Samples have to be prepared carefully. Iron and titanium form very stable oxides,
samples must therefore be kept in an inert atmosphere or under vacuum. They
must also be subjected to an activation procedure in order to absorb hydrogen. The
activation cycie used by Reilly and Wiswall consists of an exposure to a moderate

hydrogen pressure (~7 atmospheres) at 400°C for 30 minutes followed by cooling in
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Figure 2.15: Iree energies of Fe-Ti phases at 300°C [95).

vacuwin after which a high pressure (~65 atmospheres) of hydrogen is applied to the
sample. This cycle has to be repeated in order to have a reproducible absorption of
the maximum amount of hydrogen. Exposure to air of a previously activated sample
renders it inactive. The chemical reactions involved in the activation process are the
subject of intense research activity {74, 89).

The pressure-composition isotherm of polycrystalline FeTi-H is shown in figure 2.16
for a temperature of 40°C, There is an initial solubility in FeTi. This solid solution
is called the o phase. At around 15 atmospheres there is a plateau indicating the
formation of a new phase {8 phase) of approximate composition FeTiH. Further
increase of the pressure leads to the formation of the vy phase with approximately one
hydrogen atom per metal atom. The isotherm exhibits a typical hysteresis, However
the fact that the absorption plateau extends to a much higher composition than the
desorption plateau is unusual. It has been found that two phases exist in this range of
composition: the 8,-FeTiHggy phase formed by desorption and §,-FeTiH, 4 formed

during absorption [72]. Their structures are similar, only the occupation of H sites
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Figure 2.16: Pressure-composition isotherm of FeTi-H at 40°C {Laken rom [70]).

and their lattice parameters differ. A curious dip is found in the desorplion curve.
More work remains to be done for a satisfactory explanation ol this phenomenon.

The phase diagram of the FeTi-II system is given below (figure 2.17).

2.6.3 Structure of iron-titanium hydrides

Because hydrogen scatters X-rays very weakly, this method of diflraction gives only
lattice parameters, so that atomic positions must be determined using neutron diffrac-
tion. Structural studies were performed on deuterides because the scatiering lengih
of deuterium is different from both iron and titanium, making the measurement more
sensitive to the position of deuterium compared to hydrogen, in addition there is no
significant inelastic scattering for deuterons. It was found however that hydrides and
deuterides of iron-titanium are iso-structural [69]. The lattice parameters and phase
compositions obtained from X-ray experiments [69] (see table 2.1) will be used in
conjunction with atomic positions given by neutron diffraction.

Deuterium occupies octahedral sites with two iron atoms as ncarest-neighbors. In
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Pigure 2.17; Phase diagram of FeTi-H (taken from [70]).

the @ phase these sites are occupied randomly [85] (see figure 2.18 and table 2.2). In
the 8 phase occupied sites form chains and the cubic symmetry is lost. Figure 2.19
shows the new orthorhombic structure [84, 30, 91]. The lattice parameter ¢ corre-
spouds to that of the initial o cell but is expanded. The distorted initial o cell is
also shown. A second set of sites (0.5,0.25,0.25) is present. Few of these H2 sites are
occupied ~—12%—, while 88% of the I11 sites are. The 3, phase has the same crystal
structure but the occupancy of H1 and H2 sites becomes 0.92 and 0.45 respectively.
The transformation to the 4 phase involves further loss of symmetry. Sites with two
titanium atoms as nearest-neighbors are also occupied (see table 2.4 and figure 2.20).

These H4 siles have an occupancy of 85%. They form a network of octahedra with
the (2Fe,ATi) sites {S6).
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Table 2.1: Structure of el hydrides,

phase space group | lattice paratmcters A
a-FeTiHpoe | Pm3m a=2.9792
B-FeTiHgg4 a=2.954

P222, b=4.538

c=4.381

Ba-FeTil, 40 a=3.004
P222, b=4.513

=4.391

v-FeTiHy 00 | P2/m a=4.713
b=2.834

c=4.713

A=97.1°




METAL-HYDROGEN SYSTEMS

Table 2.2: Atomic positions in a-Fe'Tillp gq.

site [ x |y |z
Ti {0 [0 |0
Fe j0.5 (05|05
min (0 [05

Figure 2.18: a-FeTiHg ge.

33
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Table 2.3; Atomic positions in @y -Fe'l'illy gq and Sa-FeT0 g,

site | x|y %,
Ti 05025 |0.75
Fe |0 0.211 | 0.25
Hi jO (05 0
H2 ;05025 |0.25

Figure 2.19: §;-FeTiHp.04 in the y-z plane {large cell: unit cell, small cell: FeTi distorted cell, 'Ti
atoms and H2 sites are above the plane of the paper).
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Table 2.4: Atotnic positions in y-Fe'Till; qp.

site | x y |z

Ti ]0.294 | 0.5 | 0.229
Fe {02030 |[0.721
H1 |0 0 |0

H2 | 0.5 0 (0

H3 | 0.5 0 (0.5
H4 10 0.5]0.5

Figure 2.20: v-FcTiH) g0 in the x-z plane (large cell: unit cell, small cell: FeTi distorted cell, Ti
atoms and Hd sites are above the plane of the paper).
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NANOPHASE MATERIALS

3.1 Overview

The generally accepted definition of nanophase materials is that the domain size of
structures (crystals, compositional modulations) is of the order of a few nanome-
ters (1072 meter). The interfaces between these domains become a component as
important as the domains themselves in these materials.

‘The present interest in nanophase materials follows the work by 11, Gleiter [9] on
grain boundaries and his suggestion to make polycrystalline materials with very small
crystals, the increased volume fraction of atoms located at or near grain boundaries
being expected to provide larger signals in experiments on these materials, for exam-
ple, a stronger X-ray background from grain boundaries in diffraction experiments,
or a more easily observed heat release in DSC scans during the relaxation of these
boundaries.

The initial motivation of studying the structure of grain bhoundarics has largely
given way to the technological potential offered by the novel properties of these ma-
terials. Diffusion can be greatly enhanced by the reduction of the crystallite size [43].
Mechanical properties are improved in certain cases [47].

From the point of view of materials science the thermodynamic properties of
nanophase materials are especially interesting with regard to the changes in the sta-
bility of phases when synthesized in nanocrystalline form. Phases existing normally
at high temperature or high pressure can exist at ambient conditions in the nanocrys-
talline form [82].

A very interesting example of a change in stability is the dependence of the melting

temperature of metals on crystallite size [13, 14]. For example the melting tempera-

36
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crystal

g(r)

gas

IFigure 3.1: Schematic graph of the radial distribution function g(r) for the three states of matter
as a function of interatomic distance (in units of the atomic radius rg).

ture of gold clusters of radius 1 nm is only half of the melting temperature of bulk
gold {14]. To this effect investigators are studying the differences in atomic vibrations
between coarse-grained polycrystalline metals and nanocrystalline metals [100, 78).
This could be very important in nanocrystalline metal hydrides since a large change
in critical temperature may eliminate the plateau in the temperature range which

may be useful for applications.

3.2 GQGrain boundaries

As mentioned above, the important difference between nanocrystalline materials and
coarse-grained polycrystalline materials is the presence of a large number of grain
boundaries.

In carly work [9] it was claimed that while individual grain boundaries can exhibit
periodicity, the ensemble of grain boundaries in a material may lack any sort of long-
range or even short-range order [9]. Because interatomic distances in a crystal are

determined for all distances up to infinity (long-range order), their radial distribution
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function consists of sharp peaks (delta functions in ideal crvstals). In liquids and
amorphous alloys, interatomic distances are found around broad maxima at short
distances, and become flat at large distances; they are said to exhibit only short-range
order, In the case of gases, there is neither short-range nor long-range order and the
radial distribution function is flat, except for distances smaller than the atomic radius,
for which it is zero (sce figure 3.1). The ensemble of grain boundaries would have
had the same kind of disorder as a gas and a similar radial distribution function, with
interatomic distances and coordination between nearest-neighbours assuming a wide
variety of values.

The atoms located at grain boundaries are nol necessarily located al positions
which correspond to the lattice of both adjacent crystals. This canses a displacement
of atoms located several atomic layers inside crystals [47]. These strains, while unim-
portant in coarse-grained materials, are bound to allect the structural and thermody-
namic properties of materials as the crystallite size is reduced to a few nanometers,
therefore a few lattice spacings.

Grain boundaries aie also expected to have an eflect on the dilfusion of chemical
species because of the larger free volume inside grain boundaries. Miitschele and
Kirchheim [63] have found hydrogen diffusion to be fastcr in nanocrystalline palladium
at certaii concentrations than in single crystals. The diffusional flow ol atoms al
grain boundaries is thought to be responsible for the low temperature ductility of

nanocrystalline ceramics [47).

3.3 Hydrogen in nanophase materials

Two serics of studies have been done on nanocrystalline palladium. One by Miitschele
and Kirchheim [63, 62] and another by Eastman et al. [23, 25].

Miitschele and Kirchheim have performed diffusion measurements as well as isother-
mal equilibrium curves by electrochemical inethods on Pd samples with a crystallite
size of 5nm. Here there is a relation between the chemical potential and the cell volt-
age instead of the logarithm of the hydrogen pressure. Slarting at zcro concentration
of hydrogen, the diffusion coefficient of nanocrystalline palladium is sialler than that

of pailadium single crystals. The diffusion coefficient increases with hydrogen concen-
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tration and becomes larger than the coefficient for single crystals al a concentration
H/Pd=~0.003. The diffusion cocfficient reaches a maximum at H/Pd=~0.63, after which

the diflusivity starts decreasing with increasing concentration.

In asecond article [62) Miitschele and Kirchheim have determined pressure-composi
tion isotherms using the same electrochemical charging method. They found a misci-
hility gap at the same voltage for both nanocrystalline (~10nm) and coarse-grained
samples. The plateau however is narrower in the case of the nanocrystalline sample.
The maximum hydrogen solubility in the alpha phase is ¢, = 0.03 and the minimum
hydrogen content of the beta phase is ¢z = 0.44 compared to ¢, = 0.015 and ¢5 = 0.58
for the coarse-grained sample. Miitschele and Kirchheim interpreted this difference
by assuming that the grain-boundary regions, which would have a thickness of 0.7 to
[.1nmn, do not form the 3-Pd-H phase.

J.A. Eastman and other investigators have drawn other conclusions. In a transmis-
sion clectron microscopy study (TEM) of nanocrystailine palladium [83] they conclude
that grain boundarics of palladium are highly ordered and that the region showing
large displacements from ideal lattice positions does not exceed 0.4nm. This study
was followed by a precise analysis of the diffuse background intensity from X-ray
diffraction by nanocrystalline and coarse-grained palladium [31]. They found that
the background intensity is the same for both materials and concluded that nanocrys-
lalline palladium did not have a large volume of a highly disordered grain boun-ary
phase. They proposed that the increased background intensity between Bragg peaks
reported in nanocrystalline a-Fe [110] was in fact the intensity from the tails of the
neighbouring peaks, dismissing the possibility of large relaxation effects near grain
boundaries. They also measured pressure-composition isotherms on nanocrystalline
palladium [23, 25]. They used an indirect method, the lattice expansion determined
from X-ray diffraction, to obtain the hydrogen concentration. However, the X-ray
diffraction data obtained during hydrogen charging was useful in following the trans-
formation from the o to the 3 phase. They argue that these two latest studies support
Lheir previous conclusions that there is no extra solubility at highly disordered grain
boundary regions and that the narrowing of the miscibility gap also observed by

Miitschele and Kirchheim [62] is due to a change of the free energy of solution in the
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bulk of the lattice with decreasing crystallite size. They point to atomic displacements
of thermal or static origin to explain the modification in storage behavior,

Monte Carlo simulations have also been done on nanometer=sized clusters of pal-
ladium using embedded atom method potentials [94]. The results indicate that hy-
drogen is stored at the surface first, then inside the nanocrystals. Nanocrystalline
palladium is evidently different from isolated nanocrystals but this information is
still interesting given that there is excess free volume in grain boundaries,

A recent study [79] of vibrational modes of hydrogen in nanocrystalline palladium
by inelastic neutron-scattering experiments reveals two Lypes of storage sites: inter-
facial sites and lattice sites similar to those found in coarse-grained palladiun. The
authors propose that the results of Eastman et al. can be explained by the long-range
strains induced by the hydrogen stored at grain boundary sites, which can cause an
cxpansion of the lattice without the presence of hydrogen in the bulk of the nanocrys-
tals. They also point out thet these interfacial sites, with different potential energies
and vibrational properties, may still be located at crystallographic lattice positions.

Although our experiments involves iron-titanium only, we intend to extrapolate
{rom our analysis of the Fe-Ti system to understand some aspects of the nanophase

Pd-1 system.
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BALL MILLING

4.1 History of ball milling

Since their initial discovery by Duwez et al. [44] in 1960, metallic glasses have been
mostly synthesized by rapid quenching from the melt, usually by the technique known
as melt spinning. The quenching process imposes a limit on the size of the samples
because of Lhe cooling rate requirements. Today it is possible to manufacture wide
sheets of amorphous metallic alloys, however thickness is limited to the order of 10
microns or less. Amorphous metallic alloys have also been prepared by thin flm
deposition at low temperature since as early as 1954 {12). An alternative process,
called mechanical alloying, is now widely used in laboratories to make these new
alloys and offers the prospect of manufacturing amorphous alloys in bulk form.

Mechanical alloying is a process in which an alloy is formed by direct reaction in the
solid state between elemental components, which are subjected to intense mechanical
deformation. The apparatus usually consists of a container placed in a rotating (e.g.
attritor, planetary ball mill) or vibrating frame (shaker mill). Inside the container is
placed a certain number of balls made of hard steel or tungsten carbide and material
to be alloyed, called the charge. Non metallic ball mills (e.g. agate) also exist but
arc usually only used for mixing, not for alloying. In the present work we have used
only metallic milling tools.

We may define high energy ball milling as a ball milling process in which the energy
transfer to the charge is such that it provokes structural modifications at the atomic
level. In a EPEX mill the energy of collisions between balls is around 0.01 J. A few
coliisions reach 0.1 J t719].

In the past mechanical alloying by ball milling has been extenstvely used to produce

41
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dispersion strengthened alloys [36]. In these alloys a small quantity of oxides are
dispersed in a metallic matrix. Following the work of Yermakov ot al. on Y-Clo and
Gd-Co [99, 98] which was not widely known, an article by Koch et al. [52] published in
1983 attracted the attention of materials scientists to the possibility that amorphous
alloys could be synthesized by ball milling. After a little more than 10 hours of milling
in a SPEX 8000 mixer/mill they obtained amorphous NiGONb-0, as scen by N-ray
diffraction, from a mixture of pure clements. Schwarz and Kocel [77] subscquently
produced amorphous alloys in the Ni-Ti system.

These results were since confirmed by many other groups and at the time of writing
many different amorphous alloys have been produced by this technique. Compari-
son between amorphous alloys produced by ball milling and rapid quenching [10)
shows only minor differences in some physical properties and it is observed that hoth

processes lead to the same atomic structure.

4.2 The process of ball milling.

The mechanics of ball milling have been first described by Benjamin and Volin [7]. It
involves repeated fracture and cold welding. As far as ductile elements are concerned,
repeated [racture and cold welding of parlicles lead to the formation of a layered
structure made from the two starting elements (in the case where we starl with two
elemental powders) as shown by scanning electron microscopy. It is believed that a
solid state amorphization reaction is taking place at the interfaces, similar to the one
described by Schwarz et al. [76] for Au-La multilayers, The layered structure present
in ball milled powder particles provides clean interfaces for a diffusive reaction between
the two elements. Continuous homogenization of the powder leads to a complete
reaction.

When we start with an intermetallic compound instead of clemental components
to form an amorphous alloy the mechanism must be very different. Obviously, in Lhis
last situation, there is no such thing as a layered structure inside powder particles,
The process can also be very different when brittle materials are considered, again

non ductile materials cannot form layered structures.
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4.3 Amorphization by ball milling.

‘There are two generally accepted conditions to the formation of an amorphous binary
alloy starting from pure clements [76]:

1) One of the elements must be a fast diffuser in the other element

2) The heat of mixing in the amorphous alloy must be large and negative.

"The diffusion of one element into the other occurs at the interfaces formed be-
tween the two components. The system is driven by the negative heat of mixing
into a statc of lower energy (the metastable amorphous state) while the transforma-
tion into a more stable crystalline state is kinetically suppressed, either because the
temperature does not rise above that of the glass transition or because the material
cools too rapidly alter cach impact for crystallization to take place. The fast diffu-
sion (~ 10~"em?/s at ~ 400K) of one element into the other allows the solid state
amorphization reaction to take place below the glass transition.

The amorphization of intermetallic compounds occurs when a sufficient amount
of delects increases the [ree energy of the system above that of the amorphous alloy.
"The system then lowers its free energy by transforming into the amorphous state.
It must be noted that not all intermetallic compounds can be amorphized by ball
milling and that the result of these experiments may strongly depend upon particular
parameters related to the equipment used. The inverse reaction is possible, some

amorphous alloys become crystalline when submitted to ball milling [90].

4.4 An analysis of the physics of ball milling.

In the early days of amorphization by ball milling there was no quantitative under-
standing of the physical processes occurring. Such problems as the movement of the
balls, the amount of powder crushed during collisions, the distribution of angles of
collision, and the transfer of energy during collisions, for example, still had to be
addressed. Recently, however, a model has been put forward by Maurice and Court-
ney [60]. They use an impact theory due to Hertz [56]. They assume that ball on ball
and ball on wall collisions (without powder) are elastic (the compression energy is
vestored after impact). They then suppose that the powder between colliding surfaces

does not substantially alter the collisions. Calculations show that for a SPEX mill
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the amount of energy transfered to the powder is of the order of a fow percent of the
energy of compression. The model has not yet been applied to the understanding
of a particular alloy but gives some suggestion about the temperatures encountered

during ball milling as we shall sce in the next section.

4.5 The question of temperature.

A very important question yet to be resolved in any analysis of ball milling is a precise
evaluation of the temperatures the powders are subjected to during the process, T'wo
temperatures have to be considered: the average ambient temperature in the vial and
the maximum temperature during collisions.

The ambient temperature is slightly higher than room temperature (a fact easily
observed by measuring the container’s temperature) but this has little impact on the
process. The more important value is the maximum temperature during the colli-
sions. In their article, Maurice and Courtney showed that in a SPEX mill, powder
grains had enough time to cool to ambient temperature between the collisions. They
give temperature rises for several materials and will configurations. Values are gen-
erally below 200K; however we should be cautious. Miller et al. [61] determined that
crystalline solids submitted to a rapid deformation show local lemperature rises far
greater than those one would get assuming that the heat is distributed over all the
material. Davis et al. [19], using a computer model, found that temperature rises had
to be not more than 350K, They also performed an experimeni in which they moni-
tored the martensitic transformation in a certain Lype of steel. They concluded that
no transformations involving temperature rises higher than 300K occurred. llowever,
ball milling is very different from a thermal process and usually structural trans-
formations can not be explained as being caused solely by heating, a fact that has
been clearly demonstrated recently [90]. In the case of AINi, an explosive reaction
takes place during milling, probably sustained by the large heat of mixing. Electron
microscopy provides evidence that melting occurs in this case [5].

We must conclude that thermal phenomena in ball milling processes are not clearly
understood. Also, the temperatures encountered during collisions arc not preciscly

know::
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4.6 Nanophase materials made by ball milling

The first method used for the systematic synthesis of nanophase materials was gas
phase condensation. Metals are evaporated in an evacuated chamber backfilled with
an incrt gas and collected on a cold fing: -~ Clusters forming on this cold finger are
scraped and compacted in vacuum [9].

T'he method of ball milling is now widely used in laboratories to produce nanophase
materials in large amounts. While certain alloys simply become amorphous after long
milling times, others remain in a nanocrystalline form with constant grain size after
a certain milling time. The parameters that determine the final crystallite size are

under investigation (see references [51, 71, 26, 35, 55]).

4.7 CALPHAD calculations

4.7.1 Historical notes

T'he CALPHAD method mentioned in chapter 2 has been successfully used in the past
to make predictions about the thermodynamics of metastable phases by extrapolating
from available thermodynamic data on a given binary system. The purpose of this
scciion is to give the reader an introduction to the CALPHAD method in order to
understand the calculations of the free energies of phases in the Fe-Ti system we refer
to in our analysis [95, 97].

The history of the CALPHAD method (from calculation of phase diagram) can be
traced back to the work of Bernstein and Kaufman [48]). The computer program used
to calculate the free energy of phases in the Fe-Ti system was written by Lukacs et
al. [57, 58]. Basically, the free energies of phases are expressed as analytical functions
in terms of composition and temperature. These expressions are compared to available
experimental thermodynamic data and the coefficient of each term is optimized in
order to obtain the best fit.

4.7.2 Analytical formulation

The temperature dependence of pure elements is given by the SGTE description [64]:

G,‘(T) =A;+BT+CTInT + D;T2 -+ Ei/T + F;Ta + G.'_mag, (4.1)
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where a magnetic term G qg is included. The free energy of a binary solution is

given by
G(a, ) = &Gy + waliy + Gy = TSy (-h2)

In (4.2) we have weighed contributions from the pure elements wy () and 2y, an

ideal mixing entropy term

Sarix = Rz Inwey + o o), (b3

and an excess term given by a Redlich-Kister [68] expression:
m ‘ n | p
Grx = t122 Z aj{z) — z2) — T'xy2o Z bi(x) — ;Fg)k - T;!‘l.‘lfg Z ey — ;I‘g)". (1.1
/=0 k=0 1=0
The first series contains higher order terms of the enthalpy and reduces to the regular
solution model in the case m = 0. The higher order terms for the entropy are in the
sccond series. The temperature dependence of the specilic heat of liquids is found in
the third series, which takes into account the effect of short-range order [66]. 'The
short-range order becomes important for amorphous phases which are described as
undercooled liquids below the glass transition. The free energy of a compound is

given by
Gc = .'111G] + 1L‘2G2 + AHC - TASC, (’|.5)

where AH, and AS, are respectively the enthalpy and entropy of lormation of the
compound. A description similar to the solution model given above may be used if
one wants to investigate compositions which deviate fromn the nominal stoichivmetry
of the compound. -

The specific heat is given by the Neumann-Kopp rule:
Cp = :1:,6',,1 + :B-),sz, (4.())

except for liquid phases where an excess specific heat is considered as in equation

(4.4).

4.7.83 Calculation of coefficients

The free energy of phases can be expressed as

G = f(c, T,2), (4.7)
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where the ¢.’s can be the coefficients a;, by, and ¢ of equation (4.4) or Afl; and AS,
of equation (4.5). The concentration of the two elements are not independent and
only one of them has to be used. This is why there is only one concentration, &, ap-
pearing in (4.7). Suppose we have m measured thermodynamic quantities @, (heats
of formaltion, crystallization, melting, ctc...). These can be linked to the coeflicients
¢, by means of (4.7). We have to decide which coefficients will be considered. This
choice is a very important step in the CALPHAD calculation. Physical considera-
tions arc involved in the selection of coefficients. A modified set of coefficients may
e considered in light of the results of the first calculations.

One might go to the extreme of using as many coefficients there are measured
quantities in order Lo oblain a perfect fit. However this approach would probably
lead to unphysical results as the results are extrapolated. It is often best to use as
few cocflicients as necessary while keeping the errors at reasonable values.

The computer program is provided with a trial sel of coefficients and optimizes

Lheir value in order to minimize the mean square deviation:

Zwm(Qm.cnl - Qm.:xp)z- (48)

where the weighing (actor w,, depends on the uncertainty on each measured quantity:
1 0 ), (0Qum )

Wy, = A0 + ( 57 AT) + (_Bm Azl . (4.9)

AQu cxp is the uncertainty on the measured quantity G, czp, while Az and AT are
the respective uncertainties on composition and temperature for that measurement.
The w,, lactors give more weight to measurements which are more precise.

All CALPHAD calculations were performed by Zhi-Hua Yan at Hydro-Québec [97,
95] in collaboration with Riidiger Bormann of GKSS Research Center (Geesthacht,

Germany).

4.7.4 Validity of CALPHAD calculations

CALPHAD calculations can be used to calculate the free energies of metastable phases
and predict possible phase transformations in processes where metastable and stable
equilibrium free energies play a role. For example the free energies calculated by the

CALPHAD method correctly predict the range of compositions where bee Ti-Cr will
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transform to an amorphous phase (inverse melting [96]). It has also been used to
analyze the behavior of binary systems during ball milling. 1t is known that during
ball milling the temperature reached during collisions is rarely suflicient to directly
induce phase transformations and that the transformations proceed by an increase of
the free energy through the gradual introduction of defects. In particular the main
mechanism for the amorphization of intermetallic alloys is thought to be chewieal

disorder [6).
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EXPERIMENTAL METHODS

5.1 Milling procedure

Milling was carried out in a commercial SPEX 8000 mixer/mill. We used 0.5 inch
tungsten carbide balls with cobalt as a binder and a custom made tungsten carbide
vial. This vial had an internal diameter of 1°/g inch (34.9 mm) and internal height of
1%/4 inch (41.3 mm). Before milling the vial was sealed in a glove box with continuous
flow of argon. A rubber o-ring with silicon-based vacuum grease was used. Pure
powders of iron (99.9%) and titanium (99.5%) were used in our milling experiments.
Their X-ray diffraction patterns are shown in figure 5.1. In certain experiments the
pure powders were weighed in the desired composition and directly introduced into the
vial for milling. For experiments on the intermetallic compound these powders were
thoroughly mixed, pressed into a pellet and melted at least twice in the arc-furnace.
Using powders introduced extra amounts of oxygen. Therefore we did another series
of milling experiments with the pre-formed intermetallic compound, starting with
solid pieces of iron ($0.98%) and titanium (99.7%). This last series of samples was
used in hydrogen storage experiments on the milled intermetallic compound.

We also performed a series of milling experiments where oxygen was added on
purpose by means of iron oxide (99.7%), mixed with the pure metals in the proportions
giving the desired composition.

The weight of the iron and titanium part was weighed to a precision of 0.001 gram.
All starting mixtures had a mass of 4.000£0.002 grams. Samples generally lost ~0.05
gram during arc-melting. After milling the vial was opened inside the glove box and
samples kept there until used in measurements. Usually, 1 gram of material was

recovered after milling. The rest of the powder was stuck to the walls of the vial and
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Figure 5.1: X-ray diffraction patterns of iron and titanium powders used in this study.

to the balls. The vial was cleaned by milling without sample and with water in the
vial. Sometimes, when large amounts of metals were stuck on the walls of the vial,
milling with clean glass was ellective in removing them. A few times the vial had o

he re-machined. The balls were replaced regularly.

5.2 X-ray apparatus

X-ray diflraction was performed in a Philips PW1050 diffractometer with large focus
MoKa radiation, a planar graphite monochromator and a scintillation detector. The
powders were placed on a glass plate with four layers of scotch tape as a spacer. ‘The
samples were thick enough to prevent any signal from the glass plate.

The same parameters were used for cach sample, The step belween poinls was
0.05°. We measured the intensity from 20=10° Lo 90°, We counted for 30 seconds atl

each point.
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5.3 Analysis of X-ray data

o~

5.3.1 Peak analysis

The characteristics of X-ray peaks (position, arca, width at hall-m.iimum) were
obtained by fitting the peak with a sum of Gaussian and Lorentzian functions. We
used a ;nn of Gaussian and Lorentzian components only to obtain a beiter fit. It
is known however that the broadening related to crystal size is best described by a
Lorentzian function while strain broadening is closer to a Gaussian {unction [19], a
fact we have observed in our measurements.

We used the Marquardt-Levenberg fitling procedure. A iinear function was in-
cluded to account for the incoherent scattering. Since both Ke, and Kea, wavelengths
were present in the pattern we had to introduce doublets of peaks with determined
relations between their respective positions, areas, and widths.

The wavelengths of Koy and Ka, are 0.70930 A and 0.71359 A respectively. We

designate them by Ay and A;. The function describing a peak is:

2 - 2
I [402 —a2(22) L [dIng —ame(%52)
— e 1 +_ e uwy
un m Wy T

In {41n2 1
Wil Ty glng(0)’
w)

’." 9
+ 112 4In 2 1 (51)

w0V T gl (ER)

wy
where
. A2 . (O
0, = 2arcsin [E sin (E)] (5.2)
1
Ig2 = 5191 (5.3
1
Iy = §fn (5.4)
Wy = Wi, (5.5)

In 5.1, the first and third terms are the Gaussian and Lorentzian components of the
peak. The second and fourth terms are the Gaussian and Lorenizian components of

the companion peak produced by the Kas wavelength. We have used the area to
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Figure 5.2: Example of a fit for the [321] peak from the pure iron powder. 'The squares are experi-
mental points and the solid line is the total calenlated intensity which includes the diffraction peak
and the linear background.

width ratio in 5.1 instead of the height of the peak because the area (or inbegrated
intensity) is the parameter we used in our calculations.

Given that the peak from Ke, is fully determined by the parameters of the peak
from Ke,, there are only four independent parameters needed to describe a peak: 0,
151 and Iy, as well as w;. Once the fitting procedure has been done for a peak, we
used [y + i1 as the intensity in calculations.

Figure 5.2 shows the fit for a peak from the pure iron powder.

5.3.2 Determination of lattice parameter

The lattice parameter is determined [rom the position of X-ray peaks. The eflect of
systematic errors in the measurement of the diffraction angle becomes less important
as the diffraction angle approaches 90°. Warren [93] suggests collecting latlice pa-
rameter values for angles near 90°, and then to perform a linear extrapolation to 90°,
Because we used MoKa radiation in our experiments, peaks above ©=45° are very
weak. We therefore used the peak ranging from 30 to 45 degrees (20 = 60° to 90°).

There is no systematic variation of the lattice parameter in this range of diffraction
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Figure 5.3: Lattice parameter as a function of diffraction angle for pure Fe.

angles. As an example we give the lattice parameter of Fe as a function of diflraction
angle in figure 5.3. The value for each individual peak is precise to one part in a hun-
dred thousands (close to 29 = 100°), but we see that these values fluctuate, limiting
the actual precision of our measurements to 0.001 A. We do not know the reason for
these lluctuations. They are possibly related to the peak shape changing from one
reflection to another. We obtained a value of 2.869 A which compares well to the
literature value of 2.867 A [38). The lattice parameters of the titanium hexagonal
structure is much more difficult to determine since at high angles, we find an almost

continuous superposition of peaks.

5.3.3 Dectermination of crystallite size

The average size of crystallites can easily be obtained from the width of diffraction
peaks together with the strain (the root of the mean square Jeviation from the equi-
librium position of the atoms). The derivation of the method is rather complicated
and the reader is referred to Warren [93] for the detailed treatment.

The width 1nust be given in reciprocal space. The instrumental broadening must

be subtracted from the observed width. The way the instrumental broadening is
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subtracted depends on the shape of the functions that describe the broadening from
both the instrument and the crystailite size reduction. If the broadening from both

the instrument and the sample is purcly Gaussian, the correction is quadratic:

Ak = \/(Akubsrrlvrd)z - (Akirmh-mnrnml)2- ('-’h)
In the case of Lorentzian functions, the correction is linear:
Ak = Akobstrvcd - Akinsirumcntnl- (57)

We have used a sum of Gaussian and Lorentzian functions to model our peaks, Thete-
fore we calculated the crystallite size using both a quadratic and a linear correction.
We used the average as the final value and the difference as the error bar.

The instrumental broadening is approximately given by
Akiﬂatrumcn!ul = Ak + D3 (r‘t\‘)

where A and B where determined using a standard sample with very large crystallite
size. Once Ak is determined for peaks which are multiples of the same refleetion, we
plot it against & and perform a linear regression. The slope gives the value of the
strain and the Ak(k = 0) value gives the crystallite size according to the formula

_ 0.9 2%
- Ak(k = 0)

The value of D is the domain size along the direction chosen (as determined by the

D (5.9)

Miller indices). For cubic structures only 2 peaks arc available for the lincar regression
because higher multiples are always buried under other reflections [93]. For example
we can use the [110] and [220] reflections but the {330] reflection is superposed Lo Uhe
[411] reflection. The [200] and [400] peaks can also be used when the [400] peak is
sufficiently sharp to be distinguished from the background.

Comparison between X-ray experiments and observations in the transmission elec-
tron microscope has shown that the crystallite size determination from the X-ray peak

broadening is reliable.

5.3.4 Calculation of X-ray diffraction intensities

We calculated the relative intensity of X-ray peaks for the FeTi intermetallic comn-

pound using the structure factors provided in reference [93]. We also included the
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Figure 5.4: Schematic diagram of a differential scanning calorimeter,
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multiplicity and Lorentz-polarization faciors. The temperature factor was neglected.
These caleulated intensities were used for matters of comparison with experimental
intensities. The calculated value of the ratio of the intensities of the [100] and [200]

peaks were used to calculate the long-range order parameter of disordered FeTi.

5.4 DSC measurements

Differential scanning calorimetry measurements were done in a Perkin-Elmer DSC-2C
with flowing argon. A differential scanning calorimeter (figure 5.4) is calibrated to
heat a reference and a sample at a given rate, The sample holder and the reference
are heated by resistive elements and the temperature measured by resistance ther-
mometers. Argon flows through the apparatus to prevent reaction of the sample with
air, Temperature diflerences between the sample and the reference are measured by
the resistive thermoineters and the computer records the power needed to keep them
al the same temperature. The instrument therefore gives the heat flow in and out
of the sample. One may thus measure enthalpies of transformations and transition
temperatures.

The calorimetric behavior of narocrystalline samples was difficult to analyze be-
cause there was heat released from 200°C to the maximum temperature the DSC
could reach (725°C).
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5.5 Scanning electron microscopy

We used a 30kV Hitachi $-570 scanning electron microscope to obtain images from the
samples and verify their composition using energy dispersive N-ray analysis (EDXN).
The X-rays are emitted as excited electrons fall back to lower energy levels. We did
not usc a standard for this analysis, we therefore expect a precision of a few pereents.
In the case ol Fo-Ti, since there is no light element, the precision is estimated at 2%.
Generally, in the composition of a Fe,'Ti, sample (x-+y=100), x and y could vary by

0.5.

5.6 Chemical analysis

For certain samples we had their hydrogen and oxygen conlent determined. The

oxygen content was measured by melting the sample in a Leco Qu/ Ny analyzer, In

this instrument, the sample is heated on a graphite crucible in an elecirode furnace,

The oxygen combines with carbon, passes through a rare carth copper oxide which

transforms it into carbon dioxide. Carbon dioxide is detected by an infrared cell.
. Helium is used as a carrier gas. The uncertainty is 1% of the measured value,

The hydrogen conteut was measured in a Leco 1y analyzer. The sample is heated
in the same manner as in the O2/N; analyzer except that the amount of hydrogen
is determined by measuring the thermal conductivity of the gas. Hydrogen has a
much higher thermal conductivity than other gases (1.6 x 10? Jm™'s™' K=" compared
to 1.4 x 10% Jm~!s~!K=! for helium and 2.0 x 10® Jm~'s~!'K~! for oxygen). The
uncertainty is 1% of the measured value.

These chemical analyses were performed by a technician al the Materials Charac-

terization Laboratory of Hydro-Québec !,

5.7 Hydrogen storage measurements

5.7.1 Description of the apparatus

Cas storage measurements were performed in the system shown in figure 5.5. T'he ap-

paratus consists essentially of two compartments: a reference chamber, which includes

L All experiments were performed by the author unless otherwise specified.
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Figure 5.5: Gas-titration system.
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a 30ml reservoir and goes from valve #3 to one port of the differential transducer, and
a sample chamber, which is closed by valve #2, by the other port of the differential
transducer, and by the sample holder itsell, a small eylinder closed at the bottom,
The gasket closing the sample holder has a filter to prevent the powder from traveling
throughout the system.

The purpose of such a configuration is to provide very precise measurements ol the
pressure difference between the reference chamber and the sample chamber, allowing
Lo precisely follow the evolution of the hydrogen pressure. ‘The pressure jnside the ref-
erence chamber is always close to that inside the sample chamber and the dilferential
transducer is designed to be sensitive to small pressure differences, while the absolute
transducer gives a reading of the pressure itsell but is less sensitive to small changes
in the pressure. When acquiring pressure-composition isolthermal curves, the abso-
lute transducer is used to obtain the value of the pressure, and Lhe pressure change
measured by the differential transducer is used to determine the amount of hydrogen
absorbed.

The apparatus is connected to a high pressure hydrogen cylinder and a pumping
station comprising a diffusion pump and a rotary pump. The tubes, valves, gaskets
are made of 316 stainless steel. The valves are controlled by a computer which also
reads the data from the two transducers.

The apparatus is encased in a Plexiglas box except for the components which are
located below valve #0. These components are inside a plastic Lube connected to the
Plexiglas box. Air is circulated through the tube and inside the box by a small fan and
kept at 32°C by a light bulb connected to a temperalure controller. This temperature
was chosen because it was easiest to maintain in the variable temperature conditions
of the building.

A tubular furnace can be placed around the sample holder to heat the sample. This
was done for activation treatments and can also be used for absorption measurements

at high temperature.

5.7.2 Measurement sequence

We started the measurement of a pressure-composition isotherm by establishing a

vacuum (10~%atm) inside the apparatus. All valves were closed before starling the
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experiment. The regulator on the hydrogen cylinder was set to a pressure of approx-
imately | atm. Valve #£5 was opened and then closed. We then opened in sequence
valves #3, #2, and #1. A pause of 1 second was observed after which valve #3
was closed. After another pause of 1 second valve #0 was opened and the computer
started collecting data from the two transducers.

Once equilibrium was reachied the procedure described above was repeated. From
Lime to time we increased the pressure setting on the regulator. This was neces-
sary because if the pressure behind valve #5 was too high the pressure difference
established by opening valve##0 and the subsequent pressure decrease in the sam-
ple chamber due to absorption would make the pressure difference between the two
chambers exceed the range of the differential transducer. Once the maximum pres-
sure for the experiment was reached and equilibrium for that pressure established,
the pressure was decreased step by step, in the same way described for increasing the
pressitre except that instead of opening valve #5, we opened valve #4, which goes to
the pump.

The experiment was terminated when the pressure went below a pre-determined
limit. We fixed this limit at 0.3 atin because there was no interesting feature below
this pressure and our gas-phase apparatus was notl precise enough in that range to

extract useful information.

5.7.3 Calibration

"T'he relation between the density and pressure of the hydrogen gas is essential in order
to determine the amount of hydrogen absorbed from a measurement of the change in
pressure. ‘The equation of state can be expressed as a series in terms of the specific

volume of the gas (the so-called virial expansion):

ABC)

P = RT (;+;+;;,— (5.10)

1 is the gas constant, P is the pressure, v is the specific volume, and A, B, and C are
called the virial coeflicients. These coefficients depend only on the nature of the gas
and on temperature. Values of these coefficients are given by Dymond and Smith [22).
We calculated an average of the values we judged reliable, after performing a linear

interpolation to get the coefficients for a temperature of 32°C. In our experiments,
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Figure 5.6: Background signal from the gas-titration system for a hypothetical sample of one wole,

all pressure-composition isotherms were determined at this temperature, therefore we
did not require a temperature dependent expression for the cocllicients. Fven so, their
temperature dependence is moderate. For example the value of 12 is —0.0148 4 0.0005

at 300K (27°C) and —0.0152 £ 0.0005 at 400K (127°C). The values we used are:

A =1 (exact) (h.t1)
B = 0.0148 £ 0.0005 (5.12)
C = 0.000 38 :£ 0.000 07. (5.13)

These values are valid for v in 1/inol and P is in atm,

We had to determine the volume inside the sample chamber. First we established
vacuum inside the sample chamber. Then we introduced a certain amount of gas
inside the chamber except in the sample holder itsell (the space below valve #£0).
After measuring the pressure, we opened valve #0 and we measured the pressure
again. Using the equation of state 5.10, we determined in this manner the volume
ratio between the sample chamber with and without the space below valve #0. This
ratio was calculated several times at various pressures using helium and hydrogen.
We calculated the same volume ratio with a reservoir of known volume connected to

the sample holder. It was then a simple problem of lincar algebra lo determine the
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internal volume of the sample chamber. We found Ve = 20.75 £ 0.25 ml.

This volume had to be corrected because of the presence of the sample and its
expansion during absorption. We determined the volume of the sample by assuming
a density of 100%. ‘This is nol unrcasonable, hydrogen should be able to diffuse in
all the pores of the material. We also considered an expansion of 2.9A% by hydrogen
atom absorbed. This value is a compromise between the volume of hydrogen in the
various phases and what would be expectled for hydrogen dissolved in amorphous
Fe-"I"1.

A final correction due to the background signal from the instrument had to be
performed. A change in the reading from the differential transducer was observed
as Lthe pressure was increased step by step. This change could be due to the small
nonlinecarity of the differential transducer or to the filter at the center of the gasket
located above the sample (see bottom of figure 5.5). If complete equilibrium between
the two sides of the filter (which restricts the movement of the gas) is not established
before the computer beging data acquisition, a transient gas movement will register
as an absorption in the experiment. Indeed a short pressure variation was observed
in the first seconds of each measurement step, far shorter than the pressure variations
associated with absorption or desorption in the sample. The resulting background
for a sample of one mole is shown in figure 5.6.

We estimate the precision on the concentration to be 1.5%. This error mainly
comes from the error on the volume of the sample chamber, the mass of the sample,
and the temperature inside the sample chamber. The pressure measurement has a

precision of 0.03 atm.

5.7.4 Preparation of samples

The samples used in hydrogen storage experiments were weighed and put in the
sample holder within a few hours of their synthesis by ball milling. The steel gasket
with filter was put on the sample holder, the manual valve on the sample holder
assembly was closed and the assembly was connected to the gas-titration apparatus,
using another steel gasket. Vacuum was established in the apparatus. At no time was
the sample exposed to air from the moment it was introduced in the vial for milling

to the end of storage experiments.
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After vacuum was established in the sample holder we heated the sample to A00°¢
and continuously pumped for 30 minutes, It was then cooled to 32°C, This was
followed by the activation treatment. We decided to use an activation treatment
similar to that of Reilly and Wiswall [70]. A high hydrogen pressure was introduced
(~50 atm} and we waited until the system reached equilibrium. The absorption at
50 atm was simply followed with the absolule transducer siuce the pressure change
in such experiments was very large. The pressure was then deercased to ~7 atm and
the sample annealed at 400°C for half an hour. 'The apparatus was again evacuated
and the sample cooled to 32°C. This activation treatment was repeated until the
absorption curve at 50 atm stopped evolving. Pressure-composition isotherins could
then be obtained. After a complete absorption-desorption cycle the simple was heated
to 400°C and cooled immediately while pumping in order to be certain that as little

hydrogen as possible was left inside the sample.
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BaLL MILLING OF FEe-Ti

6.1 Nanocrystalline Fesy Ty

The results for the first series of milling experiments are shown in figure 6.1 where
we started with the intermetallic comvound FeTi prepared by arc-melting. Some
investigators submit their samples to long anncaling treatments at high temperatures
(~ 1000°C) but we have found that melting the FeTi ingots twice makes the samples
free of ‘Ti precipitates. As milling time increases, X-ray peaks become broader. A
certain amount of tungsten carbide goes into the sample as a result of the wear of the
grinding material (vial and balls). The crystallite size and strain evaluated from the
broadening of the X-ray pcaks is shown on figures 6.2 and 6.3. Both of them vary
rapidly in the first two hours of milling. After 20 hours, a steady state is reached.
Milling up Lo 40 hours does not bring any significant change. The sample milled 10
hours does not seem to be consistent with the other saimples, especially if we consider
Lhe strain value, Il is possible that something happened during the experiments that
caused a larger amount of oxygen to be present (the influence of oxygen is discussed
in the next section). The final crystallite size is around 11 nanometers. The final
strain value is approximately 1.5%.

The small difference in scattering factor between Fe (Z=26) and Ti (Z=22) makes
the measurement of the long-range order parameter (S) difficult. The integrated
intensily of the (100) peak, which is the super-lattice peak of the becc structure, is
1.6% of the strongest reflexion (110). Long counting times in the diffractometer allow
an approximaie measurement of S (see figures 6.4 and 6.5). At long milling times

Lthe (100) peak has to be de-convoluted from one of the tungsten carbide peaks. The

63
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definition of S is:

LS

S =R+ By -1 6.1y

where g, anu fir; are the fraction of e sites occupied by Fe atoms and T sites
occupied by Tt atoms respectively. The equilibrium FeTi intermetallic compound has
S =1 while the fully disordered bee phase has S = 0. The value of 8 is given by the

integrated intensity of super-lattice peaks. [n the case of the (100) peak:

Iluu
§= ||t 2
\1(1100(5= ‘)) (62

where [1g0(5 = 1) is the area for the fully ordered phase [93]. The intensity was

normalized using the (200) peak. The evolution of § is given in figure 6.5, The linal
value of S is about 0.65.

The same nanocrystalline materials can be obtained by milling clemental powders
of iron and titanium in the proportion FesgTisy (figure 6.6). The resulting material
has a crystallite size of 12nm and a long-range order parameter around 0.7.

An important factor in milling experiments is the effect of impurities, especially
oxygen. In the case of Fe-Ti, our group has found [104] that above a certain concen-
tration, oxygen causes the amorphization of Fe-'T'. This is shown in a series ol milling
experiments where we added iron oxide (Fe;0y) to the elemental powders in differ-
ent concentrations. These mixtures were milled 20 hours, which we have determined
to be amply sufficient to reach a steady state. The X-ray patterns of the materials
produced in this way are shown in figure ".7. At an oxygen concentration of 10% the
material is fully amorphous. This is somewhat different from Lhe 3% value obtained
in a previous study [104]. This probably comes from the differences in milling con-
ditions. The reactions occurring during the milling of iron and titanium clemental
powders are discussed in later sections. We now turn our attention to the amorphons

phase and its link with oxygen content.

6.2 Amorphous phase and oxygen content

A fact that escapes a first look is that the X-ray pattern of nanocrystalline samples

includes the signal coming from an amorphous phase. To show this we have used
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Figure 6.8: X-ray pattern fit of FesoTise
{size: Gnm) [104] using one sharp peak.
Dashed line: total calculated intensity
{peak <+ background), dotied line: inten-
sity from the peak alone.

Figure 6.9: X-ray pattern fit of FegpTiso
(size: 6nm) [104] using a sharp peak and
a broad peak Dashed line: total calculated
intensity, dotted lines: individual peaks.
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Figure 6.11: X-ray pattern fit of FeggTiso
(size: Gnm) [104] using three sharp peaks
and one broad peak.

Figure 6.10: X-ray pattern fit of FesoTige
(size: Gnn) [104] using three sharp peaks.
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Table 6.1: Peak arecas of a tlnm sample for each type of correction for the amorphous conteit
(fivst column: direction, second column: no correction, third: corrected with a bromd peak, fourth
corrected with the experimental amorphous pattern, ffth: Fe'li intermetallic (experimental), sixth:
FFeTi intermetallic {calculated).

hkl [ original broad peak amorphous | Fe'li (exp.) [ Fe'l't (cale.)
110 100.0 100.0 100.0 100.0 100.t
200 10.8 15.0 15.3 20.4 16.6
211 26.3 25.1 288 35.0 31.8
220 4.3 7.7 5.6 8.5 9.2
310 8.1 9.4 10.: 2.1 1.4
222 1.2 L4 1.6 3.2 2.7
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a Gnm sample made by L. Zaluski [101] on which we have performed our own X-
ray measurements. Again, the different grain size is likely due to different milling
conditions. We have fitted the main peak at around 20 degrees ([110] direction) with
one sharp peak (figure 6.8) in a first step, In a second step we have done a similar fit
using a sharp peak and a broad peak (figure 6.9). On these ligures the solid line is the
experimental intensity while the dashed line represents the total calculated intensity.
Dotted lines represent the intensity of individual peaks. The fit with two peaks gives
a mean square deviation one order of magnitude lower than with one peak. Visually,
we can see that in the single peak fit the program attempts to take into account the
left shoulder above 21 degrees with the help of the linear background. The calculated
intensity does not follow the experimental data satisfactorily. On the other hand, the
calculated intensity given by the double peak fit is practically indistinguishable from
the experimental intensity. We have done a similar calculation for the three following
peaks (figures 6.10 and 6.11). Again the use of a broad peak for the second maximum
of the amorphous pattern clearly improves the fit of the experimental intensity. If
we now take the two broad peaks obtained by this procedure and use them to fit the
experimental intensity of amorphous Fe;sTi45010, allowing a multiplying factor and
the adjustment of the linear background {figure 6.12), we see that the two curves are
very similar. The multiplying factor is necessary since the amorphous deduced from
the nanocrystalline sample is a fraction of the signal which would be obtained from

a sample made only of this phase. In short, the function used for fitting is:
! = factor-[/(lirst broad peak)+ I(second broad peak)] + (linear background) (6.3)

wliere the factor is independent of the diffraction angle and the intensities of the
two broad peaks are those obtained by fitting the nanocrystalline sample. Here the
tungsten carbide peaks were subtracted {rom the experimental amorphous pattern.
We have applied the same fitting procedure to our 1lnm FesoTiso sample obtained
by wmilling elemental powders. The result, shown on figures 6.13, 6.14, and 6.15, also
indicates that a significant portion of the sample is amorphous, though the comparison
is not as good as that with the 6nm sample. We then used the experimental pattern
from the amorphous phase itself to fit the data from the 11lnm sample (figure 6.16).

The fit is not as good as the one with a broad peak but it is still much better than
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the fit with a single sharp peak. From the partial intensity of the amorphous phase
obtained with such a fit it is possible to ob'nin the amount of amorphous phase
contained in nanocrystalline samples. The same scattering power is assumed for both
the crystalline and amorphous phases.

The crystalline peaks obtained with our diffractometer were not perfectly syvim-
metric, especially at low angles where it interferes most with the evaluation of the
amorphous backgreund. Figure 6.17 shows the (110) peak of coarse-grained iron-
titanium. The high-angle tail is more intense than the low-angle tail. The high-augle
tail is in the same region as the main maximum of the amorphous background, This
overlap resulted in an over-estimation of the amorphous conutent by our normal litting
procecdlure. In order to circumvent this problem we fitted the crystalline peaks in the
X-ray patterns samples which contained some amorphous phase with a convolution
of a Lorentzian function with the experimental peak of the coarse-grained sample, as
explained in appendix A.2. The fit for the same Linm Fegy'Tisy sample is shown on
figure 6.18. We see that the agreement is as good as that of figure 6.14 which in-
volved a broad peak to mimic the first maximum of the amorphous phase. That hroad
peak was displaced towards higher angles compared to the experimental amorphous
pattern. The integrated intensity of the amorphous component is visibly less than
that obtained by using a symmetric function for the crystalline peak (fligure G.16).
This shows that if a ~ymmetric [unction were Lo be used for the crystalline peak, the
amount of amorphous phase would be overestimated. We caleulated an amorphous
content of 25 percent for the 6nm sample and 12 percent for our [lnm samples.

In the calculation of the crystallite size and strain values from the (110) and (220}
reflections we corrected for the amorphous signal in order to obtain the true position,
intensity, and width of the (110) peak. There was however little difference with values
obtained without the correctivn except for the 6nm sample from L. Zaluski. In this
case the correction makes the crystalline (110} peak sharper and the size obtained
with this is 7.5nm. This is still close to the 6nm value. The order parameter S was
calculated using the (100) and (200) peaks in order to exclude undesirable influences
from the (110) peak. The peak areas of the original and corrected patterns for the

11lnm sample are displayed in table 6.1. The corrections with a broad peak (sum of
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Lorentzian and Gaussian peaks) and the amorphous experimental pattern both make
the areas closer to Lthe values expected for equilibrium Fe'li. Our experimental values
for coarse-grained Fe'l'i are from samples milled 2 to 5 minutes (in order to have
powders). The intensities they have for the (200) and (211) are too high compared
to the caleulated values, We think this is due to a preferential orientation of the
powders, For such samples milled a very short time the erystallite size reduction
process is anisotropic. The domain size obtained from the (200) and (400) peaks give
results similar to the ones given by the (110) and (220) peaks for long milling timmes.
In the case of short milling times, the (h00) peaks give a domain size twice as large
as for the [hhQ] direction.

As explained in the preceding chapter, we were able to improve our sample prepa-
ration technique and decrease the oxygen content of the arc-melted ingots and, con-
sequently, the sample obiained by milling these FeTi ingots. This also resulted in a
reduced amount of amorphous phase. These samples with minimal oxygen content
were used in hydrogen storage experiments: the coarse-grained sample (milled only 2
minutes), had 0.29 atomic % of oxygen and the nanocrystalline sample 1.38 atomic
%. The amount of amorphous phase correlates well with oxygen content.

In ligure 6.19 we give the amorphous content as a functio:. ... nxygen contained in
the iron oxide mixed with the metallic Fe and Ti powders (fro.. figure 6.7). There is
more oxygen from the surface of Fe and Tt powders and, possibly, some extra oxygen
contamination during milling. The lowest point at 0% corresponds to the same sample
shown at the boltom of figure 6.6, with 2.3 atomic % oxygen (as determined with the
Leco Oyf/ Ny analyzer).

IFor the milling conditions we have used, the ratio of amorphous content over
oxygen content is 10 &+ 1.5 (figure 6.19).

Il we look at the crystallite size (figure 6.20) and strain (figure 6.21) data, we see
that the samples with x=0 have 12nm crystals and a strain value of 1.5% (there is
lwo data points al x=0). As the oxygen content is increased, therefore the fraction
of amorphous phase, the crystals become smaller and reach a diameter as low as
Gum. The average strain falls to 0.3% for x=6. Keeping in mind that these values

arc averages for the whole sample, we propose that 11-12nm is the smallest diameier
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Figure 6.22: Lattice parameter of Fegy'Tiny
(intermetallic compound) as a function of
milling time.

Figure 6.23: Lattice parameter as a fune-
tion of long-ranger order parameter S,

for which a nanocrystal can exist with a highly distorting defect inside (such as a
dislocation or oxygen impurity, and that smaller erystals are [vee of such delects,
Chemical disorder of Fe and Ti sites is possibly still present at very low sizes. The

minimum possible crystallile size is close to 5-Gnm.

6.3 Lattice parameter

The lattice parameter of the intermetallic compound increases slightly during milling
(figure 6.22). We are not certain aboul the cause for such a change. An expansion
of the lattice parameter has been observed before the amorphization of certain ma-
terials [35] by ball milling, when the crystallite size reaches a critical value. Another
possibility has to do with impurities. An important fact is that the low oxygen sample
milled 20 hours has a lattice parameter of 2.984A instead of 2.990A for the other sam-
ples. However it might be related Lo its long-range order parameter which is higher
than the samples with higher oxygen content (5=0.74 compared to S=0.65 as in fig-
ure 6.5). If we plot the lattice parameter as a function of 5 (figure 6.23), regardless
of milling time and oxygen content, there seems to be a good relation between che

two quantities.
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Fignre 6.24: X-ray patiern fit of clemental powders (composition Fesy'T'ise) milled 2 hours using 4
sharp penks.

6.4 Mechanically alloyed FesgTisg

Figure 6.6 shows the X-ray data for the equiatomic mixture of elemental powders
alter different milling times, There is a rapid decrease in titanium content in the first
two hours of milling. There is also a broadening of both Ti and Fe peaks. After 5
lours titanium is almost completely transformed and there is a new peak appearing
hetween the main Fe and Ti peaks. After 10 hours no iron peak is visible. The only
crystalline phase is cubic with a small peak at 13.5 degrees indicating partial long-
range order. Milling ten more hours does not bring any significant change. The rapid
Lransformation is consistent with the fact that only 3 atomic % of iron is sufficient
to transform hexagonal close-packed titanium into body-centered cubic titanium (5-
"Ti(3at.%Fe)) [104).

Figure 6.24 illustrates our attempt to fit the pattern from the sample milled 2
hours with 4 peaks between 15 and 23 degrees. The result is clearly unsatisfactory:
there is intensity not accounted for at 19 degrees and the main titanium (~ 18°) and
iron (~ 20°) peaks obtained from the fif have intensities too high with respect to the
other peaks at higher angle.

From the area of the high angle Fe and Ti peaks it is possible to estimate the
amount of pure iron and pure titanium left bv comparing them with their value for

the mixture not yet milled. The sample milled 2h contains 14 at.% o-Ti and 40at.%
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Figure 6.25: X-ray pattern fit ol clemental powders (coniposition Fesy'l'ig) tnilled 2 hours using (in
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same graph is the totat calculated intensity. The intensity from a~'Ti and Fe is shown in b, The
intensity from A-Ti(Fe) and amorphous Fe-Ti is shown in ¢. ‘The scale of ¢ is five times simaller than
the scale of a and b,
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a-Fe. This gives FeayTige as the average composition ol the reaction products. A
bee phase with such a composition would have a lattice parameter of 3121 (usiug
results from splat-cooled samples [67]) and a (110) peak at about 18.5% There is
no peak visible at this angle. Furthermore, in figure 6.21, we see there is signal not
accotnted for by the four peaks throughout the angle interval shown.

A more likely possibility is that we have a mixture of 417 and amorphous Fe-
Ti. We successfully fitted the pattern of Fegy'lisy milled 2 hours using o peak
17.75° and a very broad peak around 19° to mimic the signal fiom an amorphous
phase. The results is shown on figure 6.25. The calculated signal is much closer to
the experimental data than the fit with only four peaks. All the peak parameters
were optimized by the computer progran: position, intensity, and width. The signal
from the bee phase and the amorphous phase are shown at the hottom of hgure 6.25.
The y-axis has its scale multiplied by five compared to the upper half. One might
of course question ihe validity of our procedure, arguing thal it is possible to add as
many peaks a nceded until a good fit is found. Since the intensity of the Feoane ‘15
peaks between 15 and 23 degrees are known from the higher angle peaks, we know
there is extra intensity coming from at least one phase which is a reaction product.
Also, on figure 6.24, we see that some of this extra signal extends to both ends of
the x axis. The program tries Lo account for it using the lincar hackground which, of
course, cannot replace the faraway tails of a broad peak. Using only this extra broad
peak leads the program to give too high intensitics to the titanium peaks al 17.5
and 18 degrees. Another argument is that the position of the bee peak, 17.76°, gives
a lattice parameter of 3.25A, exactly what is found for bee A-"Ti(3at.%l%), a very
plausible result. In addition to all this, the pcak intensities for the 3 ‘T and the Fe
peak given by the fit of figure 6.24 are much closer to what they should be, according
to the high angle peaks than what is found by fitting the pattern with four peaks.
From these high angle peaks the intensities of the peaks Ti(100), Ti(002), Ti(101),
and Fe(110) should be 590, 836, 3101, and 8971 counts respectively. The 4-peak fit
gives 242, 637, 6786, and 12152. The 6-peak fit in turn yields 583, 920, 2624, and
10515. These facts strengthen our conviction that G-Ti(Fe) and amorphous Fe-Ti are

present as intermediate reaction products.
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The mateh between calculated and experimental intensities is less good on cach
side of the Fe(110) peak. This is due to the asyminetry of the Fe peaks at this stage
of milling. We think this asymmetry originates in the diffusion of a certain amount
of titanium into iron, expanding the lattice of some of the iron still present. The
positions of the iron peaks are indeed shifted to lower angles after 2 hours of milling
and the average lattice parameter obtained from these is 2.873A instead of 2.869A for
pure iron. In the last fit we had to use an asymmetric peak for the (100) reflection
of iron. A more precise shape analysis with some link to diffusion processes would of
conrse he desirable. The final lattice parameter of FesoTisp is 2.982, the crystallite

size 12nm.

6.5 Amorphous Feg; Tiss

The free energy curves (figure 2.15) suggest there is a rather stable amorphous phase
at the FegrTisy composition. We have milled a mixture of elemental powders with this
composition and the results are displayed in figure 6.26. We obtain the same rapid
transformation of titanium while iron peaks show little change in the early stages of
milling. The apparent increase of intensity of the second T} peak with respect to the
other T peaks in the X-ray pattern of the sample milled 30 minutes is due to the
shape of this sample. At that stage of milling we obtain metallic flakes. In order to
make a good sample for diffraction, these flakes were put flat in a resin and polished.
It scems that the sample had a certain degree of texture. The scanning electron
micrographs (figure 6.27) of a cross section of one of these flakes shows the typical
lamellar aspect of mechanically alloyed samples. This is one argument in favor of
comparing ball-milled materials with multilayers of the same elements.

After 2 hours of milling there is little titanium left while iron peaks are still very
strong. After 5 hours the intensity from the amorphous phase becomes dominant.
After 20 hours the reaction is complete. Peaks from tungsten carbide are highly
visible in this case because the absolute intensity of amorphous samples is low (while
their integrated intensity is the same as that of crystalline samples). Cocco et al.
have alrcady milled FegrTia3, however they did not obtain a completely amorphous
material [16].



6: BaLl MiLuiNg oF FE-Ti Q1

Fe

T Fe Fe Oh

A | TE T, T Fe F: L

Y SN A b o

Intensity (arb. units)
L 7
S
)
) B

w 20h
|

10 20 30 40 50 60
20 (degrees)

Figure 6.26: X-ray pattern of Feg7Tiss (clemental powders) after 0, 0.5, 1, 2, 5, 10, and 20 hours of
milling.
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Figure 6.27: Scanning electron micrographs of FegzTiaa (elemental powders) milled 0.5 hour.
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Figure (.28: DSC scan of Fegr'Tiga milled 20 hours.

From the DSC scan (figure 6.28) we found the enthalpy of crystallization to be
85.6 J/gram and the crystallization temperature 948K at 20 K/min. There is also a
large heat release from 375K to 825K, 184.J/gram, which is likely the result of some
irreversible relaxation phenomenon and, possibly, a redistribulion of oxygen into a
more stable chemical state. Using the area of X-ray peaks lo estimate the amount of
tungsten carbide, we find for the crystallization enthalpy of the pure amorplious phase
93.0£1.9J/g (4.9540.10kJ/mol). This is comparable to the crystallization enthalpy
of vapor-quenched amorphous FeggTiaq films (4.57 kJ/mol) [95].

6.6 Nanocrystalline FeyTlg

The milling of FeqoTisy proceeds in a similar fashion as FegyTige. After H hours of
milling however we see a major peak corresponding to the new cubic phase while
titanium and iron peaks are still well visible. The lattice parameter after 20 honrs of
milling is 2.998A. From this and using Vegard’s law we find that the average com-
position of nanocrystals in this sample is FeqgTiss. The long-range order parameter

is 0.54. The maximum possible for this composition is S = 0.8. The final crystallite



i

i: BaLnL MILLING oF Fi-Ti

Intensity (arb. units)

Ti

Ti
Ti

Fe

Ti Fe Fe Oh
n \/mm

| A Fe Fe

2h

S5h

(N

| AlLAM

20h

| .

10

20

30 40
20 (degrees)

50 60

Figure 6.29: X-ray pattern of FeqoTiso (elemental powders) after 0, 2, 5, and 20 hours of milling.
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size is 11nm and the strain 1.36%.

6.7 General discussion

Although the technique of ball milling is stmple in its design, the moditications i
produces on materials can be very complex. The analysis of translormations is also
hampered by the fact that we do not know precisely what temperature is to be
considered. An agreement seems to be emerging in the rescarch community that the
local temperature increase during collisions does not usually exeeed 20015 [19, 35). I
must be emphasized however that transformations occurring during ball milling are
not simply the result of repeated heat transfers to the material and that mechanical
effects have to be considered [90).

In the case of the FeTi intermetallic compound, ball milling changes the material on
the macroscopic, microstructural, and structural (atomic) level. ‘T'he first - —obvious
cffect is that the ingot made by arc-melting is rapidly crushed during the first minutes
of milling. After less than one hour of milling the material is completely transformed
into a powder. Scanning electron microscopy of the final powder (20 hours ol milling)
shows fine powder particles (1-10pm), but most are packed into large agglomerales.
We do not expect the macroscopic aspect of the material to have any inlluence on
the final phases produced by milling.

The microstructural evolution during milling is essentially a reduction of the crys-
tallite size (figure 6.2). Microscopic observations by A. Zaluska [103] of FeTi at
intermediate milling times show grains divided by low-angle grain boundaries. We
suspect that dislocations caused by milling-induced mechanical deformations pile up
into low-angle grain boundaries. The misorientation of the smaller sub-grains so-
produced supposedly increases with further milling, leading to completely separate
crystallites. The refinement of the crystallites is expected to change the relative sta-
bility of the FeTi compound, for the same reason that a refinement in crystallite size
reduces the melting temperature of metals {13, 14, 78]. In terms of free energics, we
might say that the free energy of a nanocrystalline material is increased by the high
density of grain boundaries. If the free energy is increased beyond the free energy

of some other phase, a phase transformation may occur. It might be argued that
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one should not analyze ball milling with equilibrium thermodynamics, however since
the temperature increase during collisions is rarely sufhcient to produce the phase
transformations obscrved, the process can be seen as onc where the free energy of
the material is gradually increased by the slow introduction of defects. In the case
where no phase transformation takes place, the crystallite size reaches a constant
value after just a few hours of milling (there is no significant difference between sam-
ples milled 10 and 20 hours). Further reductions in crystallite size which might have
occurred after much longer milling times {~100 hours) would likely be due to impu-
rities coming from the wear of the milling tools. The final crystallite size that can be
reached by ball milling has recently become an important subject in research on ball
milling [55, 35, 65]. A few models have been proposed but there is no consensus on
that matter.

This leads us to discuss the structural defects introduced by milling, such as chem-
ical disorder. Chemical disorder is directly observed in our experiments. In the lit-
crature concerning the FeTi compound there is usually no data given on chemical
disorder. With the equipment available and using a sufficiently long counting time
we were able to follow the (100) peak of FeTi and obtain values of the long-range
order parameter with a reasonable precision. From the values obtained after 20 hours
of milling, we see that the location of I'e and Ti atoms is far from being random. An
order parameter S = 0.65 means that the probability of finding the right atom on
any site is approximately 0.8. Looking at the free energies of the amorphous and bcc
phase (figure 2.15), we see that in order to raise the free energy of the FeTi compound
close to that of the amorphous phase it is necessary to decrease the long-range order
parameter close to zero.

There is a partial amorphization of the compound during milling. But our mea-
surements of oxygen content and our milling experiments on Feso_gTiso__;. 0. clearly
show that any amorphization at the FesqTiso composition after long milling times is
directly the result of the oxygen present in samples. We believe that the evidence
given by the X-ray analysis, especially the comparison between the sum of the broad
peaks obtained by fitting the 6 nm sample of L. Zaluski and the experimental X-

ray pattern of fully amorphous FessTiys010 is convincing. Using a convolution of
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a Lorentzian function and the experimental peak function from the coarse-grained
sample, we were able to show that the dillerence between the caleulated pattern and
the amorphous pattern in figure 6.12 (the displacement toward higher angles of the
first maximum) comes from the asymmetric shape of low-angle difiraction peaks. We
did not determine the exact mechanism by which oxygen initiates amorphization but
we expect it is related to the strong bonds oxygen can establish with iron and ti-
tanium and the distortion this would produce in the vicinity of oxygen atoms. In
order to reduce the associated strain these disordered clusters probably assemble into
larger amorphous regions, otherwise the amorphous phase would not be visible by
transmission microscopy [104].

The very large strain observed after 20 hours of milling can be due to several
defects: chemical disorder, dislocations, oxygen impuritics, and stress near grain
boundaries. Some answers will come later as we look at the effect of the activation
treatment. However we may already mention that oxygen impurities can probably
not be linked to these high strains because the low-oxygen 12 nm sample has a strain
level, 1.48 + 0.07%, as high as other 12 nm samples with higher oxygen content. Mi-
croscopic observation would be necessary to determine if dislocations are present or if
strain is important near grain boundaries. The presence of dislocations is very likely,
given that our materials are produced by mechanical deformations. The increase in
lattice parameter observed during milling appears Lo be related to chemical disorder
caused by milling,

Concerning the stability of defects in the nanocrystalline microstructure, the re-
sults on crystallite size and strain level in milling experiments on Fe-'T4-Fe, Oy mix-
tures are particularly interesting, As the average crystallite is reduced below 10 i,
the average strain level is strongly reduced too (figures 6.20 and 6.21). This mecans
that below a certain crystallite size a defective structure really becomes unstable
with respect to the amorphous phase. This goes along the other changes in stability
associated to the nanocrystalline microstructure, such as the reduction in melting
temperature of nanometer-sized metals.

The milling experiments on mixtures of pure Fe and Ti powders proceed in a very

different fashion. On a macroscopic level, the pure metallic powders are ductile and
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forin flakes in the first hour of milling. The flakes obtained after hall an hour of
milling are wide (~lImm) and very thin compared to these milled one hour which
are mnch more “powder-like”. The final product is a powder identical to that made
by milling the intermetallic compound. On a different level, a lamellar microstruc-
ture {figure 6.27) is obtained in the carly stages of milling. This microstructure is
simply the result of repeated pressing and cold welding during collisions. It provides
numerous clean interfaces for the reaction between the two metals.

I'he reaction between Fe and Ti proceeds by the transformation of hep a-Ti into
bee 3-Ti(3 at. % Fe) followed by gradual enrichment of this bee structure. The
main peak of bee Ti(Fe) is very difficult to isolate because it is superposed to a-Ti
peaks., We were able Lo show however that the X-ray spectrum of FegyTisg milled 2
hours (figure 6.24) cannot be fitted with only four peaks (for a-Ti and Fe) and that
a good (it may be obtained using an extra peak for §-Ti(Fe) and a broad peak {rom
an amorphous phase. There is also some diffusion uf Ti into bee a-Fe. In a previous
arlicle [104] our group has shown, on the basis of transmission electron microscopic
ohservations, that the transformations from hep a-Ti to bee 8-Ti(3 at. % Fe) occurs
al o-Ti grain boundaries. I we follow the free energy of bee Ti(Fe) (figure 2.15),
we sce that it becomes higher than that of amorphous Fe-Ti at a concentration of
30 alomic percent iron. A transformation would have been possible, had the bec
structure not reordered. The gradual enrichment of bee Ti(Fe) does not appear in
the X-ray patterns of FesgTisg after increasing milling time because this process occurs
for the most part between 5 and 10 hours of milling and we did not make an X-ray
scan between these two periods. However a bee phase is very visible in the X-ray
pattern of FeyoTigy milled five hours. We see a peak at an intermediate position,
slightly left of the (100) peak of the final FeiTigy bee phase obtained after 20 hours
of milling.

As Lo the amorphous phase for which there is evidence in X-ray patterns of FezpTiso
it is not clear whether it is a temporary reaction product coming from interdiffusion
of Fe in Ti such as that forming in annealed Fe-Ti multilayers [97] or just the result
ol oxygen present on the surface of the initial powder. In the case of multilayers,

tlic amorphous phase is formed because the formation of the more stable crystalline
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structure is kinetically suppressed. Issues of interface cohereney also arvise. It s very
difficult to understand how an amorphous phase could form at the same time bee
3-'T1 does during ball milling. Unfortunately the experimental evidence here is very
indirect.

In the N-ray pattern of FeygTig miled 5 hours tue (101) peak of -1 (third peak
from the left in figure 6.29) is [ar too intense compared to the (002) peak (second
from the left), indicating the presence of g-Ti(Fe). At the same time the lar reaching
shoulder on the high-angle side of the Fe (110) peak indicates the presence ol an
amorphous phase. If the amorphous phase present at intermediate milling times {2-5
hours) was attributed to a kinetic suppression of formation of a more stable bee phase,
the relative amount of amorphous material and bee Ti(Fe) might be explained by the
different average composition and the rate of diffusion, both leading to a different
distribution of concentration.

In next chapter we will examine the change in samples after activation and repeated
hydrogen absorption-desorption in order to draw additional conclusions concerning

the defects produced by the milling process.
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HYDROGEN STORAGE IN BALL-MILLED FE-TI

7.1 Overview of hydrogen storage results

We present in this chapter the equilibrium behavior of five samples: coarse-grained
Fe'l't made by milling the intermetaliic compound for two minutes, two nanocrystalline
samples made from the intermetallic compound and from elemental powders and
called nanocrystalline FeTi and nanocrystalline FesaTisp respectively, nanocrystalline
Feqw'Tige obtained by milling Fe and Ti powders in the 40:60 atomic ratio, as well as
amorphous I'eg;Tia3 made from powders mixed in the 67:33 atomic ratio. The four
lalter samples were milled 20 hours.

The pressure-composition isotherm of coarse-grained FeTi prepared by milling an
ingot of the intermetallic compound for 2 minutes is shown in figure 7.1. The results
arc similar to those of Reilly and Wiswall [70]. The total storage capacity is somewhat
lower: 0.8 hydrogen per metal atom instead of 0.9. The plateau corresponding to the

transformation from the o to the 8 phase is at the same pressure and extends over

Table 7.1: Pressure of the absorption and desorption plateaus of each crystalline sample (in at-
mospheres). The midpoint is determined from the arithmetic mean of the logarithm of the two
plateaus.

sample absorption | desorption | midpoint
coarse-grained FeTi 12.6 4.9 7.9
nanocrystalline FeTi 12.1 4.5 7.4
nanocrystalline FegoTis 11.1 4.4 7.0
nanocrystalline Fe g Tigp 31 1.7 2.3

90
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Figure 7.5 Pressure-composition isotherm
for nanocrystalline FeqgTiga (crystallite
size: | lnm).

the same composition range. On desorption we find the same dip at H/M=0.6, but
it is much less pronounced than what is shown in [70]. Such a dip has to be a non-
cquilibrium feature. There is no transformation to the y-FeTiH, g in the pressure
range investigated.

The sample obtained by milling the intermetallic compound for 20 hours has a
significantly altered pressure-composition isotherm. There is additional solubility
before Lthe appearance of the 8 phase and the total storage capacity is reduced to 0.6.
Both platcaus (absorption and desorption) occur at slightly reduced pressure. The
otlier nanocrystalline FegoTisp sample made from elemental powders has a similar
isotherm, the absorption plateau however is found at a pressure slightly lower than
in the case of nanocrystalline FeTi. We also show the absorption curve for the 6 nm
FesyTliso sample made by L. Zaluski [104] (figure 7.4).

The nanocrystalline FeyTigo sample has an isotherm similar to FespTisg but the
plateau is shilted to a significantly lower pressure. The absorption plateau is at 3 atm
and the desorption plateau at 1.7 atm. This is very different from Ti-rich materials
made by conventional methods which separate into titanium hydride and FeTi-H [70].

Figure 7.6 shows the pressure-composition isotherm of amorphous Feg;Tia; for the

first storage cycle and one of the subsequent cycles. The curves are typical of what is
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found in amorphous syste 15, The concentration slowly increases with pressure and
there is no miscibility gap. The analysis of the sample retrieved after storage expen-
ments revealed a hydrogen concentration lower than (.01 hydrogen/metal, confirming,
that there is indeed a difference between the tirst and subsequent eyeles, and that
it is not related to hydrogen being permanently trapped in deep storage sites (with
very low energies). The change obscerved is therefore related to a relaxation of the
amorphous structure during the first cycle. There is no change in storage behavior
after the second cycle. The displacement of the curve toward higher pressures must he
related to a densification of the structure during the first storage cycle. The steeper
slope indicates a narrowing of the site cnergy distribution.

It is very intercsting Lo note that the intermetallic compound of the same conmposi-
tion Fe;Ti does not absorb hydrogen. The structure of amorphous alloys, with a wide
variety of local coordinations between nearest-neighbour atoms, explains this strik-
ing difference in storage properties between two materials having the smne chemical
composition. Interstitial sites with varying numbers of Ti and Fe neighbour atoms

are expected to exist, each with different binding encrgices.

7.2 Activation

As in the case of polycrystalline FeTi with large crystallites, our coarse-grained ma-
terial with an average crystallite size of 29 nm required a long aclivation procedure.
Precisely, ten activation cycles were necessary to oblain reproducible storage results.
In the case of nanocrystalline samples, a second activation cycle did not change the
storage results from those obtained after a first cycle.

The amorphous Feg;Tias sample had very slow kinetics. In absorption experiments
at 50atm, equilibrium was established only after 20 hours, compared to approximately
30 minutes for nanocrystalline materials. In order to measure pressure-compaosition
isotherms we had our amorphous sample treated with palladium by L.Zaluski in the
same way as for Mg, Ni [105, 107]. The amount of palladium introduced in the form of
clusters on the amorphous powder is less than one weight percent and the palladium
is not dissolved in the amorphous matrix. This procedure allowed the study of the

amorphous material by greatly accelerating absorption and desorption. In addition
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Table 7.2: Crystallite size of samples after activation and repeated hydrogen absorption-desorption
eyeles (in nanometers). For coarse-grained FeTi, the lincar regression led to the origin of the axes
with the error bar spanning positive and negative values. The domain size along the [h00] direction
is too large to be accurately determined from the width of X-ray peaks.

sample reflections | before I cycling | after activation

and H cycling
coarse-grained FeTi 110,220 20410 83+52

200,400 very large very large

nanocrystalline I'¢’Ti 110,220 1242 13+2
200,400 TEl 15£3
nanocrystalline esoTigo | 110,220 1242 1242
200,400 T£1 1242
nanocrystalline FeyoTigp [ 110,220 11£2 1041
200,400 6+1 17+4

to this, the material did not require any activation.

7.3 Microstructure and phase stability

Preserving the nanocrystalline structure during the activation and the hydrogen stor-
age cycles is a critical aspect in research on these materials. The crystallite size,
measured along the [h00] and [hh0] directions, are collected on table 7.2. The 2 min-
ules of milling to which the coarse-grained sample was subjected were sufficient to
reduce the crystallite size to 29 nm. However the material obtained after activation
and hydrogen cycling has a much larger crystallite size (83 nm). The large uncer-
Lainty for large sizes is typical of this method of size determination. The size along the
[h00] direction is very large, indicating that the growth of the FeTi structure proceeds
preferentially along this direction. The final size is the one which is representative
of the material studied in the equilibrium storage experiments, not the initial size
(as-milled).

'The nanocrystalline FeTi sample is stable, at least when we consider the size along

the [hh0] direction. The initial and final size are equal (considering the uncertainty).
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Table 7.3: Strain values for samples after activation and repeated hvdrogen abserption-desorption

cycles.

sample

reftections

before H eyeling

alter activation

and H cyeling

. 4 P
coarse-grained Fe'Ti

nanocrystalline FeTi

nanocrystalline FesoTis0

nanocrystalline FeyoTigo

110.220
200,400
110,220
200,400
110,220
200,400
110,220
200,400

0.22:40.05
0.310.05
1.4840.07
0.294-0.08
1.51+0.07
0.31%£0.08
1.56+0.07
0.37+0.08

0.7 10,05
0.65£0.06
0.14:£0.07
0.15+0.07
0.184+0.07
0.0540.07
0.23x0.07
0.71+0.07

Table 7.4: Amorphous content, lattice parameter d, and long-range order parameter S of smnples

as-milled.

sample

amorphous content (%)

coarse-grained FeTi
nanocrystalline FeTi

nanocrystalline FesoTi

nanocrystalline FeypTi

50

6o

0.0

5.1

9.7
9.8

2,978 | 0.96
2.984 | 0.71
2.982 1 0.65

2.998 | 0.54

Table 7.5;: Amorphous content, lattice paramcter d, and long-range order parameter S of samples

after activation and repeated hydrogen abscrption-desorption cycles.

sample

amorphous content (%)

d(Ml s

coarse-grained FeTi
nanocrystalline FeTi

nanocrystalline FegoTi

nanocrystalline FeqTigo

50

0.0
5.4
6.7
6.2

2.978 | 0.88
2.977 § 0.91
2.978 | 0.86
2.987 | 0.91
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Figure 7.7: X-ray dilfraction pattern of amorphous FegyTiaa treated with palladium. The erystalline
peaks are those of tungsten carbide impurities. There is not enough palladium to produce visible
peaks,
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Figure 7.8: X-ray diflraction pattern of coarse-grained FeTi before (a) and after {b) storage experi-

. ments.
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Figure 7.9: X-ray diffraction pattern of nanoerystalline Fe'l'i before (a) and after (h) storage expee-
iments.
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Figure 7.10: X-ray diffraction pattern of nanocrystalline FegpTise before () and after (b) storage
cxperiments.
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Figure 7.11: X-ray diffraction pattern of nanocrystalline FeyyTigo before {a) and after (b) sterage
experitents.

'I'here is some growth however along the [h00] direction, for which the domain size
increases twofold. Nanocrystalline FesoTiso and FeypTigo behave in the same manner.

The strain values are also given on table 7.3. The resulis are rather surprising.
As expected, the strain values for coarse-grained FeTi are low: 0.22 and 0.31 for
[hhO] and [h00] respectively. There is a significant increase in strain after H cycling.
"T'his must due to the defects creased by the inhomogeneous volume expansion upon
transforming to the 8 phase in aksorption and back to the « phase during desorption.
The creation of these defects is associated with hysteresis.

A different behavior is found in the case of nanocrystalline materials. The as-
milled samples are highly strained along the [hh0] direction. After activation and H
cycling, there is little strain left, except in the case of nanocrystalline Fe4oTigp along
the [h00] direction. These results, given the different activation behavior of coarse-
grained and nanocrystalline sample, suggest that the defects created by the formation
of the hydride in coarse-grained materials are essential for the absorption of hydrogen

lo take place. The results on nanocrystalline samples lead us to conclude that below
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a certain crystallite size the hydride phase can form without defects being initially
present. It might prove interesting to study the diffusion of hydrogen in a crystal, as
a function of crystallite size. taking into account the elastic energy. Possibly, in large
crystals, the interaction with a dislocation is necessary for the hydrogen atom to be
able to move casily into the bulk of the crystal.

Unfortunately, since our material was heated to 400° after each measurement of
the pressure-composition isotherm in order to remove all the hydrogen, it is likely
that the lower strain in nanocrystalline is simply the result of thermal relaxation of
the sample.

As could be expected the amorphous content of some samples is reduced by the
activation treatment and the absorption-desorption cycling (see table 7.5). ln all
nanocrystalline samples, the amorphous content after hydrogen storage expertiments
is around 5-6%.

The lattice parameter of all equiatomic samples goes back to the value of coarse-
grained FeTi 2.977-2.978 A (see table 7.5). The long-range order parameter of all
samples go to a rather high value (~ 0.9), providing additional evidence to relate the
increase of the lattice parameter during milling to chemical disorder. Using Vegard’s
law to calculate the composition of the nanocrystals in FeyoTigo, we obtain Fegs'liss,,
a somewhat disappointing result (the nanocrystals return to the equiatomic compo-
sition, a more stable titanium-rich composition might have had interesting hydrogen
storage properties).

In figure 7.7 we give the X-ray patiern of amorphous Feg;Tiss, treated with pal-
ladium, after several absorption-desorption cycles. The only crystalline peaks visible
are those of tungsten carbide impurities, with the exception of a very weak and broad
peak at 18.1° which would correspond to the Pd (111) reflection. The amorphous
structure is not changed by the storage experiments (there is no significant change in
the X-ray diffraction pattern).

The X-ray patterns of the nanocrystalline samples before and after activation and

repeated storage cycles are given in figures 7.8, 7.9, 7.10, and 7.11.
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Figure 7.t2: Pressurc-composition isotherm of the crystalline component of coarse-grained Fe'Ti
(solid line) and nanocrystalline FeTi (dotted line}, obtained by subtracting the amount of hydro-
gen corresponding Lo absorption in the amorphous phase using the isotherm of relaxed amorphous
Fegn'Tiso-

7.4 Discussion

7.4.1 Nanocrystalline Fe-Ti

As a first approximation, the pressure-composition isotherm of nanocrystalline FeTi
can be explained by taking into account the storage capacity of amorphous Fe-Ti. We
discussed in the previous chapter the presence of amorphous material in ball-milled
FeTi. As we shall see later, there is an interaction between the nanocrystals and the
amorphous regions. From the relative area of X-ray diffraction patterns, we estimated
the amorphous content of nanocrystalline FeTi after storage experiments at 5%. We
used the pressure-composition isotherm of relaxed amorphous FesqTise determined
by L. Zaluski (veference {104] and figure 7.23) and subtracted it from the isotherm of
coarse-grained FeTi and nanocrystalline FeTi according to the relation

Ccryata!(P) = 1__1_"‘f—a[cobserued(P) - facamorphoua(P)] (71)

where ¢ is the concentration, P the pressure and f; the fraction of amorphous phase

in the sample. The concentration obtained is that of the crystalline fraction of the
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sample. The resulting isotherms are shown in figure 7.12.

The results indicate that the plateau in the absorption isotherm of nanocrystalline
FeTi, corresponding to the transformation from the a phase to the 3 phase, is nar-
rower than that of coarse-grained Ie'l4. [n addition, there is no transformation to the
v phase in the pressure range investigated. Since there is no transformation to the 4
phase, it is not surprising that on desorption the material transforms back to the o
phase without following a desorplion isotherm similar to that of coarse-grained Fe'l'i.

The narrowing of the miscibility gap is largely due to the presence of an amorphous
component in the material. There is a reduction of the gap because of the presence
of the amorphous fraction itself, reducing the amount of material involved in the o 4
transformation, and an additional reduction caused by the clastic stress between the
two phases which, as we shall sce below, counteracts the hydrogen-hydrogen effective
interaction responsible for the miscibility gap. The evidence for the reduction caused
by the interaction of the two phases comes from the fact that even when we consider
the isotherm of the purely crystalline component, the plateaun for the nanocrystalline
sample is reduced with respect to that of coarse-grained Fe'l.

As we said, the amorphous phase, in addition to having a different storage ca-
pacity, interacts with the crystallites through long-range stresses. As the amorphous
component absorbs hydrogen, it expands and therefore exerts a negative pressure on
the crystalline component, decreasing therefore the energy of solution by increasing
the lattice spacing. Upon transforming to the # phase, the volume expansion of Lhe
crystalline component exceeds that of the amorphous. The latter then exerts a pos-
itive pressure on the nanocrystals, hindering the transformation to Lhe 4 phase hy
effectively compressing the lattice with respect to the value it would reach were the
surface of the nanocrystals stress-free. The effective lattice compression increases the
energy of the (4Fe,2T1) sites involved in the formation of the 4 phase.

It is possible to model the interaction between the crystalline and amorphous
components using elasticity theory with a few simplifications as to the microstructure
of the material, This is the purpose of the next scctions. We shall first calculate the
force-dipole tensor of FeT', a necessary step to relate lattice expansion or compression

to the energy of solution of hydrogen in the material.
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Figure 7.13: A1-FeTiHg.p4 in the y-z plane (large cell: unit cell, smali cell: FeTi distorted cell, Ti
atoms and H atoms hiding iron are abave the plane of the paper). Also drawn are the x and y axes
of the initial FeTi cell, its 2 axis is normal to the paper. The x,y, and z sites are identified.

7.4.2 Force-dipole tensor of FeTi

The force-dipole tensor of FeTi can be evaluated from the deformation of the lattice
measured by X-ray or neutron diffraction. With the lattice parameters of the distorted
cell measured for one of the hydride phases one can calculate the strain tensor and,
knowing the density of hydrogen atoms on each site, use equations (2.43) and (2.51)
Lo obtain the components of the force-dipole tensor.

In the case of the f; phase, the lattice parameters are a=2.954A, b=4.5384A, and
c=4.381. The initial FeTi cell has two axes oriented along the {(b + c) and (b —¢)
vectors of the new unit cell. We choose these to be the y and x axes of the FeTi cell
respectively. The z axis of the FeTi cell now corresponds to the x axis of the hydride
phase. For the sake of clarity we have reproduced in figure 7.13 the structure of the
B phase with the axes of the initial FeTi cell. The HI sites located at the corners
ol the unit cell are y sites, the other H1 sites are x sites, and the H2 sites are z sites
(sce figure 7.13). !

UThe sites x, ¥, and z correspond to j = 1, j = 2, and j = 3 respectively.
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Woe have to neglect the alternating displacements of the iron atoms from one Fe'ly
cell to the other. These are due to the ordered occupation of sites which is not treated
in this model. The determination of the parameters of the distorted cell is made over

two cells. The strain tensor for 8-FeTillpg, is:
0.059 0.019 0
e= 1 0.019 0.059 0 . (7.2)
0 0 =0.0075

The elastic constants of Fe'Ti are (in matrix notation) [11}:

c = 325 + IOGPH. (?.3)
ez = 121 £ 10GPa (7.1)
¢y = 69 £ 1GPa. (7.5)

The occupancy of H1 and H2 sites were given in chapter 2 for #-Fe'TiD, 4. We shall
assume that the Hl and H2 sites will be occupied in the same ratio as the D1 and D2

sites in the deuteride. The number of hydrogen atoms on cach site per unit cell is:

Ny = 0.414 (7.6)
N, = 0.414 (7.7)
Na = 0.113, (7.8)

and the corresponding densities are:

= 1.350 x 108m™3 (7.9)
p2 = 1.350 x 10**m~* (7.10)
p3 =4.28 x 10 m3, (7.11)

The force-dipole tensor we obtain for x sites is:

[ 166 012  0.12
Pi=-1012 018 =0.16 | x10""%joule (7.12)
| 012 —0.16 0.18
[ 1036 0.75 0.7
Pp=-| 075 112 —0.99 |eV. (7.13)
075 —099 112
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Figure 7.14: Spherical shell moclel.

(liven the symmetry of the octahedral sites in FeTi, the model we use is nel vonsistent
with non-zero ofl~diagonal components in the force-dipole 7.13. The shear deforma-
tion found in the hydride phase is a result of the ordering of the hydrogen on the z
sites. Il shear deformations were found without any ordered occupation breaking the
crystallographic symmetry, it would be a second-order effect in terms of the shear
components of the strain tensor, however we only censider effects which are linear
in terms of the deformation. Consequently, the off-diagonal terms will be dropped.
The force-dipole tensor will be used only in the case of uniform pressures where shear
deformations do not play a role.

The F;-FeTi, .40 phase has equal numbers of hydrogen atoms ou the three types of
sites, therefore only the trace of the dipole tensor is accessible. The trace is 13.4eV,
compared to 12.6eV for the 8, phase. The precision of calculations made using the
force-dipole tensor is therefore restricted to 10%, considering also the uncertainty on

the clastic constants.

7.4.3 Spherical shell model

In the presence of external forces the condition of time-averaged mechanical equilib-

rium becomes:

hrto!
= F 7.14
() = o (7.14
where F,, is the force applied on atom m. We will be interested only in cases where
it vanishes everywhere except on the surface of a crystal. Equation 2.37 is changed

Lo:
(pmn Vg = —"I'm + Fm- (7.15)

In the continuum meodel, this translates into a new boundary condition (see equa-
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tion 2.49):

C"nlijwﬂd(r)(ul!(l‘) - “'!A?;i(l') [”n;i(r) - (Tnﬂ'] (T lh)

where 0,4 1s the homogeneous external constraint producing the forces F,,. The
stress tensor o, will go into equation (2.47) where it was sel to zero for free eryvstals,

Equation (2.52) becomes
{;m(r) = _S;m.ui [”nji(l‘) - ‘Tn;i] (T~[T)
and, instcad of 2.63, we find

L ¢ , ) . | . : -
Hclnstic = Y ] “nﬂ(r)‘sﬂﬁmrlIul'(r)d‘;r + 5 f anH-\uf,u:”;au‘”l' (l.lh‘)

| ) . : _

= _;/l_I"ﬁ(r)SanI”']lﬂ"(r)d-;r + Fanj—i‘qn]f“ua“n (T.l”)
1 ) . ..., o

= —5 [ Map) S (1) + 5V, (7.20)

where we only consider a uniform pressure on the crvstal (6, = ad,z). The second
term in (7.20) is the change to the potential encrgy caused by the external pressure.
The total potential energy is the sum of the harmonic potential of the host lattice and
the hydrogen potential energy which includes a constant term and a linear hydrogen-
metal term. The potential energy of the metal-hydrogen solution near its point of
stress-free equilibrium has the same quadratic dependence in terms of lattice expan-
sion than the pure metal around its own point of mechanical equilibrium. Adding an
external pressure will change the potential energy in the same manner as i would
change that of the pure lattice, by adding a term depending on the external pressure
o. There is no term involving both the force-dipole and the external pressure.

The negative pressure on nanocrystals is caused by the expansion of the amorphons
regions as they absorb hydrogen prior to the transformation of the crystalline compo-
nent from e-FeTi-H to 8-FeTi-H, after which the reverse takes place, the crystals exert
a positive pressure on the amorphous regions. We present here two simple models
to describe this: a spherical shell model (figure 7.14) where the amorphous material
forms a shell on the surface of spherical crystals and a uniform dispersion model where
amorphous inclusions are homogeneously dispersed throughout the material. There

is experimental evidence to support the spherical shell model. Transmission clec-
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tron microscopy on nanocrystalline FegoTisg {104] shows nanometer-sized crystallites
separated by a thin amorphous or highly disordered layer.

To deseribe the equilibrinun of the composite material we need the force-dipole
tensor and the elastic constants of both phases. The force-dipole tensor of crystalline
o'l was previously calculated from crystallographic data and the elastic constants
have also been reported [11]. In the absence of data for amorphous FesgTisg we have
to extrapolate on the basis of empirical observations on amorphous alloys. The bulk
and shear modulus of amorphous transition metal alloys are generally 4% and 30%
lower, respectively, than those of the crystalline intermetallic compound of the same
composition {30]. The bulk modulus of FeTi is 189GPa and the shear modulus is
69G1Pa. We therefore use 181GPa and 48GPa for amorphous FesgTiso. The Poisson
ratio and Young's modulus can also be found by assuming that the amorphous phase
is isotropic [75].

For the amorphous phase we assume an isotropic and diagonal force-dipole tensor

with diagonal clements given by (2.59):
P,, = —BU", (721)

where the index a stands for the amorphous phase and vy is the volume expansion
per hydrogen atom. Although there are no precise figures for vy, the literature [34]
on amorphous transition metal alloys suggests it should be around 2.8A°. The use of
a single force-dipole tensor is not strictly correct since there is a variety of sites with
probably differing volume expansions associated to them. However, since the volume
expansion per hydrogen atom is usually around 2.8 3= 0.24% for most metal-hydrogen
systems, we may think it does not vary much from one type of site to another in the
same material.

The spherical shell of inner and outer radii R; and R, respectively is subjected to
a pressurc —o on the inner surface. The outer surface will be considered free. This
model would become extremely complicated otherwise. The stress components on

such a spherical shell with an inner pressure are given as an exercise in Landau and
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Lifshitz [54]. In spherical coordinates (r. 0, ¢) they are ':

oIt R ..
U,,:—-Im—_l'ia(l—'——“) (I...!'..:)

r

17 H
Tpg = T = —ﬂl— (1 + h-) . (T'._,-n

N 2

-

Iu the case of a thin shell (1 = By - By « Ry, RBa) we have

(’- —
Urr = 5 (f....).'l)
ar -
Tog = Tpp = _T{.' (f.'..)..'l)

For 10 nm crystallites and 10% amorphous content the thickness is £ = (.19 nm.

Using
P 2P
Ty

where the index ¢ designates the crystal, we find for the clastic encrgy of the crystal

P (7.206)

and the amorphous shell:

| PPN 1L, o
f‘{¢= --2———‘/‘:——-1-51\,-_\/,-_0' (I.ll)

{see equation (2.66) and (7.20)) and
| PERL,N2 1 , -
H, = 9 - V. + ‘,u";a““'s"-““llllgﬂll (7.28)

4 i -

respectively. We want to eliminate ¢ in the equations above. The constraint that the
situation dictates is that linear deformations along the surface of the shell must be
equal to linear deformations inside the crystal. This will ensure contact between the

crystal and the shell. In other words:

1
Cop = Copp = ',;ﬁc,mn (7.29)
By using one third of the relative volume expansion in (7.29) we neglect the change
of shape of the crystal, since its expansion is not equal in the three perpendicular
directions. This approximation is not worse than choosing a spherical crysial in the

first place.

IThere is no summation on indices r,8, and ¢.
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lising equation (7.17) we have:

Coup = ' .mmr.@ [“nﬁ - o'aﬁ] (T:;O)
- " KebeNe | o, (7.31)
V.
IFor the amorphous shell
| I\,,N,, P, -
(g = } 1/ + Su PiaaPaa- ( i .-32)

luseriing equations 7.31 and 7.32 in 7.29 we find

K PN, . Ko N, P,
- Vc [\CU = —_"}u_— + 33:1,80000.&0- (733)

We isolale o KobeNe  KaPiNy

v Nt -
T (7.34)
I‘ + 5 21* + 21’ 2Vl

where Y; is Young’s modulus and », the Poisson ratio of the amorphous phase. In

terms of Lhe concentration in the crystalline (¢.) and the amorphous (c,) components

we have

!\_':!3:2:. — KaPyey
T (7.35)

TRt et v
where v, and v, is the specific volume of each component. Here we have changed our
convention from ¢ = N/Ny to e= N/N,,.

We now have an expression for the pressure exerted on the crystal as a function of
the number of hydrogen atoms N, and N, dissolved in the crystal and the amorphous
shell respectively. N, does not vary much in the pressure range of interest, we may
therefore use a single value and study the effect on the pressure-composition isotherm
of the crystalline part, For fully relaxed amorphous FeseTiso (reference {108] and
figure 7.23) we have

N, = 035N, L. (7.36)

The correction to ithe chemical potential in equation (2.18) comes from the last

term of equations 7.27 and 7.28. By differentiating with respect to N (A,), we obtain

Ap = 6?V (11\ \CG + = ‘ UaaSa,uaupo'm:) (737)
2 Vot 1 2u,r do
m— v f’ —_ / — — e — _— v 4 .
By [21‘“1”3‘“[1 (Y ¥ Yt)+ Y. T Yt ]] AN
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where

do NP, 3w, 3r 3, ry! -
= — [l\c ] (7.39)

ON. Ve 2y, 2t 2t
The pressure-composition isotherm of the crystal surrounded by an amorphous

shell is given by:

lle AN - Iy LT ¢ L -
3 n Fﬂ = (T - > + &l In (67_:7) — i€+ Apr. (7.10)
Following our new convention ¢ = N/N, we had to put 0.7 instead of 1 in the
configuration entropy term
&
KT ( ) 7.
n 07 — ¢ (7.-41)
Subtracting the equation for the purely crystalline material
1 P W By ¢ -
"ékT]Il (73(-)') = ﬁo('] ) - —é— + AT In ('0'7__(') - a0, (fl'l)

from (7.40, we obtain the relation between the pressures corresponding to each ma-
terial at equal concentration:
P = pel ). (7.43)
In the case of 10 nm crystals with 10% amorphous phase and ¢,=0.35 we get from
equation (7.35)
o= —1.4x%10%.+ 3.7 x 10°Pa (7.14)

and the correction to the chemical potential becomes

Ap=49x 10", — 1.4 x 107*] (7.45)
Ap = 0.031¢, — 0.009V. (7.16)

The change in pressure at 32°C is given by
Pr = Pe(2.-lc¢-0.0). (747)

We see immediately that the onset of the plateau corresponding to the transfor-
mation from the 8, phase to the 4 phase and which occurs at a concentration of 0.7
hydrogen per metal and a pressure of 25 atm will be shifted to a pressure of 68 atin,
slightly above the range limit of our transducer. If the amount of amorphous phasc

is 5%, the pressure for that transformation goes to 39 atm.
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Figure 7.15: Caleulated pressure-composition isotherms for different amounts of amorphous phase
with hydrogen concentration ¢,=0.35, as calculated using the spherical shell model. The initial
isotherm has a plateav at 12.6 atim and a maximum solubility in the o phase of 0.05 hydrogen/metal.
The amorphous content is: (a) 0%, (b) 10%, (c) 20%, (d) 30%, (¢} 40%.
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Figure 7.16: Caleulated pressure-composition isotherms for different amounts of amorphous phase
with hydrogen concentration ¢,=0.45, as calculated using the spherical shell model. The amorphous

content is: (a) 0%, (b) 10%, (<} 20%, (d) 30%, (e) 40%.
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Figure 7.17: Calculated pressure-cotnposition isotherms for different amounts of amorphous phuse
with hydrogen concentration ¢,=0.53, as calculated using the spherical shetl model. ‘Uhe mnorphous
content is: (a) 0%, (b) 10%, (c) 20%, (d) 30%, (c) 10%.
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Figure 7.18: Calculated pressure-composition isotherms for differeut concentrations of hydrogen in
the amorphous phase: (a) ¢,=0.35, (b) cz=0.45, (¢) ¢,=0.55. The amorphous content of the material

is set to 20%.
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Figure 7.19: Calculated pressure-composition isotherms for different amounts of amorphous phase
with hydrogen concentration ¢,=0.45, as calculated using the spherical shell model. The volume
expansion per hydrogen absorbed is assumed to be the same for the amorphous phase and §)-
FeT'illp.g4. The amorphous content is: {(a) 0%, (b) 10%, (c} 20%, {d) 30%, (e) 40%.

In figures 7.15, 7.16, 7.17, 7.18 we describe the influence of the amorphous phase on
the absorption properties of the material for a crystal size of 12 nm. Since the plateau
does not correspond to the chemical potential of an homogeneous solution we have to
fit the data of coarse-grained FeTi, our reference sample, with equation (2.20). The
correction to the chemical potential can be applied and the new plateau calculated
from the modified chemical potential curve. First we have to calculate the constant
terms in (2.20):

1 P Ey c
SKTIn (Fo) = (1) — 22+ ATn (ﬁ_—é) — imic. (7.48)

We have arbitrarily chosen the concentration in B1FeTiH, 40 (¢ = 0.7) to be the
number of storage sites, in order to simplify the model. The absorption plateau of
coarse-grained FeTi is at 12.6 atm. We fix the solubility limit in the « phase to be
0.05 hydrogen per metal, the value given by Reilly and Wiswall [70]. From these

values we determined the constants in the reference isotherm equation (7.48), then
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we applied the correction for the chemical potential calculated above. The values are

ine = 01570V (7.19)

flo = 2.181eV. (7.50)

From (7.49) we get for the critical temperature of formation of 3-Fe' Tl 40 T = 155K
(using T, = ajnef4k, section 2.2). The phase diagram of the Fe'Ti-11 system determined
by Reilly and Wiswall [70] ends at 70°C, but, extrapolating from the available data,
the critical temperature seems to be located around 370K,

In the case of where the hydrogen concentration in the amorphous phase is ¢, =
0.35 (figure7.15), increasing the amount of amorphous phase increases Lhe pressure of
the plateau. The width of the plateau is also reduced, because of the amorphous phase
which has a nearly fixed concentration, and becausc the elastic stress it exerts on Lhe
crystals counteracts the effective hydrogen-hydrogen interaction. For an amorphous
content of 30%, there is no miscibility gap.

In the case of ¢; = 0.45 (figure 7.16), which is the hydrogen concentration in un-
relaxed amorphous FesgTisg, the same narrowing of the miscibility gap is observed, but,
there is almost no change in the pressure of the absorption platean. If we consider
an even higher concentration in the amorphous phase ¢, = 0.55 (fligure 7.17), the
pressure of the plateau decreases with increasing concentration. This is the hehavior
we observe in our nanocrystalline materials. Our samples, with a crystal size of 12
nm and an amorphous content of 5-6% show a slight reduction in the pressure of
the absorption plateau. The sample of L. Zaluski, with a smaller crystal size and a
more important amorphous fraction show a significant reduction in pressure. It must
be noted that his sample was heated only once at 400°C for 30 minutes, while our
samples were heated several times. We also give the effect of varying the hydrogen
concentration, keeping fixed the amount of amorphous phase, in figure 7.18. The lack
of experimental data on the expansion of the amorphous phase leaves the possibilily of
substantial error in the evaluation of the force-dipole tensor of the amorphous phasc.
For example if we assume that the volume expansion per hydrogen atom dissolved
in the amorphous phase is the same as that in the crystal (3.1A%) instead of 2.8A%
and use ¢; = 0.45, the effect of the amorphous layer is to decrease the pressure of the

plateau (figure 7.19).
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Figure 7.20: Uniform dispersion model. Figure 7.21: Calculated pressure-

composition isotherms using the uniform
dispersion model for different amounts of
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10%.

Our conclusion on these matters is that the spherical shell model provides a sound
ramework for analyzing the stress-induced modifications to the storage behavior but
that some specific parameters would need to be determined more precisely. It is
still remarkable that this simple model produces elastic stresses of the good order of
magnitude to affect the storage properties of materials in a fashion similar to what is

observed in experiments.

7.4.4 Uniform dispersion model

We now consider an alternative model where sinall amorphous regions are uniformly
dispersed throughout the material (figure 7.20). We disregard possible rearrange-
ments at the microstructural level and consider the volume expansion of the matrix
caused by hydrogen absorption in the amorphous regions to be homogeneous. Dis-
regarding microstructural rearrangements such as cracking is not totally unjustified
since electron microscopy observations of hydrogenated nanocrystalline samples show
no sign of decrepitation [106]. We make two further simplifications. We assume that
the bulk moduli of the crystalline and amorphous phases are equal and that the vol-
ume expansion per hydrogen atom dissolved is the same in both phases. Since this

expansion is usually around 2.8A2 for a large variety of hydrogen absorbing alloys, it
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is not totally unreasonable to assume that the expansion is approximately the same
for the different sites in the amorphous phase. The energy of solution will of course
be different from one site to another.

We have a distribution of energies in the amorphous phase but since the hydrogen
content of the amorphous phases varies slowly compared to the crystalline phase,
especially in the plateau region, we might consider the hydrogen concentration con-
stant.

The model is equivalent to having “amorphous” sites dispersed throughout the

material. The chemical potential will therefore be given by:

I P By oo 3 i
SATIn (1—,0) = 1o(T) = 2+ KT ln (6-‘"—) — imeC. (7.51)

where we put again that only 0.7 sites per unit cell of the crystalline phase are accessi-

ble. Note that the configurational cntropy term involves the hydrogen concentration
in the crystalline phase while the interaction term involves the overall concentra-
tior. In principle, the configurational entropy term should involve the amorphous
sites which have the same energy as the the crystalline sites. llowever the energy
distribution of amorphous sites is very broad and most of them have an encrgy either
smaller or larger than that of crystalline sites. Ouly a [ew sites within a narrow en-
ergy interval have to be counted with the crystailine sites and they are numerically
unimportant.
We may express (7.51) as:

-l P ri Eli iy CC . L 2N 1)
3T () = wolT) = 3+ AT 10 () = e = e (252

where f. and f, are the respective fractions of crystalline and amorphous phase (f. =
1 = f3). In order to obtain the correction to the chemical potential with respect to

the reference isotherm (7.48) we must replace f. by | — f, in (7.52):
1 P _ ’ Ed . Ce
KTln (Fo) = ialT) = 5+ KTIn (G

The correction to the chemical potential —in the formalism of equation (7.43) —, is

) — imCe = Cint(ca — €)fur  (1.53)

Ap = —ainca — ) fa. (7.54)

The expression (7.54) elegantly and very simply express the fact that the amor-

phous phase pre-expands the matrix before the plateau and resists further expansion
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Figure 7.22: Caleulated pressurc-composition isotherms for partially disordered (S = 0.9) FeTi (b)
and reference isotherm for fully ordered Fel'i (a).

as the concentration in the crystalline phase exceeds that in the amorphous phase.
Figure 7.21 shows the pressure-concentration isotherm for diflerent amounts of amor-
phous phase in the material. Here we used ¢,=0.45.

The effect of the amorphous phase is stronger than what is found in the spherical
shell model, probably because the amorphous regions do not have free surface in the
uniform dispersion model. The [ull effect of the expansion of the amorphous phase is

felt by the crystalline matrix.

7.4.5 Chemical disorder

Another important factor which can influence storage properties is the chemical disor-
der on the FeTi lattice. In all our equiatomic samples the long-range order parameter
S is around 0.9. This means that the probability of finding a Ti atom on a Ti lattice
site is 0.95 (see equation 6.1). The probability is the same for Fe atoms on Fe sites.
Let us consider what happens then to the storage sites of the 8 phase (with 4 Ti
and 2 Fe lattice sites). In the fully ordered FeTi compound we find 1.5 of these sites

per metal atom. We suppose now that S = 0.9. We also assume that there is no
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Table 7.6: Number of each site per metal atom for 5 = 0.9,

Gle0Ti | 0.00000846
e 1T | 0.0006-1392
AFe 2T | 0.01839409
JFe 37T | 0.23406516
2Fe AT ] 112712379
1Fe,5Th | 0.1167L017
0le,6T1 | 0.00305441

short-range order other than that coming from long-range order. In other words the
probability of finding the right atom on the right lattice site is 0.95, regardless of the
neighbouring atoms. We give below the number of cach type of site per metal atont,
We disregard the precise coordination but classify sites on the basis of the number of
Fe and Ti atoms present. However the number of (1T1,2F%) sites with one or two Fe
atoms on the Ti lattice (hereafter called "abnormal™ (4T1,2l¢) sites) is very small:
2% of the total number of {4Ti,2F¢) sites.

It is not clear what the energy of the “abnormal” (4Ti,2Fe) sites would be, but it
is very likely that the (6Ti) and {5Ti,1Fc) sites have a potential energy lower Lhan
that of the normal (4Ti,2F¢) sites. We also expect the energy of the sites with 3 Fe
atoms or more to have a higher potential energy. The (211,4F¢) octahedral sites of the
intermetallic compound may also have their energies changed by chemical disorder,

Upon filling the sites with hydrogen, we expect the low cnergy sites which exist
because of chemical disorder to be occupied first. Among Lhese, the (571,1F¢) sites
with the I'e atom on the Fe sublattice are the only which numerically matter. Then
the normal (4T1,2Fe) sites should be numerous enough to fill the sample up to 0.7
hydrogen per metal atom, ihe concentration of the B8; phase. It is nol clear how
the pressure of the plateau would he affected, however the occupation of low energy
(5Ti,1Fe) sites randomly located could well prevent the formation of any ordered
configuration of hydrogen atoms, such as the octahedrally-coordinated hydrogen sub-

lattice of the y-FeTiH, go structure. It is also certain that the reduction of the normal
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storage sites will translate into a further narrowing of the miscibility gap.

We illustrate the effect of disorder in figure 7.22 by calculating again the change to
a relerence pressure-composition isotherm with a plateau at 12.6 atm. We assume that
the maximum number of hydrogen that can be absorbed in a disordered configuration
is 0.7 per metal atom and that all the low cnergy sites, (6Ti). and (3Ti,1Fe), are
ocenpied when we start filling the (4T1,2Fe) sites for which we neglect the precise
configuration. Therefore in this model, at ¢=0.7, we have 0.12 hydrogen per metal
atom in deep sites and 0.58 in normal sites. The pressure-composition isotherm is
given by:

| r L, . T -
§k'f'ln (T’;) = ny(T") — Tt 4+ &7 In (l]58+1) - UineC, (7.55)

where x is the partial occupation of normal sites and ¢ is the total concentration

e=0.124+0.58 - x.

A

We do not really expect all deep sites to be filled before the (4Ti,2Fe) sites start
heing occupied nor do we assert that the maximum capacity will remain at ¢=0.7;
our purpose here is to estimate the change in plateau pressure caused by chemical
disorder. We wish to compare the changes to those caused by the elastic stress. T«
expansion caused by the hydrogen atoms located in deep sites is taken into account
in the concentration dependent term. The potential energy of normal sites is fixed
al Lthe same value as that of {ully ordered FeTi. We see that the effect of chemical
disorder is to reduce the pressure of the plateau and the extent of the miscibility
gap. There is also a shift of the plateau region to higher concentrations. This shift is
observed for unrelaxed nanocrystalline FegoTisp (section 7.5 below). The reduction in
pressure is far too large with respect to the experimental observations. It is possible
that the diflerent chemical environment of the low energy sites leads to smaller lattice
expansion, a latlice contraction is even observed in certain metals [34]. Consequently
we may have exaggerated the interaction between the hydrogen atoms in the two kind
of sites. More experimental data would be needed to treat this problem. However the
6 nm sample of L.Zaluski has a stronger reduction of the plateau pressure and since
it was heated only 30 minutes at 400°C, we think that its initial long-range order
parameter § = 0.65 may not have increased to 0.9 as in our samples. The additional

chemical disorder may be responsible for the further reduction of the plateau pressure
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Figure 7.23: Pressure-composition isotherm for amorphous Fego'Tisn measured by L. Zuluski {103
{squares: as-milled material, triangles: relaxed material).

(to ~7 atm).

7.4.6 Nanocrystalline FeqTig
The nanocrystalline FeyoTigy exhibits a significantly lower plateau pressure. Suppos-
ing we accept the resuli that the composition of nanocrystals in Lhis sample, as calen-
lated using Vegard's law, is FesTiss (very close lo the equiatomic composition), Lhe
number of “deep sites” is larger than what is found in Fegy'Tise (0.18 per metal atom
compared to .12 per metal atom respectively). Here we have used §=0.9 [or hoth
compositions. Given that the effect of filling these deep storage sites is Lo decrease
the plateau pressure and shift the isothermal curve toward higher concentrations, the
absorption behaviour of FeyyTigo 1s well described by this very approximale model.
The larger lattice parameter, compared to FesgTisg, tnay have some effect on Lhe

plateau pressure. Electronic effccts could also play a role.

7.4.7 Relaxation in amorphous Fe-Ti

In this section we present our analysis of the effects of relaxation on hydrogen storage

in amorphous FeggTigy milled with palladium. The samples were made by L. Zaluski
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and the content of this seetion has been published in a recent article [108).

Figare 7.23 shows the absorption curves of amorphous FeggTise as-milled and after
annealing one hour at 400°, An irreversible relaxation takes place during anncaling
since the absorption curve, which is a straight line for all practical purposes, is shifted
toward higher pressures.

The lact that relaxation does not change the slope of the isotherm but only shifts
it 1o lhigher pressures suggests that the distribution of site energies is nol changed
in form but only shifted to higher energies. Assuming this displacement is caused
by densification, it is possible to calculate the change in specific volume vy from the
pressure shift of the isotherm. We use the same linear potential between protons and
metal atoms and hard core repulsion between protons [92], together with an isotropic

and diagonal force-dipole tensor and replacing its diagonal component P2 by
P= —B'U", (7.56)

where 3 is the bulk modulus of amorphous FespTisg and vy the volume expansion
per hydrogen absorbed. We feel justified in making use of an isotropic and diagonal
force-dipole tensor since an amorphous material has no preferred direction and, on a
scale larger that interatomic distances, can be considered isotropic.

Upon relaxation, the specific volume of the alloy decreases. We simply consider to
have a material with the same clastic constants, but with a hydrogen-metal potential
energy decreased by the amount corresponding to the change associated with the

latlice expansion {or contraction in this case):
() = Wo(r) + ¥p(7) - Auyy, (7.57)

where Au,, is the displacement of metal atoms caused by relaxation, and W (7) is
the potential energy of a site in the un-relaxed material prior to the equilibration
ol neighbouring metal atoms (sce equation 2.35). The hard-core potential does not
change with expansion or contraction and the purely elastic energy of the host alloy
(the second term in equation 2.35) has its equilibrium point at the new hydrogen-free
configuration. The energy associated with the relaxation enters into the first term ®

which does not affect the chemical potential of hydrogen.
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The correction W,,(7) - Au,, to the potential energy becomes, in the continaum

model,
/ |1n.it.,ml'“t‘. (T‘-'S)

The ¢, of the last equation is the deformation produced by relaxation. We treat ot

as a pure contraction and find
AV
Al = - Buy (—‘—) N, (7.59)

where NV is the number of dissolved protons.
The correction to the chemical potential is
AV
A_lt = —Duey (“‘—) . (7.60)
s
The pressure in the relaxed material corresponding Lo a given concentration of hy-

drogen is related to that for the as-made material by the expression:

t L A,
-;k’['ln P+ B-u”—'_\-vl = lJ’c’:"ln P (7.61)
2 37y 2

The change in specific volume is
I

AUM !\.’fl‘ P
= —, 7.62
oY) 2By n P (7.62)

Using vy = 2.8A% and B=181GPa gives Avyyfoar &= —1% and Ap = 0.03eV.

7.5 Relaxation in nanocrystalline Fe-Ti revisited

The effects of relaxation on hydrogen storage in nanocrystalline Fegy' Tz with Pd cata-
lyst have been reported by our group in a recently published article [108]. The results
are reproduced in figure 7.24. The diflference between the as-milled and anncalod
samples is attributed to the high level of strain and chemical disorder in ball-milled
samples.

The calculated pressure-composition isotherm of section 7.4.5 does resemble the
isotherm of as-milled FesoTiso, at least with regard to the decrease in platcau pressure
and the large initial solubility at low pressure {discussed as a shift to higher concen-

trations in section 7.4.5). The disappearance of the plateau is likely due to the fact
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Figure 7.24: Pressurc-composition isotherms of nanocrystalline FesoTiso with Pd catalyst measured
by L. Zaluski [108]: (a) as-milled, (b) after anncaling at 300°C for 0.5 hour, (c) at 400°C for 0.5
hour, (d) after long annecaling at 400°C,

that the encrgy distribution of (4Ti,2Fe) storage sites can no longer be represented
hy a delta function, given the disorder of the surrounding lattice.

"I'he long-range order parameter of our nanocrystalline samples increases substan-
tially during activation, supporting the explanation offered in [108] for the change in
slorage properties upon rclaxation. No significant recrystallization was reported in
the above reference. If there were, it would also have the effect of raising the plateau

pressure and extending the miscibility gap.

7.6 Hydrogen absorption in nanocrystalline palladium

In chapter 5 we discussed the experiments of several investigators on hydrogen ab-
sorption in nanocrystalline palladium. To summarize the literature on the subject,
the experiments of Miitschele and Kirchheim [63, 62] show a broad distribution of
sites linked to the presence of a large number of grain boundaries, while the experi-
ments of Eastman et al. [83, 31, 23, 25] demonstrate that grain boundary regions are

notl diflerent from those found in coarse-grained polycrystalline materials, and that
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the hydrogen absorbed before the transformation to the hydride phase expands the
palladium nanocrystals.

The neutron inelastic scattering experiments of Stuhr et al. [7Y] conlirm the link
between the broadening of the site energy distritbution and the presence of a high
density of grain boundaries. They propose that the grain boundary sites, while still
located on lattice positions of the erystal, have their energies changed because ol
the proximity of the grain boundary. They also suggest that the hydrogen absorbed
near the grain boundary causes an expansion of the whole nanocrystal, making it
appear in the X-ray pattern as if there were only one type of site corresponding to
absorption into the bulk. We agrce with Stuhr et al. that this explanation reconciles
the absorption data of Miitschele and Kirchhicim with the structural observations of
Eastman at al. on nanocrystalline palladium,

We have several reasons to propose for the modification of the energy of sites near
the grain boundaries. First, strain ncar the grain boundaries caused by the dilferent.
atomic coordinations in the boundary itself, is likely to extend several atomic layers
inside the crystals. Considering that changes in density of 1% (for example in the case
of amorphous FesqTiso), are sufficient to change the absorplion pressure by an order
ol magnitude, moderate strains near the grain boundary may substantially change
the energy of these sites. [t is not nccessary, therefore, to postulate the existence
of a thick and highly disordered phase to explain the broadened energy distribution.
Secondly, second and third nearest neighbour may contribule significantly to the elas-
tic constants of the metal (see equation 2.41 and reference [28]), again the different
atomic coordinations at grain boundaries probably affect the stress-strain relation
over a distance larger than the thickness of the grain boundary itself. Finally, mea-
surements of the vibrational spectrum of nanocrystalline materials [100] indicate a
change in surface or interfacial modes, which is likely to affect Lthe absorption on the
sites near grain boundaries.

The hydrogen storage properties of nanocrystalline palladium, seen as a network
of grain boundaries surrounding nanometer-sized grains, can very likely be modeled
using an approach similar to what we have used in our study of Fe-Ti. At the time of

writing, Eastman [24] has proposed such a model. We point out that the appropriate
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mathematical expressions, at least for a simplified model, have been presented here.

7.7 Kinetic properties

In view of possible applications, good kinetic properties are absolutely essential. Qur
group has alrcady reported major improvements with respect to the rate of absorption
of hydrogen in storage compounds [107]. Aoki et al. [3] have also reported an increase
in absorption rate after milling. They attribute the increase to a smaller particle
size. We report our own data here on coarse-grained FeTi and nanocrystalline FeTi.
In these experiments the pressure was suddenly increased from 0 to 50 atm and
the absorption measured. Typical absorption curves are shown on figures 7.25 and
7.26. Pigure 7.25 gives the absorption data in the first five seconds, providing the
absorption rate at low concentration. Figure 7.26, instead, gives the absorption curve
in the first five minutes, where both samples practically reach their maximum storage
capacity. The absorption rate at early times (low concentration) is 0.0133 = 0.0002
hydrogen atom per metal atom per second in coarse-grained FeTi and 0.0371 4 0.0006
in nanocrystalline FeTi. The absorption rate scales with the grain boundary volume
but the relation is not simply linear. The results may indicate that the diffusion of

hydrogen is faster along grain boundaries but they could also mean that the formation
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of the hydride phase in the bulk of crystallites proceed faster because of dilferent

. mechanical properties.
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CONCLUSION

We summmnarize here the work we have presented. We performed two main kinds
" ne*

of experiments: ball milling of Fe-Thi at different compositions, monitored by X-ray

diffraction, and hydrogen storage measurements on the resulting materials.

8.1 Milling experiments

Milling experiments on the FeTi intermetallic compound result in a rapid decrease of
the crystallite size and the long-range order parameter, as well as an increase of the
strain. The final crystallite sizc after 20 hours of milling is 12 nm. A fraction of the
material is amorphous. This amount of amorphous phase correlates very well with
the amount of oxygen contamination.

Milling a mixture of pure powders of composition FesoTisg gives a similar material.
The diffusion of Fe in hexagonal Ti transforms it into bee Ti(Fe). Gradual enrichment
of bee Ti(Fe) brings it to partially disordered FeTi compound. An amorphous phase is
already present at intermediate milling times (2-5 hours). It is not clear whether this
amorphous phase is an intermediate reaction product or the result of oxygen-induced
amotphization,

In order to establish more clearly the link between amorphous and oxygen contents,
we performed a series of milling experiments on mixtures of iron titanium and iron
oxide (FesOa). There is a linear relation between the amount of amorphous phase
and the oxygen content after 20 hours of milling. An interesting result of these
experiments is the decrease of strain as the average crystallite size goes below 10 nm.

Iu the case of the FeyTigy composition the reactions proceed in the same manner
as with FesoTiso. The final lattice parameter is larger than that of the equiatomic

nanocrystalline sample, a result of the larger titanium content. The X-ray patterns at

126



8: CONCLUSION 197

intermediate milling times clearly show a bee Fe-Ti structure with a lattice parameter
between those of bee B-Ti(3 at. % Te) and cubic Fe'Ti (CsCl structure).

After 20 hours of milling the Feg:Tiay is completely amorphous. The ervstallization
enthalpy is slightly larger than that of vapor-quenched films [95].

Ball milling experiments were also analyzed using thermodynamic calculations
performed by Zhi-Hua Yan using the CALPHAD method. These calculations show
that, apart from the Fe rich region, the free energies of the amorphous phase and the
bee phase are very close and that an almost complete chemical disorder is necessary in
order to have a transformation to the amorphous phase. In the iron-rich region there
is a rather stable amorphous phase. This explains the ease to synthesize amorphous

Pegr Tias.

8.2 Hydrogen storage experiments

8.2.1 Equilibrium properties

The pressure-composition isotherm for coarse-grained Fe'l'h is siimilar to what is found
in the literature. The nanocrystalline samples however have a very different be-
haviour. In the case of nanocrystalline FeTi, there is no transformation to the 4-
FeTiH; g0 phase. The pressure of the absorption and desorption platcau is reduced
and the plateau is reduced in width. The results are similar for cquiatomic samples
made either by refinement of the intermetallic compound or by mechanical alloying
of the pure elemental powders.

The presence of the amorphous phase was of critical importance in the analysis of
the hydrogen storage properties of nanocrystalline I'e’li. While the presence of the
amorphous phase modifies the storage behavior by the simple reduction of the amount
of crystalline material available for storage, the elastic stress between the amorphons
and crystalline component modifies the chemical potential. This change is responsible
for reducing the miscibility gap of the crystalline component and destabilizing the -
FeTi-H phase. The interaction between the two phases reduces the pressure of the
plateau corresponding to the transformation fromn the a to the 8 phase.

This interaction between the amorphous and crystalline component was analyzed

using two simplified models of the microstructure. In the first model, a spherical
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shell of amorphous material covers a nanocrystal. Elasticity theory then allows to
establish a relation between the clastic stress and the hydrogen concentration in each
phase. By assuming a constam. hydrogen concentration in the amorphous phase
over the pressure range of interest we were able to give the effective pressure on the
nanocrystal and calculate the induced correction to the chemical potential.

The correction easity explains the destabilization of the v phase. It also explains
the change of the plateau pressure for the a8 transformation. The sign of this change
is unfortunately dependent on data which are not available concerning the absorption
properties of the amorphous phasc as well as its elastic properties. Extrapolation from
other amorphous metal-hydrogen systems leaves both possibilities open.

A similar behavior was found using a uniform dispersion model, where small inclu-
sions of amorphous are uniformly dispersed in the material. The fact that nanocrys-
talline Fe-Ti does not decrepitate allows one to treat the amorphous inclusions as
"amorphous” storage sites in an otherwise crystalline material.

‘The possible effect of chemical disorder was also analyzed. The calculated effect
on the pressure-composition isotherm is much larger than the equilibrium pressure
reduction observed in our samples. However the calculation might apply to a 6 nm
sample made by L. Zaluski which was heated for a short time and showed an increased
reduction in plateau pressure.

Nanocrystalline Fe,gTigy shows a further reduction of the plateau pressure com-
pared to FegoTise. Several reasons can explain this difference: the increased number
of sites with 5 or 6 Ti atoms, the larger lattice parameter compared to the equiatomic
malerials, or some electronic elfect.

We also lound that amorphous Feg;Tiaa absorbs hydrogen. This is totally different
from the intermetallic compound Fe,Ti which does not absorb hydrogen. The reason
lor this difference lies in the disordered nature of the amorphous structure which
creates a wide distribution of storage energies. This amorphous alloy undergoes an
irreversible relaxation upon a first hydrogen absorption-desorption cycle. A similar
behavior was found by L. Zaluski when annealing amorphous FegyTisp obtained by
milling with extra oxygen. By assuming that the relaxation of the latter alloy was

essentially a densification, we were able to estimate the change in specific volume
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from the displacement of the pressure-composition isotherm after relaxation. ‘To do
this we considered the change in the metal-hydrogen potential due to the average
reduction of interatomic distances.

Finally we gave a number of possible explanations for the narrowing of the misci-
bility gap in nanocrystalline palladium. Especially, we stressed the large changes in
absorption behavior that can arise [rom very moderate lattice distortions near grain

boundaries,

8.2.2 Kinetic properties

Our final word on this study is concerned with kinetic properties. The ability to store
and retrieve hydrogen very rapidly is essential to the future use of metal hydride
reservoirs. On this point, nanocrystalline materials arc a step in the right direction.
The absorption rate of nanocrystalline FeTi at low concentration is almost three times
that of coarse-grained FeTi. The total storage capacity is unfortunately reduced, but,

this may be an acceptable compromise.

8.2.3 Future experiments

The use of X-ray diffraction during hydrogen charging ol nanocrystalline samples
could prove useful in confirming the validity of the model presented here. For exam-
ple, if a shift of X-ray peaks was observed beflore there is any significant hydrogen
absorption in the crystalline component, it would indicate that the stress cansed by
the absorption in grain boundary regions is expanding the lattice.

Finally, the long-term stability of the nanometer-sized microstructure after large
numbers of absorption-desorption cycles needs to be determined in order to assess

the usefulness of nanocrystalline metal hydrides.



APPENDICES

A.1 Chemical potential of hydrogen gas.
The free energy of a system is given by
A= kTl Z, (A.1)

where & is Boltzmann’s constant, 7" the temperature, and Z the partition function:

E,

Z=Y e (A.2)

where ¢ runs over all states of the system. E; is the energy of state 7 [88].

The most simple gas consists of a single particle without internal degrees of freedom
in a cubic box. The energy eigenvalues are specified by three positive quantum
numbers a,b, and ¢

h?
8mi?’

(h is Planck’s constant, m the mass of the particle and / the edge of the cube) [17].

Bope = (a* + 0% + ) (A.3)

We wish to evaluate (A.2) by changing it into an integral. At room temperature
the energy step from one level to another is very small compared to kT, therefore we
may disregard the discrete nature of the energy spectrum. We first need the density
of states, that is the number of states per energy unit. The number of states with
cnergy less than a given value is the volume of the region in Cartesian coordinates
specified by

a>0 (A.4)
b>0 (A.5)
e>0 (A.6)
2y
A+ 4+l < 817;!2 £ (A7)

(we have replaced the traditional coordinates x,y,z by a,b,c). This is the portion of

the sphere of radius
[sSmI2E
r=\l—m (A.8)

comprised in the first octant. The volume of the region considered is therefore the
cighth of the complete sphere:

n(E) = % (4’;’"3) (A.9)

130
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(V' is the volume of the cube). The density of states D(£) is then
an
Y = A 19
D) = 5 (A.12)
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The sum (A.2) becomes
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= 5(2mmk1 )32, (A.19)

We new consider a gas made of N identical molecules. The partition function for
such a gas is:

NLNGL GG NY B s
zZ= 3 - kN' = S (A.20)
E1.E2 ..... EN ¢

where j,k,..,m designate occupied states. The factorials are introduced to Lake inlo ac-
count the indistinguishability of identical particles prescribed by quantum mechanics.
The number of ways to have a given total cnergy is
N!
Nj!, Nk!’ ey Nﬂ;!
In the range of temperature and pressure used in our laboratory, the probabil-

ity of having two molecules in the same eigenstate is very small, therefore all the
N;t, N, ..., Ni! can be considered to be equal to 1. We are left with

(A.21)

_ Byt b Ey

o (A.22)

=—( e H‘) ( e kr). (Ze %%) (A.23)
N! A En

= (Zc “T-)N. (A.21)
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In the more general case where the energy levels of a single molecule are degenerate,
we mnst introduce a factor gg;:

N
7= j\l—, (Z!ff;f:_*’_;') - (A.25)

I

The energy of the hydrogen molecnle is a sum of translational, electronic, vibra-
tional, and rotational terms. Al room temperature we may neglect the electronic
and vibrational excitations. For example the first excited vibrational state has an
excitation energy of 0.5160¢V. The ratio of the probability of finding an H, molecule
in that state to the probability of finding it in the ground state is

P,,=1 _0.5160 .
_......_) = [¥5 s (.f\.-)-())
p=0)

where v is the quantum number specifying the vibrational eigenstate. Our experi-
tnants were done at 305K and we have & = 8.617! x 107%VK~!. We find

Pu:l
f)!'=[J

=3 %1077 (A.27)

T'he clectronic excitation energics are also of the order of electron-voits (8], therefore
hydrogen molecules can be considered to be in the ground electronic and vibrational
slates,

The rotational states cannot be neglected. The first excitation enerpy is 7.32 x

1073V, 1t is of the same order of magnitude as AT. The rotational eigenvalues are
specified by the quantum number J:

J(J +1)h?

By =T
d 82l

(A.28)
where 1 is the moment of inertia of the molecule. The degeneracy of each level is
g1 =2J+1 (A.29)

Were the molecule made of different nuclei an extra factor of two would have to be
included for the exchange of the two nuclei. However in the case of two protons, the
wavefunction must be antisymmetric (because the two nuclei arc fermions) and there
will be a coupling between the molecular angular momentum and the total nuclear
spin, lifting the degeneracy [34].

Denoting translational eigenstates by the wave vector k, equation (A.25) becomes

Eg+Ex+E N
= (Z gge- T ) (A.30)
8 N
_%e-.. (Zf_ ) (;.rue“:""*) : (A.31)

k
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where Ey is the ground state energy. The first summation was evaluated in (AL L)
We transform the second into an integral:

(el

S (2] + 1) S R = ['\'(2.; F )RR (A2)
J=v 0
Skl N
== (A.33)
We use Stirling’s approximation lor the factorial:
Nl V2N (:) : (A1)

with ¢ = 2.7183.

The final result for the partition lunction is:

YR ThY
, -xie | : , Sa=IkT
2= o () grmmryr S

[nserting (A.35) into the expression (A.1) for the free energy leads to:

] \
A= NEy — kT [—éln:!m\’—1\’1111\’+!\"+1\’I11 (——()m kY "f”")
- [

(A
For the chemical potential. using (2.10), we obtain:

/' . .“\\ 2 ’rv
= Fy-kT [—L —InN+1In (%(Zﬂfllk'f')d/'\w [+ )] . (A7)

2N h?

The first term inside the brackets is negligible when N s large. Isolating N i the
ideal gas law

PV = NLT (A.8)
(where P is the pressure) and inserting in (A37) we are left with

Sk PV AT
= Ey+ kT [ln P+ = (( wmiT) h:m (A7) )] . (A3
If we put
2rmkT 2872 1 (KT)?

Py = (27m )hﬁ w4 (kT ‘ (AA0)

(A.39) simply becomes

)

Jt = Lvu'*}'k’ lll :—)' (A"”)

Taking the separate hydrogen atoms as the reference state, we replace the ground
state energy by the negative of the dissociation energy F; of the hydrogen molecule:

2
p=—Ily+kTn —;J;. (A.12)

The value of Py at 305 K is 4.28x10'" Pa. The dissociation energy is f5y = 4.478¢V
(432.1kJ /mol).
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Figure A.1: Peak Minctions determined from the X-ray pattern of coarse-grained FeTi and used for
litting experiinental peaks in piatterns with an amorphous component.

A.2 FEvaluation of the amorphous content.

Because of the asymmetry of the experimental peaks, we have to use the experimental
peaks as a function for the fitting of X-ray patterns if we want to simultancously
evaluate the intensity of the amorphous background.

To determine the peak function we take a peak from the pattern of coarse-grained
FeTi. For example the first peak ([110}) is in the 20 degrees region. We assume that
the intensity at 15 and 25 degrees is solely due to the incoherent background which
we assume to be linear in that interval. Let us put that the signal of the [110] peak
is given by

Ipruk = ’c.rp - (“3" -+ b) (A."l-j)

where ez, is Lhe experimental intensity, [eqx is the intensity of the peak, and (ax+b)
is the straight line passing through the experimental points at 15 and 25 degrees. [ycar
is the function we used for fitting other patierns. Its value outside of ihe 15-25 degrees
range is sel to zero (see figure A1), The others peaks, [200], [211], and [220], were
treated in the same fashion, with a suilable interval for each peak. All fits were
performed in the interval fromn 15 to 42 degrees.

The calculated intensity of a peak is a convolution of the experimental peak func-
tion with a Lorentzian function:

12
o) = Lor(0 — ) pear()dz. (A.44)
JI5
A Lorentzian function is given by
4
Lor(z) = ———. (A.45)
|+ (z=2)

A, ay, w, the intensity, position shift, and broadening of the peak are optimized by
the fitting program.
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Since our peak function is not an analvtical expression but a series of data points
from 15 to 42 degrees. the integral (AL is replaced Dy a sume

Y =5 Lor(0 — a) peard ™) (A6

where 1 runs over all points [rom 15 to 12 degrees.

The total calculated intensity is given by
Lewte = fno) + fppoo) + Hzioy + o) + 2 % Linoe(0) o) + 4 (A7)

o) the intensity of the the first peak. as well as that of the three other peaks, is
calculated from (AA6). [omo () is the intensity [rom the experimental N-ray pattern
of the amorphous phase. The relative intensity of the amorphous compouent, .
is also optimized by the computer, as well as the parameters ¢ and o of the finear
background. Figure 6,18 gives an example of such a (it for nanocrystalline Fegg'Ting.
The analysis of the patterns lor the purpose of determining the crystallite size aned
strain level was done on the experimental patterns after subtraction of 2 x 4,0 ().
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