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ABSTRACT

The effect of chemical composition and cooling rate on the static strain
aging (SSA) and dynamic strain aging (DSA) behaviors of four IF steels was
investigated after reheating to different temperatures and cooling to room

temperature at various rates. In the case of DSA, tensile tests were carried out
over the range from room temperature to 450 °C and at strain rates of 10-4 to

10-1 s-1. The DSA behavior was also studied in torsion in the austenite and
ferrite regions. Aging index (Al) tests were carried out to evaluate the response
to SSA and to estimate the amount of carbon in solution after employing
various cooling rates. In all cases, although the atomic Ti/C ratio was greater
than one, even still air cooling (3 °C/s) led to a supersaturated/unstabilized
material and to the occurrence of both DSA and SSA. By contrast, there were
no signs of SSA and DSA after furnace cooling (0.05 °C/s).

The three Ti and the Ti-Nb IF grades studied displayed serrated flow
behavior at all strain rates in the blue brittleness temperature range (100 to 300
°C). A simple model is described that predicts whether or not DSA will occur
at the strain rates and temperatures involved in the processing of IF steels. It
was found that the higher the Tv/S ratio, the higher the solute C. Steels with
different chemistries but equal Ti/S ratios displayed the same aging behavior.
Internal friction measurements were executed to establish a calibration between
the Al values and solute C levels. Two novel techniques for the strengthening
of IF steels by dynamic bake hardening (BH) are presented. These techniques
lead to much higher BH values compared to those produced by conventional
BH methods. The observations also show that when C supersaturation results
from cooling after coiling, lower annealing temperatures after cold rolling lead
to higher solute C levels.



Resume

L’influence de la composition chimique (trois aciers au titane et un
acier au titane-niobium) et de la vitesse de refroidissement sur le
vieillissement statique par écrouissage et sur le vieillissement dynamique
par écrouissage des aciers sans interstitiels a été étudiée aprés réchauffage a
différentes températures et refroidissement a différentes vitesses jusqu’a la
température ambiante. Le vieillissement dynamique par écrouissage a été
caractérisé par des essais de traction dans un domaine de température
compris entre la température ambiante et 450°C pour des vitesses de
déformation comprises entre 10™ et 10" s™. Le vieillissement dynamique
par écrouissage a aussi été étudié en torsion dans les domaines austénitique
et ferritique. Des mesures de I’indice de vieillissement ont été effectuées
pour évaluer la réponse au vieillissement statique par écrouissage et pour
estimer la quantité de carbone en solution solide aprés refroidissement a
différentes vitesses. Dans tous les cas, si le rapport Ti/C est supérieur a 1,
des vitesses de refroidissement plus rapide qu’un refroidissement a 1’air
(3°C/s) conduisent & une solution solide sursaturée et instable et a
’apparition de vieillissement statique et dynamique par écrouissage. Par
opposition, aucun signe de wieillissement n’a été observé aprés

refroidissement au four (0.05 °C/s).

Quelque soit la vitesse de déformation, les courbes de déformation
des quatre nuances d’acier sans interstitiels présentent un aspect dentelé
dans le domaine de température de fragilité au bleu (100 a 300°C). On
présente un modéle simple prédisant 1’apparition ou non du vieillissement
dynamique par écrouissage en fonction des vitesses de déformation et des

températures utilisées lors de la mise en forme des aciers sans interstitiels.



il

On constate que plus le rapport TV/S est élevé, plus la concentration de
carbone en solution est élevée. Pour un rapport Ti/S donné, le
comportement au vieillissement des aciers ne dépend pas de leur
composition chimique. Une corrélation entre I’indice de vieillissement et la
teneur en carbone en solution a été obtenue par des mesures de frottement
intérieur. Deux nouvelles techniques pour durcir les aciers sans interstitiels
par durcissement dynamique sont présentées. Ces techniques permettent
d’obtenir des durcissements supérieurs a ceux obtenus par les méthodes
conventionnelles de durcissement sous recuit. Les observations montrent
aussi que quand la sursaturation en carbone résulte du refroidissement apreés
bobinage, des températures de recuit inférieures aprés le laminage a froid

conduisent a des niveaux plus élevés de carbone en solution.
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CHAPTER 1

Introduction

Producing steels with high formability is the main objective of steel
companies providing sheet for the automotive industty. To realize this
requirement, resistance to aging is of major concem, particularly for products with
high ductility. Aging is a well known phenomenon in low carbon steels and is
caused by the presence of interstitial elements such as C and N in solution. The
ductility and/or formability of these steels is much deteriorated when aging occurs.

The elimination of interstitial elements in solution is therefore a vital key to
the production of interstitial-free (IF) steels with deep drawability. In [F steels, the
C and N are tied up by strong carbide and nitride formers such as Ti and/or Nb.
This yields a steel with high formability provided it is stabilized and there is no
solute C or N in the steel. The stabilization of IF steels depends on the conditions
involved in their processing, e.g. the cooling rate after hot rolling.

Since TiN has a low solubility product in austenite and its precipitation
temperature is relatively high, the N content is generally of subordinate importance
in these steels. Thus, the concentration of C is one of the most important concemns
during and after the processing of IF steels. The amount of Ti required to fix the C
also increases as the C content is increased, as does the cost of alloying,

It is actually easier to suppress strain aging in plain carbon than in IF steels,
because the higher C levels permit cementite precipitation to take place, which can
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then remove the carbon from solution during continuous annealing. As a result of
the much lower C levels, this route is not available in the processing of IF steels.
An alternative is therefore to suppress strain aging by controlling the cooling rate
during processing. For this approach to succeed, the Ti concentration must be
much greater than the stoichiometric amount necessary to tie up the C, and even at
these levels, the complete removal of carbon may not be possible in practice.

Since the first Ti IF steel was produced around 1970 and the first Ti-Nb IF
steel around 1973, many investigations have been carried out on the steelmaking,
rolling, and annealing technologies as well as on the formability of these steels. In
all cases, the aim has been to produce a real IF steel (i.e. one that is resistant to
aging) with the least Ti/C or Nb/C (atomic) ratio. This, along with the steelmaking
techniques required to reduce the C level as much as possible, make these steels
very expensive in terms of production cost.

In order to produce a real IF steel, it is necessary to study the effects of the
two most important parameters mentioned above: cooling rate and chemical
composition. This is because these two factors determine the concentrations of C
available in solution and available to cause aging phenomena such as SSA (static
strain aging) and DSA (dynamic strain aging). Carbon can be in solution when
there is insufficient Ti to fix this interstitial, or when the cooling rate through the
precipitation temperature range is too rapid for full carbide precipitation to occur
(even though there is excess Ti).

The cooling rate influences the amount of C in solution by determining the
amount of carbonitride that can precipitate. For example, the cooling rate after hot
rolling will determine whether or not interstitial effects can be expected to arise
during warm rolling. This, in turn, affects the solute C level present during coiling



Chapter 1 Introduction 3

and process annealing, which are further modified by the cooling history after
annealing.

The chemical composition is also important because the solubility products
of the various precipitates are modified by the presence of alloying elements. In [F
steels, for example, elements such as S, P, and Mn can affect the amount of C in
solution, regardless of the cooling rate.

In addition to studying the effects of reheat temperature, cooling rate and
chemical composition on the aging behaviour of IF steels, the other aims of this

work were:

i) to find a link between dynamic strain aging and the bake hardenability of [F
steels. Based on this link, two novel methods, referred to as dynamic bake
hardening (DBH) and dynamic-static bake hardening (DSBH), are introduced here.
These have significant advantages compared to conventional bake hardening.

ii) to establish a calibration between aging indices and the amount of solute carbon
in the case of IF steels. Because this calibration can be used to predict the aging
behaviour of these steels, it can be of interest to steelmakers.

iii) to suggest a simple model that predicts whether or not dynamic strain aging will
occur at the strain rates and temperatures involved in the processing of IF steels.

In chapter wo, the mechanisms of dynamic and static strain aging are
reviewed briefly. Bake hardenable steels and their characteristics are pointed out.
Then, the kinds of IF steel and their methods of stabilization are described,
followed by a critical review of the use of Ti in steels, including its role to prevent
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aging. This chapter closes by addressing the methods used to measure and/or
estimate the amount of solute C.

Chapter three deals with the experimental materials and techniques used to
carty out the present work. After applying various reheating temperatures and
cooling rates to different IF steels, mechanical tests (tension, torsion, and internal
friction) were carried out to study the aging behaviour of these steels. Dynamic
strain aging tests were conducted at high temperatures using tension and torsion
machines, while aging index tests were performed to investigate the static strain
aging phenomena. Then, two new techniques for studying bake hardening are
introduced followed by the methods used to simulate coiling, continuous annealing,
and flattening.

Because of the link between the phenomena (static and dynamic strain
aging and bake hardening), all the results of these tests are presented in chapter
four. This chapter also includes the results of the internal friction measurements
and the above mentioned simulations.

In chapter five, the effects of cooling rate and chemical composition are
discussed, as well as the stabilization that can result. Then, some possible
applications of DSA to mill processing, e.g. wam/ferrite rolling and flattening, are
pointed out. This chapter then discusses the potential industrial applications of the
novel techniques introduced here for bake hardening.

The general conclusions of this research are collected in chapter 6. Finally,
following this chapter, there is a statement of originality and contribution to
knowledge.



CHAPTER 2

Literature Review

2.1, Introduction

Interstitial-free steels are generally considered to be non-aging
because they not only contain low levels of the interstitial elements C and N
but the compositions also include strong carbide and nitride formers [1-3].
Most applications of IF steels are based on this property. Nevertheless,
significant strain aging can take place at interstitial levels as low as 1 ppm [4,
5]; this increases the strength and decreases the ductility. The term "interstitial-
free" steel is therefore a misnomer because even ultra high purity iron contains
at least a few atomic parts per million of carbon and nitrogen in solution.
Consequently, the presence of interstiial carbon and/or nitrogen atoms in
solution in the so-called IF steels is deleterious to the formability of deep-
drawing sheets through the mechanism of strain aging [4, 6, 7]. This will be
the case when there is insufficient Nb or Ti present in the steel to "fix" the C
and N or, in the presence of sufficient Nb and Ti, when the cooling rate through
the precipitation temperature range is too rapid to permit full precipitation of
the particles.

2,2, Carbon and Nitrogen Aging Effects

The main differences between the strain aging effects of carbon and
nitrogen arise from their widely differing solubilities in iron [8). The
equilibrium solubilities of carbon and nitrogen in iron decrease sharply
between about 730 °C (for carbon) and 585 °C (for nitrogen) and room
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temperature. The solubility of C decreases from approximately 200 ppm at
720 °C to less than 0.001 ppm at room temperature, while that of nitrogen

drops from 1000 ppm at 585 °C to about 0.1 ppm at room temperature [9]. The
solubility limits for nitrogen and carbon in iron are shown in Fig. 2.1.
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Figure 2.1. (a) Fe-C, and (b) Fe-N equilibrium diagram in the near-Fe region [9].
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Low temperature aging, at temperatures below 100 °C, in slowly
cooled steels is believed to be largely due to nitrogen [S, 9]. Therefore, if the
nitrogen is removed from solution, the steel will show negligible aging below
100 °C [8] and a " non-strain aging" steel can be made provided that the aging
temperature is not much above ambient [9].

As litle as 1 ppm carbon/nitrogen produces detectable aging at
room temperature, while quickly cooled iron-carbon alloys show appreciable
strain aging below 100 °C [5].

As for dynamic strain aging, less than 10 ppm of interstitial solutes

are required in order to permit this mechanism to take place [9, 10].

2.3. Static Strain Aging (SSA)

Static strain aging is defined as the change in properties of a metal
that occurs as a result of interactions between interstitial atoms and dislocations
after plastic deformation [8, 9, 11-15]. The stress-strain curve of a mild steel
takes the form of curve (a) in Fig. 2.2. If the specimen is strained to point A,
unloaded and then immediately restrained, the stress-strain curve follows the
same curve (a). If the specimens is unloaded at A and then allowed to age at
room temperature or above, the discontinuous yielding behavior returns and the
stress-strain curve follows a curve such as (b) 5, 8].

The effects indicated on the figure are [9):
1. an increase in yield strength, AY
2. aretumn of the yield drop,
3. anincrease in the ultimate tensile stress, AU, and
4. adecrease in total elongation, AE.
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It is well known that the aging phenomenon in iron is produced by the
migration of interstitial carbon and nitrogen to the dislocations created by prior
plastic deformation [4, 8, 16-19]. This leads to the locking of dislocations and
to the return of the yield point. Therefore, if solute carbon and nitrogen are

removed from the steel, both strain aging and the initial discontinuous yielding
are eliminated [5, 8).
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Figure 2.2. Stress-strain curve of a low carbon steel strained to point A, unloaded,
and then restrained immediately (curve a) and after aging (curve b) [8].

In general, three distinct mechanisms, (a) atmosphere formation, (b)
precipitation hardening, and (c) overaging contribute to changes in the tensile
properties [5, 8]. These changes are summarized in Fig. 2.3 for a low carbon
steel subjected to tensile prestraining, aging at 60 °C and re-straining. Strain
aging under these conditions occurs in four stages. In stage I, the yield stress
and the Luders strain increase but the other properties remain constant. In stage



Chapter 2 Literature Review 9

II, the yield stress continues to rise, and the Luders strain remains roughly
constant. Stage III is similar to stage II except that the UTS increases and the
eclongation decreases. A fall in the yield stress in stage IV gives rise to the
observed increase in elongation to fracture [5, 8].

The second and third stages are attributed to the formation of
precipitates on the dislocations. Since the dislocations are fully locked at the
end of the atmosphere stage, the locking contribution is not increased, and the

Luders strain does not increase sharply.
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Figure 2.3. Changes in tensile properties due to strain aging in low carbon steel
prestrained 4% then aged at 60 °C; grain size (grains/mm2): () 50; (b) 195; (c)
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However, precipitation raises the general level of the basic curve,
and so raises the lower yield stress and the UTS. In the last stage, there are

signs of slight overaging, probably due to coarsening of the precipitates on the
dislocations [8, 13].

Figure 2.4 shows one of the worst defects, stretcher strains, which
occur during press forming. They result from static strain aging, which causes
the return of the yield point and the Luders strain [20].
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Figure. 2.4. Stretcher strains on a steel sheet [20].

2.4. Dynamic Strain Aging (DSA)
At slightly elevated temperatures, the stress vs. strain curves of low
carbon steels display serrations in the work hardening region when tensile
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tested [21-26]. Since this phenomenon occurs during deformation, it is known
as dynamic strain aging. This serrated behavior is accompanied by increased
rates of work hardening, negative strain rate dependence of the flow stress, and
a reduction in ductility known as "blue brittleness". This phenomenon is due to
interactions between dislocations and solute nitrogen and/or carbon during
deformation and is referred to as the Portevin-Le Chatelier effect [27-31]. The
significant increase in flow stress, which is displayed in the blue brittleness
temperature range, is the most important practical phenomenon produced by
dynamic strain aging, as it leads to a considerable decrease in ductility [21, 22,
28, 32-34].

Dynamic strain aging has four distinct characteristics [9):

1. high rates of work hardening

2. negative strain rate dependences of the flow stress

3. serrated stress-strain curves

4. the ultimate tensile stress goes through a maximum as a function
of temperature.

Figure 2.5 illustrates a typical range of dynamic strain aging behaviors
[8], and the temperature-strain rate regime in which the serrations appear is
shown in Fig. 2.6 [9]. The most important variables affecting dynamic strain
aging are the temperature and strain rate [35].

2.4.1. The Characteristics of Dynamic Strain Aging

In the absence of interstitials, the motion of dislocations is retarded
by lattice friction. This retarding force increases with the velocity of the
dislocations, line 1 in Fig. 2.7. When this velocity is approximately equal to
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that of solute diffusivity, solute atmospheres will be formed around the
. dislocations. The force required to drag the atmospheres increases very quickly

st (b)
300

MN [ md

1200

NO
SERRATIONS

110Q

HOMINAL STRESS, ! fin¥z 10~ ¢

200° [300°[400° C

Figure 2.5. Stress-strain curves of a low carbon steel showing the range of blue-
. brittleness effects [8].
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0.03%C steel [9].
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with the dislocation velocity, as represented by curve 2 in Fig. 2.7. Beyond a
critical velocity, V,, the atmosphere can no longer keep pace with the moving
dislocations. The drag force then decreases with velocity; this is accompanied
by a drop in solute concentration, as shown by curve 3 in Fig. 2.7. When a
dislocation is suddenly freed from its atmosphere, it will encounter obstacles
which will slow its speed so that the solute atmosphere can once again keep up

with the dislocation. This cycle continues [36-38], as shown by curve 4 in Fig.
2.7.

Force
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Fig. 2.7. Force-velocity diagram for a mobile dislocation [37].

2.4.2. Effect of Dynamic Strain Aging on the Subsequent Mechanical
Properties at Room Temperature

One of the most important applications of dynamic strain aging is
strengthening the material [22, 39]. It has been reported [9, 22, 39, 40] that the
strengthening obtained from dynamic strain aging is much more effective than
the one produced by static strain aging; furthermore, the amount of straining
required at clevated temperatures is less than at room temperature. The
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amounts of strengthening obtained at room temperature after applying these
two methods are compared in Fig. 2.8. Theformertechniqug can be of interest
because it does not depend on the presence of alloying elements and their high
costs [22]. This strengthening has two sources: dynamic strain agirg, which
involves straining at elevated temperatures, and static strain aging during
cooling to room temperature [22, 39].
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Figure 2.8. (a) DSA vs. (b) SSA at 200 °C in a 0.03%C steel [40].

2.5. Bake Hardenable (BH) Steels

Two important objectives being pursued by the automobile industry
are a decrease in car weight and improvements in safety. To realize these
requirements, reductions in sheet thickness, higher strength, and improvements
in press formability are generally demanded for automobile body panels [41-
46]. Bake hardenable high strength steels are an interesting solution that can
satisfy all these requirements. This property provides a capacity for a yield
strength increase of approximately 20% [47] to 30% [48] of the initial yield
strength, i.e. 30-60 MPa [49]. Figure 2.9 shows the measuring method for bake
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hardening by means of tensile testing. The target bake hardening value of

about 40 to 60 MPa requires solute carbon levels between about 10 and 20 ppm
[50].

The procedure is as follows:

- the specimen is prestrained 2%

- the sample is aged at 170 °C for 20 minutes

- the specimen is tensile tested at room temperature

BH
—_—

WH

Siress

BH ' Bake hardenability
WH © Work hardenability

170°C-20min

2%

Strain

Figure 2.9. Measuring method for assessment of bake hardenability in a tensile
test [41].

The amount of bake-hardening is determined by subtracting the flow
stress after the 2% initial strain from the lower yield strength after baking.
Although a 2% prestrain and aging at 170 °C for 20 min are typical values
employed to cause bake hardenability in steels, some workers have investigated
the effects of prestrain, temperature, and time on this process [51, 52].
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A typical outer panel after press forming is illustrated in Fig. 2.10.

Fig. 2.10. An outer panel after press forming [53].

2.5.1. Effect of the Amount of Carbon in Solution

Bake hardenable steels must contain significant amounts of solute
carbon. These interstitial elements are responsible for the strength increment
[49], as bake hardening occurs by static strain aging as a result of interstitial
atom segregation to dislocations. In the initial stages of strain aging,
strengthening is accomplished solely by the formation of solute atmospheres
[49, 52, 54]. During atmosphere formation, carbon segregates to dislocations
and strengthening arises from the additional force needed to separate the
dislocations from their atmospheres [49, 50, 52].

2.5.1.1 Batch Annealing

Bake hardenable steels can be produced by both conventional batch
annealing and continuous annealing processes, as shown in Fig. 2.11. In the
case of batch annealing, in which very low carbon, <0.01%, steel is normally
used, the precipitation of Fe;C is suppressed because of the sparseness of
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nucleation sites. This results in some amount of carbon remaining in solution,
even after the use of relatively slow cooling rates [49, 50, 52, 54].
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Figure 2.11. The principles for producing bake hardening steels by a) batch
annealing b) continuous annealing [54].

As for N, most bake hardenable steels contain sufficient aluminum
to remove the dissolved nitrogen and rely on carbon to provide the bake
hardenability [49, 54].

2.5.1.2. Continuous Annealing

With regard to continuous annealing, a high annealing temperature,
about 900 °C [51, 52, 54, 55], is required in order to produce bake
hardenability. The cooling rate from the soaking temperature should also be
high so as to provide enough carbon in solution at room temperature. This
cooling rate normally ranges from 20-30 [54], through 70 [49], to 100 °C/s
[56].

The higher the Ti*/C or Nb/C atomic ratio, the higher the annealing
temperature during continuous annealing. By contrast, the lower the Ti*/C or
Nb/C atomic ratio, the higher the bake hardenability [54].



Chapter 2 Literature Review 18

When the solute carbon level is too low, bake hardening values are
also low. On the other hand, excessive amounts of carbon in solution lead to
room temperature aging. In order to have sufficient susceptibility for bake
hardening, different required amounts of solute carbon have been reported: 5
ppm [49], 10 ppm [41], 5-15 ppm [45]. These amounts of solute carbon at
room temperature can be produced by employing a suitable cooling rate after
the annealing of low or ultra low carbon steel.

2.6. Stabilization of IF Steels
2.6.1. Effect of Chemical Composition

The elimination of alloying elements in solution, both substitutional as
well as interstitial, is a vital key to the production of interstitial-free (IF) steels
with deep drawability [57, 59]. Because of the deterioration of the mechanical
properties due to carbon in solution, the concentration of this element is one of
the most important concems during and after the processing of IF steels [59,
60]. The amount of Ti required to fix the C also increases as the C content is

increased [57], as does the cost of alloying.

Previous work has suggested that solute carbon is deleterious to the
formability and ductility of IF steels through the mechanism of static or
dynamic strain aging [4, 61]. It is actually easier to suppress strain aging in
plain carbon than in IF steels, because the higher C levels permit cementite
precipitation to take place, which can then remove the carbon from solution
during continuous annealing [57, 58, 61]. This route is not available in the
processing of IF steels [61].

The chemical composition is important because the solubility products
of the various precipitates are modified by the presence of alloying elements
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[62, 63). In IF steels, for example, elements such as S, P, and Mn can affect

the amount of C in solution, regardless of the cooling rate.

Alloying elements can influence the precipitation process by a)
changing the activity and subsequently the solubility of carbon, b) affecting the
density of nucleation sites, and c) changing the composition of the final
precipitate. In addition to its effect on the amount of C in solution, chemical
composition can also change the mechanical properties by affecting the extent
of grain refinement, the precipitate size distribution, etc. Formability increases
as the carbon content is decreased and the anisotropy is also improved more by
lowering the C content than the N level [64]. Furthermore, the amount of Ti
and therefore the cost of alloying increase with the C level. For these reasons,
the N content is usually of subordinate importance in IF steels [59]. Compared
to Nb IF steels, the precipitates are dispersed more coarsely in Ti IF steels [59,
65). Finally, finer grains can be produced in Ti-Nb IF steels than in Ti IF steels
[66].

2.6.2. IF Steel Grades

There are three kinds of IF steel. In Ti-IF steels, the Ti combines with
the N and S prior to scavenging the C. Thus, theoretically, the titanium level
necessary to stabilize a Ti-IF steel is given by the following relationship (in wt.
%) [58, 671:

Ti>3.42N+1.5S8+4C (2.1)

In the case of Ti-Nb IF steels, sufficient Ti is added to combine with
the N and S, leaving Nb to scavenge the C [58, 68]. Regarding the Nb IF
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steels, the C is tied up by the Nb, whereas Al and Mn combine with the N and
S, respectively [58, 69].

In a Ti IF steel, the typical precipitation sequence is considered to
be TiN, TiS, TisC,S; and TiC [70-74]. This is the case when equilibrium
conditions predominate, as shown in Fig. 2.12. In practice, it is almost
impossible to reach equilibrium under normal mill processing conditions.
Therefore, Subramanian et al. [74] reported that, under such non-equilibrium
conditions, the precipitation sequence is the one illustrated in Fig. 2.13.
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Figure 2.12. Precipitation sequence under equilibrium conditions in a Ti IF
steel [74].

2.6.3. Effect of Cooling Rate

Another altemative for the stabilization of IF steels is to remove the
carbon from solution by controlling the cooling rate during processing. For this
approach to succeed, it is suggested that the Ti concentration must be at least
three times the stoichiometric amount necessary to tie up the C [75], and even
at these levels, the complete removal of carbon is not possible in practice [57].
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Figure 2.13. Precipitation sequence under non-equilibrium conditions in a Ti
IF steel [74].

The cooling rate influences the amount of C in solution by
determining the amount of carbide that can precipitate. This effect on the
amount of carbon that remains in solution at room temperature depends on
several parameters. The foremost of these are the reheating temperature and
total amount of carbon, which determine the maximum available amount of
carbon. Also of importance are the type of particle that will act as a nucleation
site for TiC and the size distibution and spacing of these nuclei. The latter
determines the length of the carbon atom diffusion path. Here it is important
to recall that the nucleation rate is more important than the diffusion rate with
respect to precipitation [40, 76], and that higher dislocation densities promote
nucleation [76].

As mentioned before, the solubility of C in iron decreases sharply
as the temperature decreases to room temperature. Therefore, the cooling rate
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down to temperatures as low as 50 to 100 °C can affect the amounts of C in
solution, by influencing the formation of carbides. By contrast, to produce a
bake-hardenable steel, the cooling rate must be rapid enough not to allow full
precipitation of the particles.

2.7. A Critical Review of the Use of Ti in Steels
Since the present work focuses mostly on the aging behaviour of Ti

IF steels, a critical review of the use of Ti in steels is of interest.

2.7.1. Effect of Ti on Aging Behaviour and Mechanical Properties

The idea of using Ti to produce a non-strain aging steel was first put
forward by Hayes and Griffis [77] in 1934. They suggested that, in addition to
the importance of composition, a very slow cooling rate is necessary to reduce
the aging tendency of low carbon steels. The aging tendency was eliminated in
this work by the addition of 0.058 and 0.067% Ti to 0.042 and 0.05% C steels,
respectively. They were then cooled very slowly from high reheating
temperatures. Later, Edwards et al. [78] found that 0.21% Ti was necessary to
eliminate the yield point and strain aging in a 0.025% C steel. When the C
level was raised to 0.085%, for the same amount of Ti, the aging behaviour
returned. For this level of C, even with 1.08% Ti (i.e. a TVC ratio » 4), they

reported slight aging.

Comstock [79] studied the response of more than 40 Ti added low
carbon steels to aging after processing under different conditions. He found
that steels containing 0.1 to 0.12% carbon with less than 4.5 times as much as
Ti displayed a yield point when aged at 200 °C. Steels with Ti>4.5 C (wt.
ratio) did not exhibit a yield point, even when they were strained and aged. To
determine the influence of different carbide formers on the typical yield curves,
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Dies [80] investigated the effect of titanium levels from 0.11 to 2.53% on the
yield behaviors of a series of mild steels with 0.03-0.36% C. All samples with
TV/C (wt. ratio) < 4, even when furnace cooled from 930 °C, showed a well-
defined yield point. By contrast, those with Ti/C > 4 exhibited continuous
annealing. However, steels with 3 < TV/C < 4, which did not display a yield
point after furnace cooling, developed a definite yield point after cooling in still
air from 930 °C.

When he increased the Ti/C (wt. ratio) from 0 to 5.2 for a series of
steels ( %C = 0.124 - 0.135, %Ti1 =0 - 0.705 ), Comstock [81] reported that a
stabilized steel was obtained and the yield point disappeared when the Ti/C
(wt. ratio) exceeded the critical value of 4. Steijn and Brick [82] used 0.1 or
0.3% Ti to fix the C, N, and O (0.0014% C, 0.0001 - 0.0005% N, and 0.0002 -
0.0006% O) in a high purity iron in order to investigate the flow and fracture
behaviour of ferrite. They found no yield point at room temperature, while
appreciable ductile behavior was reported at liquid air temperatures.

Glen [83] studied the effect of individual alloying elements on the
high-temperature tensile strength of low carbon steels. In the case of Ti added
steels, hot-rolled specimens were reheated to 950 °C, then cooled in air in order
to tie up the C and N with Ti. He observed a minimum in ductility and a
maximum in flow stress at around 200-350 °C during tensile testing and
attributed this to the effect of solute C. The minimum in ductility occurred at
200 °C for lower Ti (Ti = 022, C = 0.075 wt%) and shifted to higher
temperatures as the Ti (Ti = 1.44, C = 0.06 wt%) level was increased.
Referring to the ternary phase diagram for Fe-C-Ti, he mentioned that the
reason for still having carbon in solution at such high Ti/C ratios could be
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that Ti probably increases the solubility of C at room temperature, especially at
high Ti levels.

Morgan and Shyne [84] added 0.049% Ti to a base iron (0.06% C,
0.05% N, and 0.008% O) to suppress aging in a-iron. They found several
alloying elements (Ti, Al, V, and B) effective for the control of strain aging.
For economic reasons, it waS suggested that B offers the most promising
practical solution to the problem of nitrogen aging. Castagna et al. [85] studied
the mechanical properties of a series of pure irons using 0.0421-0.5450% Ti to
precipitate the C and N ( C+N < 0.01% ) as carbides and nitrides. It was
concluded that the value of 3,, the friction stress in the Hall-Petch equation,

increased linearly with the amount of Ti, as shown in Fig. 2.14.
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Fig. 2.14. Changes in §, in the Hall-Petch equation as a function of Ti
concentration [85].

Beresnev et al. [86] made an interstitial-free iron by adding 0.33%
Ti to a iron (0.025% C, 0.005% N). The aim was to investigate the
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temperature dependence of the dislocation density and the deformation
resistance of a bce iron free of any interstitial impurities. They observed a rise
in the deformation resistance of the base iron, without Ti, after 5% deformation
and aging for 1 hr at 250 °C. By contrast, the Ti-modified iron displayed no
increase. They attributed the former to the trapping of free dislocations by
interstitial atmospheres. It was concluded that interstitial atmospheres reduced
the mobile dislocation density and their speed by trapping them. This led to an

increase in the deformation resistance.

In order to study the tensile properties from room temperature to
-195 °C of a polycrystalline bce iron containing no interstitials, Leslie and
Sober [87, 88] added 0.15% Ti to an iron with low concentrations of C, N, O,
and S (0.0073% C, 0.0009% N, 0.005% S, 0.006% O). To make sure that the
C, N, O, and S were fully tied up by the Ti, the Ti level was set at at least 2 1/2
times the Ti required to scavenge all these interstitials. To promote completion
of the desired reactions between the Ti and the C, N, S, and O, the steel was
also reheated to 815 °C and then cooled in a furnace to room temperature.
With this technique, the weight percent of C or N remaining in solid solution
was less than 0.5 ppm. Rosinger et al. [89] produced a Ti interstitial-free steel
using the same technique (adding 0.15% Ti to a 0.01% C and 0.0002 % N
steel, annealing at 870 °C then cooling at a very slow rate of 75 °C per hr). The
purpose was to investigate how the interstitial solute atoms affect the
mechanical properties of a bcc metal in the temperature range from -20 to 200
°C. They did not observe semrated flow and attributed this to the almost

complete absence of interstitials in solution.

Leslie et al. [90] alloyed an iron base material (0.0037% C,
0.0006% N, 0.005% S, and 0.003% O) with 0.16% Ti to eliminate the
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interstitial solutes. Then, they determined the effects of different substitutional
alloying elements on the yielding and plastic flow behavior of Fe. They
showed that the presence of interstitials complicated the interpretation of the
results. Solomon et al. [91] studied the low temperature plastic behavior of an
iron (0.0017% C, 0.0011% N, 0.0011% O) by making a Ti (0.15% )
interstitial-free iron. After hot rolling, the specimens were reheated again to
810 °C, then furnace cooled. This treatment was done to make sure that all the
interstitials were tied up. They reported that the temperature dependence of
yielding and of the flow stress in interstitial-free iron is as large as that in

impure iron and steel.

In a new attempt, Ti (0.15%) was used by Rellick and McMahon
[92] as an oxygen scavenger in a high purity iron, 0.0017% C, 0.0011% N,
0.0011% S. They observed that oxygen-induced brittleness could occur even
in a zone-refined iron with 3 ppm O. Compared to Al, they suggested that Ti
was not as effective in deoxidizing the ferrite grain boundaries and preventing
intergranular fracture.

To study the aging behaviour of dilute substitutional solutions of
iron, Leslie [93] produced an interstitial-free iron, containing 0.15% Ti, as a
base, to make binary alloys. Then, he studied the effect of different
substitutional elements. Most of these alloys contained 3% of only one
substitutional element in solution in addition to the Ti. For the original
interstitial-free iron without any alloying element, he observed upper and lower
yield points at temperatures below ambient, indicating that the presence of
interstitial solutes is not essential for discontinuous yielding to occur in iron.
Meanwhile, no discontinuous yielding was observed at room temperature or
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above. This can be explained by the occurrence of twinning below room
temperature.

As for the binary alloys, he found that the presence of substitutional
solutes in interstitial-free bce iron leads to abrupt yielding at temperatures up to
500 °C. Serrated flow in the temperature range 230 to 500 °C was another
phenomenon, except for the binary alloys of cobalt and chromium. This was
attributed to complex interactions between iron, the various substitutional
solutes, the titanium added for gettering, and probably the interstitial solutes at
above 200 °C. With respect to the Ti level, no serrated yielding was observed
in the 0.15% Ti interstitial-free iron (0.005% C, 0.0022% N, 0.005% S,
0.0039% O), but when the Ti content was increased to 0.6% (0.011% C,
0.003% N, 0.005% S, 0.0055% O) and 1.4% Ti ( 0.027% C, 0.003% N,
0.006% S, 0.0027% O) in the interstitial-free steels, they reported the
occurrence of serrated flow. In this case, serrated flow can be attributed to the

presence of Ti in solution, i.e. to DSA caused by a substitutional element.

To study the serrated flow behavior of substitutional solid solutions of
iron, Cuddy and Leslie [94] prepared a 0.15 % Ti interstitial free steel as
described above. They reported serrated flow in this Ti-IF base steel when Si,
Mn, Ni, Ru, Rh, Re, Ir, or Pt were present as additional substitutional solutes.
When the interstitials C and N were again added to these “binary” alloys,
various effects were observed. They attributed this variety of behaviors to the
pinning of dislocations by some complex or by clusters of solutes, probably
containing both substitutional and interstitial atoms and not only individual
substitutionals.
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2.7.2. Using Ti to Produce High Formability Sheet Steels

In order to attain the high ductility and extra-deep drawability required
by the automobile industry, it is necessary to tie up carbon and nitrogen by
strong carbide and nitride formers in extra-low-C steels. This requirement led
to the first production of IF steels as cold-rolled sheet steels [95-98].

Comparing rimmed, aluminum-killed, and IF steels, Elias and Hook
[95] found that IF steels had much better properties for deep drawability. They
said that 0.08-0.31% Ti should be high enough to scavenge 0.002-0.012% C,
0.004-0.008% N, 0.008-0.02% S, and 0.002-0.01% O. Fukuda and Shimizu
[96] observed that the mechanical properties of Ti-IF steels as cold rolled and
annealed sheets improved when Ti was added in amounts of 10 to 20 times the
carbon content.

Since then, commercial Ti-IF steels are being produced with deep and
extra-deep drawing qualities. This requires high resistance to aging in order to
get high ductilities, good drawabilities, and desirable formabilities. However,
aging problems can arise even in IF steels, which has led to recent

investigations on this subject.

2.7.3. Using Ti to Prevent Aging in the Wire Rod Industry

Recently, in addition to the automobile industry, Ti has also been used
to suppress strain aging in the rod and wire drawing industries. These
applications require the low work hardening rates and flow stresses provided in
the absence of aging phenomena. For example, the occurrence of dynamic
strain aging in commercial wire drawing steels not only results in shear
cracking and increasing wear of the tools [99] but, most importantly, also



Chapter 2 Literature Review 29

promotes flow localization, leading to wire breaks during drawing [35, 37, 100,
101].

Mclvor [102] studied the effect of adding 0.02-0.11% Ti to a low-
carbon wire-rod steel ( 0.02 - 0.06% C, 0.002 - 0.01% N). He suggested that,
in order to have a non-aging, highly drawable, and low strength steel, the Ti
level should not exceed:

%Ti < 0.07+3.4% N (2.2)

Boratto et al [103] found that the addition of 0.029% Ti to a low-
carbon wire steel (0.02% C, 0.0076% N, 0.009% S) could not prevent aging
because of the C and N that remained in solution. Ochiai et al. [75, 104] used a
wide range of Ti levels, 0 < Ti eff /C < 3 atomic ratio, to suppress strain aging
during the rolling of wire rod. They concluded that, during the conventional
processing of wire rod, the minimum amount of Ti needed to prevent aging had
to be at least 3 times as much as the Ti required stoichiometrically to fix the
0.005% C in their steels. By controlling the cooling rate during processing,
these amounts of Ti were reduced significantly. Also, for 0.02% C, this

amount was reduced to about twice.

2.8. Measurement and Estimation of the Amount of Carbon in Solution
2.8.1. Measurements by Internal Friction

Internal friction measurement is commonly used to detect the dissolved
interstitials in steels [105-107]. Such measurements can be done either as a
function of temperature at constant frequency or as a function of frequency at
constant temperature. In the conventional method, an apparatus with an
inverted torsion pendulum is used to determine the amount of an interstitial in
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solution [105]. Such experiments are usually carried out at approximately
constant frequency as a function of temperature. There is a temperature at
which the diffusion jump frequency of the interstitials is about the same as the
frequency of the applied stress. This indicates the position of the Snoek peak.
The conventional internal friction technique has a number of disadvantages: 1)
at elevated temperatures, metallurgical reactions occur in the steel during a test,
and ii) at low frequencies, the procedure is very time consuming. It has
therefore been claimed that this conventional method is neither fast nor

accurate enough for ultra low carbon steels [61, 75, 104, 108].

Recently, Wen et al. [109] and Ritchie and Pan [4] have invented two
new techniques that overcome these shortcomings. Although both methods can
be used at high frequencies, the advantage remains with the first one, which
measures solute interstitial levels at room temperature. In this case, the internal
friction is measured as a function of frequency at constant temperature. Fig.

2.15 shows a Snoek peak in a sample containing about 2 ppm carbon measured
by this technique.
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Fig. 2.15. Internal friction measurement in a sample containing about 2 ppm
solute C [109].
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The amount of solute is given by [109]:

Q'=2x10" C;(ppm) (23)
where Q™ is the intemal friction value.

2.8.2. Estimation Using the Established Correlation Method

In the case of very low carbon steels, another approach can be used to
estimate the amount of carbon in solution at room temperature. As mentioned
above, because of some disadvantages associated with the conventional internal
friction method, some workers have established a correlation between the
amount of carbon in solution and aging indices (61, 75, 104, 108]. This
correlation is shown in Fig. 2.16.
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Figure 2.16. The correlation between aging index and amount of solute carbon
[61, 75, 104, 108).



Chapter 2 Literature Review 32

2.8.2.1. Aging Index Test

The aging index test is commonly used to assess the aging behaviour of
steels [3, 102, 110-114]. It is also possible to estimate the amount of carbon that
corresponds to each value. As illustrated in Fig. 2.17, the aging index is the
difference between the flow stress after an 8% prestrain and the lower yield stress
after aging at 100 °C for 1 hr.

The aging-index approach characterizes the return of the upper and lower
yield points, any upward shift of the flow curve, and any reduction in the
elongation to fracture. The changes in mechanical properties attributable to this
treatment are then used to judge the likelihood of a return of the yield point after
storing for longer times at room temperature 3, 102, 112].

Although an 8% prestrain may seem high, investigations have shown that
heavy temper rolling only leads to a moderate increase in the yield strength, while
maintaining the ductility and formability at acceptable levels. This is especially
true for IF steels, which have excellent formabilities prior to temper rolling [115].
Itis also of interest that Bailey et al. [49], who investigated the effects of amount of
prestrain and strain path on the aging response of bake hardenable sheet steels,
found that an 8% prestrain in uniaxial tension gives rise to aligned cell structures
that are comparable to those produced by biaxial straining and plane strain rolling.
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Figure 2.17. Measurement of aging index.



3.1. Experimental Materials

CHAPTER 3

Experimental Techniques

In order to investigate a variety of aging behaviors in IF steels, four IF grades
were selected for this study.

The materials were supplied by Stelco Steel and by Dofasco Inc., Hamilton,
Canada. Samples for laboratory testing were taken from strip mill transfer bars that
had been rolled down to thicknesses of approximately 26 to 28 mm. The original
245 or 268 mm thick slabs were reheated to about 1260 to 1280 °C before rolling
and the last roughing pass was carried out at about 1140 or 1120 °C. Tables 3.1
and 3.2 show the compositions of the four IF grades studied and an example of an
industrial rolling schedule employed to process one of these materials, respectively.

Table 3.1. Chemical compositions of the experimental steels, wt%.

C N Ti Nb S P Mn | Tigge | (Ti*+NDYC | Ti*g/S
steel A | 0.0019 | 0.0030 | 0.044 | 0.007 | 0.015 | 0.008 | 0.13 [ 0.004 |1.48 1.50
steel B | 0.0023 | 0.0032 | 0.06 |0.005 | 0.023 | 0.011 | 0.16 | 0.005 | 1.58 1.43
steel C | 0.0022 | 0.0025 | 0.05S | 0.007 | 0.009 | 0.005 | 0.18 | 0.033 |3.7S 3.50
steed D | 0.0030 | 0.0018 | 0.018 | 0.02 | 0.005 ; 0.003 | 0.18 1.22 1.58

Ti*g is the amount of Ti available to combine with S after all the N is tied up as TiN.
Ti* is the amount of Ti available to tie up the C after the formation of TiN and TiS.
Tiexc is the amount of Ti remaining in solution after the precipitation of TiN, TiS, and TiC.
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Table 3.2. An industrial rolling schedule employed on one of the present materials.

Pass No. | Exit thickness | Temp. (°C) Interpass time (s)
1 215 1260 10.9

2 195 1255 10.5

3 175 1250 12.0

4 155 1245 12.1

5 130 1239 14.8

6 100 1231 15.8

7 70 1219 22.0

8 45 1195 22.1

9 26 1139

Among the three Ti IF steels, steels A and B had approximately the

same Tiaxc, Ti*c/C, and Ti*¢/S values, even though the Ti and S levels of steel
B were about 1.5 times those of steel A. (See Table I for definitions of Tiexc,
Ti*, and Ti*s.) Steel C had the highest Ti*¢/S ratio and the lowest S content,
with almost the same Ti concentration as steel B. A Nb IF steel was chosen
with a (Ti*;+Nb)/C ratio = 1.2; this is theoretically more than enough to tie up
all the C, so that its aging behavior should be comparable with that of the Ti IF
steels. Note also that the Ti*g/S ratio for this steel is aimost the same as that of

Ti IF steels A and B; nevertheless, the mechanism of C stabilization in this
material is based on the formation of NbC not on that of Ti4C5S5 and TiC.

3.2. Specimen Preparation
Three types of mechanical tests were performed in the present study:
tension, mostly at elevated temperatures, torsion, and internal friction. It is well
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known that tension testing is the most common technique employed to
investigate the aging behaviour of steels. Therefore, the major part of the
present investigation was carried out using this technique. However, for the
first time, DSA was investigated on IF steels in torsion. Internal friction tests
were also carried out to measure the amount of carbon in solution after

employing different reheating temperatures and cooling rates.

3.2.1. Tension Tests

For the tensile testing at elevated temperature, standard ASTM
specimens with threaded ends were prepared [116], with their longitudinal axes
parallel to the rolling direction. Their dimensions are shown in Fig. 3.1.a. The
use of threaded shoulders for gripping the specimens enables aging phenomena,
such as the propagation of Luders bands, semrated flow, increases in flow stress,

and decreases in ductility, to be observed clearly [35].

All samples were cleaned with alcohol before carrying out the tests, in
order to remove stains that could possibly lead to stress concentration at
elevated temperatures.

3.2.2. Torsion Tests

Torsion specimens with gage lengths of 22.2 mm and diameters of 6.3
mm were used, as shown in Fig. 3.1.b. They were prepared from the as-
received material with the longitudinal axes parallel to their rolling direction.

3.2.3. Internal Friction Tests
To prepare the 0.7 mm thick specimens for the intemal friction
measurements, a cold reduction of about 75% was applied using a laboratory
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mill. Then, specimens were machined from the sheets aligned along the rolling
direction with the dimensions shown in Fig. 3.1.c.
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Figure 3.1. Geometries of a) tension, b) torsion, and ¢) internal friction samples.
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3.3. Experimental Equipment
3.3.1. Tension Machine

The tensile tests were carried out using a computer-controlled MTS
machine. This closed-loop servo-hydraulic device has a capacity of 100 kN.
Displacement of the actuator was measured from the output of a linear variable
differential transformer (LVDT) with a total linear range of £50 mm. A
personal computer connected to the MTS TestStar workstation interface was
used for data acquisition and to control the process. This workstation runs the
TestStar software and includes a load unit control panel, and a digital controller,
Fig. 3.2.

A microprocessor-controlled tungsten lamp radiant furnace mounted on
the machine frame was used to heat the specimen to the desired elevated
temperature. The heat generated by the four tungsten filament lamps is reflected
to the centre of the fumace, where the specimen is located, by four mirror
finished elliptical reflectors of aluminum. The specimen was heated at 1 °C/s
and held at the testing temperature for 5 min prior to testing. A type-K
(chromel-alumel) thermocouple fixed against the centre of the specimen gage
length was used to measure the temperature and its deviations were found not to
exceed =1 °C. To make sure that the distribution of temperature was uniform
along the gage length, another type-K (chromel-alumel) thermocouple was
placed against the shoulder of the specimen for some of the tests. Temperature
variations between the two thermocouple measurements were found to be within
12 °C. The specimen and grips were enclosed in a quartz tube and argon gas
was passed through it to minimize oxidation. The gripping bars were water-
cooled to prevent oxidation.
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3.3.2. Torsion Machine

The torsion tests were carried out on a servo-hydraulic computer controlled
MTS torsion machine, which is mounted on a lathe base and is used for the
simulation of hot rolling [117). The specimen is connected to the rotating hydraulic
actuator at one end and is fixed into a grip at the other end. A torque cell is
connected to the end of the right-side loading bar to record the load. The
displacements are measured by the transducer connected to the rotating bar on the
left hand side, Fig. 3.3.

The specimen was located along the central line of a radiant fumace, where
it was heated by four tungsten filament lamps. An Elecromax process controller
was used to control the temperature. 'l'hetempcratmewasdetectedbyaK—type
chromel-alumel thermocouple, which was in contact with the specimen on the
gauge length. To prevent oxidation, the specimen was located in a quartz tube,
while a constant flow of high purity argon passed through the tube.

| ._gmﬁ\— - -~ - ]
| | ' ! l\ﬂ J;—JQ—J.__1
’ S |

(1) bydraulic servovalve, (2) bydraulic motor,  (3) rotating torsion bar,
(4) potentiometer, (5) specimen,  (6) stationary grip,  (7) torque cell, (8) furmace.

Figure 3.3. Schematic diagram of the torsion machine.
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A TestStar workstation was used to record the twist and torque as well
as the temperature. The data were acquired by a microcomputer connected to
the digital controller of the TestStar.

3.3.3 Internal Friction Apparatus

A forced torsion pendulum was used to measure the amount of carbon
in solution. The components of the pendulum were selected and dimensioned
such that the measured internal fricion equals the internal friction of the
sample. The torque is applied by a coil which provides a field perpendicular to
a magnet; that torque is proportional to the current flowing through the coil. A
digital frequency generator and associated electronics provide the required
excitation. The angular displacement is of the order of 3x10” and is measured
by a photocell detector. Then, the damping due to the reorientation of the
carbon interstitials at ambient temperature is approximately given by equation
2.3. The different peaks represent different carbon concentrations, i.e. C; in
equation 2.3 [109).

A schematic illustration of the forced torsion pendulum used to measure

the solute carbon is given in Figure 3.4.

3.3.4. Cooling System

Accelerated cooling was simulated by cooling with water, helium gas
and compressed air. For this purpose, a cooling device was used, as illustrated
in Fig. 3.5. The internal wall was pierced with three rows of four holes set at
90 deg from one another, which served as coolant outlets. The coolant was
introduced into the cooling device under pressure through inlets on the external
wall. The pressure of coolant was controlled by means of a two-stage pressure
regulator in order to obtain different cooling rates.
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Figure 3.4. Schematic diagram of the forced torsion pendulum.
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Figure 3.5. Geometry of the cooling system and specimen.
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3.4. Experimental Methods
3.4.1. Tension

To investigate the aging and bake hardening behaviors of IF steels,
engineering stress-strain curves were plotted from the load-displacement data, as
was done by previous workers [9, 35, 40, 49, 100, 101, 118]. The mechanical
properties of the material were then derived. In the cases where a well-defined
yield point was not observed, the 0.2% offset method was used as a measure of
the yield strength.

3.4.1.1. Dynamic Strain Aging Tests
3.4.1.1.1. Effects of Chemical Composition, Reheat Temperature and
Cooling Rate

The effects of reheat temperature and cooling rate were studied on
samples of steel A. These treatments consisted of reheating to five
temperatures (900, 950, 1050, 1150, and 1200 °C) and then cooling at six rates

to room temperature.

The different cooling rates were produced by: (a) water quenching, W,
(b) cooling with helium gas, He, (c) with compressed air at a high flow rate,
H.FR,, (d) compressed air at a low flow rate, L.F.R., (e) in still air, S.A., and
(f) furnace cooling, F. The cooling rate for water quenching was about 400
°C/s. For the gas cooling procedures, the rates were about 50, 25, 12, 3 and
0.05 °C/s, respectively. This heat treatment cycle is shown in Fig. 3.6.

For steels B, C, and D, the samples were reheated to 900, 1000, and
1100 °C, then cooled at three rates of 400, 3, and 0.05 °C/s to room
temperature.
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All the samples prepared in this way were tensile tested at 300 °C and
107 st
Step 1. Heat

treatment
950

400 50 25 12 3 0.05°C/s
Step 2. Tensile testing at 300 °C and 107 s,

Figure 3.6. The heat treatment cycle applied to the samples.

The reheat temperatures were chosen considering the solubility products
of TiyC,S,, TiC and NbC as follows (119, 120]:

log[Ti)[C]*°[S)° = -17045/T + 7.9 (3.1)
log[Ti][C] = -10800/T + 5.02 (3.2)
log[Nb][C] = -8970/T + 3.46 (3.3)

For example, the TiC dissolution temperatures obtained for steels A, B, and C
are about 841, 864, and 903 °C, respectively. In the case of steel D, the
dissolution temperature for NbC is about 866 °C.

In some cases, the reheat temperature was 1100 °C in order to simulate
the last finishing temperature of the as-received materials and the cooling rates
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on the run-out table. Holding for 10 min at the reheat temperature has been
reported to approximate satisfactorily the condition of the material at the
beginning of cooling on the run-out table [35]. This enables the precipitates to
be identified [121].

As for C and N, their solubilities in a-iron can be calculated using

the following equations [122-124]:

log [Clppm = 6.38- (4040/T) (3.4)
C (wt%) = 2.55 exp(-4850/T) (3.5)
N (wt%) = 12.3 exp(-4177/T) (3.6)

3.4.1.1.2. Effects of Chemical Composition, Tensile Strain Rate and Test
Temperature

For this purpose, samples of steels A, B, and C were reheated to 1100
°C and then cooled in still air at the rate of 3 °C/s. Then, tensile tests were

carried out on samples of these three grades at four different strain rates of

104, 10-3, 102, and 10-! s-1. At each strain rate, up to 13 temperatures
(depending on the strain rate) were employed: 25, 65, 100, 125, 150, 175, 200,
225, 250, 300, 350, 400, and 450 °C.

The aim was to extrapolate these results and to predict the occurrence of
DSA at higher temperatures and higher/lower strain rates, such as those

involved in the processing of IF steels, i.e. ferrite rolling and flattening.
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In the case of steel D, tensile tests were carried out on two sets of
samples (cooled from 900 °C in still air and from 1100 °C in the furnace) at the
four strain rates and at the elevated temperatures mentioned above.

3.4.1.2. Static Strain Aging Tests
3.4.1.2.1. Aging Index (AI) Test

Static strain aging tests were carried out on all four IF steels using
different reheat temperatures and cooling rates. Then, the specimens were
prestrained 8% in tension and at room temperature. Following this, artificial
aging at 100 °C for 1 hr was carried out on the prestrained samples. After
cooling in still air from 100 °C, they were pulled to fracture at room
temperature. This method, known as the aging index test, is a common
technique [3, 102, 110-114] used to study the static strain aging behaviour of
steels.

By carrying out repeated tests under the same conditions, the deviations
associated with the aging indices and the amounts of carbon in solution were

determined to be about 3 MPa and 1 ppm, respectively.

3.4.1.2.2. Effects of Chemical Composition, Reheat Temperature and
Cooling Rate

Samples of all four IF steels were reheated to 1100 °C and then cooled
at three rates to room temperature. The different cooling rates were produced
by: (a) water quenching (W), (b) still air cooling (S.A.), and (c) furnace cooling
(F), with values of 400, 3, and 0.05 °C/s, respectively. To compare the SSA
behaviors of the present IF steels, aging index tests were then carried out on all
the samples prepared in this way. These steps are represented in Fig. 3.7.
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Step 1. Apply different
cooling rates to samples
of steels A, B, C, and D.

400 3 0.05 °C/s
Step 2. Carry out aging index tests

Step 3. Carry out internal friction measurements on samples of steels B and C

Figure 3.7. The steps employed to compare the SSA behaviors of the 4 IF steels.

The effects of different reheat temperatures and cooling rates were
investigated on steel A. The samples were reheated to five temperatures, 900,
950, 1050, 1150, and 1200 °C. They were then cooled to room temperature at
the three rates mentioned above. Following this, the SSA behaviour was
studied by carrying out aging index tests on the samples treated this way. This
procedure is illustrated in Fig. 3.8.

Step 1. Apply different reheat
temperatures and cooling
rates to samples of steel A.

950

400 3 0.05 °C/s

Step 2. Carry out the aging index tests

Figure 3.8. The treatments employed to study the effects of reheat temperature
and cooling rate on the SSA behavior of steel A.
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3.4.1.3. Quench Aging Tests

In order to follow the occurrence of aging phenomena during storing at
room temperature, some specimens of steel A were rapidly cooled from 1050
and 900 °C using water (400 °C/s) and helium gas (50 °C/s). They were then
tensile tested at 300 °C and 107 s i) immediately after quenching and ii) after
storing at room temperature (24 °C) for three weeks.

3.4.1.4. Bake Hardening Tests

Three different approaches to testing the susceptibility of steel B for
bake hardenability were investigated. The mechanical properties were then
compared with regard to the amount of bake hardening and the possibility of an
industrial application. Also, for each case, the optimum amounts of prestrain
and temperature that give the maximum bake hardening were determined.

Samples of steel B were reheated to 900 °C, held for 60 s, and then
cooled to room temperature at 12 °C/s (LFR). The aim was to obtain enough
solute carbon for bake hardenability. The high annealing temperature, 900 °C,
is necessary in the case of IF steels so as to produce a susceptibility for bake
hardening [51, 52, 54, 55, 71]. All the tensile tests were then carried out at a
strain rate of 107 5.

3.4.1.4.1. Dynamic Bake Hardening (DBH) Method

In this new method, samples of steel B were prestrained 2, 4, 6, and 8%
at 100, 150, 200, and 250 °C (i.e. they were bake hardened “dynamically”).
After cooling in still air, they were tensile tested at room temperature. This
procedure is illustrated in Fig. 3.9. The bake hardening values, yield strengths
before and after baking were then obtained from the tensile test results. The
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yield strength after baking is usually used to judge the dent resistance of metals
[49, 125].

Temperature l Prestrain |

2%

4%

50 °C é 6%

2%

. 00 4%

Step 1. Dynamically bake 6%
hardened by prestraining 8%

2%

at elevated temperatures 150< 4%
6%

8%

2%

4%

100< pi4s

8%

Figure 3.9. Schematic diagram of the DBH method.

Step 2. Tensile tested at room temperature

3.4.1.4.2, Static (Conventional) Bake Hardening (SBH) Method

This method is exactly the procedure normally used to assess the bake
hardenability of steels. Samples were prestrained 2, 4, 6, and 8% in tension
and at room temperature. They were then aged at 100, 150, 200, and 250 °C
for 20 min. Following this step, tensile tests were carried out at room

temperature. These steps are summarized in Fig. 3. 10.

3.4.1.4.3. Dynamic-Static Bake Hardening (DSBH) Method

This method is another new technique introduced here regarding the
susceptibility for bake hardening. Like the DBH process, in the DSBH
method, samples were also dynamically bake hardened by prestraining 2, 4, 6,
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Step 2. Aged at
elevated temperatures
for 20 min.

100 °C
150
% < 200

250

100
150
4% < 200

250

Step 3. Tensile tested

Step 1. Prestrained at room at room temperature

temperature

250

Figure 3.10. The steps of the SBH method.

and 8% at 100, 150, 200, and 250 °C. The only difference between the DBH
and DSBH procedures is that, in the DSBH technique, the samples were
subjected to another aging process: static strain aging at 170 °C for 20 min
(this step is usually employed for the simulation of conventional bake
hardening). Finally, they were pulled to fracture at room temperature. In fact,
this method (DSBH) is a combination of the DBH and SBH techniques, as
presented in Fig. 3.11.

3.4.2. Solute Carbon Measurement

In studying the aging behaviour of steels, it is important to know how
much C is in solution during or after the manufacturing process. There are two
common techniques for the measurement and estimation of the amount of
solute carbon. The internal friction technique is the most popular method for
measuring the amount of carbon in solution. Thisis the technique that was
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Temperature ' Prestrain |
2%
4%
50 °C 6%
8%
2%
0
Step 1. Dynamically bake 00 < g,ﬁ:
hardened by prestraining 8%
0,
at elevated temperatures i.,f;
15 6%
8%
2%
10 4%

Step 2. Statically strain aged at 170 °C for 20 min.
Step 3. Tensile tested at room temperature

Figure 3.11. The steps employed in the DSBH method.

used in this study. As already mentioned in section 2.8, the conventional
internal friction technique has a couple of disadvantages: i) at elevated
temperatures, metallurgical reactions occur in the steel during the test, ii) at low
frequency, the procedure is very time consuming. Consequently, the new
method described in that section was used to measure the amount of carbon in
solution. The advantage of this method is that the interstitial levels can be

measured at room temperature using a wide range of frequencies.

3.4.2.1. Solute Carbon Estimation

In order to expedite the study of the aging behaviour and because the
conventional intemal friction method is not sufficiently accurate for very low
carbon steels, a correlation has been established between the amount of carbon
in solution and the aging index [61, 75, 104, 108]. This correlation was shown
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in Fig. 2.16. Knowing the aging indices and using this correlation, the amounts
of carbon in solution can be roughly estimated [61, 75, 104, 108].

3.4.3. Torsion

Torsion tests can be used to study the dynamic strain aging behavior of
steels at high temperatures and high strains. For the first time, torsion tests
were carried out to investigate the dynamic strain aging behaviour of a Ti IF
steel (steel A) in the austenite and ferrite regions. The measured torque, T, and
twist, 6, were converted to equivalent stress and strain using the following
equations [117, 126].

6 =3.3 TV3/2nR® (3.7
€ =0OR/LV3 (3.8)

where R and L are the radius and gage length of the specimen, respectively.

The A,; temperature for IF steels with almost the same chemical
composition is estimated to be about 900 [121, 127], 895 [68], or 890 °C [67,
128]. As for the A, a value of 860 °C has been reported [67, 68, 121, 127,
128]. Therefore, in order to be conservative, the maximum temperature for
testing in the ferrite range was chosen to be 850 °C. However, according to the
following equation used to calculate the A, [129] based on chemical
composition, this temperature for IF steels is close to that for pure iron, = 910
°C [127, 130].

Aa =910-310C - 80Mn - 20Cu - 15Cr - 80Mo +035(t-8)  (3.9)
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Here t is the plate thickness.

3.4.3.1. Hot Rolling Simulation

The pass strains and interpass times applied are presented in Table 3.3.
This simulation involves seven roughing and seven finishing passes, along the
lines of a typical industrial strip-rolling schedule [67, 68, 121, 128]. All the
simulated passes were executed at a strain rate of 2 s'. The first roughing
temperature was 1260 °C, while different finishing temperatures were
employed. The roughing passes were carried out on the austenite phase, and
the finishing passes in the ferrite region. However, in some cases, the first
finishing pass was carried out in the austenite or in the y+a and the rest in the

ferrite region. In all cases, the serrations were initiated in the ferrite phase.

3.4.3.2. Warm Rolling Simulation

The same schedule, Table 3.3, was used in this case. The only
difference with respect to the above program is that in this case both the
roughing and finishing passes were carried out in the ferrite region. The first

roughing temperature was 850 °C.

3.4.4. Coiling Simulation

The effects of coiling temperature and cooling rate after this process
were investigated by employing one coiling temperature (650 °C) and two
cooling rates (0.01 and 0.03 °C/s). This treatment was executed on samples of
steels B and C.

The applied coiling temperature is a typical temperature normally used
in the coiling of IF steels [48, 58, 59, 74, 131]. Recently, the demand for low-
temperature coiling has increased because of the problems associated with the
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Table 3.3. Schedule for the simulation of hot and warm rolling.

Strain rate (/s) Strain per pass Interpass time (s)
Rl 2 0.23 3.5
R2 2 0.25 8
R3 2 0.23 10
R4 2 0.29 12
RS 2 0.39 13
R6 2 0.75 18
R7 2 0.56 150
F1 2 041 3.5
F2 2 0.53 2.5
F3 2 0.55 1.7
F4 2 0.55 0.80
FS 2 0.55 0.80
F6 2 0.40 0.80
F7 2 0.40

high-temperature coiling process. These problems are [3, 132-134]: i)
decreases in the product yield, ii) increases in the oxide scale thickness, iii) the
formation of coarse grains, which then cause surface defects, iv) the formation
of large cementite particles, which can cause damage by cracking, v) variations
in the mechanical properties along the coil length, mostly because of
differences in cooling rate between the coil ends and the middle. That is the
reason for employing the second cooling rate of 0.03 °C/s, while the cooling

rate of 0.01 °C/s is mostly used in industrial applications [55, 135, 136].

As shown in Fig. 3.12, this simulation consisted of reheating to
1150 °C (which is a little above the finishing temperature of the present
materials) and cooling to room temperature at 3 °C/s. Specimens were then
reheated to 650 °C, held at this temperature for 15 min and then cooled to room
temperature at 0.01 °C/s and 0.03 °C/s. This method resembles the technique
that has been employed by most workers to simulate the coiling process [48,
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55, 57, 65, 131, 137, 138]. However, some workers have applied another
procedure, which consists of cooling down, after finishing, to the coiling
temperature [139-141]. Finally, aging index tests were carried out on the
samples and, from the aging indices obtained, the amount of carbon in solution
was estimated.

It should be pointed out that, according to previous workers, coiling
temperature does not have any significant effect on the subsequent mechanical
properties, e.g. on bake hardening [48, 51, 59, 121, 125, 134, 135, 142, 143).

1150 °C

3<C/s
Step 1. Coiling simulation 0
carried out on
steels B and C.

0.03 0.01°C/s
Step 2. Aging index tests

Fig. 3.12. Schematic diagram of the simulation of the coiling process.

3.4.5. Continuous Annealing Simulation

Since the amount of carbon in solution after coiling may affect the
solute carbon level during continuous annealing, a coiling simulation was
employed prior to simulating continuous annealing. After a laboratory cold
reduction of about 75%, samples of steels B and C were reheated to three
“annealing” temperatures (650, 750, and 850 °C). After holding for 60 s, they
were cooled to room temperature at 0.03, 3, and 100 °C/s. Except for the
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cooling rate of 0.03 °C/s, which was discussed in the previous section, the
cooling rates employed after continuous annealing normally lie between 3 and
100 °C/s [49, 54, 56, 131]. However, some workers have reported still faster
rates of about 50400 °C/s [3], or ultrarapid rates of 1000 °C/s [3], and 2000
°C/s [55, 144]. Fig. 3.13 presents the steps employed for the continuous

annealing simulation.

Step 1. Coiling simulation | Step 2. Cold rolling | Step 3. Continuous annealing
simulation simulation

75% cqld

100 3 003°Crss

Step 4. Internal friction measurements and aging index tests.

Fig 3.13. Schematic diagram of the simulation of the continuous annealing process.

It should be mentioned that the specimens which were prepared for the
aging index tests did not receive any cold reduction. According to the past
work, cold reduction ratios do not significantly affect the bake hardenability
[48]. The tests of step 4 were camried out to compare the estimated and
measured amounts of carbon in solution for each soaking temperature and
cooling rate.
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3.4.6. Flattening Simulation

The residual stresses present after heavy cold reductions result in
irregular flamess across the strip width. Final flattening or removal of these
non-uniform stresses is carried out by plastic extension of the strip during
heating in the continuous annealing furnace. The applied strain rate is about
10 s [145] under these conditions. Therefore, to simulate the flattening

process, tensile tests were carried out on steels A, B, and C at this strain rate

(10* s™) and at temperatures from ambient to 400 °C.
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Results

4.1. Dynamic Strain Aging
4.1.1. Effects of Chemical Composition, Reheat Temperature and Cooling Rate
Some typical stress-strain curves for specimens of steel A cooled at the
six different cooling rates are illustrated in Fig. 4.1. It is evident that dynamic
strain aging occurs after cooling from all reheating temperatures, except for the
specimens that were furnace cooled. This implies that only furmace cooling
allowed full or nearly full precipitation of the carbon as required by the
decrease in carbon solubility with decreasing temperature. Even still air
cooling resulted in a material that was supersaturated with carbon. The former
case is in good agreement with the findings of other workers, who have
suggested that, when coiling is carried out at high temperatures and high Ti/(C
+ N) ratios are employed, the solute carbon and nitrogen can be tied up by the
Ti [59].

In Fig. 4.2, the UTS is plotted vs. the time required to cool to room
temperature for all reheating temperatures and cooling rates. There are clear
trends for the UTS values to increase with reheat temperature. For the
specimen quenched in water after reheating to 1200 °C, the UTS exceeds 370
MPa. Under fumace cooling conditions, the UTS values converge to around
150 MPa. Note also that a particular value of UTS, e.g. 260 MPa, can be
obtained by a combination of low reheat temperature and short cooling time, or
high reheat temperature and longer cooling time.
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Fig. 4.1. Stress vs. strain curves of specimens cooled from a) 900, b) 1050, ) 1150,
. and d) 1200 °C at different rates and then tensile tested at 300 °C and 10-3 s-1.
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Fig. 4.1. Stress vs. strain curves of specimens cooled from a) 900, b) 1050, c) 1150,
. and d) 1200 °C at different rates and then tensile tested at 300 °C and 10-3 s°1,
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Fig. 4.2. UTS vs. cooling time to room temperature for various reheat
temperatures and cooling rates.

In terms of the effect of chemical composition, some typical stress-strain
curves pertaining to the specimens cooled from 1100 °C at the different rates
are illustrated in Fig. 4.3. It is clear from these tests (carried out at 300 °C) that
once again still air cooling (3 °C/s) resulted in significant amounts of carbon
remaining in solution. Thus, dynamic strain aging took place at all values of
Tiexc, Ti*c/C, and Ti*y/S and in all four kinds of IF steel. Only after applying
very slow cooling (0.05 °C/s), were the smooth curves observed that signify
there is no carbon left in solution.

The effects of chemical composition and recheat temperature are
presented in Fig. 4.4. In the cases of cooling from 900, 1000, and 1100 °C in
still air (3 °C/s), considerable amounts of carbon remained in solution, leading
to the occurrence of DSA. This happened whatever the chemical composition.
Also, as the reheat temperature was increased, the UTS also increased.
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Fig. 4.3. Stress/strain curves of specimens cooled from 1100 °C at different rates
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4.1.2. Effects of Chemical Composition, Tensile Strain Rate and Test
Temperature

For steels A, B, and C, the flow curves obtained through the
temperature range (25 to 450 °C) at strain rates of 10-3 to 10-! s-! are
displayed in Figs. 4.5 to 4.7, respectively. At each given strain rate, the stress-
strain curves undergo pronounced strengthening with increasing temperature, as
past research on different kinds of steel has shown [22, 35, 146-151]. The
temperature at which serrations first appear shifts from about 100 to about

220 °C as the rate is increased from 104 to 10-1 s-1.

When the strain rate is increased, the temperature associated with the
disappearance of the serrations increases from 350 to 425 °C. Within the
serrated flow range, the magnitude and frequency of serrations increases to a
maximum as the temperature is increased. This maximum is towards the high
temperature side of the serrated flow range. Note also that the work hardening

rates are steeper for the curves displaying pronounced serrations.

In the case of steel A, the yield and flow stresses are plotted versus
temperature in Fig. 4.8 for all applied strain rates. The flow stress values go
through a maximum at intermediate temperatures, then drop at higher
temperatures. This flow stress behavior, common in all four steels, can be
divided into three classes:

(1) the low temperature range, where little or no aging occurs;

(it) the intermediate temperature range, which is characterized by the
serrations and high rates of strain hardening;

(ii1) the higher temperatures, where the serrations disappear and the rates
of strain hardening fall.
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A typical temperature dependence of the UTS at vanious strain rates is
displayed in Fig. 4.9. Although this behaviour is plotted for steel A, the trends
displayed are common to all four IF steels investigated. Here, best-fit polynomial
equations were used to draw lines through the data points. For each applied strain
rate, there is a maximum for the UTS, which generally shifts to higher temperatures
as the strain rate is increased. For example, the position of the UTS maximum

shifts from about 230 °C for 104 s-1 to about 340 °C for 10-1 s-1.

Referring to Fig. 4.10, in which is plotted the temperature dependence of
the fracture strain of steel A, it is evident that there is a significant reduction in
ductility at intermediate temperatures. Once again, best-fit lines are plotted through
the experimental results. At a strain rate of 104 s-1, the minimum in fracture strain
is at about 210 °C, while at a rate of 10~1 s-1, this minimum shifts to about 310 °C.
This dependence indicates that, with increasing strain rate, the minima in the
fracture strain shift to higher temperatures, as reported by past workers on dynamic
strain aging [35, 149, 152, 153]. In addition, as the strain rate is increased, the
minimum in the fracture strain shifts to somewhat higher values. For example, at a
rate of 104 s-1, the fracture strain minimum is about 0.25, while at 10-1 s°1 it is
about 0.32. These are also behaviors that were common to all the IF grades.

Once again in the case of steel A, the strain rate dependences of the flow
stress and UTS are illustrated for the temperatures below (25 and 65 °C) and within
(150 and 200 °C) the serrated flow range in Figs. 4.11 and 4.12, respectively. At
25 and 65 °C, where no serrations were observed at the four applied strain rates, the
flow stress and UTS display the normal positive rate dependence, Fig. 4.11.
However, in the serrated flow range, the rate dependence of the flow stress is
negative, Fig. 4.12. This negative strainrate sensitivity is akey characteristic of
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dynamic strain aging, and is responsible for significant reductions in ductility
throughout the intermediate temperature range. In the case of steel D, the stress-
strain curves associated with the specimens furnace cooled from 1100 °C are
smooth, Fig. 4.13; this indicates that plastic deformation is homogenous and
stable. The smooth decrease in flow stress with increasing temperature also
demonstrates that the temperature-dependence of the flow stress is “normal”,
i.e. that no “peak” due to the occurrence of DSA is present, Fig. 4.14.

Figure 4.15 exhibits some typical stress-strain curves pertaining to
specimens of steel D cooled from 900 °C in still air (3 °C/s), then tensile tested
at different strain rates and temperatures. Although the reheat temperature was
well above the calculated NbC solution temperature (866 °C), the magnitude of

the serrations was lower than in the case of the three Ti IF steels.

4.2, Static Strain Aging
4.2.1. Effect of Reheat Temperature and Cooling Rate.

The stress-strain curves associated with some of the aging index tests
carried out on specimens of steel A are displayed in Fig. 4.16. These samples
had already been reheated to various temperatures and then cooled to room
temperature at different rates. The effects of reheat temperature and cooling
rate on the aging indices are shown in Fig. 4.17. There are clear trends for the
Al values to increase with reheat temperature and cooling rate. These results
are in good agreement with the past work, indicating the presence of more
carbon in solution as the reheat temperature and cooling rate are increased [49,
154]). Under fumnace cooling conditions (0.05 °C/s), the aging index amounts
converge to around 5 MPa, which means this slow rate led to the almost
complete stabilization of this IF steel. For example, in the case of cooling from
1200 °C at this rate, the Al value is zero. By contrast, the return of a sharp
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air), and steel D cooled in the furnace from 1100 °C, then tensile tested at 10% 5™,

yield point, considerable Luders strain and an increase in UTS all indicate that
significant static strain aging can take place even in the case of still air cooling
(3 °C /s). The estimated amounts of carbon in solution for each combination of
reheat temperature and cooling condition are collected in Table 4.1.

Table 4.1. Aging index values and estimated amounts of carbon in solution for
different reheat temperatures and cooling rates (steel A).

Fumace  Cooling Cooling ! " Water Quench |
m AL 3 (MPa) | C +1 (ppm) | Al 43 (MPa) | C 21 (ppm) | Al 23 (MPa)
500 05 5 15 i5 a5 28
950 05 5 25 20 55 30
100 | <05 3 2 % 7 36
150 | <05 3 65 3 85 m
1200 0 0 7 35 12 a5




Chapter 4 Results 74

Eng. stress (MPa)

Eng. stress (MPa)

Eng. stress (MPa)

S in still air (3 °C/s)

[ S
o (-1
[ ——
[r—
[ —
"
—/
/
I

0 0.1 0.2 0.3 0.4
Eng. strain
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Note that a particular value of AL e.g. 25 MPa, can be obtained by a
combination of low reheat temperature and rapid cooling, or high reheat
temperature and slower cooling, Fig. 4.17. The minimum and maximum Al
values observed (0 and 45 MPa) correspond to reheating at 1200 °C following
by i) fumace cooling and ii) water quenching to room temperature,
respectively. Referring back to Fig. 2.16, these aging indices correspond to
about 0 and 12 ppm of carbon in solution.

4.2.2. Effect of Chemical Composition and Cooling Rate

The effects of chemical composition and cooling rate on the static strain
aging behaviors of the IF grades are plotted in Fig. 4.18. It is clear that two
different behaviors are observed, one for the water quenched and still air
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samples, another for the furnace cooled specimens. For the water quenched

and still air cooled samples, the aging indices increased with the Ti*/S ratio; in

the case of fumace cooling, the aging indices remained at zero whatever the [F
steel.

The Ti*J/S ratio is a new parameter introduced here. So far, previous
workers have investigated only the effect of Ti* /C in their studies of IF steels.

However, the former factor is closely linked to the probability of formation of
TiS or TigC5S5 at high temperatures, which then affects the amount of carbon

in solution. Some aging indices determined and the estimated amounts of C in
solution are listed in Table 4.2.

Table 4.2. Aging indices and the corresponding estimated amounts of carbon
in solution (cooled from 1100 °C at different rates).

Fumnace Cooling Stll Air Cooling Water Quench

steel § C 1 (ppm) | AI+3 (MPa) | C £1 (ppm) | Al £3 (MPa) | C £1 (ppm) | Al 3 (MPa)
A <05 3 55 30 8 38
B 0 0 4.5 28 7 36
C 0 0 7 35 15 53
D 0 0 3 2 85 40

These values correspond to samples that were cooled from 1100 °C in
still air. It is of interest that steels A and B, which have the same values of
Tiexc, Ti*J/C, and Ti*JS, exhibited the same aging behaviour, although the Ti

and S levels in steel B were 1.5 times as high as in steel A. Steel C, with the
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highest Ti*/S and lowest S content, exhibited the highest aging index after
water quenching and still air cooling, although it had the highest Ti* /C value.
This means that the Ti* /S ratio is likely to be more important than the Ti* /C

ratio with respect to the removal of carbon from solution. By contrast, the
aging behaviour of the Ti-Nb IF steel was similar to that of steels A and B.

4.3. Quench Aging at Room Temperature
The stress-strain curves determined on specimens quenched from 1050

and 900 °C using either water or helium and then tensile tested at 300 °C and

10-3 s-1 are illustrated in Fig. 4.19. In the case of the quench aged samples, the
smooth stress-strain curves indicate the absence of carbon in solution after
storing at room temperature for three weeks. Referring to Table 4.1, aging
indices of about 28 and 36 MPa can be expected in the cases of water
quenching from 900 and 1050 °C, respectively. These data suggest that
considerable aging should take place during storage. When the samples were
tensile tested immediately after quenching, dynamic strain aging occurred, as
indicated by the presence of serrations in the stress-strain curves. It is of
interest that the occurrence of either SSA or DSA led to the same increase in
UTS and reduction in ductility or total elongation.

4.4. Bake Hardening

To estimate the amounts of solute carbon available for bake hardening,
aging index tests were carried out. An average value of 26 MPa was obtained,
corresponding to about 4 ppm carbon in solution. The maximum and minimum
bake hardening values obtained with this amount of solute carbon were about
55 (DSBH method) and 3 MPa (SBH method), respectively. This means that,
for a given solute carbon level, the dynamically and then statically aged
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samples have much more capability to produce high bake hardening values than
those that were bake hardened in the conventional way.

4.4.1. Dynamic Bake Hardening (DBH) Method

Figures 4.20 to 4.22 present the effects of prestrain and temperature on i)
the amount of bake hardening, ii) yield strength before, and iii) after this process,
respectively. Figure 4.20 illustrates how the DBH depends on temperature. The
DBH amounts reach a maximum at around 170 °C, a position that does not change
with prestrain. In terms of prestrain, the 2% prestrained samples exhibited the
maximum amounts.

As shown in Fig. 4.21, the yield strength before baking remains fixed at
about 95 MPa. This parameter increases with prestrain after DBH and reaches a
plateau at the higher temperatures, as illustrated in Fig. 4.22.

4.4.2. Static (Conventional) Bake Hardening (SBH) Method

Figures 4.23 to 4.25 illustrate the effects of prestrain and temperature on i)
the amount of bake hardening, ii) the yield strength before, and iii) after this
method, respectively. According to Fig. 4.23, there is a maximum in the SBH
value vs. prestrain, which shifts to lower prestrains as the temperature is increased,
this is in agreement with the previous work [51, 52]. At intermediate temperatures
(200 and 250 °C), three different behaviors are observed: (i) the bake hardening
values increase with increasing prestrain at low prestrains, (ii) less bake hardening
is observed with further increases in prestrain, and (iii) larger prestrains result in a
platean, or in a slight increase in the baking values. This is in good agreement with
the findings of other investigators [S, 48, 51]. The maximum and minimum
amounts of static bake hardening (26 and 3 MPa) were obtained in the cases of 4%

and 2% prestrain followed by baking at 250 °C and, 100 °C respectively.
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Prestraining led to an increase in the yield strength until it almost
reached a plateau. This happened between 200 and 250 °C, Fig. 4.25, and is in
agreement with the results of past workers [43, 48, 115, 155]. By contrast, the
yield strength before treatment remained constant at about 140 MPa, Fig. 4.24.

4.4.3. Dynamic-Static Bake Hardening (DSBH) Method

Figures 4.26 to 4.28 depict the effects of strain and temperature on i) the
amount of bake hardening, ii) the yield strength before, and iii) after this
technique, respectively. Two different behaviors were observed regarding the
effects of strain and temperature on the amount of bake hardening, Fig. 4.26.
When the subsequent aging temperature (170 °C) was higher than the
temperature of dynamic aging (100 and 150 °C), the influence of dynamic
aging was diminished. In this case, the effect of strain on the amount of bake
hardening was almost the same as the behaviour observed in the SBH method
for 150 and 200 °C. By contrast, when the former temperature was lower than
the latter, the amount of bake hardening decreased with the strain. The
maximum and minimum amounts of bake hardening (55 and 20 MPa) obtained
with this method corresponded to straining to 4% and 8% at 150 and 250 °C,

respectively.

Like the DBH method, the yield strength before the DSBH process
remains constant at about 95 MPa, Fig. 4.27. By contrast, the yield strength
after treatment increases with the amount of straining to essentially reach a

plateau. The latter begins at a temperature between 150 and 200 °C, i.e. at
approximately 170 °C, Fig. 4.28.
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4.4.4. Comparison of the DBH, SBH, and DSBH Methods

The three methods of bake hardening steel B are compared in Figs. 4.29 to
433, It is evident that the dynamically aged specimens (the DBH and DSBH
methods) produced the highest BH values, as well as pronounced work hardening
rates, reduced Luders strains, lower yield strengths before prestraining, and
significant increases in yield strength after baking. These factors can help to
prevent buckling and wrinkling, necking in expanded zones, stretcher strains and
spring back during press forming, and will lead to higher dent resistance after
baking.

To avoid the above-mentioned defects in press forming, the yield strength
should be as low as possible, the Luders strain should be almost zero, and the work
hardening rate as high as possible. In addition, high yield points after baking confer
high dent resistance. Referring to Figs. 4.29 to 4.33, all these propetties can be
improved by using a dynamic aging process.

The most important issues regarding the characteristics of the three bake
hardening methods are the following:

1) The amounts of bake hardening in the cases of DSBH and DBH are much higher
than those produced by the SBH (conventional) method. For example, in the case
of a 2% strain at 100 °C, the amounts produced by the DSBH and DBH methods
are about 15 and 8 times the SBH value, respectively. The minimum bake
hardening value is about 3 MPa (2% prestrain at 100 °C with the SBH method) and
the maximum value is about 55 MPa (a strain of 4% at 150 °C with the DSBH
method). Generally speaking, the lowest bake hardening values were obtained in
the case of SBH. Conversely, the highest amounts were observed in the case of the
DSBH method when the temperatures of dynamic aging (100 and 150 °C) were
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lower than the temperature of subsequent static aging (170 °C). In other cases, it
seems that the DBH method exhibited the higher values.

if) There is no Luders strain during elevated temperature prestraining in the cases of the
DBH and DSBH methods.

iii) In a similar manner, there is no sharp yield point when prestraining is carried out by
the DBH and DSBH methods.

iv) The yield strength before baking in the DBH and DSBH methods is about 45 MPa
lower than m the case of the SBH method.

v) The work hardening rate during prestraining is much higher in the DBH and DSBH
methods than conventionally. This is because more pronounced work hardening rates
are produced during dynamic strain aging than in the static strain aging case.

vi) The yield strength after baking is much higher when the DBH and DSBH methods
are used.

vii) With increasing prestrain, the yieldtensile strength ratio increases until it almost
attains unity in some cases of the DBH method.

viii) Although a sharp yield point and the Luders strain are rarely observed in the DBH
method after baking, they are more significant for both the SBH and DSBH methods.
ix) The rise m UTS with prestrain is less pronounced than that of the yield strength, so
that the UTS values are fairly close together (there is a maximum of about 45 MPa of
difference between the various conditions of testing). Generally speaking, the DSBH,
SBH, and DBH methods lead to average UTS values of 300, 290, and 280 MPa,
respectively.

4.5. Torsion
45.1, Hot Rolling

As shown in Fig. 4.34, when both the roughing and finishing passes are carried
out in the austenite phase, no serrations are observed in the stress-strain curves. When
the first finishing pass was executed in the austenite region and the rest in the femite,
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serrations manifested themselves in the flow curves of the passes carried out in the
ferrite, see Fig. 4.35. In the third case when all the finishing passes were performed
in the ferrite range, semrations were observed in all the flow curves, Fig. 4.36.

4.5.2. Warm Rolling

In this case, both roughing and finishing were carried out in the femrite
range. As presented in Fig. 4.37, semations are observed during almost all the
finishing passes. During each pass, they are initiated with a sharp yield drop,
which is followed by the serrations. This phenomenon (DSA) can be attributed in
this case to the substitutional elements, since the temperature and strain rate range
in which the serrations are observed correspond to those reported for these
elements [36, 93, 94, 156].

4.6. Coiling

The results of the aging index tests carmried out on steels B and C (cooling
from 650 °C at 0.01 °C/s) are presented in Figs. 4.38 and 4.39, respectively. The
aging index values, along with the comesponding estimated amounts of solute
carbon, are summanzed in Table 4.3.

Table 4.3. Aging indices and estimated amounts of solute carbon resulting from

the coiling simulation.
Cooling Rate
001 °C/s 0.03 °C/s
Steel Ctl(ppm) | AI3(MPa) | Cz1(ppm) | Al13 (MPa)
B 15 15 6 32
C 25 20 9 42
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These measurements show that, even after coiling, some amount of carbon will still
remain in solution. Furthermore, when the second cooling rate of 0.03 °C/s was
employed, even more solute carbon was obtained. The amount of carbon in
solution at room temperature after coiling at typical IF steel temperatures (650-750
°C) was reported to be 3 ppm [157]. Other authors have found this amount to be 4
ppm after coiling at 750 °C [158]. In the present work, the aging indices and
therefore solute carbon levels were highest for steel C, which had the lowest S
content or highest T1*/S ratio.

4.7. Continuous Annealing

Some of the stress/strain curves obtained from the aging index tests
carried out on steels B and C are iilustrated in Figs. 4.40 and 4.41. The aging
indices and their corresponding amounts of solute carbon are shown in Tables

4.4 and 4.5 for steels B and C, respectively.

Table 4.4. Aging indices and estimated amounts of solute carbon resulting
from the continuous annealing simulation carried out on steel B.

[stedB|  Fumace Cooing __1_Sil_Ar Coolng Water Quench |
T(C) | C+1(ppm) | L33 (MPs) | C:+1 (ppm) [ AT33 (MPa) | C:+1 (ppm) | AIS3 (MPa)
650 3 2 4 25 3.5 30
750 2 17 3 2 a 25
850 0 0 0 0 051 5

Table 4.5. Aging indices and estimated amounts of solute carbon resulting
from the continuous annealing simulation carried out on steel C.

steel C Fumace Sull Air Water

TCC) JC+l Al 3 Ctl Al+3 C+l ) | Al+3 (MPa)
650 5.5 30 6.5 33 8.5 40

750 1.5 15 4 25 5.5 30

850 0 0 0 0 0 0
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. annealing temperatures at different rates (continuous annealing simulation).
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An interesting point is that the solute carbon and consequently the aging
index values decrease with increasing annealing temperature, so that both
converge to about zero at 850 °C. This result is in agreement with the findings
of past workers who reported, in some cases, the effects of increasing the
annealing temperature on the yield point, hardness, aging index, and/or solute
carbon level [2, 45, 51, 55, 159, 160]. For example, the amount of carbon in
solution for a 0.0019% steel was reported to be 4 ppm when continuous
annealing was carried out at 800 °C (the cooling rate was unknown) [47). The
maximum amount of aging again pertained to the steel (C) that had the lowest S
content and the highest Ti*y/S atomic ratio.

4.8. Internal Friction/Solute Carbon Measurements

Some of the results obtained from the internal friction measurements
carried out on steels B and C are illustrated in Figs. 4.42 to 4.49. The
measured and estimated solute carbon levels of the specimens cooled from
1100 °C at different rates are compared in Table 4.6. In the case of steel B,
there is a small difference between the measured and estimated amounts of C in

solution. The difference is somewhat more pronounced in the case of steel C.

Table 4.6. Measured and estimated amounts of solute carbon in samples
cooled from 1100 °C at different rates.

Fumace Cooling | Stll Arr Cooling Water Quench
Estimated | Measured | Estimated | Measured | Estmate | Measured |

Steel{ +1ppm | +1ppm t1 ppm +lppm |tlppm | £lppm

0 0 45 45 7 )

0 0 7 65 15 19
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Fig. 4.47. Intemnal friction tests carried out on specimens cooled from 850 °C in
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The results for the samples cooled from 650, 750, and 850 °C (at three

rates) are summarized in Table 4.7 for steel B.

Table 4.7. Measured and estimated amounts of solute carbon remaining in
steel B after the continuous annealing simulation.

Fumace Cooling Still Air Cooling Water Quench
—t

Estimated | Measured | Estimated | Measured | Estimated | Measured
Steel B | +1ppm {tlppm |*lppm tlppm |*lppm | *1ppm

650 °C 3 5 4 15 5.5 10
750 °C 2 1 3 3 4 7
850°C 0 0 0 1.5 0.5-1 4

4.9. Calibration between the Aging Index and Solute C Level

A calibration was established in this work between the aging indices and
the amount of solute carbon present in the steels, see Fig. 4.50. This employed
the results of the aging index and internal friction measurements and was based
on averages for repeated tests. This calibration can be readily used to predict
the aging behaviour of IF steels.

4.10. Flattening

Tensile tests were carried out on specimens of steels A, B, and C at the
strain rate employed during flattening (10 s™). The flow curves obtained
through the temperature range ambient to 350 °C at a strain rate of 104 s-1 are
displayed in Fig. 4.51 for the Ti IF steels. In the blue brittleness range, the
stress-strain curves show evidence of pronounced strengthening accompanied
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Fig. 4.50. Calibration between the measured aging indices and amounts of solute C
in the present steels.

by a significant decrease in ductility. The temperature at which serrations first
appear is less than 100 °C. Within the serrated flow range, the magnitude and
frequency of the serrations as well as the work hardening rates increase to a

maximum as the temperature is increased.

It is evident that, in some cases, for example at 200 °C, the serrations
are initiated at very low strains, even less than 0.2% elongation. It should be
noted that to remove irregularities along the strip width, the plastic strain
required lies between 0.1% to 0.4% elongation [145].
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Discussion

5.1. Effect of Cooling Rate

The effect of cooling rate on the amount of carbon that remains in
solution at room temperature depends on several parameters. The foremost of
these are the reheat temperature and total amount of carbon; the latter
determines the maximum available amount of carbon. Also of importance are
the type of particle that will act as a nucleation site for TiC and the size
distribution and spacing of these nuclei. The length of the carbon atom
diffusion path depends on the latter. Here it is important to recall that the
nucleation rate is more important than the diffusion rate with respect to
precipitation [40, 76] and that higher dislocation densities promote nucleation
[76].

In terms of the type of particle required for nucleation, the precipitation
of TiC on TiN nuclei has not been observed during cooling from high
temperatures under the present conditions [69, 75, 101]. By contrast, TiS has
been observed to act as a preferential site for the nucleation of TiC [57, 75,
102, 128]; this then leads to the formation of TigC2S2. This appears to be the

reason why Tsunoyama et al. [57] found that the amount of carbon in solution
at room temperature depends inversely on the total amount of S in the steel.
Upon cooling after annealing at high temperatures, they reported that a
considerable amount of carbon remains in solution in Ti IF steels with low S
levels. This was attributed to the lack of sufficient TiS nucleation sites for C
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precipitation. Nucleation can also be promoted by the presence of pre-existing
particles, or by the simultaneous precipitation of other particles [118]. Ti or Nb
carbide can act as the nucleation site for iron carbide when the Ti/ C or Nb/C
atomic ratio is less than unity [55]

During the continuous annealing of low carbon steels, MnS particles act
as preferential nucleation sites for the precipitation of cementite, enabling the
production of non-aging steels [3]). Elements like Mn or Ni can act as
additional nucleation sites for carbide particles [161). The rate of C
precipitation in ternary alloys is also more rapid than in binary alloys; in the
latter case, fewer precipitates are present to act as nucleation sites for the
carbides [118]. In low carbon steels, epsilon carbides can serve as nucleation
sites for the precipitation of Fe4N [162].

As regards the distribution of particles, it is well known that finely
dispersed sites are more effective in removing carbon from solution than widely
dispersed sites. In the former case, the diffusion paths of carbon atoms to
nuclei are shorter. Although this distance increases as the cooling rate is
decreased, the time for diffusion becomes long enough to allow fuil
precipitation of the carbon, thus following the equilibrium trend of decreasing
carbon solubility with decreasing temperature. Chemical composition also
affects the particle dispersion. For example, in the case of Ti IF steels, the
precipitates are dispersed more coarsely than in Nb IF steels (59, 65].

With respect to the total amount of carbon, it has been reported that
when the carbon content is high, e.g. 0.78%, the amount of carbon in solution
at the reheat temperature is not retained, even after water quenching [163]. In
this case, it appears that the closely spaced Fe3C particles act as sites for
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carbon precipitation during quenching, so that the amount of carbon in solution
after quenching is reduced.

To achieve the same low solute carbon levels in lower carbon grades,
e.g. 0.01 to 0.1%, Butler [164] applied a cooling rate four orders of magnitude
slower than water quenching, 0.5 °C/min. However, he reported that this
cooling rate was ineffective for the 0.01% C material. Evidently, insufficient
precipitation sites were available, resulting in almost all the carbon remaining
in solution. Considering the much lower carbon content in the present Ti [F
steels, e.g. 0.0019% C, it can be expected that a still slower cooling rate will be
required because of the still larger interparticle spacing. Nevertheless, keeping
in mind that Butler's findings are related to plain carbon steels, it remains
possible that carbide formers such as Ti can act as more effective scavengers by
removing solute carbon, either by direct precipitation or by complex
precipitation [5, 102].

Bleck et al. [50] found that, after batch annealing, the amount of carbon
in solution in steels with <0.015% C is much more than in steels with >0.03%
carbon. The amount of solute C in the former was up to 12 ppm compared to 1

ppm for the latter.

In the present work, even still air cooling resulted in a material that was
supersaturated with carbon. This can be attributed to the very low carbon
content, as discussed above, and also to the lack of sufficient time for Ti or C
diffusion. Baird [5] has suggested that slow cooling is not the most effective
way to precipitate C or N because of the wide separation of nucleation sites and
the consequent long diffusion distances. Others have also noted that the
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precipitation of carbon is less complete in alloys with very low carbon contents
because of the sparseness of carbide nucleation sites [102, 165, 166].

With regard to the furnace cooled samples, it can be concluded that, in
practice, control of the level of carbon in solution can be achieved by choosing
an optimum coiling temperature. This temperature should be low enough for
the equilibrium solubility of carbon to be low, but high enough to allow
sufficient time for precipitaion and diffusion. Although high coiling
temperatures promote favorable texture development, they also promote the
formation of large cementite particles, which can then cause damage by
cracking (134). There are other disadvantages of high coiling temperatures,
such as the presence of thicker oxide layers along the strip edges, and greater
differences in cooling rate between the coil ends and the middle [132]. Bleck
et al. have therefore suggested that lower coiling temperatures should be used,
which would lead to higher yield strengths as a result of the carbon in solution
[59].

As will be discussed later, the effectiveness of Ti in removing carbon
from solution depends on the amount of Ti remaining after reaction with N, §,
O, and some of the P. However, it should be noted that, upon cooling after
continuous annealing [55, 57, 141], some dissolved carbon can remain in

solution in Ti IF steels, even when the excess Ti is greater than zero [S7).

In summary, the most important factors that determine the effectiveness
of a particular cooling rate in removing carbon from solution are: the reheat
temperature, the initial amount of carbon in solution, the type of particle acting
as a nucleation site, and the diffusion distance between nucleation sites. The
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latter depends, in turn, on the mean size of the particles that act as nuclei [61,
164].

5.2. Effect of Chemical Composition

Some workers [113] have reported that sufficient solute C is not easily
obtained through the dissolution of carbide formers, even when high annealing
temperatures are employed. Furthermore, annealing at high temperatures is not
economical or practical. It is easier to adjust the amount of solute carbon
instead by controlling the chemical composition, especially in the case of the
bake hardenable steels.

The chemical composition is important because the solubility products
of the various precipitates are modified by the presence of alloying elements
[62, 63]. In IF steels, for example, elements such as S, P, and Mn can affect

the amount of C in solution, regardless of the cooling rate.

Alloying elements can influence the precipitation process by a)
changing the C activity and consequently the solubility of carbon, b) affecting
the density of nucleation sites, and ¢) changing the composition of the final
precipitate. Manganese, for example, decreases the activity of carbon, resulting
in the formation of a metastable carbide; conversely silicon stabilizes the
carbide because it increases the activity [167, 168). Phosphorus has almost the
same effect as silicon [161, 169).

The effects of the various alloying elements on nucleation are
summarized in Table S.1.
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Table 5.1. Relation between type of particle and nucleation site.

particle or element nucleation site for
TiS TiC
TiC/NbC iron carbide
MnS cementite
Mw/Ni carbides
epsilon carbide FesN
particles in ternary and other alloys carbides

In terms of changing the composition of the carbide, when the P content
is high, FeTiP forms in place of Ti4C5S5 and TiC, as the former is more stable

than the latter two compounds [131]. By increasing the Mn content in IF
steels, the formation of TigC585 is suppressed. This reaction is also retarded

when the S content is extremely low [131]. In both cases, the aging index can
be increased because of the increased availability of C in solution. Finally, the
amount of TigC,S, increases when the sulfur content is increased. This leads

to a decrease in the amount of TiC, and therefore in the solute carbon that is
produced by the dissolution of TiC during annealing. Thus, the bake
hardenability should decrease when the sulfur content is increased [170).

In the absence of solute carbon, the presence of phosphorus deteriorates
the mechanical properties by segregating to feirite grain boundaries [62, 66,
159]. Thus, when the aging index increases (indicating that more solute C is
present), the transition temperature is also decreased [66]. In the absence of
Mn, only Ti(C, N) and TigC»S9 can form, while with 1 pct Mn, MnS and TiC

replace Ti4C,S, precipitation. Thus, increasing the Mn content can leave
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more carbon in solution available for bake hardening [62]). Boron can also
migrate to grain boundaries and in this way prevent phosphorus segregation
[171]). Thus, the addition of boron can improve the mechanical properties
when the phosphorus content is high.

In general, the higher the effective atomic ratio of (Ti*+Nb)/C, the
lower the aging index. This means that increasing the ratio, when the P content
is high, should lead to more P segregation at the grain boundaries. Therefore,
in P-alloyed IF steels, the (Ti*+Nb)/C ratio must be maintained at a low level
[62].

In addition to its effect on the amount of C in solution, chemical
composition can also change the mechanical properties by affecting the extent
of grain refinement, the precipitate size distribution, the texture and anisotropy,
etc. For example, solute carbon affects the formation of favorable textures for
deep drawability [64]. Furthermore, the amount of Ti and therefore the cost of
alloying increase with the C level. For these reasons, the N content is usually
of subordinate importance in IF steels [59]. Compared to Nb IF steels, the
precipitates are dispersed more coarsely in Ti IF steels [59, 65]. Finally, finer
grains can be produced in Ti-Nb IF steels than Ti IF steels [66].

5.3. Work Hardening Rate, Strain Rate, and Temperature

As was shown in Figs. 4.5 to 4.7, dynamic strain aging (DSA) is
accompanied by a large increase in work hardening rate, attributable to the
multiplication of dislocations [10]. It is generally assumed that the dislocations
become immobilized by solute pinning and fresh dislocations have to be
produced as the deformation progresses [8]. In other words, rapid strain aging
of the mobile dislocations makes the creation of new dislocations necessary in
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order to reach the required strain [172]. Locking of these strain-aged
dislocations leads to the observed increase in flow stress, which may also be
partly due to precipitation on dislocations and/or the formation of interstitial
(Cottrell) atmospheres [5, 8, 50, 152, 172). This process of pinning and
unpinning, repeated many times during deformation at elevated temperatures,
leads to serrations in the stress-strain curves and to the observed increase in the
work hardening rate. Each rise in flow stress is associated with the primary
Luders band being temporarily locked by strain aging, while each fall is
associated with unlocking and the Luders band moving forward again [5]

In the present work, as the strain rate was increased, the temperatures of
the flow stress maximum and the ductility minimum shifted to higher
temperatures (see Figs. 4.9 and 4.10), in agreement with the literature [35, 173-
176). Cottrell [177, 178] suggested that, at a given strain rate, the minimum
temperature at which serrations appear is that at which the diffusion coefficient

(in cm2 s-1) of the solute species is about:

D = 109 x strain rate (5.1)

indicating that the process is controlled by the diffusion of solute atoms.
Substituting the diffusion coefficient of carbon, the equation is:

strain rate = 2 x 107 exp( -20,100/ RT) (5.2)

where R is the gas constant and T the absolute temperature. According to this
relation, for strain rates of 104, 10-3, 10-2, and 10-! s-l. the minimum
temperatures at which jerky flow takes place are 113, 150, 196, and 252 °C,
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respectively. Baird and Jamieson [152] later suggested that the pre-exponential
factor for the onset of serrated flow is somewhat higher (~ 108). This leads to
minimum temperature values for the onset of serrations of: 91, 123, 163, and
211 °C, respectively, which are in reasonable agreement with the present
results.

5.4. Aging Index Tests

The changes in mechanical properties produced by baking, i.e. the
aging-index treatment, are due to the process of static strain aging [49]. During
the initial stages of static strain aging, Cottrell atmospheres are formed by the
segregation of the carbon to dislocations, thereby anchoring them [8, 49, 118].
The increase in the upper and lower yield points arise from the additional force
needed to separate dislocations from these atmospheres and to move them.
Therefore, among the various properties that change during strain aging, the
increase in yield strength is probably the most reliable sign of aging [84].

Hundy [179] suggested the following equation as a means of calculating
the time of strain aging at room temperature from results that were obtained at

higher temperatures:
log (ty/t) = 4400( 1/Ty - 1/T) - log T/T; (5.3)

Here t; is the aging time at room temperature T, (K), and t is the time at an
elevated temperature T. Considering the present results generated at T = 100
°C and t = 1 hr, some equivalent aging times at room temperature and at
elevated temperatures are listed in Table 5.2. It should be noted that this
expression is applicable for predicting the effect of aging temperature on a
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certain steel, containing a certain amount of carbon in solution, after a given
prestrain. However, it may not be correct above 150-200 °C, because the level
of carbon in solution may increase when the temperature is raised above 200
°C [179-181], or even above 100 °C [182, 183].

Table 5.2. Aging times required to give rise to the same amount of aging as
observed after 60 min at 100 °C.

10°C 16°C 20°C 40°C | 60°C | 80°C | 120°C | 150°C

6 months | 3 months | 7weeks { 6days | 1day |4hr | 15min | 2.5min

Okamoto et al. [184] reported that, for a material to resist aging at room
temperature for three months, the upper limit of dissolved carbon is
approximately 10 ppm. However, according to the present results, even 1.5
ppm carbon in solution in samples cooled from 900 °C in still air can lead to
significant static strain aging at room temperature during this time and to
dynamic strain aging at elevated temperatures, Figs. 4.1 and 4.16.

Tsunoyama et al. [57] found that when the concentration of S was at
normal levels ( ~0.01%), the Al was small, whereas when the S content was
decreased, the Al increased up to 30-40 MPa. As will be discussed later in
more detail, this is because, when the S content is low, there are too few TiS
precipitates to act as nucleation sites for the TiC. Irie et al. [55] investigated
the effect of soaking temperature in continuous annealing on the aging indices
of a series of Ti-IF steels with 0.07% P. A constant cooling rate of 70 °C/s was
applied to all the steels. As the Tieff’C, atomic ratio (Tiegr = Total Ti - 1.5[S] -
3.43[N]) was increased from 0.4 to 4.6, they found that, in a steel with Tieff/C
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= 0.4, the Al of about ~53 MPa was independent of soaking temperature. By
contrast, the aging indices were low, in the cases of Tieff/C = 1.1 and Tieff/C =
4.6, when soaking temperatures no higher than 830 and 920 °C, respectively,
were employed. Finally, the aging indices increased markedly and rapidly at
soaking temperatures above 830 and 920 °C for the latter two steels. They
concluded that, if the AI was less than 30 MPa, the mechanical properties
would change by only a small amount after storing for three months at
temperatures of about 40 °C. Brun and Pansera [154) reported similar results:
after annealing at temperatures above 820 °C, the Al was increased. This
increase was higher for rapid cooling and low Nb/C ratios. The present results
are in good agreement with these findings: an increase in both the reheat
temperature and cooling rate produced higher Al values.

As for the Nb IF steels, after annealing at 830 °C for 40 s, Hashimoto et
al. [185] found that, when the amount of Nb was more than 7.8%C - 0.01, the
aging index was less than 30 MPa. It was concluded that this value of aging
index can guarantee that the mechanical properties will not change during
storage for three months in the summer. In case of Nb/C = 0.6, even with slow
cooling, the aging index was higher than 40 MPa. With Nb/C = 1, the aging
index was lower than 20 MPa when the cooling rate was less than 2 K/s.

Katoh et al. [61, 186] found that an AI value of about 30 MPa
corresponded to approximately S ppm C in solution. This is in good agreement
with the present results in the case of water quenching from 900 or 950 °C. In
these cases, the amounts of solute carbon were approximately 4.5 and 5.5 ppm
for Al values of about 28 and 30 MPa, respectively. Satoh et al. [2] reported
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that, for this amount of carbon in solution (5 ppm), the aging index was
approximately 40 MPa.

Ushioda et al. [3] suggested that an aging index of 30 MPa can be
considered as a non-aging value for steel and 20 MPa as a target for the
complete absence of aging properties. In the present work, the maximum aging
index value obtained for a non-aging steel was about 5 MPa corresponding to
less than 1 ppm (about 0.5 ppm) carbon in solution. According to this result
and in agreement with other workers [9, 187], a steel with a solute carbon level
below 1 ppm ( less than 10 MPa of Al value) can be considered as a non-aging
steel. However, if a threshold level of 30 MPa is selected for the aging index,
the situation is completely different. This value corresponds to about 5.5 ppm
C in solution, an amount that can cause significant dynamic and static strain

aging, Figs. 4.1 and 4.16.

As for the aging index tests at a constant temperature, 100 °C, Mclvor
[102] has reported that 5 to 300 min of aging at this temperature is equivalent to
3 days to half a year of aging at room temperature. He concluded that a
treatment consisting of a 10% tensile prestrain followed by aging for 30 min at
100 °C should be equivalent to about 3 weeks of aging at room temperature.

5.5. Activation Energies

In the case of dynamic strain aging, the strain rate can be related to the
test temperature by the well known Arrhenius equation [35, 155, 176, 188,
189).

strain rate = A exp(-Q/RT) 5.4
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where A is a frequency factor and ( is the activation energy for dynamic strain
aging. From the slopes of the lines in Fig. 5.1, activation energies of about 82
and 132 kJ/mole are obtained for the minimum and maximum temperatures
associated with the appearance and disappearance of serrations, respectively.
These findings are in good agreement with those of other workers for plain C
steels [9, 10, 35, 189-193]). In addition, the activation energy for the
appearance of serrations matches well with the activation energy for the
diffusion of carbon in a-iron, indicating that the process is controlled by the
diffusion of this element. The higher activation energy for the disappearance
of serrations has been attributed to the binding energy of interstitial atoms to
the dislocations [9, 10, 194].
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Fig. 5.1. Temperature and strain rate range over which serrations are observed.

Referring to Fig. 5.1, the two lines comresponding to the low

temperature/low activation energy side and to the high temperature/high
activation energy side divide the domain into three regions. In region A,
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corresponding to high strain rates and/or low temperatures, plastic deformation
is uniform and stable; hence the stress-strain curves are smooth. The central
region is the serrated flow region, where the dislocation velocity remains
approximately equal to the solute diffusivity, leading to pinning and unpinning.
In region B, which corresponds to low strain rates and/or high temperatures,
plastic flow is also homogeneous, and smooth curves are obtained because of
the positive strain rate dependence. The lines in Fig. 5.1 can be extrapolated to
predict whether or not dynamic strain aging will occur at the strain rates and
temperatures involved in the processing of IF steels. This is a topic to which

we will return later.

As for the specimens cooled from different reheat temperatures, the
activation energy for the occurrence of dynamic strain aging can be determined
from the time required to attain a UTS of, for example, 260 MPa at the various
cooling rates that led to DSA. These times were deduced from Fig. 4.2 and
then plotted against the inverse of the absolute reheat temperature in Fig. 5.2.
This method resembles that employed by Cottrell and Churchman [195] to
obtain the activation energy that applies to the static strain aging of a low
carbon steel. The slope of the fitted line in Fig. 5.2 leads to an activation
energy of about 160 kJ/mole. This value is in good agreement with the
activation energies reported by previous workers for the interaction of
interstitials with dislocations and for the occurrence of dynamic strain aging:
134 to 184 klJ/mole [194], 167 kJ/mole [196-198)], 163 ki/mole [199], 156
kJ/mole [200], 153 kJ/mole [189], 128 to 153 kJ/mole [9], 126 to 153 kJ/mole
{10], 138 ki/mole [201, 202]. and 135 kJ/mole [35].

Mura et al. [194), Leslie [9], and Keh et al. [10] attributed the higher
activation energy (than that of C diffusivity) to the binding energy of interstitial
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atoms to dislocations. Kawasaki et al. [196] concluded that such relatively high
activation energies might be observed in cases where the diffusion rate of a
substitutional element is likely to be the rate-controlling factor. However, their
observed value of 163 kJ/mole is far less than the activation energy for the
diffusion of substitutionals in iron, (288 kJ/mole for Fe {203], 281 kJ/mole for
Ni [204]). Baird [8] believed that solute drag, which slows down dislocation
movement, is responsible for the higher activation energy. Clough et al. [200]
attributed the higher activation energies and their discrepancies to the

complexities of DSA, which involves simultaneous deformation and aging.
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In addition to the above explanations for the higher activation energies,
there could be another explanation. It is well known that an increase in cooling
rate leads to a higher concentration of carbon-vacancy pairs [9, 205] as well as
a higher dislocation density. This association of carbon atoms with vacancies,
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reported during fatigue deformation, has been observed to lead to additional
strengthening [206). In this case, the activation energy for diffusion should
include the energy required for vacancy formation as well as that for vacancy
migration [203). It is therefore possible that the higher activation energies for
the specimens cooled at higher rates are due to the presence of higher densities
of carbon-vacancy pairs. Thus, the higher activation energies could be rclated
to the reduced mobility of the carbon atoms that are combined with vacancies.
Note also that the activation energy for carbon-vacancy pairs interacting with
dislocations was reported to be 143 ki/mole {207].

The activation energy for the occurrence of static strain aging during the
present aging index tests was determined from the time required to attain an Al
value of 25 MPa after applying the various cooling rates from the different
reheat temperatures. These times were deduced from Fig. 4.17 and then plotted
against the inverse of the absolute reheat temperature in Fig. 5.3. The slope of
the fitted line in this figure leads to an activation energy of about 105 kJ/mole.

Regarding the activation energy for static strain aging, the present
finding is also in agreement with past works on the activation energy needed
for this process and for the formation of Fe3C. On studying the static strain

aging behaviour of low carbon steels, Cottrell and Churchman [195] found
activation energies of 67 to 92 kJ/mole and attributed them to the precipitation
of Fe3C. However, they reported that the range of activation energy may also

have been linked to the possibility that more than one solute was taking part in
the process [195].
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It has been concluded [208] that the activation energy for static strain
aging increases up to about 100 ki/mole with increasing manganese content in
the range 0.66-1.2% Mn. Gladman and Pickering [209] attributed their high
activation energy, 97 kJ/mole, to precipitation in high-manganese ferrite, in
which case the additional 20 kJ/mole is considered as the binding energy of the
interstitials to manganese atom pairs. Leslie [9] also found that this value could
be about 87.1+ 10 kJ/mole.

Leslie [93] concluded that substitutional atoms in a-iron can cause
strain aging at 300 °C or above. Although their effects are small compared to
those of interstitial atoms [93], this may be another reason why the activation

energies are higher in the case of DSA but not of SSA.

It has been proved by means of TEM studies that NbC or TiC can act as
nucleation sites for iron carbide when the TV/C or Nb/C (atomic ratio) is less
than unity [55]. Brun and Pansera [154] also reported that when the Nb/C
(atomic ratio) was less than unity, cementite particles were observed in the hot-
rolled and coiled structure. The number of cementite particles decreased with
increasing Nb/C ratio. This could be the reason why Hwang et al. [210] found
that the Al value was approximately zero for a steel with an Nb/C (atomic
ratio) less than unity, 0.55, which was coiled at 700 °C. At first, they found it
difficult to understand why there was no solute carbon despite the small
amount of carbide that was formed. However, later [113]), they attributed the
low level to the formation of some kind of Nb-C atomic complex or cluster.
Nevertheless, this still cannot explain what happened to the extra solute C.
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The formation of iron carbide has been reported even though the Ti/C or
Nb/C atomic ratio was more than unity [141, 211]. This happened when there
was supersaturated carbon present because a rapid cooling rate was employed,
followed by coiling. Fonstein and Girina [211] attributed the maximum in
solute C at 650 °C to the dissolution of these iron carbides during annealing,
while Brun et al. [141] concluded that the solute C led to the formation of

cementite during coiling. This is more likely to be the case in the present work.

5.6. Application to Mill Processing

Messien et al. [212] reported that the mean resistance to hot deformation
of a Ti-stabilized IF steel increased when the rolling temperature was
decreased. However, the increase was greater in the case of a low carbon steel.
This is probably because more dynamic strain aging takes place in the latter
steel. Their findings are in good agreement with the summary of the present
results presented in Fig. 5.1 According to this figure, at strain rates of 50 and
200 s-1, which are typical of strip rolling, the predicted temperature ranges for
the occurrence of dynamic strain aging are about 390-590 °C and 480-660 °C,
respectively.

Using the equation discussed earlier:

strain rate = 108 exp (-20,100 / RT) (5.5)

the minimum temperatures at which jerky flow is initiated are 410 and 490 °C

for strain rates of SO and 200 s-1, respectively. These values are consistent
with the experimental results obtained here. The critical strain rate at which
serrations are initiated at a particular temperature can be obtained from the
following equation [192]:
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critical strain rate for init. of DSA=(0.Co/C1)3/2 (LpmUmD/RTb) (5.6)

where a = 3, C, is the solute concentration of the alloy, C) is the concentration
required at the dislocation for it to be locked, L is the average distance between
the locked dislocations, ppy, is the mobile dislocation density (py, = 1.85x1014

€0-72 m-2 [192]), D is the diffusion coefficient of the relevant interstitial, b is
the Burgers vector, T is the absolute temperature, R is the gas constant, and Uy,
is the solute-dislocation binding energy. For an average £ = 0.2 per pass during
rolling in the ferrite region, C| must be about 0.1 in order for the results of Fig.
5.1 to fit this equation. This can be interpreted to indicate that when the solute

atoms occupy every tenth possible site, then dislocation pinning allows DSA to
take place [35]. Note also that C has been reported to fall between 0.5 and |

for static strain aging [213].

Although the minimum temperature and maximum strain rate at which
DSA is initiated have been relatively well characterized, much less is known
about the conditions under which the irregular curves return to their normal
smooth shapes. Sleeswyk [191] suggested the following equation for the
critical strain rate at which this second transition takes place:

critical strain rate for termination of DSA=C(D*/RT) 5.7)

where C is a physical parameter that depends on the material properties and D*
is defined as follows:

D* =D, exp(-Q*/RT) (5.8)
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Here D, is the diffusion frequency factor and Q* is the sum of the diffusion
activation energy and the binding energy of the relevant interstitial to the
dislocations. A value of 1020 J/m2mole employed here for C in equation (5.7)
calls for the serrations to disappear at temperature/strain rate combinations of
590 °C/40 s-1 and 660 °C/240 s-1. At temperatures above and strain rates
below these values, the deformation is again expected to be homogenous.

Bamett et al. [214] and Bamett and Jonas [215] studied the possibility
of replacing cold by warm rolling in the case of low carbon steels. It was
concluded that mobile atmospheres of C atoms form at wamm rolling
temperatures, leading to the occurrence of dynamic strain aging. Such aging
can occur when the temperature is sufficiently low, e.g. below 630 °C, and the

strain rate sufficiently high (i.e. above about 100 s-1) [216, 217]. Although less

than 0.003 sec is available at 100 s-1 for strain aging, the temperature appears
to be high enough to permit this to take place [216, 217].

The increase in flow stress attributable to the occurrence of DSA must
also be considered. This contribution to the flow stress increases the energy
required for rolling. By contrast, the dynamic recovery that also takes place
during ferrite rolling leads to softening. Messien et al. [212] suggested that the
following equation describes the flow stress of a Ti IF steel during rolling in the

ferrite region.

o = aGb [(hy/14T XcE - eTE)]1/2 (5.9)

Here a = 1 for bcc metals, G is the shear modulus, and h, and r are,
respectively, the strain hardening and softening parameters. They strained a Ti
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IF and a low carbon steel up to € = 0.45 in the temperature range 50-800 °C at
10-1 51 to obtain hy, and r as functions of the strain under their conditions. In

the Ti IF steel, they attributed the observed strengthening to an increase in
dislocation density, as it was not yet known that DSA can indeed take place in
IF steels.

At 200 °C, for example, the h,, and r vaiues they determined are about

2x1015 m2 and 7, respectively [212]. Substituting these quantities into
equation (5.9), a value of about 300 MPa is obtained for the flow stress of
ferrite during warm rolling. This high level is shown here to be due to the
occurrence of DSA, which is in turn responsible for the increase in dislocation
density, see Figs. 4.5-7 and 4.51.

5.7. Implications with Regard to Flattening

The final flattening of strip is produced by its plastic extension during
heating up in the continuous annealing fumace. The applied stress must be
controlled to prevent heat buckles, necking (narrowing), and strip breaks [145].
The average extension or strain needed to flatten the sheet is about 0.002 m/m
or 0.2% [145].

The applied strain rate depends, in tumn, on the time that the sheet is
subjected to a given temperature during reheating or soaking. For example, for

a typical soaking time of 25 s, the relevant strain rate is [145]:

strain rate = 0.002/25 = 10-4 s-1 (5.10)
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Although DSA cannot occur at the soaking temperatures employed
during continuous annealing, it will be observed between about 100 and 350 °C
at a strain rate of 10~4 s-1, Fig. 4.51. At a still air cooling rate of about 3 °C/s,
the overall time required for the sheet to pass through this temperature interval
is therefore 84 s. This time is long enough for significant DSA to take place, as

discussed in more detail below.

In addition, DSA can also occur when annealing and flattening are
carried out simultaneously. The time required for a carbon atom to diffuse over
a distance d towards a dislocation is given by [218]:

t=d3 kT /(8AD) 5.11)

where d is twice the atomic distance b, k is Boltzmann's constant, and A =
1.5x10-29 J.m depends on the physical properties of the material. At 200 °C,
for example, this time is about 3.8x10-6 sec, while at room temperature (27

°C), it increases to about 0.76 sec. The time for aging to take place is the time
necessary to saturate the dislocations. This is expressed by [219]:

ta=(C1/ aCo)¥2 RTH2 /3DUp,) (5.12)

where at 100 °C and 200 °C, for example, the saturation times are about 14 and
0.067 sec, respectively. Thus, when a typical average heating rate of 7 °C/sec
[3, 6, 52, 113, 159, 220, 221] is employed, significant aging can readily take
place and sufficient time is available for C atoms to diffuse and lock the
dislocations. Note also that, at this heating rate, the overall time required for
the sheet to pass through the serrated flow interval is 36 s.
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Manjoine {216, 217] investigated the resistance to plastic deformation
of steels over a wide range of strains at various rates and temperatures. When
the strain was 0.2% (e.g. in the case of flattening), he reported the occurrence

of DSA, leading to maxima in flow stress at about 380, 420, and 550 °C at
strain rates of 8.5x10~4, 0.5, and 300 s°1, respectively. At such low strains,
higher temperatures are required to produce dynamic strain aging. This
generalization is expected to apply to the case of flattening.

Similar results have been reported by McCormick [192]. He stated that
the critical strain for the initiation of serrations can be even less than 0.001
(0.1% extension). According to his findings, at a constant rate of 10~4 s-1 the
critical strain for the initiation of serrations decreases from 0.05 (5% extension)
at 80 °C to less than 0.0005 (0.05% extension) at about 130 °C. These
observations are in good agreement with the present results obtained at

intermediate temperatures and & = 104 s-1, Fig. 4.51.

The critical strain for the initiation of serrations can be calculated at
each temperature and strain rate using the following equation [192]:

£c0-72 = (C}/ aCy)3/2 (RThE / LKDUpy) (5.13)

where L is the average distance between the locked dislocations and K is a
constant equal to 1.85x10' m?. For steel A at 200 °C and 104 s-1, this value

is predicted to be about 0.00022 (0.022% extension), which is far less than the
strain applied for flattening.
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Finally, with regard to the solute C available to produce aging, it has
been reported that holding for 10 s at 450 °C can lead to the solution of 25 ppm
of interstitials in a 0.08% C steel [222]. According to the present results, even
1.5 ppm of C in solution can cause significant static and dynamic strain aging.
Thus, cooling from temperatures above 450 °C at rates such as those described
above (e.g. 3 °C/s) can produce steels that are susceptible to aging.

In brief, it appears from Fig. 5.1 that conditions are compatible with the
occurrence of DSA during ferrite (warm) rolling. If it does indeed take place, it
is expected to be more deleterious to the mechanical properties and more
difficult to prevent or control than SSA. Figure 5.1 also indicates that DSA
effects are likely to be observed at the temperatures and strain rates that
correspond to flattening. This in turn can be expected to influence the
formability and workability properties of the sheet.

From an industrial point of view, the magnitude of the elongation to
fracture gives a direct measure of the ductility {176]. Significant reductions in
ductility within the serrated flow region result from the unstable deformation
that is associated with negative rate sensitivity [223-226]. These reductions, in
turn, can be due to the presence of carbon in solution [227].

5.8. Stabilization of Interstitials in IF Steels
5.8.1. Stabilization by Chemical Composition

The precipitates that are expected to appear in Ti-IF steels are the
carbides, nitrides, sulfides, and carbosulfides [228-231]. Among these, the
precipitation temperatures of the nitrides, sulfides, and carbosulfides are the
highest, while that of TiC is the lowest [232-235]. It appears that the formation
of TigC3S7 is principally responsible for removing carbon from solution [69,
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74, 228, 229] while the TiS provides preferential nucleation sites for TiC and
TigC>S precipitation [69, 72, 131, 231, 234].

Compared to TiC, TiN has a low solubility product in austenite [57,
102, 104, 236] and its precipitation temperature is relatively high. During
cooling, titanium nitride precipitates first [131, 237] and, as long as sufficient
Ti is present, it appears that no N remains in solution at ambient temperatures.
Thus, the dynamic strain aging reported in the present study probably arises

from the presence of solute C.

In addition to the carbides, nitrides, sulfides, and carbosulfides, it has
been shown that Ti precipitates in the form of FeTiP at about 700 to 750 °C
[5S, 131, 141}, and is more stable than both Ti4C2S7 and TiC, see Fig 5.4

[131]. Oxygen also causes some of the Ti to be lost because of its strong
affinity for this element [75, 81, 82, 87, 92, 93, 104]. At high temperatures,
e.g. 1600 °C, Ti will oxidize to TiO9, while at low oxygen contents, or in iron
deoxidized by Ti, TipO3 is formed [81]. In IF steels, the amount of O should

be less than 20 ppm in order to prevent the formation of oxide inclusions [237].

Therefore, considering Ti as a scavenger for C and S (as TiS, TiC and
TigCsS2), N (as TiN), O (as TiO3), and some of the total phosphorus, P*, (as

FeTiP), the values for Tiggp, Ti*, and Tiexc are given by the following

equations (wt%):
2x48 48 48 48 48
. _ —_— —_ — ——— 3
Tiggah = 5,101+ 3581+ 1, N1+ = [Cl+ 7P ] (5.14)

=2[0] + 1.5[S] + 3.42(N] + 4[C] + 1.55[P*]
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Fig. 5.4. Stability and precipitation temperatures of Ti compounds in IF steels
[131].

Ti*c = Total Ti - 2[0] - 1.5[S] - 3.42[N] - 1.55[P*] (5.15)

Tiexc = Total Ti - Tigeah (5.16)

Here, Tigtap, (the Ti needed for stabilization) is the amount of Ti required to
fully stabilize the O, S, N, C, and some of the P. Ti*. refers to the Ti available
to combine with C after the O, S, N and P have been scavenged. Tiey (€xcess

Ti) refers to the amount of Ti that remains in solution after stabilization; this
must be greater than zero for full stabilization. However, because Ti is added
after deoxidizing the steel with Al [S5, 75), the expressions for Tigg}h and Ti*,

used in our calculations are as follows :

Tigtah = 1.5[S]+ 3.42{N] + 4[C] + 1.55[P*] (5.17)
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Ti* = Total Ti - 1.5[S] - 3.42[N] - 1.55[P*] (5.18)

Brun et al. [141] reported that the value of P* lies between 10 and 50%
of the total P. Recently, Shi et al. [238] found that FeTiP forms in IF steels
even if the P content is low, e.g. <0.01%. Therefore, in the cases of steels A
and B, for example, assuming that respectively 45% and 30% of the P
combines to form FeTiP, Tigxc is zero and the Ti*./C (atomic ratio) is unity.
This means that, in the cases where more than 45% and 30% of the total P
precipitates as FeTiP, there is not enough Ti to stabilize the C and some carbon

will therefore remain in solution in these two steels.

If, however, one assumes that the FeTiP does not precipitate, Tigxc is
positive and the value of Ti*¢/C is above unity, indicating that the complete

stabilization of C is possible, provided the cooling rate is slow enough during
processing [75].

In addition to the cooling rate, the amount of carbon in solution depends
directly on the chemical composition and especially on the total amount of S.
The effect of the chemistry of IF steels was discussed in section 5.2; however,
some other points are mentioned below regarding the stabilization of IF steels
by control of this factor.

If the S content is low, the amount of TigC»S> that forms is insufficient

to remove all the carbon from solution [57]. In a very low S steel, not only
does MnS form instead of Ti sulfide, but most of the Ti precipitates as FeTiP.
It has been reported that increasing the amount of Mn suppresses the formation
of TiC [141] because Mn decreases carbon activity in the ferrite; however, the
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formation of MnS could also limit the formation of TiS and TigC2S; directly.

For example, according to the work of Yoshinaga et al. {137], it is unlikely that
MnS forms in steel A.

Tsunoyama et al [57] studied three Ti-IF steels (0.0086% S, 0.033% Ti),
(0.0032% S, 0.028% Ti) and (0.0008% S, 0.023% Ti) with a constant Ti.f/C
atomic ratio of about 1.7. After cold rolling and annealing at 850 °C, the last
two steels had considerable carbon in solution and this was attributed to the
very low S contents. Their results confirm our conclusion here that the Ti*yS
(atomic ratio) is much more important than Ti*;/C itself (atomic ratio), in
removing C from solution. For example, although the Ti and S levels of steel B

were about 1.5 times those of steel A, they displayed the same static and
dynamic strain aging behaviors, mostly because they had the same values of

Ti*yS. On the other hand, steels B and C had the same Ti and C levels, but the

Ti*y/S ratio of steel C was 2.5 times that of steel B. This resulted in significant
amounts of solute carbon in steel C.

Note also that the solubility product for an MC carbide is, strictly
speaking, only applicable in the absence of other alloying elements. In the
presence of such elements, the solubility product for TiC, for example, would
have to be modified when other carbide formers, and other non-precipitating

species, are present [63].

5.8.2. Stabilization by Control of Cooling Rate

According to the results obtained here, it is apparent that even after
cooling in still air, the amount of carbon left in solution is enough to produce
DSA. However, fumace cooling allows sufficient time for the C to come out of
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solution and satisfy the equilibrium condition of decreasing carbon solubility
with decreasing temperature.

These results are in good agreement with past work on low C grades
when Ti was used to prevent strain aging. In order to tie up the C and N with
Ti, Glen [83] reheated all hot-rolled specimens to 950 °C, then cooled them in
still air. Even with air cooling, he reported that significant amounts of carbon
remained in solution. A minimum in ductility and a maximum in flow stress
after tensile testing at elevated temperatures were attributed to these solute C
atoms. Ochiai et al. [75, 104] concluded that, during the ordinary rolling of wire
rod, the minimum amount of Ti needed to suppress strain aging was over 3
times as much as the stoichiometric amount of Ti required to combine with the
C. By slowing the cooling rate during processing, the amounts of Ti required
were reduced significantly. Fukuda and Shimizu [96] reported that the
mechanical properties of Ti IF steels were improved when the Ti level was 10 to
20 times the C content.

As regards furmnace cooling, Bleck et al [59] suggested that coiling at high
temperatures along with high Ti/(C + N) ratios resulted in the stabilization of IF
steels. To make sure that the total amounts of C, N, O, and S were tied up by
the Ti, Leslie and Sober [87, 88] and Leslie et al. [90] added at least 2 1/2 times
as much Ti as required to scavenge all these interstitials. In addition, they
cooled their steels in a furnace to promote completion of the desired reactions
between Ti and C, N, S, and O. With this technique, the amount of C or N
remaining in solid solution was still about 0.5 ppm. Hayes and Griffis [77]
added Ti to a steel for the first time in 1934 to obtain a non-strain aging steel.
They suggested that a "stabilizing” heat treatment was necessary to reduce the
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aging tendency of their low-carbon steel. In their view, the proper processing
treatment consisted of choosing the correct temperature, holding for the proper
length of time, and cooling at a very slow rate.

Although the Ti*;/C ratio was more than unity in all the present IF
steels, there was still enough carbon in solution to produce DSA. This implies
that the rate at which nucleation sites appear (or their density) is the controlling
factor in removing carbon from solution, rather than the rate at which
precipitation occurs on these nuclei. When the carbon content is low, all the
carbon is in solution at a particular reheating or annealing temperature. It is
then necessary to have some pre-existing carbides or other particles present to
act as nuclei on subsequent cooling. Even during cooling, when the
temperature drops below the solution temperature, precipitation is difficult
because of the absence of a sufficient quantity of nucleation sites. At lower
temperatures, when the rate of diffusion is the controlling factor, the diffusivity
is decreased. This leads to significant carbon remaining in solution, as the
carbon atoms cannot come together to form clusters. In light of this, it is not
surprising that the amount of carbon in solution can be higher in grades with
lower total carbon contents.

The average distance X through which a carbon atom can diffuse in
time t is given by:

X*=Dt (5.19)
At low temperatures, the value of D is so small that C atoms cannot

diffuse over significant distances during the cooling cycle. Many therefore
cannot find nucleation sites on which to precipitate.
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A weighted average diffusion coefficient, D, of 10® cm¥s has been
suggested [166] as necessary for the C diffusivity during the cooling time from
high temperatures. For example, in the case of water quenching from 1200 °C,
the effective cooling time, t, is about 3 s. The diffusion distance is therefore
about 1.7 um, which means that a spherical region of radius 1.7 um can be
depleted of carbon during quenching from 1200 °C. This can happen provided
the C atoms find nucleation sites in their vicinities; otherwise they remain in
solution. This radius increases to 20 and 155 um for still air and fumace
cooling from 1200 °C, respectively. Katoh et al [61] reported that they
obtained an Al of 30 MPa when they overaged an Al-killed steel; in this case,
the mean distance for C diffusion was about 2 um.

With reference to the present results, it is evident that, only during
furnace cooling was the diffusion path, 155 um, for the C atoms longer than the

distance to the nucleation sites at which precipitation occurred.

5.9. Bake Hardening
5.9.1. Effect of Prestrain and Temperature

As was illustrated in Fig. 4.23, three different behaviors are
observed when the SBH method is employed. At low prestrains, the amount of
bake hardening increases with the prestrain until it reaches a maximum. When
the prestrain is further increased, the bake hardening decreases because the
carbon/dislocation ratio decreases. In the third stage, the bake hardening
increases slightly or approaches a plateau. Some workers [S1] have shown that
the increase in the third stage begins at about 4% prestrain. By contrast, others
[47] have observed no significant increase after a 5% prestrain and report
that the third stage corresponds to a plateau. This may arise because no
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significant increase in dislocation density occurs after a 5% prestrain [242].
The present results comrespond mostly to the latter case, in which no

pronounced increase is observed after 4% prestraining.

The situation is a little different in the case of baking at 100 and 250
°C. At 100 °C, the bake hardening increased continuously with the prestrain.
At this relatively low temperature, maximum pinning corresponded to higher
prestrains or longer aging times. Elsen and Hougardy [240] reported similar
results at the same solute carbon level, 5 ppm. They observed that, in samples
prestrained to 1, 2 and 5%, the increase in yield strength and therefore the bake
hardening at low temperatures depended on the time. To produce a 40 MPa
increase in yield stress after a prestrain of 2%, they had to increase the aging
time (30 min) by factor of 20 when the temperature was decreased from 180 °C
to 150 °C. Kurosawa et al. [241] also reported that, for 1 and 2% prestraining,
the bake hardening increased continuously with both aging temperature and
time. After 2% prestraining, the plateau in the bake hardening value was not
reached even after 1000 min of aging at 150 °C [242].

Similar behaviour was observed for the yield stress, which reached
a plateau after baking at 200 °C (except for the case of 2% prestraining), Fig.
4.25. As discussed below, it appears that, after holding at about 200 °C, the
mechanism of aging starts to change and overaging begins. For this reason, the
yield point approaches a plateau at this temperature, Fig. 4.25. Furthermore,
overaging becomes more pronounced at around or above 250 °C, leading to a
drop in yield point. (In the case of DSBH, the yield point values are to some
extent variable due to the complexity of this process. In general, behaviors
similar to those produced by the SBH technique are observed, Fig. 4.28.)
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With regard to the DBH process, the maximum in bake
hardenability was observed at about 200 °C, with the highest level for 2%
prestraining at this temperature, Fig. 4.20. This is in agreement with the
findings of Li and Leslie [22, 39]. On studying the effects of DSA on the
subsequent mechanical properties of low carbon steels, they reported that the
maximum strength was obtained after about 5% prestraining at 200 °C.

In the case of the DSBH method, two different behaviors were
observed, Fig. 4.26. For prestraining at 100 and 150 °C, the results resemble
those mentioned above for the SBH technique. In this case, since the aging
temperature (170 °C) is above the prestraining temperatures (100 and 150 °C),
the previous structure produced by DSA is modified. In the second situation,
when the aging temperature (170 °C) is below the prestraining temperatures
(200 and 250 °C), it appears that the relatively high temperature of straining
leads to overaging, caused by coalescence of the precipitates, as will be
discussed in more detail below.

By means of TEM investigations, Stephenson and Cohen [181]
confirmed the Cottrell and Leak theory [243] and the work of Wilson [182}
regarding the solution and reprecipitation of carbides. They found that
precipitates underwent coalescence when the aging temperature was raised
above 200 °C and continued to coarsen up to 425 °C. Above this temperature,
little difference was observed. This phenomenon, overaging, was reported to
be responsible for decreasing the yield point after aging. Later, Wilson and
Russell [244, 245] reported that the same phenomenon, overaging, occurred,
even at 150 °C.
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Simanovic et al. [246] found that the increase in yield stress
decreased with increasing prestrain. The above decrease was attributed to a
decrease in particle size and therefore in the stress required to cut through the
precipitate. (The latter is proportional to the square root of the particle size.)
Bailey et al. [49] reported similar results. They observed a maximum in yield
stress at about 225 to 250 °C. At higher temperatures, up to 550 °C, the
decrease was also attributed to the occurrence of recovery and recrystallization.

Some workers [161] have concluded that the decrease in bake
hardenability, after reaching a maximum, is due to growth of the carbide
particles (overaging) precipitated at the dislocations and/or redissolution of the
Cottrell atmospheres formed in the first step.

On studying the bake hardenability of Ti and Nb added ultra low
carbon steels, Irie et al. [55] found that the aging indices decreased when the
steels were held near 300 °C. This was attributed to the formation of iron
carbide.

5.9.2. Industrial Applications of the DBH and DSBH Methods

The most important factors that are required for successful press
forming are:

a) low yield strength or no sharp yield drop during press forming

b) aimost no Luders strain during press forming

c) high work hardening rate during forming

d) high yield strength in the finished part

¢) high bake hardening values
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To prevent surface defects in press forming, a low yield strength and
high work hardening rate are recommended [6, 141, 160, 247]. Figure 5.5
shows that, compared to steel B, steel A has a low yield strength and a higher
hardening rate. This enables it to provide better quality after press forming. In
addition, almost zero yield point elongation during forming and a high yield
strength in the finished part are required [125].

vs,{ vs,
(de/ds), > (de/da),

— Steel A Steel A : Low YS ,High de/d«
=== Steel B Stee! B : High YS , Low de/d«

Fig. 5.5. Comparison between work hardening behaviors of two steels.

In the present work, the increase in yield point produced by baking is
important so that 2 minimum yield strength of 210 [45] or 240-255 MPa [125]
in the finished parts can be reached. Note that such values could also be
reached with the aid of solid solution strengthening or the use of much higher
cooling rates to raise the C solute levels, but not in the case of conventional [F
steels with only about 4 ppm of solute C. For example, in the case of a Ti-Nb
IF steel with 0.055% P and 0.023% Si, the aim was to reach 190 MPa in yield
strength. This value was increased to 289 MPa when the alloying element
levels were raised to 0.07% P, 0.6% Si, and 1.07% Mn. The yield strength for
a conventional Ti-Nb IF steel, after cooling at 20 °C/s from 900 °C, is 175 MPa
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[248]. In the case of the present DBH method, the yield strength produced by 2%
prestraining at 200 °C is about 200 MPa.

With reference to the DBH and DSBH methods, all the requirements listed
above can be satisfied by these techniques. Because they do not produce any yield

point elongation, they do not require any temper rolling prior to forming.

DBH and DSBH both produce low yield strengths, which are desirable for
press forming. Lou and Northwood [25, 249, 250] introduced a new criterion for
the work hardening rate, namely the difference between the UTS and the yield
stress. This parameter takes higher values when the prestrain is applied at high
temperatures, as in the DBH and DSBH methods. High work hardening rates are
associated with good quality during forming [160, 245].

In terms of warm forming, Sugimoto and Kobayashi [251] invented an
apparatus used exactly for this purpose (i.e. the warm deformation of pressed
automotive structural parts). A sketch is shown in Fig. 5.6. Their aim was to study
the effect of forming temperatures, up to 400 °C, on the mechanical properties
caused by the presence of retained austenite. The operation resembles a tensile
testing machine with equipment available to control the forming speed. A graphite
suspension type of lubricant was used. However, only cups of moderate size were
formed.

When comparing the DBH and DSBH techniques, there is one more
advantage to be listed for the DBH method; this is the elimination of one step,
namely conventional bake hardening (2% prestrain). On the other hand, if it were
possible to paint before forming, then again a one-step process could be used.
Clearly, this is a point that requires further investigation.
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Do Heater

Fig. 5.6. An apparatus for warm press forming.

In terms of industrial applications, the energy needed for each tonne of

sheet steel to be heated up to, for example, 200 °C is:

Q=mxcx AT (5.20)

Q = 1000 kg x 460 J/kg °C x 175 °C = 80,500,000 J = 80.5 x 10°)
Considering the cost of energy for 1 kWh:

1 kWh=§0.0474
the price of the energy consumed is: $1.06/tonne

By comparison, the saving in alloying costs can be significant. For

example, to make 1000 kg of steel with 0.03% Nb, each 100 ppm of Nb (i.e.
0.01% Nb) costs about $4 (a total of $12 for 0.03% Nb). Thus, strengthening
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by DSA at a relatively low cost could become an economic alternative to the
addition of alloying elements. Similar remarks apply to the cost of adding Mn,
P or Si.

5.10. Continuous Annealing Techniques
According to the results of the continuous annealing simulation,
when the annealing temperature is increased from 650 to 850 °C, the aging

index values converge and decrease down to about 0 MPa.

Since the required high annealing temperature and rapid cooling rate are
not economic, the above method constitutes a new approach to the production
of bake hardenable steels. The technique simply involves producing a
supersaturated C structure, then annealing it at relatively low temperatures, for
example 700 °C, followed by cooling at different rates. This provides different
amounts of solute C in order to produce different amounts of bake hardening.
In the mechanism introduced here, precipitation is the controlling factor instead
of dissolution during continuous annealing at high temperatures. The
advantage in this case is therefore that the /ower the annealing temperature, the
higher the bake hardening value.

In the case of Ti-IF steels, the ime for full recrystallization, for
example at 700 °C, has been reported to be about 100 s [252], 105 s [136] or
120 s [253]. At 650 and 750 °C, Wilshynsky et al. [136] found this amount to
be 1300 s and 50 s, respectively. They also concluded that this time was
reduced significantly in the case of an unstabilized IF steel, i.e. to about 100 s
at 620 °C. At the same temperatures, this time is considerably shorter in the
case of low carbon or aluminum killed steels [136, 253].
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To study the precipitation behavior of a series of Ti IF steels, Okamoto
and Mizui [131] carried out TEM investigations on their materials after
employing different annealing temperatures. It was found that, in low Mn
steels, when the temperature reached 600 °C, the TiS precipitates changed to
TiyC,S,. This process stopped at higher temperatures when the P content was
high (0.08%), because FeTiP formed instead. Nevertheless, when the P and
Mn levels were low, the formation of Ti,C,S; continued to high temperatures,
e.g. 800 °C. In the latter case, holding at 800 °C for 3 min resulted solely in the
formation of Ti,C,S,.

According to the above results and considering the low Mn and P levels
in the present IF steels as well as the non-equilibrium structures produced after
cooling in still air, it is likely that the formation of Ti,C,S, was responsible for
lowering the solute C during the continuous annealing treatments carried out at
temperatures from 650 to 850 °C.

Van Snick et al. [S1] found that when supersaturated carbon was present
in Ti-Nb IF steels after hot rolling, the precipitation of carbides occurred during
annealing instead of their dissolution. This finding again confirms the
conclusion described above. On studying the aging behaviour of a quenched Ti
IF steel, Satoh et al. [2] reported that the Al values decreased with increasing
annealing temperature. This value diminished from about 38 MPa at 600 °C to
0 MPa at 800 °C. Such a decrease in aging index was attributed to TiC
precipitation that started from about 700 °C. Note that, although the Ti/C
(atomic ratio) was 5.4, they reported that 5 ppm of solute C was present after
heat treatment and before the aging index tests. Gupta et al. [143] studied the
effect of continuous annealing temperature in Ti, Nb, and Ti-Nb IF steels.
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They found that Ti and Ti-Nb IF steels were insensitive to annealing
temperatures from 760 to 870 °C and attributed this to the absence of solute C.
A similar result was reported by Goodman et al. [254].

Irie et al. [55] studied the bake hardenability of Ti- and Nb- added ultra
low carbon steels. They found, for example, that when the Ti/C (atomic ratio)
was more than unity (1.1), the aging index decreased from about 12 MPa at
600 °C to 0 MPa at 750 °C. This was attributed to the precipitation of titanium
carbide at the higher holding temperature. On the other hand, when the soaking
temperature was increased from 800 °C to 1000 °C, the aging index increased
from 0 MPa to about 60 MPa. This happened even when the Ti/C (atomic
ratio) was 4.6. The cooling rate was reported to be 70 °C/s. Dilewijns et al.
[248)] reported similar results when they studied the bake hardenability of a Ti-
Nb IF steel. Their BH values were 0 MPa after cooling at 20 °C/s from
annealing temperatures of 740 and 780 °C. Fonstein and Girina [211)
attributed the decrease in solute carbon, when cooling from between 650 and
800 °C, to the redistribution of solute carbon into special carbides in their Ti
and Ti-Nb IF steels (even with Ti/C or Nb/C ratios less than unity); however,
they did not address the nature of the special carbides.
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Conclusions

6.1. Effect of Cooling Rate

¢

Significant amounts of C can remain in solution at room temperature, even
in interstitial free steels. This amount depends directly on the cooling rate,

even in the presence of an excess of Ti, Tiexc>0, for all the present [F

steels.

Among the six cooling rates employed, only furnace cooling (0.05 °C/s)
made sufficient time available for the carbon to diffuse to nucleation sites
where it precipitated out. Even still-air cooling (3 °C/s) led to a material
that was supersaturated with carbon. This means that even this very slow
cooling rate is still too rapid to allow the full precipitation of C in IF steels.

The amount of carbon in solution in IF steels can be higher than in

conventional low carbon steels because of the scarcity of nucleation sites.

6.2. Effect of Chemical Compeosition

Although the (Ti*_)/C ratios in all three Ti IF steels were greater than unity,
they exhibited significant static and dynamic strain aging, the extent of
which depended on chemical composition and cooling rate. It seems that,
under ordinary rolling conditions, Tiexc must be considerably greater than

zero to prevent aging phenomena from taking place.
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Steels with the same Ti*y/S ratios displayed the same aging behaviors, even

though they had different Ti and S (wt%) levels. The higher the Ti*y/S
ratio, the greater the potential for aging.

Even the Ti-Nb IF steel with a (Ti*.+Nb)/C ratio above unity exhibited
pronounced aging behaviour. When the (Ti*.+Nb)/C ratio was the same as

that of Ti*./C in the Ti IF steels, the Ti-Nb IF steel showed the same aging
behaviour as the Ti IF steels.

6.3. Static Strain Aging Behaviour

¢

¢

According to the present aging index tests, significant static strain aging can
take place in IF steels when stabilization is incomplete. This phenomenon
manifested itself by the return of a sharp yield point and the Luders strain.

The measured aging indices increase with cooling rate and austenite reheat
temperature as the above changes in these experimental parameters lead to

the presence of more carbon in solution.

For a fixed cooling rate and reheat temperature, the higher the Ti*s/S ratio,
the greater the aging index value.

Only IF steels with aging indices below 10 MPa (and therefore with solute
C levels below 1 ppm) can be considered as non-aging steels.
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6.4. Dynamic Strain Aging Behaviour
Tensile tests were carried out on heat treated samples of Ti and Ti-Nb

IF steels from room temperature to 450 °C and at four strain rates from 10-4 to

10-1 5-1. The characteristics observed led to the following conclusions.

¢ When the strain rate is increased from 10-4 to 10-1 s-1, the temperatures at
which serrated flow appears shift from 100 to about 220 °C, while the
temperature associated with the disappearance of serrations increases from
300 to about 425 °C. This can be attributed to the occurrence of dynamic
strain aging, a phenomenon associated with the presence of interstitials in a
supposedly "interstitial-free" steel.

¢ The flow stress and UTS display maxima in the dynamic strain aging range.
When the strain rate is increased, these maxima shift to higher
temperatures. For example, for the UTS, it shifts from about 230 °C for

104 s-1 to about 340 °C for 10-1 s-1,

¢ At all strain rates, the fracture strains display minima at intermediate
temperatures. When the strain rate is increased, not only do the positions of
these minima shift to higher temperatures but their values also increase.
This indicates that the presence of carbon in solution is strongly deleterious
to the formability and ductility of IF steels by promoting the occurrence of
dynamic strain aging, which leads in turn to negative rate sensitivities.

¢ It appears that DSA can take place during warmm rolling, which leads to
higher flow stresses and higher energy consumptions. Also, if it occurs
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during flattening, it can be deleterious to the mechanical properties of the
sheet.

¢ Even 1.5 ppm of solute C (specimens of steel A cooled from 900 °C in still
air) can produce significant DSA behaviour.

¢ The activation energy for the appearance of serrations is about 82 kJ/mole,
which is in good agreement with the activation energy for the diffusion of
carbon in a-iron. That for the disappearance of the serrations is 132
kJ/mole. The latter corresponds to the sum of the diffusion activation
energy and the binding energy of interstitial solutes at dislocations.

6.5 Bake Hardening
Two new methods for bake hardening, dynamic bake hardening (DBH)
and dynamic-static bake hardening (DSBH) were introduced here. They have

the following characteristics:

¢ DSBH and DBH led to more bake hardening than does SBH (the
conventional method). For example, in the case of a 2% prestrain at 100
°C, the amounts produced by the DSBH and DBH methods are about 15
and 8 times the SBH value, respectively. The minimum amount of bake
hardening is about 3 MPa (2% prestrain at 100 °C with the SBH method)
and the maximum value is about 55 MPa (4% prestrain at 150 °C with the
DSBH method). Generally speaking, the lowest bake hardening values
were obtained in the case of SBH. Conversely, the highest amounts were
observed in the case of the DSBH method when the temperature of
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dynamic aging (100 or 150 °C) is lower than that of subsequent static aging
(170 °C). In the other cases, the DBH method exhibited the higher values.

¢ There is no Luders strain during prestraining in the cases of the DBH and
DSBH methods nor is there a sharp yield point or yield drop.

¢ The yield stress during prestraining by the DBH and DSBH procedures is
about 45 MPa less than that associated with the SBH technique.

¢ The work hardening rate during prestraining is much higher in the DBH and
DSBH methods than in the SBH process. This is because there is much
more pronounced work hardening during dynamic strain aging than when
straining is carried out at room temperature. As a result, the yield strength
after prestraining is much higher in the DBH and DSBH methods.

¢ With increasing prestrain, the yield/tensile strength ratio increases until it
attains a value of almost unity in some cases of the DBH technique.

¢ Although a sharp yield point and the Luders strain are rarely observed after
employing the DBH procedure, they are more significant after application
of both the SBH and DSBH processes.

¢ A bake hardening value of about 55 MPa (4% prestrain at 150 °C with the
DSBH method) is obtained with the aid of only 4 ppm solute C in the case
of the Ti IF steel.
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*

The yield strengths produced by all three methods reach a plateau after about
200 °C. It appears that overaging takes place above this temperature and is
responsible for a drop in yield stress.

6.6. Coiling and Continuous Annealing Techniques

¢

When the cooling rate from the coiling temperature (650 °C) is increased from
0.01 to 0.03 °C/s, the amount of solute C is increased fourfold. This can
represent differences in solute C levels between the coil ends and the middle.

According to the results of the continuous annealing simulation, when the
annealing temperature is increased from 650 to 850 °C, the aging index values
decrease and converge to about 0 MPa, whatever the cooling rate or chemical
composition. These conclusions were confirmed by the intemal friction

measurements.

A new approach for the production of a bake hardenable steel involves
reheating of a supersaturated material to different soaking (annealing)
temperatures followed by cooling at various rates. This yields different solute
C levels suitable for bake hardening. The controlling factor in this approach is
precipitation instead of the dissolution of particles. The advantage that follows
from this method is that the lower the annealing temperature, the higher the
solute C level and therefore the aging index value.

6.7. Calibration Between Solute C and Aging Index

*

Based on the results of the internal friction tests, a calibration was established
between the solute C and aging index values that can readily lead to prediction
of the aging behaviour of IF steels.



Statement of Originality and Contribution to

Knowledge

In this work, the characteristics of dynamic strain aging (DSA) were
determined for the first time in four interstitial free (IF) steels. For this
purpose, a wide range of reheat temperatures (in the austenite as well as the
ferrite ranges) were employed, together with various cooling rates and different
chemical compositions. The critical cooling rates at which IF steels are fully
stabilized were determined, as well as the chemical compositions that are most

likely to prevent aging phenomena from being observed.

A model was developed and proposed based on the present results to
predict the occurrence of DSA at the temperatures and strain rates involved in
the processing of IF steels, e.g. ferrite rolling and flattening.

To the best of our knowledge, this is first time that DSA has been

studied in the ferrite region using a torsion machine.

A link between dynamic strain aging and bake hardenability was also
determined. This link is important when the rising cost of alloying elements
and the demand for high strength steels make it imperative to evaluate all
possible strengthening mechanisms that do not depend on additional alloying.
This is the most significant use of solute C in IF steels. The results can be used
to assess whether a steel that displays the ability to undergo considerable
hardening by means of dynamic strain aging also has appreciable bake
hardenability.
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Two new techniques based on the above link were introduced for the
process of dynamic bake hardening. These methods produced much higher
bake hardening values, up to 55 MPa, with lower solute C levels (only about 4
ppm), even though the Ti*/C ratio was greater than unity. These methods have
the following advantages compared to conventional bake hardening:

a) they involve low yield strengths or the absence of yield drops prior to
press forming

b) they largely eliminate the Luders strain before press forming

c) they increase the work hardening rate during forming

d) they lead to high yield strengths in finished parts

e) they produce higher bake hardening values.

A new approach was proposed to produce bake hardenable steels using
lower annealing temperatures. This is of interest when the use of high
annealing temperatures is impractical and is especially relevant when the Ti*/C
ratio is greater than unity. A problem with conventional continuous annealing
is that the annealing temperature increases with the Ti*/C ratio. The new
technique introduced here is based on precipitation at lower annealing
temperatures in a supersaturated material, instead of the dissolution of particles
at high soaking temperatures.

Finally, a calibration was established between the aging index and the
amount of solute carbon applicable to the case of IF steels. Since this
calibration can readily predict the aging behaviour of these steels, it can be of
considerable interest to steelmakers.
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