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ABSTRACT

Tensile testing was carried out on five microalloyed steels in order to
investigate the hot ductility behaviour between 8G0 and 1300°C, and between
1400°C and the solidus temperature. The influence of an increase of the carbon
content up to the peritectic composition (=0.14 wt%) in Nb-Ti-Al bearing steels,
and the effect of microalloying additions (Al, Al-Nb-Ti and, Al-Nb-Ti-V-Cr)
were examined.

Above 1400°C, intergranular embrittlement occurs by incipient melting
at the grain boundary at temperatures between 0 and 30°C below the solidus.
The increase in the carbon content from 0.07 to 0.14 wt% leads to a decrease of
the grain boundary incipient melting temperature, although the bulk solidus
temperatures for all the steels remain more or less constant at about 1500°C.
This is explained by the grain boundary segregation behaviour of carbon.
According to differential thermal analysis results, embrittlement occurs in the
single & ferrite phas= for the low carbon steels (0.07 and 0.1 wt%) and in the y+§
duplex ragion for the 0.14 wt% C steel. At 1480°C, for the 0.14 wt% C steel, the
grain boundary segregation of carbon in the 8-ferrite and austenite phases is
estimated to be 80 and 12 at%, respectively. It is concluded that the lower
carbon content at austenite grain boundaries leads to the observed lower
incipient melting temperature of the 0.14 wt% C steel. It has also been shown
qualitatively that the Cr addition could increase the grain boundary incipient
melting temperature by decreasing C, S and P segregation, via the effect of
chemical interaction on segregation behaviour,

Above 1400°C, fractography reveals that the grain size in the steel with
the peritectic composition (0.14 wt% C) is coarser than that of the low carbon
grades (0.07-0.1 wt% C). This effect is attributed to: (i) the higher y/8
transformation temperature in the steel with the peritectic composition, thus
allowing more grain coarsening, and (ii) the lower amount of 8 ferrite, which
reduces the pinning effect of this phase on austenite grain growth. In the Cr
containing steel the relatively low degree of segregation also produces a coarser
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structure than that of the Nb/Ti/Al steel, because the pinning effect of the
segragating species is diminished.

In the temperature range 800-1300°C, the ductility is strongly dependent
on prior heat treatment. For the Nb-Ti-Al bearing steels, an increase of the
carbon content up to 0.14 wt% slightly affects hot ductility after direct heating
and annealing at 1330°C. However, after sensitizing at 1480°C the width of the
ductility trough is increased in the 0.14 wt% C steel. This effect is attributed to
the coarser austenite structure inherited from the sensitizing treatment.

For the C-Mn-Al steel, the ductility is the lowest following the direct heat
treatment because of the presence of a greater volume percent of AIN
precipitates at the grain boundaries compared to the Nb-Ti-Al steels, In
contrast, after annealing and sensitizing, the C-Mn-Al grade displays the

highest ductility because of the sluggish rate of precipitation of AIN in
austenite.

Finally, Ti additions to Nb containing steels improve the ductility
because some of the Nb is combined with TiN particles both as complex
TiNb(C,N) and by precipitating as NbC on existing particles. Such precipitation
is less deleterious to ductility than the fine dispersion of NbCN which would
otherwise takes place in the absence of TiN. The addition of V to the Nb-Ti-Al
steels (which contains also Ni and Cr) increases the ductility because of the
retarqaation of Nb(C,N) precipitation. However, after the sensitizing treatment,
at low test temperatures, the V containing grade displays the lowest ductility
because of the coarser grains.

IOy .
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RESUME

Des tests de traction ont été éffectués sur cing aciers microalliés afin
d'étudier leur ductilité & des températures comprises entre 800-1300°C et entre
1400°C et 1a température de solidus. L'effet d'une augmentation de la teneur en
carbone jusqu'a la composition péritectique (=0.14 pds %) dans des aciers
contenant du nicbium et du titane a été étudié, ainsi que I'influence d'éléments
de microalliage tels que Al, A1-Nb-Ti et Al-Nb-Ti-V-Ni-Cr.,

Au dessus de 1400°C, la rupture intergranulaire est causée par la fusien
des joints de grain a des températures comprises entre 0 et 30°C en dessous du
solidus. Une augmentation de la teneur en carbone de 0.07 4 0.14 pds %
diminue la température de fusion des joints de grain, quoique, pour tous les
aciers, la température du solidus de la matrice est approximativement
constante (=1500°C). Ce phénomeéne est attribué 2 la ségrégation du carbone,
Selon les résultats de I'analyse thermique différentielle, 1a rupture se produit en
phase § pour les aciers bas carbone (0.07 et 0.1 pds % C) et dans la région
biphasée y+8 pour l'acier contenant 0.14 pds % de carbone. A 1480°C, pour
'acier & 0.14 pds % de carbone, la ségrégation du carbone en phases & et y a été
estimée & 80 et 12 at%, respectivement. Nous concluons que la plus basse
teneur en carbone est la cause d'une température de fusion des joints de grain
plus basse dans l'acier contenant 0.14 pds % de carbone. Nous montrons aussi,
qualitativement, que l'addition de Cr augmente la température de fusion des
joints de grain en diminuant la ségrégation de C, S and P par une intéraction
chimique.

Au dessus de 1400°C, 'analyse fractographique a montré que pour l'acier
de composition péritectique (0.14 pds% C), la taille des grains est plus
importante que celle des aciers & niveau de carbone plus bas (0.07-0.1 pds % C).
Cette observation s'explique d'une part par la température de transformation
y/5 plus élevée dans le cas de 1'acier de composition péritectique, permettant une
croissance des grains plus importante, et d'autre part, par le plus faible
pourcentage de ferrite 8 dont l'effet de retenue sur la croissance des grains
austénitiques est ainsi diminué. Dans l'acier au chrome, le faible taux de
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ségrégation permet aussi une croissance plus importante des grains que dans
I'acier au Nb/Ti/Al parce que l'effet des éléments ségrégés sur le grossissement
des grains décroit.

Dans le domaine de température 800-1300°C, la ductilité est fortement
influencée par le traitement thermique. Pour les aciers au Nb, Ti et Al suite &
un chauffage direct & la température de test ou au traitement thermique de
recuit & 1330°C, une augmentation de la teneur en carbone jusqu'a 0.14 pds % a
peu d'effet sur la ductilité & chaud. Cependant, pour l'acier contenant 0.14 pds
% de carbone, la largeur de la poche de ductilité augmente aprés le traitement
de sensibilisation & 1480°C. Ce phénoméne s'explique par la plus grande taille
des grains austénitiques dans cet acier, hérités du traitement de sensibilisation.

La ductilité de 1'acier C-Mn-Al est la plus basse lors du chauffage direct,
ceci parce que le pourcentage volumique de précipités aux joints de grain est
plus important que les aciers au Nb-Ti-Al. A l'opposé, aprés recuit ou
sensibilisation, cet acier posséde la ductilité la plus élevée car la reprécipitation
des nitrures d'aluminium est trés lente dans l'austénite.

Enfin, l'addition de titane dans les aciers au niobium améliore la
ductilité car une partie du Nb est combinée avec les précipités de TiN a la fois
sous forme de complexes TiNb(C,N) et par précipitation de NbCN sur les
particules déja présentes. Ce réseau de précipités provoque une plus faible
décroissance de la ductilité qu'une fine dispersion de NbCN qui existerait en
I'absence de TilN. L'addition de vanadium aux aciers Nb-Ti-Al augmente la
ductilité parce que la précipitation de Nb(C,N) est retardée. Cependant, aprésle
traitement de sensibilisation, 4 basse température, la nuance contenant du
vanadium posséde une ductilité plus basse que celle des aciers au Nb, Ti et Alen
raison d'une taille de grains plus importante,
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CHAPTER 1

INTRODUCTION

In the last twenty years, the metallurgical community has seen the
development of High Strength Low Alloy (or microalloyed) steels, in which
small additions of carbonitride formers, such as Nb, V, and Ti, lead, through
controlled rolling, to strong improvements in room temperature mechanical
properties. At the same time, the development of continuous casting has been so
great in certain countries that it has made the use of ingot casting obsolete. In
order to save energy, current research is underway to link the continuous
casting machine with the reheating furnace (Continuous Casting Hot Charging)
or with the rolling mill (Continuous Casting Direct Rolling). The ultimate
extrapolation of this process is the introduction of strip casting, with only one or
two high temperature rolling passes required to produce strip.

However, since the inception of continuous casting, it is apparent that
certain grades of steels are difficult to cast becavse of the formation of cracks in
the interior and on the surface of the cast product. A defect free slab is an
absolute prerequisite for the development of the Continuous Casting Hot
Charging or Direct Rolling processes. The microalloyed steels containing Nb
are amongst those problem grades, but plain carbon steels with a C content close
to the peritectic composition (=0.14 wt% C) are also susceptible to cracking.
Cracks are caused by a combination of poor mechanical properties of steels at

high temperatures and mechanical stresses and strains applied on the strand
during the continuous casting process.

The general objective of this work is to investigate, by tensile testing, the
ductility and strength of five microalloyed steels, between 800°C and the solidus
temperature. More specifically, the aims of this thesis are:

(i) To investigate the influence of carbon content (between 0.07 and

0.14 wt%) and microalloying (Al, Nb-Ti and Al-Nb-Ti-V-Ni-Cr)
additions on the characteristics of grain boundary incipient
melting, which occurs at temperatures below the solidus.



(ii) Todetermine the effect of carbon on the ductility of Nb-Ti-Al steels
in the temperature range 800-1300°C under various prior heat
{reatments,

(iii) To establish the influence of Ti and V on ductility in the same
temperature range and prior heat treatments.

A review on the technological causes of the cracks is given in Chapter 2,
followed by an extensive analysis of the published literature concerning the hot
ductility of steel, with respect to crack formation on slabs during continuous
casting. The influence of the alloying additions commonly used in low carbon
microalloyed steels is presented.

In Chapter 3, the experimental techniques employed in this work are
described. Although tensile testing constitutes the core of the laboratory worlk,
several other techniques have been used, such as differential thermal analysis,
Auger electron spectroscopy, scanning electron microscopy and metallography.

The experimental resuits are given in Chapter 4, followed by the first
part of the discussion in Chapter 5. Here, an attempt is made for the first time
to analyse the results of the hot ductility investigations above 1400°C using
equilibrium segregation theory.

In Chapter 6, the results of the tensile tests in the temperature range
800-1300°C are discussed; in particular, the role of carbon and microalloying
additions under the various prior heat treatments is explained. Finally, the
conclusions of this study are drawn in Chapter 7,
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CHAPTER 2

LITERATURE REVIEW

2.1 CONTINUQUS CASTING

Techniques to produce semi-finished steel products (slabs, blooms or
billets) without recourse to conventional ingot casting, have been proposed as
early as 1891 [1]. In 1933, the working principles of the continuous casting
machines now in service were first proposed by Junghans [2]. However, it is
only during the last 30 years, and particularly since the first oil crisis, that steel
production with this new method has developed significantly. In 1960, only 1%
of the steel production of the western world was cast by this new route,
compared to 56% in 1985 [3], but there are large disparities from country to
country, some western countries producing 100% of their tonnage by continuous
casting [4].

The main reasons for the worldwide popularity of continuous casting
technology are obviously economical. The continuous casting process involves
fewer operations than conventional ingot casting. This is because, starting from
ingot, hot deformation must be performed to produce the semifinished product.
Continuous casting eliminates much of this required hot deformation, thereby
saving energy, labour costs per ton and capital investment in rolling mills, since
reheating and slabbing are no longer necessary [5]. Steel produced by this
method is 10 to 15% cheaper, and the product quality is often better than from
ingots [4].

2.1.1 Stages of Continuous Casting

During the continuous casting operation the liquid steel is bottom poured
from the ladle into a tundish. It is then poured from the bottom of the tundish
into one or several watercooled copper molds located at the top of the CC
machine. This is the so called primary cooling stage. and it ensures the
solidification of one centimeter of the skin strand. The mold oscillates



vertically, thus exerting a stripping action of the steel strand from the mold. At
the mold exit, the strand is supported and guided by top and bottom rolls, which
also prevent the bulging of the slab due to ferrostatic pressure of the liquid core,
Simultaneously, water sprays (secondary cooling) continue the solidification
process.

What happens beyond this point depends on the type of the continuous
casting machine [6]. If the machine is vertical (Fig. 2.1a) the strand can be cut
without bending, or it can be curved when the solidification stage is completed
and cut (Fig. 2.1b). Another variant of the vertical mould machines is to bend
the strand whilst the core is still iquid (Fig. 2.1¢c). However, the most widely
used machines are those with a curved mould, where the strand follows the path
imposed by the supporting rolls to the point of straightening, i.e., where the
movement becomes horizontal (Fig. 2.1d). At this stage the steel is completely
solidified and the strand begins to exit the withdrawal section; it is then cut out
into slabs, blooms or billets of the desired length. Finally, there is an increasing
trend towards machines which use a curved mould, but where the straightening
takes place whilst the strand still has a liquid core (Fig. 2.1e).

2.1.2 Quality of CC products

As can be seen from Table 2.1, defects such as inclusions, blowholes, and
segregation can affect the quality of the final product [3]. However cracks have
the most deleterious influence on quality and have significantly retarded the
development of continuous casting. For example, if the skin slab tears and leads
to a *break out” of the liquid steel, the cost can be as high as $100,000 [6]. Of
course all cracks do not have such drastic consequences, but there are many
other problems associated with their presence. Swvrface cracks are oxidized by
air and can result in defects in the rolled prod.cts. They can be removed by
scarfing or grinding, but the costs of inspection, surface treatment and yield loss
affect the profitability of the operation.

Internal cracks lead to voids in the final product, and their vestiges in the
rolled product can cause difficulties in subsequent manufacturing process.
Moreover, the demands of high productivity require high casting speeds and
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Table 2.1
Classification of the main defects encountered during CC and
influencing factors [3].
Defect .
classification Defect type Influencing factors

| L
(a) Ladle treatment.
(b) Stream protection.

Surface and | 1. Entrapped (¢) Tundish size and design.
subsurface |inclusions.

2. blowholes,

(d)Use of weirs and dams in tundish.
(e) Steel temperature.

(f) Mould level control.

(g) sub entry nozzle design,

(a) Steel composition (C, Nb, V,Ni, N ...)
(b) Mould geometry.
{c) Mould powder type.

1. Internal {d) Mould level control,

inclusions. (e) Mould/top zone geometry and

alignment,

(f) Intensity and uniformity of secondary

Internal "
cooling.

(g) Mold plating (star cracking).

(a) Ladle treatment.

1. Intercolumnar (b) Stream protection.

cracking/segregation. (¢) Tundish size and design.

2. Centerline

cracking/segregation. (d)Use of weirs and dams in tundish.

(e) Steel temperature.
(H) Mould level control.

(g) Teeming conditions .

3. Spot segregation,

1. Rhomboidity (a) Mould geometry.
Shape (billets and blooms). | (b) Mould taper.
- | 2. Edge shape (slabs). | (¢) Uniformity and secondary cooling.




this in turn results'in a tendency towards an increase in internal cracking [7].
Finally, a defect free slab is an absolute necessity for the implementation of
Continuous Casting Hot Charging (CC-HC) or Continuous Casting Direct
Rolling (CC-DR) processes. In the former, slabs are directly charged into the
reheating furnace before the onset of the y-a transformation, whereas in the
latter, they are directly rolled without reheating. In both cases, conditioning of
slab surfaces by means of cold scarfing cannot be performed [8].

There are two broad categories of cracks: (i) internal and (ii) surface. For
each category, subcategories have been defined [2] using the criteria of defect
position on the slab (Fig. 2.2). In the following sections it is shown that these
cracks correspond to different temperatures and mechanisms of formation.

2.1.2.1 Internal cracks

It is generally agreed that internal cracks are formed in the mould at
temperatures close to the solidus [7,9-12]. It is also recognized that even small
tensile stresses and strains within the solid plus liquid two phases region can
lead to internal cracking in solid steel [13]. The critical values for the initiation
of internal cracks vary with steel composition [7]. Following recent
investigations, the critical strain required to produce internal cracking was
calculated to be less than 1%, and the higher the difference between solidus and
liquidus temperatures, the lower the critical strain [12],

The mechanism of internal cracking is a hot tearing process which occurs
in the following manner. During solidification of the melt, primary dendrite
arms grow and the remaining liquid steel is enriched with segregating elements
such as S, P and C. If tensile strains exceed the separation strain value of the
solid-liquid interface, a crack is formed along the intercolumnar dendritic
region and liquid steel rich in segregants is sucked into part or all of the crack
[11]. The formation of a such a structure, i.e. a liquid phase in a solid matrix,
results in very poor mechanical properties, as demonstrated by Kamdar {14].

According to Morita ef al. [7] internal cracks are mainly due to the strain
and stresses generated by:



Internal cracks Surface cracks

1-Midway 7-Longitudinal, mid face
2-Triple point 8- Longitudinal, corner
3-Centreline 9-Transverse, mid face
4-Diagonal 10-Transverse, corner

5-Straightening/bending  11-star
6-Pinch roll

Fig.2.2: Schematic drawing of strand cast section
showing different types of cracks [9].
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- bulging caused by ferrostatic pressure between the strand support
rolls,

- roll squeezing,

- bending or unbending,

- thermal stresses due to the temperature difference between slab
surface and solidification front,

- slab withdrawal.

Brimacombe and Sorimachi [9] classify internal cracks, based on the
position on the slab, as shown in Table 2.2. For each category the causes and the
influencing factors are given and some corrective actions in term of process and
machine design are suggested.

2.1.2.2 Surface cracks

Surface cracks vecur in the mould, with the noticeable exception of
transverse cracks which are formed in the lower temperature range after
solidification [9]. Transverse cracking, which occurs during the bending or
straightening operation, has been associated with a coarse austenitic structure
and/or precipitation of sulfides or carbonitrides [9]. The mechanism of
embrittlement generally accepted is the nucleation and growth of voids at the
grain boundary/precipitate interfaces and/or at thin ferrite film at austenite
grain boundaries. Small deformations at slow strain rates, as experienced in
the slab during the straightening operation [15], can be sufficient to produce
surface defects. Precipitation takes place in the temperature range 1200-300°C
for sulfides, and between 1000-700°C for the carbonitrides, the latter
temperature range corresponding to the bending or unbending operation. The
austenite to ferrite transformation begins at the Arjs temperature. The
mechanisms of embrittlement associated with the major alloying elements are
presented later in this chapter. Table 2.3 summarizes the type, causes and
influencing factors of surface cracks and the proposed corrective actions [9].



Table 2.2

10

Tvpe, cause and corrective action of internal cracks [9]*

Type

Cause

Influencing factors

|

High casting temperature.

Corrective action

Adjust spray system to
minimize reheating.

Midway Surface reheatingin | S and P>0.02 pct increase
cracks or below spray erack formation. Lower pouring
chamber. temperature.
Minimize P and S levels.
Cracking increases with
Triple-point | Bulging of wide face |decreasing Mnbelow0.9 |Regap rolls.
cracks slabs. pet and with Mn/S <30.
In slabs, bulging of Spray water intensity,
wide face. casting speed, roll Adjust secondary cooling
Centerline alignment low in the near bottom of pool.
cracks. In billets, rapid strand.
cooling of center Severe secondary cooling
region below pool. and high pouring
temperature,
High pouring temperature | Install corner rolls at
Diagonal | Asymmetrical and smaller billet sizes bottom of mold.
cracks cooling in mold or increase cracking. Check alignment
Sprays. between mold and roller
apron
Excessive Reduce tensile strain at
Straighten- {deformation near Bending on liquid center. | solidification front to less
-ing/bending | solidification front than 0.3 pet.
cracks due to straightening Lower casting speed.
or bending.
Pinchroll |Excessivepinchroll |Squeezingona liquid Reduce pinch roll
cracks pressure. center. pressure.

*All internal cracks form in high temperature zone of low ductility, between
1340°C and the solidus temperature. Elements such as P, S and Cu worsen the

cracks.
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Table 2.3
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Type, cause and corrective action of surface cracks [9]*

Type

Cause

Influencing factors

Crack frequency increases

with:
-C levelsof 0.12 pct
-increasing S and decreasing

Corrective action

Mo/S Adjust mold
. . s conditions to insure
-increasing casting speed . .
S . . -high pouring temperatures uniform cooling.
Longitudinal { Tensile strain g1 pouring temp ..
midface generated in the moid -casting of w_u%e slabs Reduce cooling in
cracks and upper spray -mould c:?nd%txons upper spray zones
Zones. overcoolirg in upper spray and check submold
zones support system.
-insufficient support below
mold
-poor alignment between
mold and submold system.
Cracking associated with:
-reversal of mold taper owing [ Plate mold walls with
to distortion of wear chromium.
-large corner gaps in plate
molds Reface the mold.
Nonuniform cooling | -high tundish temperature
Longitudinal jin corner region. -high casting temperature Check alignment and
corner cracks -high casting speed lubrication,
-incorrect foot roller settings
-steel containing 0.17-0.25
pet C, 8>0.035 pet, P>0.035
pet.
Long molds and steel with
In slabs, off-corner 0.15t00.23 pet C giverise to | Check mold support
cracks caused by increase cracking conditions,
bulging of narrow tendency.
face in mold.
Large surface Reduce spray cooling
temperature Strongly influenced by steel | and make it uniform
Transverse, |gradientsinthe composition, Al, V, Nb, in order to maintain
midface spray zone, Mn>1 pet being the most surface temperature
corner cracks { Straightening important elements. above 900°C through
within an to straightener.
unfavorable range of
temperature between
700 and 900°C.
Plate mold walls with
Star cracks | Scraping of copper Secondary cooling. chromium,
from mold. Adjust machine
alignment

FWith the exception of transverse cracks, surface cracks probably form in the high

temperature zone of duetility.
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2.2 ORIGIN OF CRACKS IN CONTINUOUSLY CAST PRODUCTS

Cracks appear within or on the surface of a strand due to the presence of
tensile stresses. The analysis of the stresses that exist in a strand during the
continuous casting process is extremely complex, being a combination of
thermal and mechanical effects. Lankford [16] described both kinds of stresses
qualitatively, and these are summarized in the following section.

2.2.1 Mould friction forces

The upward and downward mould oscillation, which strips out the strand
and prevents sticking, generates frictional forces on the solidified skin. This
force is a maximum at the surface and decreases to zero at the solid-liquid
interface resulting in a bending force in machines with a vertical mould. This
bending force is in tension at the surface and becomes progressively
compressive. When the mould moves downward, the combined effects of the
bending and friction forces lead to a tensile stress across the entire solidified
thickness.

2.2.2 Thermal stresses

During the continuous casting operations, the strand exhibits two
thermal gradients, one through the thickness of the solidified skin and the other
along the axis of the strand. The general rule is that tensile stresses occur in the
cooler region because of the contraction restraint provided by the adjacent
hotter regions, and conipressive stresses occur in the hotter region. Therefore,
on a vertical cross section of the slab, the thermal stress resulting from a
through thickness gradient is tensile (hoop tensile stress) at the slab surface and
compressive near the solidification front (Fig. 2.3). On a horizontal cross section
of the skin, the axial temperature gradient, in combination with the through
thickness gradient, generally causes an axial tensile stress at the skin and an
axial compressive stress near the solidification front.
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However, due to ncn uniform secondary cooling using water sprays, the
surface temperature along the strand does not decrease monotonically, but
varies between upper and lower values about a gradually decreasing mean
temperature. This cyclic cooling alters the stress distribution so that the
stresses near the solidification front may become tensile, instead of compressive,
eventually leading to internal cracks.

2.2.3 Ferrostatic pressure

In the mould, the casting shrinks and at the same time the liquid steel
exerts a pressure on the solidified skin, which then generates bend stresses.
Thus, hoop tensile stresses are developed by ferrostatic pressure of the
solidification front [16].

As the casting progresses from the mould, the slab core is not completely
solidified, and if the rolls are too widely spaced, the ferrostatic pressure can
cause bulging and result in tearing. The bulging strain caused by ferrostatic
pressure can be calculated using the following formula [7]:

£, =(P/3800) X (Ud)* (2.1)

where P is the ferrostatic pressure (kgf/mm?2), 1 the roll spacing (mm) and d the
solidified thickness(mm). Using P~0.11kgf/mm?2, 1~350mmandd~25mm,leads
to a bulging strain of eg=0.0014 , thus demonstrating that relatively low
strains can produce cracking,

2,2.4 Weight of casting and tractive effort

The weight of the strand contributes to axial stresses in the skin and, if
the traction of the driving rolls is too high, this is also added to the weight of the
slab. This combined force is particularly high in the vertical machines (Fig. 2.1-
a) and is one of the reasons why the design of the machines has evolved into the
configurations presented in Figs. 2.1-d and 2.1-e.
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2.2.5 Bending forces

The greatest strains to which the strand cast is subjected during
continuous casting are those due to bending and/or straightening of the strand.
The total strain and average strain rate due to bending was calculated by
Bernard et al.[15]. In the case where the slab exits vertically from the mould
and is bent, the internal face is in compression and the external is in tension.
The average tensile strain (Ae) is given by:

€
he=R (2.2)

where e is the thickness of the slab and R the radius of the curvature. The
strain rate is calculated using the following equation:

3 Be
=T (2.3)
here, At is the time taken to bend the slab, and is calculated by:
2nR
At= —S-V— (2.4)

where 211R/4 is the length of a quarter circle deformed during bending and V is
the extraction speed. Thus,

. 0.64eV
g=
R2

(2.5)

For €=200 mm, R=10 m and V=1 m/min the strain is 0.02 and the
strain rate is 2x10-5s1,

At the solidification front, the unbending strain (in the case of machines
with a curved mould) can be caleulated using the following equation [7]:
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e=(E2—dX(®,— )7 = By, = 27D (2.6)

Deformation is assumed to take place over a series of incremental stages. Each
of these stages corresponds to I in the equation. Rjand Ry+1 are the slab radius
at the stages I and I+ 1 respectively, e is the slab thickness and d is the solidified
shell thickness. The calculation gives £€=8x107%, for e=0.22 m, d=0.096 m,
Ri-1l4mand R;+1=15m.

2.2.6 Other sources of stresses

There are also other sources of stresses and strains which are due to
operating irregularities, such as non concentric roll cages, misalignment
between rolls cages, non uniform cooling in secondary cooling zones, eccentric
mould distortion. For example, Bernard [15] calculates that a misalignment
between two succeeding rolls can lead to a strain of 0.05 and a strain rate of
0.07s-1, The strain due to misalignment can be calculated in the following
manner {7]:

e=1.15><(%§)><8 2.7

Where d and 1 have the same meaning as above (Eq. 2.1) and & is the amount of
misalignment [7]). However, all these irregularities have relatively
straightforward solutions.

2.3 HOT DUCTILITY BEHAVIOR OF STEELS UNDER CC
CONDITIONS

Once the technological origins of cracks on steel slab have been
established, the metallurgical aspects of this problem must be investigated.
Defects appear on a strand, not only because of the continuous casting
conditions, but also because of poor mechanical properties of the cast material.
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To complement the previous overview, the parameters influencing the hot
ductility of steel are discussed in this section.

2.3.1 Hot ductility test methods

With very few exceptions, hot ductility investigations have been carried
out by tensile testing, where the reduction of area at fracture is taken as the
appropriate ductility parameter. In order to obtain relevant results for the
continuous casting operation, the experiments must simulate as closely as
possible the conditions encountered during the process. The ideal test thus
involves prior melting of the sample, followed by controlled cooling to the test
temperature and deformation at low strain rates. However, the use of a prior
heat treatment at temperatures close to the solidus (1460-1480°C) has proved to
give similar results compared to prior melting [17]. Nevertheless, many hot
ductility investigations have been carried out after annealing in the
temperature range 1300-1350°C and cooling to test temperature [18-24], Two
broad categories of testing system have been used to determine hot ductility:

- The Instron [19,20,23-26] or MTS [27-29] mechanical testing
machines to which a radiant [20,23,24,29] or a high frequency
induction furnace [25,27,30,31)] are attached, or

- the Gleeble apparatus [16,27,32-36].
In both systems, local melting of the sample is possible.

The Gleeble machine is the most widely used tool for hot ductility studies.
It is a completely integrated system where the heating and cooling rates,
holding time and deformation parameters can be precisely controlled. This
apparatus, which was developed to investigate casting, welding and hot
working problems, allows local melting of the specimen over a well defined
gauge length. The sample is heated by electrical resistance heating; this system
has an intrinsic longitudinal thermal gradient, but it is highly reproducible
from one test to another. The newer models (Gleeble 1500) are computer
interfaced for control and data acquisition. Tests can be performed in vacuum or
in an inert atmosphere.
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2.3.2 Influence of test parameters

This section reviews the effect of (i) temperature, (ii) thermal history of
the material, and (iii) strain rate, these being the major parameters which affect
hot ductility.

2.3.2.1 Temperature

Much of the hot ductility work pertaining to crack formation on
continuously cast products deals with temperature range 600-1300°C, although
some workers have investigated the behaviour up to the melting point.

It is generally accepted [9,32] that there are three temperature zones
where, under continuous casting conditions, the steel ductility is poor (Fig. 2.4):

-ZoneI: high temperature zone, (1340 °C to solidus),
-Zone I : intermediate zone, (800 to 1340 °C),
-Zone III: low temperature zone, (700 to 800 °C),

The exact location of the zones and the extent of the ductility loss depend
critically on the aforementioned test parameters, as well as the steel grade.

Zonel

When steels are cooled from the melt and deformed, they exhibit, at a
temperature below, but close to the solidus temperature (T's), a steep ductility
drop over a 10°C range (Fig. 2.4). During the course of solidification, the
remaining liquid phase between dendrites is highly concentrated with
segregating elements like S, P, C, giving rise to an alloy with a solidification
temperature lower than the matrix [9,12,32,33]. This residual liquid can
embrittle a solid matrix [14]. The zero ductility temperature (ZDT) corresponds
to the temperature at which an interconnected dendritic matrix is formed (i.e.
after extensive solidification hasoccurred) and begins to be deformed. Thisis
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confirmed by fracture surface analysis which reveals smooth rupture along
dendrite interfaces.

Specimens reheated without prior melting and deformed below the
solidus show a zero ductility temperature behavior [25], however, compared to
samples cooled from the melt, the temperature is higher {33]. In this case the
cause of embrittlement is still due to the presence of a liquid film in a solid
matrix, but here, the decohesion is intergranular rather than interdendritic.
Melting of the grain boundaries occurs below the solidus temperature because of
the segregation of S, P, C (or other elements such as boron). The discrepancy
beween the two ZDT temperatures (melting and reheating) may be ascribed to
different segregation pattern. Itis concluded by Brimacombe et al. [9] that most
of the internal cracks are due to embrittlement at very high temperatures (zone
I). The possibility of controlling this behaviour has been considered by
Matsumiya et al. [12], but their findings indicate that this type of cracking
cannot be eliminated by adjusting chemical composition and/or secondary
cooling alone.

Zone II

The ductility loss in the intermediate zone is strongly dependent on the S
content, Mn:S ratio and thermal history [9,17]. Experimental evidence has
shown that the lower the Mn:S ratio, the lower the ductility [24]. In this case
(1. e. for a high S content or low Mn level), S does not completely combine with
Mn to form the stable phase MnS. Instead, iron sulfides (Fe,Mn,S) or
oxysulfides (Fe,Mn,0,S), more or less enriched with Mn, can precipitate at the
austenite grain boundaries and embrittle the material [27,33]. A deleterious
influence of segregated sulfur alone has also been observed [23,24], and the
findings are presented in the section concerning the effect of chemical
composition on hot duectility.

Zone HI

The low temperature zone between 700-900°C is associated with the
precipitation of carbonitrides such as AIN or Nb(C,N) at the austenite grain
boundaries and in the duplex a-y region [9,15,28]. The details concerning zone
III behaviour are also presented as part of the review on the effect of chemistry.
In plain carbon steels which do not contain significant amounts of Al, the
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presence of zone III is attributed to proeutectoid ferrite nucleation at the
austenite grain boundaries. This phase is softer than austenite and deformation
takes place preferentially at the austenite grain boundaries [34,37].

The poor ductility in both the intermediate and low temperature zones is
the origin of transverse surface cracks [9,15,28]

2.3.2.2 Thermal history

As mentioned previously, laboratory investigations of hot ductility must
be performed using heating and cooling cycles which simulate the thermal
history of the siab as closely as possible. Since the early work of Wilber et al.
[17], the strong influence of the thermal history has been repeatedly
demonstrated [20,27,28,32,38,39,40].

It has already been noted that in zone I, the difference in the ZDT values
corresponding to heating up and cooling down have been attributed to changes
in segregation patterns.

In zone I, the critical dependence of hot ductility on thermal history was
demonstrated by performing tensile tests involving either melting the sample or
annealing at a high temperature and then cooling to test temperature [17,32].
From Fig. 2.5 it can be seen that increasing the annealing temperature
decreases the ductility, the worst case being when the sample is melted prior to
testing [32]. In other words, the closer the test is to the thermal history of a
continuously cast slab, the worse the ductility. However, Fig. 2.5 also indicates
that annealing at temperatures close to, but below the solidus, is similar to
melting in terms of hot ductility behaviour. This is an important observation,
with respect to experimental procedure, because it demonstrates that it is not
always necessary to melt the sample in order to investigate hot ductility in the
intermediate temperature zone,

Prior heat treatment also has a significant effect on region III. For
example, Maehara ef al. [20], in their investigations on the role of carbon, found
that embrittlement due to carbon in the range 0.10-0.14 wt% cannot be seen
without prior melting of the material. Moreover, the harmful influence of



-
o

Orax (ko Ammt)

700 800 800 1000 100 1200 1300 1400 1500
e lﬁoaam)
a
5
o V\D | /60s
\
- . é=5/s

Fig.2.5:

700 800 900 1000 1100 1200 1300 1400 1500
Test temperature (C)

Hot ductility and strength curves for low
carbon aluminum killed steel subjected to
various thermal cycles, t=5/s,
C.R.=20°C/s, Mn/S=31.7133].

22



\ ")‘w’é

1
Yo

t

23

phosphorus on a 0.4 wt% C steel is observed only after remelting of the sample
and then cooling to test temperature [32].

Where carbonitride formation is involved in zone III, thermal history will
affect the precipitation characteristics during testing. Hot ductility
investigations of the low temperature zone are generally carried out after
annealing around 1300°C, a temperature which is largely sufficient to dissolve
most of the precipitates (see for example 19,22,35,39,41-46); followed by
controlled cooling to test temperature. Depending on the type of microalloying
additions and on the thermomechanical history of the specimen, precipitation
can occur either statically and/or dynamically {83]. The mode of precipitation
can significantly influence hot ductility.

The latest refinements in test technique for investigations for zone III,
with respect to a closer simulation of the thermal history of a steel slabs, involve
cyclic cooling between annealing and test temperature [47] or prior melting of
the sample before cooling to test temperature [30,38]. Cyclic cooling more
closely simulates the cooling pattern during strand casting where the surface
temperature rebounds to higher values when it passes under the rolls [47].
Prior melting and/or cyclic cooling significantly affect hot ductility results via
precipitation. A more detailed description of these effects is described in the
chemical composition section.

2.3.2.3 Strainrate

At temperatures above 0.5 Tp, (T, =the melting point) the ductility, and
other mechanical properties of steel, are strain rate sensitive. As noted above,
the deformation rate associated with continuous casting is in the range
10-2-10-4s-1 [15], and most investigations have been carried out at these levels.
However, some work has been performed at strain rates of 5 s-1 or greater [32]
and, more recently, up to 200 s-1 in order to study the effect of crack tip
propagation on ductility [48].



24

Since the high temperature region (zone I) embrittlement is due to the
presence of a liquid film along the grains boundaries or dendrite interfaces, it
follows that the ZDT does not depend on strain rate [33].

In the intermediate temperature region (zone II), the hot ductility
increases with decreasing strain rate (Fig. 2.6). This improvement is attributed
to the coarsening of (Fe,Mn)S precipitates during deformation at low strain rate,
this being less deleterious to hot ductility than small precipitates [17,32].

In the low temperature region (zone III) the opposite has been observed
(Fig. 2.7) in the strain rate range 10-2-10-4 s-1 {see for example:15,28,34,49,50].
However, recently Sakai and Ohashi [51] have noted that the hot ductility of
microalloyed steels is distinctly improved by deformation at very low strain
rates (<10-4s-1), a behaviour which is again attributed to the coarsening of the
precipitates.

In order to explain the strain rate dependence of hot ductility in zone III,
a qualitative model has been developed by Norstrom and Johanson [29]. They
suggest that, with respect to strain rate, two possible "low duectility” regions
may be defined, i.e. (i) a very low strain rate region or "creep embrittlement
region” where high temperature mechanisms operate and weaken the grain
boundaries through e.g. grain boundary sliding and cavitation; and (ii) a high
strain rate region of strain hardening embrittlement, where recovery is strongly
impeded, leading to early fracture due to high stresses within the grains. At
strain rates between these two regions, recovery and eventually dynamic
recrystallization takes place and the ductility is improved. Dynamic
recrystallization is beneficial because if grain boundary migration occurs any
the nucleated cracks remain isolated in a new dislocation free matrix.
Therefore, the cracks can neither propagate nor coalesce.

Although precipitates in microalloyed steels affect dynamic
recrystallization the hot ductility-strain rate dependence of such steels follows
the Norstrom model.
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2.4 EFFECTOF CHEMICAL COMPOSITION

Pure iron is reportedly ductile at all temperatures up to the melting point
[52,53]. The ductility loss observed in the aforementioned temperature zones I,
II, II, is due to the presence of impurities (e.g. S, P, N, O...), carbon, or elements
added either to process the liquid steel (e.g. Al in killed steels) or to improve the
mechanical properties of classical plain carbon steels. The last fifteen years
have seen the development of microalloyed steels in which elements such as Nb,
V, Ti or Al have been added to low carbon steels in order to improve their
strength and toughness through controlled rolling and precipitation hardening.
Such steels are increasingly produced by the continuous casting route and are
known to be difficult to cast.

The purpose of this section is to describe the respective influence of
impurities, carbon and microalloying elements on the hot ductility of steels, in
relation to crack formation during continuous casting process. Thus, the results
described here pertain to the temperature region, strain rate, and prior heat
treatment relevant to the continuous casting operation.

2.4.1 Phosphorus

Phosphorus has been observed to promote internal cracking when the
level exceeds 0.03% [9,13], and in fact, Fuji et al. have detected higher P (0.18
wt%) in the region of an internal crack than in the matrix (0.02 wt%) [54].
Other workers have calculated P segregation levels during cooling of between
0.1-0.2 wt%, relative to a matrix concentration of 0.025 wt% [55]. In laboratory
studies, these observations have been supported by Adams, who detected a P
concentration at the austenite grain bouiidaries of 0.2 to 0.5%, where the matrix
concentration was 0.02% [56].

Several years before these findings, the harmful influence of P was noted
by Sopher [57] (with respect to weld cracking) and other researchers [58]. His
conclusions were that P in the range of 0.004-0.017 wt% P has little influence on
the high temperature brittieness of a 0.4% C steel. However, a further increase
to 0.039wt% strongly reduces ductility and strength in the temperature zone I.
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The embrittlement is attributed to P segregation along dendrite interfaces
during solidification [54,57], the P enriched liquid phase remains stable below
the solidus temperature and increases cracking frequency. An alternate
possibility is due to the formation of Fe-FegP eutectic, which has a melting
temperature of 1021°C [57]. The deleterious influence of phosphorus in zone I
has been confirmed by Suzuki et al. who demonstrated that the zero ductility

temperature of almost pure iron (99.997 wt%) decreased from 1530°C to 1475°C
when 0.038 wt% of P was added [36].

Concerning the surface quality of slabs (i.e. in zone III), statistical
observations by Mintz and Arrowsmith reveal a beneficial influence of raising
the P content in low carbon (C<0.25 wt%) steels [49]. They claim that P
improves the hot ductility of low soluble-Al bearing steels, but appears to have
little effect when the Al content exceeds 0.04 wt%. This has been confirmed by
Hannerz in his statistical observations and laboratory investigations [21]. The
origins of this beneficial effect have not been rigorously explained, but the
occupation of AIN precipitation sites by phosphorus segregation at the austenite
grain boundaries is a possibility [49]. However, in the case of low carbon Nb-V
bearing ste'els, Ouchi found no influence of P on hot ductility in zone III [28].

At C levels greater than 0.25 wt%, strong embrittlement takes place
when the P content reaches 0.03 wt% [36]; the poor ductility domain covers the
temperature range 900-1400°C. Embrittlement is seen only in prior melted
specimens. Hot ductility is improved by a low rate of cooling (<1°Cs-1), holding
at test temperature (the amount of time depends on temperature) before
deformation and a low rate of deformation (£<10-2s-1), Here again, no
explanation has been given to rationalise this behavior.

In sulfur free steel containing 0.02 wt% C, the presence of P alone does
not increase ductility loss of the alloys containing Nb(C,N) precipitates even if
segregation of P to austenite grain boundaries has been established. However,

in the presence of segregated sulfur, phosphorus further diminishes the
ductility [24].
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2.4.2 Nitrogen

Few studies have been made on the influence of free nitrogen on hot
ductility and these deal only with the temperature range 700-1100°C, which
covers temperature zones II and III. Suzuki et al. have demonstrated that
greater than 0.005 wt% free N increases the depth of the ductility trough
between 700-1100°C after sclution treatment at 1300°C [34]. Ouchi and
Matsumoto [28] have reached similar conclusions, but the actual influence of
free N in their work is difficult to assess because the steels also had relatively
high aluminum contents and therefore the nitrogen is combined with this
element to form AIN. To further complicate matters, in C-Mn-Al-Nb steels, an
increase of N from 0.0042 to 0.011 wt% only slightly deteriorates the ductility
[44]. At present no embrittlement mechanisms have been proposed to explain
any of these effects.

2.4.3 Carbon

Statistical analysis of slab defects have revealed a greater tendency
towards internal cracking when the C level is increased [18,54]. The critical
carbon content above which the percentage of internal cracks rises steeply is
around 0.12 wt% C [54,59].

Hot ductility measurements have shown that an abrupt change in ZDT vs
C concentration behaviour takes place at about 0.12 wt% C (Fig. 2.8) [60].
Above 0.12 %C the difference between the liquidus (T1) and solidus temperature
(Ts) becomes higher. As a consequence, for high carbon steels, the probability of
the incidence of internal cracking is increased because the temperature range
over which the liquid plus solid two phases region exists is larger. Thus, the
possibility for a tensile stress to occur in the solid plus liquid state increases
[12]. These findings are roughly comparable to the results of Morozenski et al.
[61] and Guessier and Castro [58]. However, Suzuki et al. [36], in steels with C
ranging between 0.003 % and 1.6 wt%, found the following linear relationship
between ZDT and Tsin C steels with no singularities between 0.1-0.2 wt%C:
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ZDT=1.14Ts5-231 (°C) (2.8)

As implied above, the remaining liquid phase due to carbon segregation
seems to be the cause of poor hot ductility. Fractographic analysis [32] has
shown approximately 10% of residual liquid steel at ZDT, thus confirming the
liquid phase embrittlement theory. Among all the elements that can segregate
during solidification (S, P, B), C has the smallest effect on ZDT [32].

Lengitudinal cracking, which oceurs at very high temperatures, has been
linked with the peritectic reaction. Shrinkage away from the mould wall, due to
the § to y {ransformation, leads to a lowering of the heat transfer between the
mould and the slab resulting in a uneven solidified shell and the possibility of
fracture at the thinner part of the solidified shell [18,62-64].

Carbon levels between 0.10-0.15 wt% not only increase the frequency of
internal cracking, but also increase the susceptibility to fransverse surface
cracking [25,49,53,61]. Such carbon content leads to coarse austenite grains
[65], which arise from the peritectic reaction. Here, grain growth is uninhibited
because of the absence of 8 phase, and the higher temperature of the delta
ferrite-to-austenite transformation allows increased grain coarsening [20],
Fig.2.9. Such grain coarsening may be a problem. However, other researchers
have not observed any differences with increasing carbon content in terms of hot
ductility due to grain coarsening. This in turn may be because, in hot ductility
testing, grain coarsening is observed only after melting and solidification. A
high temperature anneal around 1300°C is not sufficient to reveal significant
differences in terms of microstructure between the various compositions
examined [20, 21,28,34,65]. '

Clearly, there is been a certain amount of controversy concerning the
influence of grain size on hot ductility [30,32,34,38,42-44,46,50,65-67].
However, Maheara et al. have proved that the decrease in ductility is inversely
proportional to the grain size [20]. The increase of strain concentration at grain
boundaries due to the lower grain boundary area per unit volume is one
explanation of this phenomenon [68].



T
é?m”
e

31

Y Rt = e ZZ/ -
?-/4/014 '.;,§4 - Mold -1=
= //// I
@. .93 L - =
o -.'-.o -~ _- = Coarsie
e = =
LT - ///, - "
T BN
R - - ///// -
(a) Low or high C steel {b) Medium C steel

Fig.2.9: Schematic illustration showing austenite structure
in solidified shell [20].



32

Hannerz on the other hand, has noted generally that an increase in C
level diminishes the incidence of surface cracking, but with no particular
emphasis on a carbon range [21]. In carbon steels, the existence of a ductility
trough between 600-300°C, even in the absence of prior remelting has been
confirmed [34,69,70]. Suzuki et al. have shown that the width and the depth of
the ductility trough diminishes with increasing carbon content, and
dilatometric measurements have confirmed that the higher temperature side of
the ductility trough corresponds to Ars temperature [34]. This led the authors
to propose a mechanism based on embrittlement due to the presence of
proeutectoid ferrite along y grain boundaries at Ars. The flow stress of ferrite is
1/4 that of the austenite at 900°C, and the work hardening rate of ferrite is
small. Therefore, plastic deformation will occur preferentially in the grain
boundary leading to a decrease in ductility. This hypothesis is supported by
investigations on electrolytic iron where the narrow dual phase region
precludes the formation of grain boundary ferrite, resulting in the absence of an
embrittlement region [34].

Another study agrees with this mechanism for steels where the carbon
level ranges from 0.04-0.28 wt% [69]. Above this concentration, the
temperature for the start of the trough does not decrease with increasing C
levels, but is raised by 100°C, and fracture occurs in the austenite phase by
grain boundary sliding. This unexpected behaviour is attributed to the absence
of dynamic recrystallization in high carbon steels due to the higher activation
energy for dynamic recrystallization.

In addition to the influence of grain boundary ferrite, Crowther and
Mintz have observed an influence of the austenite grain size in the a/y duplex
region, for carbon levels around 0.20 wt% [70]. Coarsening the grain size causes
the temperature for the start of the ductility trough to increase up to the Aej
because of the production of long thin films of deformation induced ferrite
around the grain boundaries. In fine grained material the duectility is better
because the greater grain boundary surface area allows introduction of a
greater volume fraction of ferrite reducing the relative strength difference
between a and y. Another possibility is that the high grain boundary surface
area requires a greater volume of ferrite to be formed for complete delineation of
the prior austenite grain boundaries. Hence the ferrite film becomes continuous
at a temperature significantly lower than that for coarse grained material [71].
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Finally, for very high carbon steels (0.65 wt%) the grain size refinement leads to
even a better ductility because grain boundary sliding is impeded [70).

QOuchi et al did not observe any influence of C concentration on hot
ductility in the range 0.081-0.20 wt% [28]. In the opinion of the present author,
this could be explained by the presence of Nb in their steels; the precipitation of
carbonitrides masking any carbon effect. Finally, Hannerz has revealed that
decreasing the carbon level diminishes ductility {21]. Here it is difficult to
explain why these results differ from those of Suzuki [34], although the presence
of Al could be the cause.

24.4 Sulfur

Along with phosphorus and carbon, sulfur has long been linked with both
internal and surface crack formation on continuously cast slabs [9,54,62]. For
example, it has been shown that greater than 0.005 wt% S considerably
increases the frequency of internal cracks [54]. Statistical analysis of one year’s
production of continuously cast products have revealed strong indications that S
is associated with transverse surface cracks and therefore increases scarfing
losses [21,54]. The seriousness of the problem is reflected by the extensive
literature that exists concerning this problem [9,16,17,21,32,34,40,54,72-78].

Sulfur causes two ductility troughs; one some tens of degrees below the
solidus (zone I), and the other between 800-1200 °C (zone II). As already noted
the former is related to the onset of internal cracks, and the latter is associated
with transverse surface cracks [16,73,74].

The results of an early study concerning the influence of S on the
cracking resistance of weld metal, revealed that an increase of S concentration
led to a decrease of the zero ductility temperature (zone I) [57]. At that time, the
embrittlement phenomenon was attributed to S segregation leading to the
formation of the Fe-FeS eutectic or FeS which have melting temperatures of 988
and 1190 °C respectively [75]. However, even with a relatively high sulfur level,
ductility is regained below 1350°C, raising some doubts about this mechanism.
Nevertheless, increasing the S content in almost pure iron (99.997 wt%) from 0
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to 0.019 wt% decreases the ZDT from 1530 to 1450 °C, in tests carried out after
solidification from the melt [36].

The ductility loss in zone II is associated with intergranular fracture and
dense precipitation of fine (Fe,Mn)S particles enriched in iron at the austenite
grain boundaries [76]. This, plus the results from many investigations
undertaken on this subject [9,16,17,32,34,57,74,76], indicate that the lowest
ductility results from high S levels, low Mn:S ratios, high preheat temperatures
(the worst case being with prior melting of the sample) and high cooling rates
[76]. All of these tend to increase fine precipitation. On the other hand,
ductility is improved by a low annealing temperature followed by a slow cooling
rate, as well as long holding times at test temperature prior to deformation.
These factors all lead to a decrease in the density and an increase in the average
size of precipitates [76]). Furthermore, high levels of Mn produce (Fe,Mn)S
particles which are enriched in Mn. Such precipitates nucleate preferentially in
the matrix and not at austenite grain boundaries [2]. In Fig. 2.10 the
relationship between sulfur, manganese and ductility indicates that above a
manganese content of 0.7 wt%, ductility is high, regardless of the sulfur level.

Another aspect of the effect of S which has been recently clarified, is the
influence of segregated free sulfur at the austenite grain boundaries. At 900°C,
it can be as much as 200 times larger than in the matrix [40]. Using quantum
mechanics, Messmer and Briant [77] have demonstrated that segregated S
exerts an attractive force on the electrons associated with the bonding of Fe
atoms, thus reducing their strength. Their calculations support the
experimental findings concerning hot ductility behaviour of zone refined iron
doped with various levels of sulfur in the temperature zone 700-1200°C [24,78].
Above 50 ppm of S, voids nucleate at austenite grain boundaries because of
sulfur segregation, and significant intergranular hot embriftlement takes place
in the range 850-1100°C [78]. The void growth rate is higher than the rate of
dynamic recrystallization, thus promoting earlier fracture.

In the next few sub-sections the influence of Al, Nb, Ti and V on hot
ductility in zone ITT are presenfed. All these elements are carbonitride formers
and, under certain conditions, can cause ductility problems by precipitation.
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But, it has been demonstrated [23,24,78] that these elements do not create any
ductility trough when added to a 0.020 wt% carbon steel completely free of
sulfur and other impurities. Increasing the sulfur content increases the depth
and width of the ductility trough caused by the precipitates. Typically, the
sulfur level above which the trough appears is between 0.0025-0035 wt%. In
other words precipitates embrittle steel only if the grain boundary strength is
lowered by segregated S.

2.4.5 Aluminum

To the knowledge of the present author, no investigation has been
undertaken to study the effect of free Al on hot ductility. Aluminum is
traditionally added as a deoxidant (Al-killed steels) or to refine grain size
through AIN precipitation [79].

There is a high degree of certainty that AIN precipitation can cause
transverse cracking in slab casting [15,21,28,34,41,49]. For common levels of Al
and N (Al=0.08 wt% and N =0.010 wt%) the ductility trough is typically
between 700-900°C. Increasing the product Al; N (where Al is the soluble Al
content} deepens the trough and widens it to higher temperatures [21,28,80]. It
should be noted that the temperature zone of embrittlement covers the low
austenitic range (typically 850-900°C) and the a-y duplex region (T= 850°C).
The fracture model to explain the hot ductility behaviour in the a-y duplex
region (Fig. 2.11-a) resembles the one given for plain carbon steels. AIN, which
can precipitate in the grain boundary ferrite, act as nuclei for void formation
and as deformation proceeds at grain boundaries, rupture occurs by voids
coalescence [45]. However, Ouchi and Matsumoto [28] claim that the primary
factor controlling ductility is not AIN precipitation, but the thickness of ferrite
around austenite grain boundaries.

A slight variant of this mechanism of embrittlement is illustrated in Fig.
2.11-b. It involves precipitation at the austenite grain boundary, nucleation of
cavities at the interface grain boundary-precipitate, nucleation of ferrite
induced by deformation [15,19] and coalescence of cavities [32]. The mechanism
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in the low austenitic temperature region (Fig.2.11-¢) is essentially the same,
but with no influence of ferrite [34,42].

The heat treatment applied prior to testing can affect the precipitation
behaviour of AIN and in turn influence hot ductility. For example, it has been
demonstrated that rapid continruous cooling (>50°Cs-1) from the solution
treatment temperature produces fine and dense precipitation of AIN at the
austenite grain boundaries, which results in very poor hot ductility [42,81]. In
fact Funnel and Davies [42,43] found that an increase in the AIN particle size
from 0.09 ym to 0.21 pym (by an appropriate heat treatment) led to an
approximate doubling of the reduction of area at the test temperature of 850°C,
all other testing conditions remaining constant. Similar results have been
reported by Maheara et al. [19].

The mechanism preventing grain coarsening (AIN precipitation) is the
same as the one that contributes to embrittlement in the temperature zone II1
[(68]. It is therefore possible that any beneficial effect which could arise from
grain refinement (as seen in plain carbon steels) may be offset by the effect of
precipitates on the reduction of ductility [42,43]. However, it has been seen [66]
that fine grained microalloyed steel obtained by prestraining of the material at
1050°C is effective in improving hot ductility.

For the same Al and N levels, hot ductility is worse in the as-cast
condition than in the reheated case [30,82]. This is because, on cooling from the
melt, highly segregated conditions favour AIN precipitation at the austenite
grain boundaries. In the reheated case the AIN precipitates are taken back into
solution and because of the sluggishness of precipitation in the austenite phase,
fewer nitrides precipitate on cooling to test temperature. In addition to this, the
coarsest austenite grain size is found in the as cast state [34].

In continuous casting, the strand surface does not follow monotonic
cooling from the liquidus to the straightening temperature, but undergoes a
cyclic rising and falling of temperature, although the mean temperature
continuously decreases. The amplitude of the cycle can be as high as 100°C [47].
A simulation of a single cycle of a such cooling pattern, where the temperature
was decreased to around 800-900°C and then increased to the test temperature
of 1100°C, produced a deterioration of the ductility [39]. Conversely, a specimen
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held at 1100°C, on cooling from the solution temperature, and then deformed

between 800-900°C exhibited improved ductility because of AIN particle
coarsening [19].

Noting that an increase in prior holding time at test temperature in the
800-9200°C temperature range is detrimental to hot ductility [19,80,83], it may
be concluded that the hot ductility problem in Al bearing steels is mainly
influenced by static (i.e. before deformation) rather than by dynamic (i.e. during
deformation) precipitation [38,83,84]. However, some authors have not
observed any precipitation before deformation [48,80,85]. These resultsindicate
an influence of both static and dynamic precipitation on hot ductility. Prior
deformation at high temperature (T= 1000°C) and high strain rate (¢ = 10-%s-1)
leads also to improved ductility in the range 800-900°C, because strain induced
precipitation and coarsening of AIN has occured [85].

From these studies, the following methods have been proposed that may
reduce surface cracking frequency due to Al:

- reduce Al and N as much as possible and/or add an element which
preferentially combines with nitrogen (e.g. Ti), thus limiting AIN
precipitation [21,35],

- reduce temperature oscillations during secondary cooling [47]

- if applicable to the continuous casting operation, use a slow rate of
cooling, and hold at a high temperature (T'=1100°C) [85],

- reduce Slevel [21],

- predeform the material above 1000°C, at a relatively high strain rate
[85].

2.4.6. Niobium (Columbium)

In continuously cast Nb bearing steels slabs, extensive precipitation of
Nb(C,N) was observed in the area of transverse cracks [21,34,49]. This
corresponds well to observations that Nb causes a ductility trough between 650-
1100°C in hot ductility tests [15,28,44]. In general, increasing the Nb content
widens and deepens the trough. Precipitation of Nb(CN) is the major cause of
embrittlement and its effect in many ways resembles that of AIN.
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The temperature zone where embrittlement occurs covers the low
temperature austenite region and the y-a temperature duplex range. The
embrittlement mechanisms described in the previous section have also been
suggested for Nb steels, but for intergranular embrittlement in the low y
temperature range, an alternative model has been proposed [19]. The previous
mechanisms (Figs. 2.11 a-c) involved precipitation at the austenite grain
boundaries followed by void nucleation at the grain boundary-precipitate
interface [34,49]. The alternative model (Fig. 2.12), which is supported by other
workers [15,39,83], involves matrix strengthening due to dynamic precipitation
of Nb(C,N), leading to a strain concentration in the vicinity of austenite grain
boundaries, where rauch softer precipitate free zones exist. The resulting strain
concentration leads to fracture. Furthermore, in the austenite plus ferrite
region, Nb(C,N) matrix precipitation suppresses the growth of grain boundary
ferrite, causing a higher strain concentration in the narrow soft region.
Bernard et al. [15] suggest that the main cause of poor hot ductility is
retardation of dynamic recrystallization by precipitation. However the strain to
fracture is smaller than that required to nucleate dynamic recrystallization.
Furthermore, with respect to cracking in continuous casting, the strains
generated during the straightening operation are also too small to nucleate
dynamic recrystallization [28,46].

Heat treatments applied before deformation play a very important role in
the kot ductility of Nb bearing steels. Once again it is observed that fast cooling
rates from the solution temperature of the carbhonitrides (around 1300°C) and
the test temperature give a significantly finer and denser precipitation than
slow cooling. This leads to a deterioration of hot ductility because small
particles are more effective in pinning grain boundaries. Thus facilitating
grain-boundary cavity growth by grain boundary sliding much easier [42,49]

The effects of thermal cycling to low temperatures (950°C) [47] and
predeformation at high temperatures (1050°C), [68,85] are similar to that of
AIN. The former deteriorates ductility by increasing precipitation of Nb(C,N)
whilst the latter is beneficial due to precipitate coarsening. Similar results are
found in tests performed above 1000°C following a solution treatment at 1300°C
and intermediate treatment between 800-900°C [15,28,39,86].
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The respective influence of static and dynamic precipitation on hot
ductility is unclear. Some workers claim that poor hot ductility is mainly due to
dynamic precipitation [15,19,49], whilst others conclude that there is an
influence of both types of precipitation [28,86]. Crowther et al. [83] have
investigated this problem in depth by performing tensile tests at 950°C
(following solution treatment) after holding for various times at test
temperature. They have observed that, although increasing the holding time
before deformation reduces embrittlement, even after 10,000 s of holding time
the reduction of area is still lower than 50%. They conclude that both static and
dynamic precipitation are effective in reducing hot ductiliiy. However, dynamic
precipitates have smaller size (d =15nm) than static ones (d = 60nm), rendering
them more deleterious to hot ductility. Furthermore, dynamic precipitation was
observed either at the austenite grain boundaries or in the matrix (in
agreement with the last embrittlement model presented above), whereas static
precipitation is observed only at the austenite grain boundaries.

Unlike Al containing steels, it has been recently observed that Nb
bearing steels tested after melting and cooling to the test temperature are more
ductile than specimens which have been melted, cooled down to 100°C and,
solution treated at 1330°C [30,38]. There is also an 80°C decrease in the upper
temperature side of the ductility trough in the case of the as-cast material. The
reduced ductility in reheated samples is attributed to dense, finely dispersed
precipitation of Nb(C,N) along austenite grain boundaries and in the matrix. In
the as-cast samples marked segregation occurs, resulting in the production of
coarse Nb(C,N) eutectics at the austenite grain boundaries and fine
precipitation in the matrix [33].

The effect of niobium carbonitrides on hot ductility can also depend on the
chemical composition of the precipitates [28]. At a constant Nb level (0.015
wt%) it was found that an increase of the nitrogen level from 0.0020 to 0.0063
wt% markedly reduces plasticity. Low nitrogen levels promote the formation of
NbCpg. g5 type particles, whereas for high N concentrations NbCgq goNg.25
precipitation occurs. The better ductility observed with the former precipitates
was ascribed to its lower rate of precipitation in austenite, leading to a lower
volume fraction of precipitates. Mintz and Arrowsmith found only a slight
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influence of N concentration on hot ductility of C-Mn-Nb-Al steel, but here the
lowest nitrogen level was 0.0042 wt% [44].

Suggestions to reduce the incidence of cracks in Nb bearing steels largely
follow those for Ali.e.:

- lower the Nb level as much as possible and/or reduce the nitrogen
level [28]

- perform the straightening operation above 1000°C [15],

- reduce the cooling rate and the amplitude of the temperature cycles,
[47]

- apply a given amount of deformation above 1000°C allowing
precipitation and coarsening of carbonitrides [85].

It is clear that the effect of Nb in steels is similar to that of Al. In fact the
two troughs are approximately in the same temperature range, although, for Nb
bearing steels, the ductility drop initiates at higher temperatures than for Al
steels. This is consistent with the temperatures corresponding to the maximum
precipitation rates which are 950°C for Nb(C,N) [82] and 815°C for AIN [87]. In
steels where both Al and Nb are present, an interaction has been observed in
that an increase in the soluble Al level diminishes both the mean particle size
and interparticle spacing of Nh(C,N), consequently further reducing ductility
[49]. This phenomenon has not yet received any physical interpretation.

2.4.7 Titanium

The benefits of using Ti additions to avoid ingot casting crack problemsin
Al killed steels have been reported [26,88,89]. However, no comprehensive
statistical evaluations concerning the influence of this element on the quality of
continuously cast products were found, although several laboratory
investigations have been conducted on the role of Ti in hot plasticity of steels
[21,24,25,26,28,42,43,49,90-93].

It is generally accepted that a Ti addition to Al bearing steels regains the
ductility [26,42,49,92,90-93]. This may be due to the preferential precipitation
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of TiN, preventing the formation of AIN. TiN precipitates more uniformly in
austenite, which is perhaps less damaging to hot ductility than AIN, which
preferentially nucleates at the austenite grain boundaries. There is an
alternative possibility that the improvement is not related to the prevention of
AIN precipitation but to the smaller austenite grain size produced by TiN
particles [93]. However, if the heat treatment employed is such that the TiN
particles are small, a ductility trough can be observed [43]. In iron alloys
containing AIN and 8, Ti only improves hot ductility if Ti/N>3.4
(stoichiometric ratio) which is attributable to the formation of titanium
sulphides reducing S segregation at the austenite grain boundaries [24,91].

Mintz and Arrowsmith have noted only a slight improvement of hot
ductility when Ti is added to Nb-Al steels [44]. On the other hand, Ouchi et al.
[28] observe a beneficial effect of a Ti addition and, as noted above, explain this
by the preferential formation of NbCg g5 as opposed NbCp goNg.25 due to N
being taken up by Ti. Grain refinement is also regarded as contributing to the
beneficial effect of Ti in this case.

All the aforementioned experiments were carried out after ennealing
around 1300°C. When tested in the as cast condition, C-Mn-Nb-Al steels were
found to be more ductile with the addition of Ti [30]). The improvement was
attributed to the removal of Nb(CN) precipitation at the austenite grain
boundaries and its replacement by coarser NbTi(CN) precipitates, The same Ti
bearing steels tested after annealing at 1330°C have a greater reduction of area
than in the as cast state because of grain refinement after solution treatment.

Finally, it was recently shown that Ti in pure iron doped with S but free of
N greatly improves hot ductility because the formation of Ti sulphides impedes
S segregation [90].

2.4.8 Vanadium

V can form either V4C3 and VCN. The former precipitates from the Arjs
to 500°C [94] and is not considered in this section; the latter shows a maximum
precipitation rate at about 885°C [95]. There is no clear evidence that V is
associated with surface defects in continuous casting [21], but Coleman and
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Wilcox [35] have found a deleterious influence of this element on surface cracks
of the product.

Hot ductility investigations by Hannerz [21] have revealed a ductility
drop roughly proportional to the V concentration in the temperature range 700-
950°C [21], but if the V level is limited to 0.07 wt% the depth of the trough is
small and, below this value, the ductility is comparable to plain carbon steels.
Coleman and Wilcox [35] have also reported a duectility trough due to V, but a
comparison with the data of Hannerz [21] is difficult because they do not give
the chemical composition of their steels. However, from their work it appears
that addition of Al to the V bearing steels improves hot ductility [35]. The
formation of AIN reduces the VN precipitation and the resultant increase in
stress relaxation more than compensates for the detrimental effect of increased
of AIN precipitation at the grain boundaries.

2.4.9 Molybdenum

This element has no deleterious influence on slab quality, but it has been

shown to slightly improve ductility when it is added to levels of about 0.6 wt%
[21].

2.4.10 Boron

No data exist regarding the effect of this element on the surface cracking
frequency, but it may contribute to internal quality problems because it strongly
reduces the zero ductility temperature of steels [33] via its strong tendency
towards segregation. However, production statistics have clearly pointed out
the beneficial influence of ‘minute’ additions of boron on surface quality [21].
This is reflected in hot tensile tests where boron largely increases hot ductility
in zone II. This improvement can be ascribed to several factors: preferential
boron nitride precipitation, retardation of the y/a transformation which
presumably avoids ferrite film formation at the austenite grain boundaries, and
increasing the resistance to grain boundary sliding, which results in better
creep ductility [21].
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2.4.11 Other alloying elements

Elements which readily dissolve in iron (Ni, Cr, Cu) are not reported to be
detrimental, but star cracks on continuously cast products were found to be
caused by contamination from the copper mould, indicating a hot shortness
problem [15]. However, no influence in the range 600-1000°C has been seen in
laboratory tests, with the noticeable exception of a duectility decrease occurring
below 650°C in steels containing more than 1% Cu. This cannot be related to hot
shortness which is observed at much higher temperatures [21].

Cerium and calcium are used to improve the cleanliness of steels by
reducing the S level [21,35]. Cerium is reported to have no influence on hot
ductility [21] but calcium increases the reduction of area values of C-Mn-Al
steels [96]. This erhancement has been attributed to the removal of sulphur by
Ca [96]. Finally, Zr improves the hot ductility of Nb-Al containing steels, via
preferential formation of zirconium nitrides (analogous to the influence of Ti).
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CHAPTER 3

EXPERIMENTAL EQUIPMENT AND METHODS

As seen in the previous chapter, many hot ductility studies have been
performed by hot tensile testing, with reduction of area at fracture taken as the
relevant ductility criterion for hot ductility measurements, in the majority of
cases. In the present study, tensile testing was also employed to investigate the
hot ductility and strength behaviour of five microalloyed steels. The
experimental work can be divided into two temperature domains; (i) 1400°C-
solidus, and (ii) 800-1300°C. The first range clearly corresponds to zone I, whilst
the second range encompasses zones Il and III. The latter zones are associated
with precipitation of sulfides and carbonitrides, respectively. However, due to
the high Mn:S ratio, no Mn-Fe sulfides are expected to precipitate, therefore

eliminating the cause of a zone Il ductility trough. Thus, effectively, only zones
I and HI were investigated.

The hot deformation behaviour was examined under various conditions of
strain rate and prior heat treatment. Apart from hot ductility, the hot strength
behaviour was also analysed in order to assess any possible interrelationship
between ductility and strength.

3.1. MATERIALS AND SPECIMEN PREPARATION

The chemical compositions of the materials examined are given in wt%
and at% in Table 3.1. Grades P, A, B, and C are laboratory compositions which
were prepared at the Physical Metallurgy Research Laboratories (CANMET,
Ottawa), in the following manner. Air induction was employed to produce the
four steels from a base alloy which contained low concentrations of nitrogen,
carbon and residuals; deoxydation was achieved using aluminum. The liquid
steel was then top poured into a permanent cast iron mold of dimensions 0.127 x
0.152 % 0.305 m3, which corresponds to a 50 kg heat. The cooling rate during
solidification was about 140 to 150°C/min between 1500 and 1100°C, and an
average of 90°C/min down to room temperature. The cast material was then
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Table 3.1
Chemical composition (in atomic and weight %) of the steels investigated.
C Mn Si P N S Al Nb Ti Vv Ni Cr
at% | 0.364 ] 1.40 | 0.690 § 0.0179 10.0309] 0.0156 | 0.0411
STEELP
wt% }0.078 | 1.39 | 0.35 | 0.010 |0.0078{ 0.009 | 0.02
at% | 0.323 ] 1.55 | 0.573 | 0.0215 10.0396} 0.0156 | 0.0615 | 0.0179 | 0.015
STEEL A
wt% [0.0721 1.54 | 0.29 | 0.012 | 0.01 | 0.009 | 0.03 0.03 | 0.013
at% | 0.462| 1.56 | 0.572 | 0.0215 |0.0396| 0.0156 | 0.0615 | 0.0179 | 0.015
STEEL B
wt% | 0.1 | 1.55 | 0.29 | 0.012 | 0.01 | 0.009 | 0.03 0.03 | 0.013
at% ] 0.645 | 1.55 | 0.571 | 0.0215 {0.0396| 0.0156 { 0,0616 { 0.0179 { 0.015
STEEL C
wt% | 0.14 | 154 | 0.29 | 0.012 | 0.01 | 0.009 | 0.03 0.03 | 0.013
at% [0.323 | 1.41 {0.572 | 0.0108 |0.0316| 0.0087 | 0.0926 | 0.0119 | 0.0139 | 0.087 | 0.236 | 0.266
STEELS
wt% | 0.07 | 1.4 { 0.29 | 0.006 | 0.008 | 0.005 | 0.045 | 0.02 | 0.012 |} 0.08 | 0.25 | 0.25

14
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reheated at 1210°C and rolled into 0.017 m thick plates in 17 passes executed
between 1200°C to 880°C.

Steel S, an experimental grade used with the consent of Stelco, was
received in the as cast condition as a piece sectioned from a continuously cast
slab with a cross section 0of 0.21x 2.2 m.

The five steels investigated can be divided into two groups. Group I refers
to steels P, A and S in which the carbon level was kept constant but the
microalloy additions were varied. In this grouping, the reference was steel P, a
C-Mn Al-killed grade. Steel A was used to determine the effect of Nb and Ti on
hot ductility, and grade S enabled the influence of Ni and Cr additions (0.25 wt%
each), to a Nb-Ti bearing, steel to be assessed. (However, since steel S was
received in the as cast condition and not as-hot rolled, the difference in flow
curve shape between steels S and A may be due to the differing
thermomechanical histories,) Nb and Ti are, of course, classical microalloying
elements; the former is added for ferrite grain refinement via pancaking, and/or
precipitation hardening, the latter for grain growth inhibition. Ni and Cr are
used in carbon steel to increase matrix strengthening by solid solution.

Group II is comprised of grades A, B and C. In these grades, the amount
of Al, Nb and Ti is constant (0.03 wt%, 0.03 wt% and 0.013 wt%, respectively),
but the level of carbon increases from 0.07 wt% to 0.14 wt%, this latter value
corresponding approximately to the peritectic composition.

For steels A, B, C and P, tensile specimens with shouldered ends were
machined from the rolled plates, with the longitudinal axis parallel to the
rolling direction (Fig. 3.1-a). In the case of the as-cast grade S, sections were cut
out from the slab, as shown in Fig. 3.1-b, from which specimens were machined
with their axes parallel to the casting direction. The shape and dimensions of
the specimens used in this work are given in Fig 3.1-¢c. The dimensions do not
rigidly follow the conventional standards for tensile specimens [97], and in the
hot ductility literature the specimen size varies greatly. Typically, diameters
from 5 to 10 mm and gauge lengths from 20 mm to 120 mm have been used.
Thus, the dimensions adopted here were based on the constraints of accuracy of
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reduction of area measurements and limitations in the tensile testing machine
and heating system configuration.

3.2. EXPERIMENTAL EQUIPMENT
3.2.1. Servohydraulic Tensite Test Apparatus

The experimental apparatus, which includes an MTS testing machine,
Centorr furnace, PDP 11/04 computer, Tektronix terminal and hard copy device
is shown in Fig. 3.2. The high temperature tensile tests were performed on a
100 KN closed loop MTS servohydraulic mechanical testing apparatus. In the
temperature range 800-1300°C, load measurements were performed using a 453
kg (1000 1b) capacity load cell; above 1400°C a 113.5 kg (250 Ib) capacity load
cell was used. Machine control and data acquisition were achieved using a PDP-
11/04 computer via a 433 processor interface unit. Thrcugh computer control,
deformation at constant true strain rate was possible in the region of uniform
elongation i.e. up to the onset of necking.

A program written in MTS RT 11 basic language, created for compression
testing [98], was modified for tensile experiments. After the end of each
experiment the load and actuator displacement information was recorded on
floppy disk and converted into true stress-strain curves. The tensile flow curves
were analysed to determine the maximum true stress and the occurrence of
dynamic recrystallization. The programs for testing, data acquisition, data
analysis and flow curve plotting are given in appendices I, II and IIi,
respectively.

The final diameter of the fractured sample was measured with an
accuracy of .1 mm using a projection microscope. The reduction of area (RA)

at fracture was defined in the following way:

RA=100(1 —D;"/Dg) (%) (3.1)

Where Dy and Drare the initial diameter and diameter at fracture, respectively.
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Fig.3.2: View of the tensile testing system: (A) Furnace
and vacuum system. (B) Heating and vacuum
console. {C) Computer PDP 11 (D) Tektronix
4010 console.
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3.2.2. Tensile Grip Design

From the literature, two alloys were selected that met the requirements of
high strength and creep resistance at very high temperatures (above 1400°C):
TZM and tungsten [99,100]. TZM, a molybdenum based alloy containing akout
0.5 wt% Ti and 0.08 wt% Zr alloy (hence the initials TZM), that can be used up to
1600°C in vacuum or in an inert atmosphere, was chosen over W because of
much better machinability and lower cost. However, at 20% Mo, the iron-
molybdenum phase diagram displays an eutectic, with a melting point of 1450°C
[101]. If the sample is in direct contact with the grips at a high temperatures,
significant iron-molybdenum interdiffusion could take place at the sample-grip
interface, and the eutectic composition may be attained. To avoid this
possibility, both the grips and the specimen shoulders were covered with a layer
of very pure (99.999%) alumina powder. For experiments of increased duration,
the use of an alumina ring between grip and sample may be a better alternative.

The tensile grip design is shown in Fig. 3.3 and the grip/specimen
configuration is displayed in Fig. 3.4.

3.3.3. Vacuum Furnace

The tests were performed in a Centorr M60 vacuum furnace (Fig. 3.5),
which, under ideal conditions, can reach temperatures up to 1650°C. The
heating elements are made of tungsten mesh and are surrounded by several
layers of molybdenum shields, which insure thermal protection of the water
cooled chamber walls and efficient specimen heating. Tests were carried out in
a vacuum which was typically around 6x10-5 Torr. Compared to the heating
systems mentioned in the literature review, the Centorr M60 furnace exhibits a
very low thermal gradient (which decreases with increasing temperature), i.e.
*5°C over a 75 mm heat zone length. Since the specimen length is 46 mm, a
very low thermal gradient in the specimen can be expected.

Tt |
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Fig. 3.4: Specimen gripping configuration.



Fig.3.5: Internal view of the heating chamber: (A)
Specimen. (B) Grips. (C) Heating elements
(tungsten mesh). (D) Molybdenum shields.
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Although the testing configuration used in this study did not permit local
melting of the sample, the mechanical properties of the material could be
determined at a uniform and precisely controlled temperature. The
temperature measurement was made by contacting two thermocouples on the
specimen surface at the middle of the gauge length. The error in the
temperature measurement, which has been estimated to be *5°C, includes
several factors: (i) non-ideal furnace operating conditions, leading to a higher

thermal gradient, (ii) deferiorating contact between the surface of the sample
and the thermocouple during testing.

Temperature measurements above 1350°C were initially performed with
Pt/Pt-10%Rh (S type) or P/Pt-13% Rh (R type) thermocouples. However, it
became apparent that these thermocouples deteriorated after several tests
above 1400°C in vacuum. This could be attributed to Pt or Rh sublimation in
vacuum, which led to a change in the characteristics of the thermal junction.
Thus, in this work, W/W-5%Rh (C type) thermocouples were subsequently
employed, since these remain stable at high temperatures in vacuum.

3.4 TENSILE TESTING CONDITIONS AND PROCEDURE

As mentioned at the beginning of this chapter, hot ductility
investigations were performed in the two temperature domains corresponding

to the two zones of poor ductility observed in steels with high manganese-sulfur
ratios:

- ZoneT; between 1400°C and the zero ductility temperature.
- Zone IIT; between 800 and 1300°C.

Although no hot ductility problems were expected to arise from (Mn-Fe)S
precipitation (zone II) because of the high Mn:S ratios, the investigated zone III
temperature range was extended up to 1300°C. Usually, zone III is only
considered to occur between 800 and 1100°C. However, early experiments
indicated, that in some cases, the ductility trough was not completely recovered
at 1100°C. The zone Il investigation was thus extended tc 1300°C.
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Three strain rates, 102, 10 and, 2x104s’!, were used to examine the
tensile behavior in zone I. As noted earlier, strain rate variations do not affect
the zero ductility temperature. In this work, interest was generally centred on
the influence of strain rate variations on strength. Here, because the test
temperatures were above 1400°C, no sensitization (i.e. prior heat treatment)
was necessary. In other words, the specimens were heated directly to test
temperature, held for 5 min. and then deformed (Fig. 3.6-a).

For zone III, the following heat treatments were used (Figs. 3.6-a, b,
and c¢):

a) Direct heating; heat from room temperature to test temperature; 10
min. hold at test temperature prior to deformation to fracture.

b) Annealing; heat up to 1330°C; 10 min hold; furnace cool to test
temperature; hold 3 min and then deformation to fracture.

¢) Sensitization; heat up to 1480°C; 5 min hold (higher temperature
requires shorter time for equilibration); furnace cool to test
temperature; 3 min hold and then deformation to fracture.

For all tests, the rate of heating was between 60 and 80°C/min. In the
case of the annealing and sensitizing treatments, the cooling pattefns from the
reheat to the test temperatures are given in Fig. 3.7. After fracture, the
specimens were cooled to ambient temperature in 15 min using helium to
increase the cooling rate (therefore increasing the rate of testing). For the direct
and sensitizing treatments, deformation was carried out under the strain rates
used for zone I. This range of strain rates largely encompasses those used in the
majority of the published hot ductility/continuous casting data. However, any
effects of chemistry and heat treatment were generally emphasized with
decreasing the strain rate. Thus, in the case of the annealing treatment, only
the lowest strain rate was employed.

3.5. DIFFERENTIALTHERMAL ANALYSIS

Phase transformations can influence, to a large degree, the ductility
behaviour. In zone ITI, much work has been done to correlate the y-a
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transformation with the chemical composition. Appropriate equations were
used here to define this lower temperature transformation. In this study the
various transformation temperatures in zone I were measured by using
Differential Thermal Analysis (DTA). The main advantages of this technique
over others (e.g. dilatometry) are that high temperatures can be attained, thus
the solid to liquid transformation can be readily accommodated. Although
differential thermal analysis is a widely used technique to follow
transformations (or chemical reactions) in polymers, it has been rarely used for
steels. In fact, only one such publication was found, giving phase
transformation details of low carbon steels above 1400°C [59]. Unfortunately,
no experimental or analytical details concerning DTA were presented in this
paper. Because of the lack of information regarding the application of DTA to
transformation in steel, new methods were developed in this thesis to analyse
the DTA curves. The transformation temperatures, which are of interest in
zone I, are the beginning and the end of the y-to-8 transition and, most
importantly, the solidus temperature.

3.5.1 Principle of the Technique

DTA is based on a comparison of the thermal properties of the sample,
with those of a reference substance which undergoes no chemical reaction, or
phase transformation, in the temperature range of interest. The reference and
sample are simultaneously heated ir the same furnace from room temperature
to the desired temperature at a constant heating rate (typically 10°C/min).
During heating, the sample temperature (Ts) and the temperature difference
(AT =T,-Ts) between reference and specimen are recorded. If the sample does
not undergo a reaction or a transformation over the temperature range
involved, the differential temperature curve should be a line which is parallel to
the sample temperature axis, i.e. the baseline, Fig. 3.8. Ideally AT =0, but even
a small thermal gradient in the furnace, or differences in the characteristics of
the thermocouples, will result in a shift of the baseline above or below Tr-Ts=0.
The important point is that the baseline must be parallel to the sample
temperature axis.



AT B Exothermic peak

5

- Endothermic peak

Baselines

Fig.3.8: Schematic diagram of endothermic and exothermic
DTA peaks [102].
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However, if the sample experiences a phase transformation this will be
accompanied by either a change in heat capacity, or an endothermic or
exothermic reaction. In either case, the reference temperature will continue to
rise at the programmed rate, while the sample temperature will increase at a
different rate. On the AT versus T curve, this is revealed as a discontinuity or
peak. For a pure substance, the phase transition takes place at a single
temperature, and therefore appears on the curve as a spike. In steels, however,
phase transitions generally occur over a temperature range and this, together
with a slow heating rate, leads to a broad peak. On completion of the reaction,

the temperature of the sample should rapidly change, so that the baseline AT is
re-established.

In practice, DTA curves are difficult to analyse. One of the most common
problems is defining the point at which a deviation from the baseline occurs, i.e.
the temperature of the onset of the phase transformation. This temperature is
not always clear, especially when the transformation occurs over a significant
temperature range. When the reaction is endothermic or exothermic the DTA
peak displays a shape as illustrated in Fig. 3.8, and the transformation start
temperature (G), is usually defined by the intersection of the tangent BG, drawn
at the point of greatest slope, with the extrapolated base line AG [102]. For the
steels under investigation, however, the application of this technique to
determine the solidus temperatures gives unrealistic results. However, for all
the steels but grade C, closer examination of this peak (Fig. 3.9) reveals two
curves. The solidus temperature determined using the initial maximum slope

A'G' gives a temperature which is very close to the observed point of deviation
from the baseline.

An endothermic (or exothermic) reaction leading to DTA curves, such as
is illustrated in Fig. 3.9, is observed only for phase change involving relatively
high enthalpy changes e.g. solid-liquid transformations. However, for solid-
solid transformations, enthalpy changes are small and two other types of DTA
behaviour can be identified. In Fig. 3.10-a, the two phases have different heat
capacities, but negligible heat is involved i.. the reaction, thus the discontinuity
is solely due to the change in heat capacity. In this case, the beginning of the
transformation is determined as shown in the Fig. 3.10-a [102,103] and the end
is assumed to be attained when the differential temperature reaches another
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Fig.3.9: Typical DTA peak associated with the solid to
liquid transformation in the steels used in this
work. The solidus temperature is taken to be the
point at which the baseline and the ‘initial’
maximum slope, A'G’, intersect.
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capacity and small exothermic reaction [102,103].
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‘baseline’. This construction is used because it gives the most consistent results.
When the transition involves a small endothermic or exothermic reaction, as
well as a change in heat capacity, the former appears as a small peak
superimposed on the baseline drift (Fig. 3.10-b). This type of curve can be
analyzed by both techniques, i.e. assuming that either heat capacity or enthalpy
dominates. The end of the transformation is still assumed to be where the new
baseline begins.

3.5.3 DTA Equipment

The differential thermal analyser used for this investigation, which was
developed by the Setaram Company, is schematically presented in Fig. 3.11.
The sample and reference material holders (AlagO3 crucibles) are suspended in a
furnace which has a very small thermal gradient. The reference material is
platinum, The heating cycle is accurately followed by an RT 3000 controller and
the apparatus is computer interfaced to allow data acquisition.

To avoid oxidation, all the measurements were carried out in argon using
a flow rate of 50 cm3/min. The furnace temperature was first rapidly increased
from room temperature to 1200°C, at which point the heating rate was
stabilized at 10°C/min up to 1600°C, thus completely melting the steels. This is
a typical heating cycle for DTA. experiments.

3.6.FRACTOGRAPHY

After rupture, selected fracture surfaces obtained were examined under a
JEOL type T300 scanning electron microscope, using an accelerating voltage of
25 kV. In order to improve resolution, some of the fracture surfaces were
plasma coated with a goid layer. The identification of the fracture mode (brittle,
ductile) was identified from these. The grain size could be inferred from surface
observations.
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3.7. METALLOGRAPHY

The effect of reheat temperature on prior austenite grain size was
determined for all the steels by metallography. Cylindrical specimens, 10 mm
long and 6 mm in diameter, were austenitized in an argon atmosphere or a
vacuum, at temperatures between 900 and 1330°C for 10 min, then rapidly
quenched in a water plus ice bath to form martensite. The prior austenite grain
boundaries were then revealed by etching the martensite in the following
manner [L04]:

(i)  The specimens were heat treated at 235°C for 15 min to temper the

martensite in order to improve delineation of the prior austenite
grain boundaries.

(ii) They were then sectioned, mounted in bakelite and polished in the

usual way from 180 to 600 grit silicon carbide, through to 6 and
lum diamond paste.

(iii) Etching was performed by immersion in hot (70-80°C) saturated
aqueous picric acid solution, containing some drops of a wetting
agent, sodium tricyclobenzene sulfonate (Teepol 601).

The mean grain boundary diameter was measured by the ‘three circles’
method of Hilliard [105] where the number of grain boundary intersections with
the circumferences of three concentric circles, having a total circamferential
length of 500 mm, is counted. The magnification selected is such that the
number of intersections must be between 75 and 150.

Sections of fractured samples exhibiting low ductility were also examined
for selected specimens. Some fractured halves were sectioned longitudinally
with a slow diamond cut-off wheel. This was then mounted in bakelite and
polished using the previously described procedure. The specimens were
observed under an optical microscope without prior etching in order to observe
crack formation just below the fracture surface.
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3.8 AUGERELECTRON SPECTROSCOPY

Auger electron spectroscopy (AES) is a commonly used surface sensitive
analytical technique [106], which is capable of providing the elemental
composition of a surface layer of a solid. In this work, AES was used to examine
the elemental composition of the fracture surface of a sample deformed in
temperature zone I.

Auger electrons are produced when an incident radiation (an electron
beam, in this case) interacts with an inner shell of an atom of the sample,
resulting in the ejection of an electron, and thus leaving the atom in an excited
state with a vacancy in the electron shell (Fig, 3.12-a), De-excitation occurs by
the emission of the so called Auger electron (Fig.3.12-b). The kinetic energy
(BEgg) of the ejected Auger electron (Figs. 3.12) is given by the following
equation:

=EK—2EKL2 a_q; . (3.2)

Ee
Where Eg is the energy of the K level, EKL2.3 is the energy difference
between levels K and Lg 3, and ¢, the work function of the sample, represents
the kinetic energy lost by the electron in escaping out of the sample surface into
the vacuum. Thus, the energy of an Auger electron peak is characteristic of a
specific atom, and because of the low energy of these electrons, they are only
emitted from the surface. In the energy range of interest (50 to 2500 eV) the
electron escape depth is from one to ten monolsyers.

An Auger electron spectroscopy system (Fig. 3.13) consists of an
ultrahigh vacuumn system, an electron gun for specimen excitation, and an
energy analyzer for detection of Auger electron peaks in the total secondary
electron energy distribution [107,108]. Experiments are normally performed in
a high vacuum of 2x10-8 Torr, but in this case a micro-leak in the apparatus
lowered the vacuum to 7x10-8 Torr and led to contamination of the sample
surface with nitrogen and oxygen. This does not make a difference in terms of
detection, but can play a role in the calculation of the atomic composition of the
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surface. However, the relative error for Auger measurement is typically 20%
[109). Therefore, the errors involved with this contamination are relatively
unimportant.

The accelerating voltage of the electron beam was 5keV and the beam
current intensity was 5x10-8 A, All AES systems are coupled with an ion
(generally argon) gun which sputters the sample surface. This cleans the
specimen surface as well as enabling the variation of chemical composition with
depth to be determined.

A tensile specimen of steel C was fractured in a brittle manner by holding
at 1485°C for 5 min and then deforming to fracture at a strain rate of 102%™,
The specimen was then cooled to room temperature in the furnace at the
average rate of 115°C/min (Fig. 3.7). AES examination was performed on the
fracture surface for different sputtering times (up to 69 min.) in order to assess
the grain boundary segregation of sulfur, phosphorus and carbon,
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CHAPTER 4

EXPERIMENTAL RESULTS

The general objective of this study was to investigate the combined effect
of carbon and microalloying elements on the hot duectility and strength of steel
in the temperature range 800°C-solidus. In particular, the work was centered
around the following aspects of hot ductility:

1) The influence of carbon level in the range 0.07-0.14 wt% on the hot
strength and ductility of Nb-Ti bearing steels in the temperature
range 800-1300°C.

2) The effect of the combined addition of Nb-Ti and V-Ni-Cr on the
hot strength and ductility of C-Mn Al-killed steels.

3) The influence of carbon and microalloying elements on the
occurrence of hot tearing (i.e. zone I) and, the correlation of the
results with y-8-L transformations :

4) The effects of temperature, strain rate, chemical composition and
prior heat treatment on strength,

As mentioned previously, many aspects of hot ductility depend on the
phase transformation during testing. The results section thus begins with
analysis of the phase transformation behaviour of the steels investigated.

4.1. PHASE TRANSFORMATION IN STEELS

On heating from room temperature, in low carbon steels, three phase
transitions are expected to occur; a—y, y—8, and 6—»L. Each transformation is
characterised by the temperatures of the beginning and end of the
transformation. The temperatures of the onset and the end of the a—y
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transitions were calculated from the formulae derived by Andrews [110]. For
the y»8 and 6—L transitions, the temperatures were obtained from DTA
measurements.

4,1.1. Austenite-to-Ferrite Transformation

The temperatures for the onset (Aci) and end (Acg) of the a—y
transformation on heating are calculated from the equations 4.1 and 4.2,
respectively [110]:

Ac, (C)=T723-10.7Mn—16.9Ni+29.5i+16.9Cr+290As+6.38W (4.1)

Ac3(°C)=9104203\/c-15.2Ni+44.73i+104V+31.5Ma+13.1w
—~(30Mn+11Cr+20Cu—T00P-400A[—-120As-400TD)

(4.2)

The concentration of the alloying elements is expressed in wt%. These
equations were used to calculate Acy and Acj of steels P, A, B, C and S. The
results of the calculation are given in Table 4.1. The equilibrium temperature
(Aej) for the onset of the a—y transformation is also given by equation 4.1 [110],
whereas the equilibrium temperature for the end of the a—y (Ae3) can be
calculated (for carbon levels between 0 and 0.2 wt%) from the following equation
[110]:

Aea (CC)=913 -(B.2+400{(C+Nif10)+608i+100V +60Mo+40W
—25Mr—11Cr—-20Cu+700P -250A1—-120As5—400Ti

(4.3)

The results of the calculation are reported in Table 4.1

4.1.2. Differential Thermal Analysis

The change in differential temperature associated with the solid-liquid
transformation is far greater than those of the solid-solid transitions, as can be
seen in Fig. 4.1 (representative of steels P, A, B and, S) and Fig. 4.2 (steel C).
Thus, all the transformation temperatures were obtained using the magnified
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curves of Figs.4.3 to 4.7 corresponding to steels P, A, B, C and S, respectively.

Table 4.1
Calculated values of Ac; and Aea.
Steel Ac%%?el Ac3 (°C) Ae3 (°C)
P 718.5 842.5 867
A 715 848 855.5
B 715 838 844
C 715 826 828
S 720.5 856 847.5

These curves have been interpreted with the rules established in the section
3.5.2 and with the help of the Fe-C binary diagram [111] (Fig. 4.8). However,
because of the many other additions to the steels used in this investigation, Fig.
4.8 can not be used to directly define the phase transformation temperatures.

It has been mentioned above that at high temperatures, in the proximity
of the melting point, two phase transitions are observed, (i) y»8 and (ii) §»L,
characterised by four temperatures which define the beginning and the end of
these transformations. For the present DTA study, only three temperatures are
of interest, namely the beginning and the end of the y/6 transformation and,
most importantly, the solidus temperature. On each graph, for all the grades
but C, these temperatures are referred to as A, B and C respectively. For steel
C, transformation A corresponds to the beginning of the transition y-8, and B to
the onset of melting. The results of the analysis are summarized in Table 4.2,
and described in more detail below.

Steel P (Fig. 4.3):

The onset of the y-»3 transformation (A) is accompanied by a change in
heat capacity and a small enthalpy change. As can be seen in Fig. 4.3, the onset
of the transformation was determined by the intersection of the slope with the
extrapolated baseline (i.e. enthalpyis dominant, Fig.3.8) and by the method
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described in Fig. 3.10-b (i.e. heat capacity change is dominant). The
temperatures evaluated from these two techniques differ by only 2°C. Thus, the
onset of the y -8 transformation can be precisely defined as 1456 £ 1°C. The end
of the transition, i.e. y+8-8, at point B, is determined by the end of the
endothermic peak, i.e. the intersection of the new baseline with the slope of the
increasing curve.

After point B, the new baseline persists through 10°C. At this point the
differential temperature starts to increase somewhat up to point C, where it
then rapidly decreases, coinciding with the onset of melting. The change in
concavity is clearly seen, thus allowing the solidus temperature to be
determined using the initial mazimum slope, as demonstrated in Fig. 3.9. The
baseline drift from B to C suggests a transformation, but cannot be satisfactorily
explained on this basis. It does not coincide with grain boundary melting, which
is an endothermic reaction, nor does it coincide with any known phase
transformation.

Steel A (Fig. 4.4)

The y-»38 transformation appears on the curve as a baseline drift,
corresponding to a change in heat capacity, only. The onset of the
transformation (point A) was thus determined as in Fig. 3.10-a. The end of the
transformation was taken to be at the start of the new baseline (B). However,
during the transformation, (between temperatures A and B), a short (5°C)
plateau appears. Although this plateau indicates the end of a transformation, it
is not significant enough to be the single phase 8§ region. An alternative
hypothesis is that the y+35 region over this temperature range posesses a

constant heat capacity. This is a possibility, but cannot be easily confirmed in
this study.

Between points B and C, the differential temperature remains constant
over 25°C, corresponding to the 6 region. Point C, the solidus temperature, is
determined in the usual manner.

Steel B (Fig. 4.5)

The DTA spectrum is similar to the ones obtained for steel P. The same
analysis has therefore been applied to define the characteristic temperatures.




Table 4.2
Transition temperatures of the five steels and corresponding
phase transtormation.
STEEL A B C
Temperature | 145641 | 14735 | 1500
STEELP
Transformation | Y~Y18 | Y188 | 8-5+L
Teml(’%?ture 1455 1469 1500
STEEL A
Transfor-ation | Y7Y+8 | Y+828 | 8-8+L
Temperature
STEEL B C) 1455+92 | 14755 1500
Transformation | y-»y+8 | y+8-8 | 6-6+L
TemF(’Sé‘§lt“re 1469.5+ | 14975 | 1509+5
1.5
STEELC -y+8 |y+8-y+ | y+8+L
Transformation §+L >8+L
Teml()%?ture 146%.5 s 14858 + 1503.5
STEEL S
Transformation Yoy +8 | y+8-8 | §-8+L
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Steel C (Fig. 4.6)

Of the five steels investigated, the DTA curve for steel C most clearly
reveals the various phase transformations. Temperatures of the transitions at
A and B have been determined with the help of Figs. 3.10-a and b, and 3.8,
respectively. The phase diagram shown in Fig. 4.8 suggests that this carhon
level (0.14 wt%) corresponds to a composition which is on the left side of the
peritectic composition (0.16 wt%) , indicating that temperature A corresponds to
the y»y+0 reaction. This is confirmed by the low heat of reaction at this point
which indicates a solid-solid transformation. As will be seen later, the presence
of a duplex structure at high temperatures can be also inferred from the
fractographic observations.
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The first transformation A (y-8+y) is followed by transformation B
which corresponds to the reaction §+y->8+y+L. The plateau observed after
this peak suggests that the relative fractions of 8 and vy, in this temperature

range, do not change greatly. It cannot, however, correspond to a single phase §
region, according to the phase diagram of Fig. 4.8.

The §+y+L-8+L transformation start is probably somewhat masked
by B, but was assumed to correspond to the temperature at C, as shown in Fig.
4.6. The precise definition of this temperature is not of any great consequence,
since it occurs after the solidus. Note that in contrast to the other grades, steel
C apparently does not exhibit a temperature region where only the 8 phase
exists.

Steel S (Fig. 4.7)

The DTA graph of steel S is similar to those obtained for steels P and B
and has been interpreted in the same way.

From the results presented in Table 4.2, it can be seen that the solidus
temperatures are virtually the same. An increase the carbon content from 0.07
to 0.10 wt% (steels A and B) has a negligible effect on the transformation
temperatures. However, a further increase of the carbon content to 0.14 wt%
(steel C) causes an increase of the y -8 start temperature (15°C).

The addition of Nb and Ti (steel A) to the C-Mn-Al steel (steel P) slightly
decreases the temperature corresponding to end of the y-8 transformation, but
otherwise has no influence. Finally the addition of Ni-Cr and V to steel A (steel
S) along with a lower sulfur level, leads to a 5°C and 19°C of increase in the
temperatures of the beginning and end, respectively, of the y-8 transformation.

4.2. HOT TENSILE TESTING RESULTS

The tensile testing results constitute the core of the experimental
investigation. In this section the results are of course divided in two parts: (i)
800-1300°C (zone III), (ii) 1400°C-solidus (zone I).

53 |
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4.2.1 Temperature Range 800-1300°C
4.2.1.1 Typicaltensile flow curves

At high temperatures, steels deformed in tension exhibit different flow
curve behaviours depending on the temperature, strain rate, prior heat
treatment and chemical composition. Schematic diagrams of the types of flow
curves observed in this work are shown in Fig. 4.9. All curves display a region
of elastic deformation, followed by uniform plastic deformation, where the rate
of stress increase diminishes with strain. For all the curves, the deformation
ends by localization of the deformation (necking) and fracture. Two types of flow
behaviour can be identified: (i) curves showing no stress oscillations (curves a
and b), and (ii) those with one or more stress oscillations (curves ¢ and d). Such
behaviour can be correlated with the absence and presence of dynamic
recrystallisation, respectively [112]. Two variants of each type can be defined:

Type (i) variants: Uniform plastic deformation is followed either by a
peak (onset of necking), as displayed in curve (a), or by a quasi-plateau
as shown in curve (b). The quasi plateau corresponds to the case
where dynamic recovery takes place over an extensive strain range.

Type (ii) variants: As was indicated above, after uniform plastic
deformation, the peal stress is followed by one {curve (d)) or more
(curve (c)) stress oscillations. The oscillations correspond to cycles of
dynamic recrystallization. One stress oscillation is associated with
grain refinement, whereas several oscillations corresponds to grain
coarsening [113].

The type of curve was generally not altered by the changes in strain rate
that were used in this investigation. The C-Mn-Al steel (P) was an exception
when tested at 900°C after direct heating, where a strain rate increase from
2x10-4s-1 to 10-3 or 10-2 s-1 led to a change from type (i) to (ii).

Before considering the specific effects of temperature, strain rate, heat
treatment and chemical composition, it should be noted that the flow curves
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reproduced in this thesis are in the form of true-stress-strain curves, and show
the complete deformation behaviour up to and including fracture. However,
these curves are only valid up to the onset of necking or plastic instability., The
flow behaviour of the specimens beyond this strain is included in all the curves
shown in this thesis, but without correction for necking. This latter part of the
curve has no fundamental meaning. However, some workers have adopted such
presentation to illustrate the flow behaviour, and it is used here to enable
comparisons with results in the literature to be made [34].

For high temperature testing, an accurate measure of the strain which
corresponds to the onset of necking is difficult to ascertain. However, an
approximate value can be obtained by assuming that the diameter outside the
necked region of the fractured specimen corresponds to the start of plastic
instability. On each curve, this estimated value of the strain at the onset of
necking is indicated by an arrow. For type (i) curves showing a peak stress, the
strain at the peak coincides with the onset of necking. Where a plateau is
observed, the strain at instability appears to occur just after the peak stress.
However, because of the plateau region, the exact strain at which the peak
stress occurs is difficult to define. Finally for curves exhibiting dynamic
recrystallization (type (ii)), it is clear that that the strain at the maximum stress
does not correpond to the onset of necking.

The effects of the deformation variables of temperature and strain rate
are described below. The curves shown are those pertaining to steel B, but the
trends are the same for all the steels.

Temperature
Increasing the test temperature (Figs. 4.10 and 11):
(i) decreases the maximum stress
(ii)increases the tendency for dynamic recrystallization.

Comparing the effect of temperature on directly heated and sensitized
specimens, it can be seen that the sensitized specimens (Fig. 4.11) display
greater maximum flow stresses and require much higher temperatures for
dynamic recrystallization to occur. The effect of the annealing treatment is not
illustrated but is similar to that of sensitization.
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Strain rate .

The influence of strain rate on the flow curves is displayed for the two
types of curves, i.e. (i) corresponding to low ductility and the absence of dynamic
recrystallization, (Figs. 4.12 and 4.13) and, (ii) where high ductility and
dynamic recrystallization are exhibited (Figs. 4.14 and 4.15). In general, a
decrease in strain rate leads to decreases in:

(i)  the maximum stress

(ii)  the strain to the onset of dynamic recrystallization (in the case
of type (ii) curves)

(iii) the fracture strain.

This general behavior is seen for both directly heated and sensitized
specimens. However, for type (i) curves, the effect of strain rate on fracture
strain is much greater for the sensitized specimens (i.e., those curves exhibiting
peak stress rather than plateau behaviour), especially when decreasing from
0.01 to 0.001 s-1. In fact for steel B, in the directly heated condition, there
appears to be no effect of decreasing the strain rate from 0.01 to 0.001 s-1, (Fig.
4,12) whereas, for the sensitized specimen, the fracture strain decreases from
0.47 to 0.3 (Fig. 4.13). '

Heat treatment

The effect of prior heat treatment can be generalised on the basis of the
occurrence of dynamic recrystallization. Annealed and sensitized specimens
exhibit dynamic recrystallization only at very high test temperatures, whereas
such behaviour is observed at much lower temperatures in the case of direct
heating. After direct heating, dynamic recrystallization is observed at 1000°C
for grades P, A, B and C and at 1100°C for steel S. Annealing reduces the
temperature (900°C) at which dynamic recrystallization is observed for steel P,
but increases it to 1100°C for the other steels. After sensitizing, dynamic
recrystallization occurs between 1100 and 1200°C for the microalloyed steels
and at 900°C for steel P. Note that for steels A, B and C the ductility is high at
1000°C, but without the appearance of dynamic recrystallization.

Furthermore, in all steels except P, the annealing and sensitizing
treatments produce a high rate of work hardening, leading to a relatively high
maximum flow stress, whereas the direct heating (Fig. 4.16) treatment
produced a quasi plateau behaviour, in the temperature range 800-10600°C, (in
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the absence of dynamic recrystallization). For steel P, the maxzimum flow stress
differential between direct heating and annealing or sensitizing is much
smaller.

Increasing the carbon level

The influence of increasing the carbon level from 0.07(steel A) to 0.10 wt
% (steel B) on the flow behaviour of type (i) curves, which exhibit low ductility is
shown in Figs. 4.17 and 4.18 corresponding to the direct heating and sensitizing
heat treatments, respectively. After direct heating, increasing the carbon
content from 0.07 to 0.1 wt% significantly diminishes the fracture strain and the
maximum flow stress. However, a further C increase to 0.14 wt% does not
change the flow behaviour at all. In the case of sensitization changing the
carbon content does not affect the flow curve shape. Finally, it is note worthy |
that for a given heat treatment, the carbon content does not affect the
temperature at which dynamic recrystallization is first observed. Dynamic
recrystallization is detected at 1000°C and 1200°C following direct heating and
sensitizing treatments, respectively.

Microalloying additions

The effect of microalloying additions on type (i) curves is shown in Figs.
4.19 and 4.20, corresponding to direct heating and sensitizing treatments,
respectively. In the case of direct heating, the addition of Nb and Ti (steel A) to
the C-Mn-Al steel (P), causes an increase of the maximum stress and fracture
strain. The addition of Ni and Cr (steel S) to Nb-Ti steels appears to further
increase the maximum stress, but diminishes the fracture strain and changes
the shape from plateau to peak behaviour.

The influence of microalloying additions in the case of the sensitizing
treatment is somewhat different. The addition of Nb and Ti to plain carbon
steels doubles the maximum flow stress, but drastically reduces the fracture
strain, The addition of Ni and Cr further decreases the fracture strain and
increases the maximum flow stress, but only to a small degree. For type (ii)
curves, i.e. at high deformation temperatures, in general there is no marked
effect of microalloying additions observed for either heat treatments. One
general observation that can be made, however, is that, after the direct heat
treatment, steel P exhibits the lowest maximum flow stress compared to steels
A or S (see section 4.2.1.5).
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4.2.1.2 Hot ductility-temperature curves

Typical reduction of area (RA) vs temperature curves illustrating the
effect of strain rate are shown in Fig. 4.21. On the hot ductility curves shown in
this section, unless specified otherwise, the reduction of area refers to the
reduction of area at fracture, and the arrows indicate the lowest temperature at
which dynamic recrystallization takes place (i.e. when one or more stress
oscillations are seen).

The width and depth of the ductility trough depend strongly on the
chemical composition and thermal history of the material, as described in detail
in the following sections. However, some general observations can be made
regarding the hot ductility curves.

Decreasing the strain rate broadens and deepens the ductility trough, but
does not change the ductility minimum. In the following sections, because the
lowest strain rate (2x10*s!) shows the most marked effect and is most closely

related to the continuous casting process, only the results pertaining to this
strain rate are presented.

Finally, it is interesting to note that dynamic recrystallization is always
associated with a good ductility (i.e. RA>60%) but, as will be seen, dynamic
recrystallization is not an absolute prerequisite for good ductility. At
temperatures lower than the ductility minimum, dynamic recrystailization is
not observed. However, the RA can be as high as 70%, e.g. in the case of direct
heating at 800°C.

4,2,.1.3 Influence of heat treatment on the hot ductility-temperature
curves

The effect of the prior heat treatment on the hot ductility behaviour
depends, to some extent, on the steel chemistry. In steel P, (Fig. 4.22) the
pronounced ductility trough at 900°C observed for the directly heated specimens
is not seen for the annealed or sensitized specimens. Itis almost certain that
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these latter treatments have shifted the trough to lower temperatures, i.e.
between 700 and 850°C [114]. By contrast, for the Nb-Ti steels, (grades A, B,
and C) increasing the heat treatment temperature (i.e. going from direct
heating, through annealing to sensitizing) generally widens and deepens the
trough (Figs 4.23 to 4.25). However, note that the width of the trough never
extends fo temperatures greater than 1000°C for annealed specimens. For the
other two heat treatments, the high temperature side of the trough is 1100°C,

except for the high carbon steel (C), where this temperature, in the sensitized
condition, is 1200°C (Fig. 4.25).

Steel S (Fig. 4.26) shows a different behavior compared to the Nb-Ti steels
after annealing, in that the ductility is observed to be higher than for the
directly heated conditions. Sensitizing still leads to the deepest and widest
trough, however.

42,14 Influence of the carbon content on the ductility behaviour of
Nb-Ti steels

After direct heating, an increase of the carbon level from 0.07 to 0.10 wt%
leads to a slight decrease of the ductility minimum and a small broadening of

the trough (Fig. 4.27). There is no difference between the 0.10 and 0.14 wt%
grades.

In the case of the annealing treatment, an increase of the carbon content
to either 0.10 or 0.14 wt% more strongly deepens and broadens the trough
compared to direct heating. The widening of the trough is somewhat greater for
the 0.10 wt% C steel (Fig. 4.28).

The width and depth of the trough are considerably bigger for specimens
subjected to the sensitizing treatment (Fig. 4.29). Increasing the C content from
0.07 to 0.10 wt% does not significantly affect the ductility minimum, but widens
the trough (Fig. 4.29). The 0.14 wt% C steel exhibits a much wider and deeper
trough than the steels with the lower C concentrations,
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The effect of carbon on ductility is thus strongly dependent on the thermal
history of the specimen. Essentially, a direct heating treatment does not reveal
any great influence of C, but sensitization reveals a strong and adverse effect of
increasing the carbon content.

4.2.1.5 Influence of microalloying elements on hot ductility

Direct heating leads to a well defined ductility trough between 800 and
1100°C with a minimum at 900°C for the plain C-Mn steel (Fig. 4.30). The
addition of Nb-Ti (steel A) improves the ductility minimum from a reduction of
area of 37.5 to 62.5 %, but does not change the width or the temperature of the
trough. The addition of Ni-Cr-V (steel S) does not further affect the hot ductility
behaviour.

After annealing (Fig. 4.31), the plain C-Mn steel shows no ductility
trough in the test temperature range examined. The addition of Nb and Ti
(steel A) leads to a decrease in ductility between 900 and 1000°C. The presence
of Ni, Cr and/or or V in steel S improves the ductility of the Nb-Ti from 56 to
83% at 900°C and 73 to 84% at 800°C.

The behaviour of these steels after sensitizing is similar to the annealing
treatment in that no ductility trough is seen in steel P, and the addition of Nb
and Ti reveals a trough (Fig. 4.32). However, the trough is much deeper and
wider compared to the annealed case. Moreover, the effect of the Ni-Cr-V
addition to the Nb-Ti steel differs considerably from the annealed specimens in
that the minimum ductility is not strongly improved and the temperature of the
trough is shifted tc a much lower value.

As in the case of carbon concentration, the influence of microalloying
elements on hot ductility is strongly dependent on thermal history. The main
point to note is that after direct heating, steel P, which contains the lowest
amount of microalloying elements, displays the lowest ductility of the three
grades, whereas, after annealing or sensitizing, the ductility of this steel is the
highest in the temperature range investigated. In other words, the addition of
Nb-Ti is adverse in the case of the annealing and sensitizing, but beneficial after
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direct heating. The further addition of Ni-Cr-V is beneficial in the annealed
case but only moves the trough to lower temperatures after sensitization. Only
a slight effect of this addition is observed in the directly heated specimens.

4.2.1.6 Hot strength-temperature curves

Typical maximum stress vs temperature curves after direct heating and
sensitizing treatments are displayed in Figs. 4.33 and 4.34, respectively. On
each graph the influence of strain rafe is also shown. As expected, the
maximum stress increases with decreasing temperature and increasing strain
rate. Note also that following direct heating, at the lowest strain rate, the rate
of stress increase diminishes from 900°C to 800°C and can be equal to or lower
than the stress at 900°C (Fig. 4.33).

There is little effect of heat treatment on the maximum stress at the
lowest strain rate for steel P (Fig. 4.35), although, at 800°C, the maximum stress
is slightly higher after direct heating than after sensitizing. In steels A, B, and
C, (Figs. 4.36-4.38), above about 1000°C, the maximum stress is only weakly
dependent on the heat treatment. Below this temperature, however, increasing
the temperature of prior annealing (i.e. going from direct heating to sensitizing)
leads to a higher flow stress increase with temperature for the annealed and
sensitized specimens. From 900°C to 800°C, the rate of flow stress increase is
maintained for the sensitized specimen, but decreases in the annealed case. For
steel S (Fig. 4.39), heat treatment has no effect except at 800°C where the
maximum stress decreases after the direct heating and annealing treatments,
but continues to rise in the sensitized condition.

The influence of carbon on the hot strength at the lowest strain rate is
shown in Figs. 4.40 and 4.41 for direct heating and sensitizing, respectively. It
appears that increasing the level of carbon results in virtually no variation of
the maximum stress, although at 800°C, after sensitizing, the maximum stress
of steel A is somewhat lower than the other two. These figures also show that
the rate of stress increase is much higher after sensitization, compared to direct
heating, which is generally true of all the steels tested, except for steel P.
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The effects of microalloying elements on hot strength at the lowest strain
rate are shown in Figs 4.42 and 4.43 for direct heating and sensitizing
treatments, respectively. After direct heating, all the steels show a continuous
increase of the stress over almost the entire temperature range. However, steel
S and, to a lesser extent, grade A, display a peak stress at 900°C. The C-Mn
steel generally exhibits the lowest stress but, apart from the values at 900°C,
the difference is quite small.

The maximum stresses are the same for the three steels above 1100°C
after the sensitizing treatment (Fig. 4.43). Below this temperature, the additien
of Nb and Ti leads to an increasingly higher maximum stress, the difference
increasing with decreasing temperature. The Ni/Cr/V addition leads to lower
the stress in the range 900-1100°C (compared to the Nb-Ti steel), but at 800°C,
the maximum stress of steel S is the highest. However, the observed differences
between steels S and A are relatively small.

4.2.2 Temperature Range 1400°C-Solidus

4.2.2.1 Typicaltensile flow curves

An example of the influence of temperature on the shape of flow curves is
displayed in Fig. 4.44. As before, the approximate strain at which necking
occurs is indicated by an arrow, Again, it is possible to classify the curves into
two categories: (i) curves showing one or more stress oscillations (i.e. dynamic
recrystallization) and (ii) those exhibiting no stress oscillations.

The effects of increasing the temperature on the flow curve behaviour are
to decrease:
(1) the maximum stress

(2) the tendency towards dynamic recrystallisation

The general influence of strain rate on the flow curve behaviour is
displayed in Fig. 4.45, it can be seen that a decreasing strain rate leads to a
decrease in:
(1) the maximum stiess




111

160 T T T T T T T T T 1
140 | Direct heating -
R Strain rate: 2x10-4/s|
120 |- -
- Steel P (Al) .
100 |-
I e e Steel A (Al-Nb-Ti) i
Max. 90 Steel S (Al-Nb-Ti-Ni-Cr-¥)

MP B
Stress (MPa) 60

40 -

20 -

0
750 850 950 1,050 1,150 1,250 1,350

Temperature (°C)

Fig.4.42:Influence of microalloying elements on the maximum true
stress versus temperature curves after direct heating.

160
[ ! ! vl Sensitization o
140 |- Strain rate: 2x10-4/s _
Y -
20 b % Steel P (Al) _
100 L e, Tt Steel A (Al-Nb-Ti) 1
I RO S Steel S (Al-Nb-Ti-Ni-Cr-V) |
Max. 80 - ' -

Stress (MPa) -
60

40 |
20 |

750 850 950 1,050 1,150 1,250 1,350

Temperature (°C)

Fig. 4.43:Influence of microalloying elements on the maximum true
stress versus temperature curves after sensitization.



{9

£

[y
5t

112

wE

l Steel B | 3

14 ‘: ' 1420 C Strain rate; U.QUI -E

¥ L 3

efp . § !
10

TRUE STRESS
(MPa) ;]
6
4
2
0
0 1 2 3 A 5 6 7 8
TRUE STRAIN

Fig. 4.44: Influenceof temperature on the flow curve behaviour, steel B.

12 ¢

liIlIlll'[“ll"IlllIll;llIIIIUTIII_'I'IVIIVTIIIIlilllll!ll'lllll"""r‘T' IIIII a
11 _. "’X SteelB , .:
ol £ %, "]

o

9L \g

TRUE STRESS
{MPa)

N W e N
YT

TRUE STRAIN
Fig. 4.45: Influence of strain rate on the tlow curve behaviour, steei B,



113

(2)  the strain to the onset of dynamic recrystallization.

4.2.2.2 Hot ductility-temperature curves

The reduction of area versus temperature curve for steel A is illustrated
in Fig. 4.46 and is representative of all the grades except steel S, for which the
curve is shown in Fig. 4.47. On these graphs the temperature zones in which the
various phases exist are also indicated. It can be seen that, in the temperature
range 1400-1460°C, ductility is very high (close to 100%) regardless of the grade.
There is no effect of the y-»>y+8 transformation. However at higher
temperatures the ductility decreases to zero over a temperature range of about
20°C. The exact temperature depending on the chemical composition. Note that
for steel S the ductility drop from 100% to 0% RA effectively occurs over a zero
temperature range. In Table 4.3 the ductility drop start (DDS), and finish
(DDE) temperatures are presented, along with the corresponding phase(s)
which is (are) present. In addition, the temperature at which the RA is 50%
(Tso%) and the temperature differences between the solidus (from DTA
measurements) and DDS (ATy) and solidus and DDE (AT5) are given. The main
observation is that the DDS and DDE both occur before liquid phase is detected
by DTA. (i.e.AT1 and AT3 are always positive).

The influence of strain rate on the reduction of area vs temperature
curves was investigated up to 1480°C for steels P and C and up to 1460°C for
steels A, B and S. As anticipated no effect was detected.

4,2.2.3 Influence of carbon on the reduction of area versus
temperature curves

Figure 4.48 shows that an increase of the carbon content reduces the
temperatures for the onset and the end of ductility drop. Nominally, the DDS
and DDE depend on the solidus temperature. However, from Table 4.3, there is
no effect of C on the solidus temperature. Thus, the difference between DDS and
solidus temperatures increases by =250% ( from 24°C to 35.5°C) when the carbon
content is increased from 0.07 wt% (steel A) to 0.14 wt% (steel C). The same
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trend is observed when considering the DDE and the solidus temperature
differential.

Table 4.3

Ductility drop start (DDS) and ductility drop end (DDE) temperatures
correlated with the phase transitions.

Solidus | DDS AT, DDE ATo | Tsoa
Stee:l (oc) (OC) (oC) Phase (oC) Phase (OC) (OC)

1500 | 1476 | 24 5 | 14925 | 6 75 | 14885
1500 | 1476 | 24 5 1496 5 4 | 14925
1500 | 1470 | 30 5 1490 8 10 | 1490

1497.5 | 1462 36 y+9o 1480 | &+y 18 | 1477.5
1503.5 | 1499 4 8 1500 8 4 1499.5

nlalw x|l

4.2.24 Influence of microalloying elements on the hot ductility curves

Comparing the results of steels P and A in Fig. 4.49 and Table 4.3, it
appears that there is no significant effect of Nb or Ti on zone I. The presence of
Ni/Cr/V and/or the lower sulfur level in steel S leads to a decrease of AT, by 75%
(Table 4.3). Furthermore, the temperature zone over which embrittlement
occurs is much reduced (from 20°C to effectively zero).

4.2.2,5 Influence of temperature and strain rate on the maximum stress

The variation of the maximum stress with temperature and strain rate is
shown in Figs. 4.50 to 4.54 for steels P, A, B, C and S respectively. On each
graph the temperature range over which the various phases are observed are
shown. As for the 800-1300°C temperature zone, the maximum stress decreases
with increasing temperature and decreasing strain rate and reaches zero at a
given temperature (Zero Strength Temperature). It can be seen that the rate of
decrease in stress is relatively low between 1400 and 1460°C, but it increases
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steeply above this temperature. This behaviour is particularly pronounced for
steel C (Fig. 4.53), where a sudden drop occurs around 1470°C.

In Table 4.4 the zero stress temperature (ZST) of each material is given
and the phases which are present are also listed. It can be seen that ZST is
higher than the DDS and DDE temperatures, more or less coinciding with the
solidus temperatures. In Table 4.5 the maximum stress at the start and finish of
embrittlement, opps and oppE repectively, are listed. Note that the specimen
is still load-bearing even at the temperature at the end of embrittlement (DDE).

4,.2.2.6. Influence of carbon level and microalloying elements on the
maximum stress

Slight differences can be seen on varying the C levels (Fig. 4.55), but no
general rule can be identified at the low strain rates of 10-3 and 2x10-4 s-1 since
the observed differences are within the load measurement error. However, at
10-2 s-1, between 1430°C and 1490°C, a real stress increase is observed with
increasing carbon content. Below 1430°C, there is little variation with C
concentration.

The influence of microalloying elements (Fig. 4.56) is also difficult to
detect, particularly for the lowest strain rates. In general it can be seen that
steel S exhibits the lowest stress between 1400 and 1480°C.

43 METALLOGRAPHY

Typical micrographs showing the austenite grain structures revealed by
hot picric acid etching are shown in Figs. 4.57 and 58 for steel P, on direct
heating to 900°C and 1100°C, respectively. This grain size increase with
temperature is also apparent for steel B in Figs 4.59 to 4.62. The behaviour of
all the other steels is similar to steel B. Comparing P with B, it is clear that the
grain size of steel P is considerably larger at all temperatures. This is probably
mainly due to the presence of Ti in all steels except P. However, at low



Table 4.4

Comparison between the solidus temperature, DDS, DDE, and

the zero stress temperature.*(extraploated value)

Solidus | DDS DDE o
Stee]. (oC) (oC) (oc) ZST( C) Phase
P 1500 1476 1492.5 1500 8§+L
A 1500 1476 1496 14975 6
B 1500 1470 1490 1500 8+L
C 1497.5 1462 1480 1490 y+58
S 1503.5 1499 1500 1505% d+L
Table 4.5
Maximum stresses corresponding to DDE and DDS temperatures.
. o o Jpps | o ODDE
Steel |Solidus (°C)| DDS (°C) (ﬁa) DDE (°C) (MPa)
P 1500 1476 8 1492.5 3.5
A 1500 1476 6 1496 .25
B 1500 1470 10.5 1490 4
C 1497.5 1462 12.6 1480 10
S 1503.5 1497.5 1.5 1500 1
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Fig. 4.58: Austenite grain size at 1100°C, steel P.
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Fig. 4.59: Austenite grain size at 900°C, steel B.
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temperatures, Nb and Al also refine the austenite grains size. The full
austenite coarsening behaviour from 900 t01330°C is presented in Fig, 4.63 for
steel P and 4.64 for all the other grades.

The mean austenite grain size of the C-Mn-Al steel (P) increases slightly
from 11.5 to 20 pm in the temperature range 900-1100°C, but rapid grain
coarsening occurs between the temperatures of 1100-1200°C, where the mean
grain size diameter increases from 20 to 130 ym. At 1300°C the average grain
size 1s 475 pm, which means that the cross section of the tensile specimen is
occupied by only six or seven grains.

The mean grain size of steels A, B and C, which contain Ti, Nb and Al, is
relatively small at 900°C (between 6 and 8 nm), and the rate of coarsening is low
up to 1200°C. Significant grain growth only takes place around 1300°C. The
rate of grain coarsening varies slightly with the carbon level, steel B posessing
the lowest grain size in the temperature range 900-1200°C, whereas steel A
shows the highest grain coarsening rate. Steel S, has the largest grain size after
the direct heat treatment, but exhibits the slowest coarsening rate such that the
grain size is comparable to the other steels at 1300°C.

44 FRACTOGRAPHY
4.4.1 Temperature Range 800-1300°C

In this section, unless otherwise mentioned, results are for specimens
deformed at the lowest strain rate in the temperature range 800-1000°C, i.e.
generally corresponding to the duectility trough. Some specimens were also
sectioned perpendicularly through the fracture surface. The cut face was
polished to a metallographic finish, and the sub-fracture surface region
examined for details of initial crack formation and propagation.

Fracture surfaces following direct heating :

At 900°C, where the reduction of area is a minimum for all the steels, the
fracture surfaces display characteristics which are shown in Fig. 4.65. The
fracture surface does not appear to be transgranular since neither dimples or
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Fig. 4.65: Fracture surface of steel P, tested at 900°C

following direct heating (RA =36%).

Fig. 4.66: Micrograph of a transverse section of steel A
tested at 900°C following direct heating
(RA=62%).
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cleavage facets are observed. The fracture mode is therefore probably
intergranular. This is confirmed by noting that the size and shape of many of
the features in Fig. 4.65 (shown by the arrows) are comparable to those of the
austenite grains seen at 900°C (Figs. 4.57 and 4.58). In Fig. 4.65 the mean size

| of the ‘grains’ is about 12 pm; the austenite grain size at 900°C prior to

deformation is between 6 and 8 pm.

Furthermore, the austenite grain morphology is generally rounded as are
the features in Fig. 4.65, and examination of the fracture sub-surface shows
evidence of intergranular separation (Fig. 4.66 regions a and b). An

intergranular fracture mode under these test conditions is in agreement with
the observations of Mintz et al [96].

At 1000°C, where dynamic recrystallization starts to occur, the reduction
of area is greater than 60%. However, the appearance of the fracture surface is
similar to the low ductility fracture, although some rounded voids can be seen in
Fig. 4.67. The subsurface region reveals intergranular decohesion (Fig. 4.68,
region a), but the density of the cracks is much lower than at 900°C. The
rounded shape of some holes (region b) suggests the occurence of void dilatation,
as opposed to intergranular separation.

As aresult of the large ductility at 800°C for all the steels (RA >80%), the
fracture surface could not be readily examined.

Fracture surfaces following annealing:

At 900°C, the appearance of the fracture surface (Fig, 4.69) of steels A,
B and C is generally similar to the direct heating case. However, at this
magnification individual grains cannot clearly be observed. At lower
magnification features resembling grains can be identified, e.g. the arrowed
regions of Fig. 4.70 indicate possible intergranular decohesion. Again the
surface rougheness (Fig. 4.69) suggests some intergranular deformation prior to
rupture. The examination of the polished section through the fracture surface of
steel A (Fig. 4.71) shows that the fracture is still intergranular.

Since the ductility of steel S is high at 900°C, some fractographic
differences were expected. The fracture surface is shown in Fig. 4.72. In this
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Fig. 4.67: Fracture surface, steel B deformed at 1000°C
following direct heating (RA =73%).

Fig. 4.68: Micrography of a transverse section of steel B

tested at 1000°C following direct heating
% (RA=73%).
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Fig. 4.70: Fracture surface, steel B deformed at 900°C
following annealing, (RA=54%) (lower
magnification).
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Fig. 4.71: Micrograph of a transverse section of steel A
tested at 900°C following annealing (RA=62%).

Fig. 4.72: Fracture surface of steel S tested at 900°C after
annealing, (RA =83%).
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figure, intergranular cracks cannot be seen, but many shallow circular regions
are ohserved, and, occasionally deeper voids are observed (Fig. 4.73). Sub-
fracture surface examinations reveal a low density of intergranular cracks (Fig.
4.74), but there are indications that the dilatation of these cracks is greater than
for steel A (Fig. 4.72). Thus for grade S, both intergranular decohesion and
transgranular ductile fracture mechanisms appear to be operating.

At 800°C, for all the steels the fracture is still intergranular (Fig. 4.75),

but, at higher magnification many shallow dimples are observed on surface of
the grains (Fig. 4.76).

No observations were carried out on steel P since the ductility was very
high in the temperature range investigated.

Fracture surfaces following sensitizing

It can be seen from Figs. 4.77 to 4.80 (corresponding to steels A, B, C, and
S respectively) that sensitizing leads to a facetted fracture surface, indicative of
intergranular rather than transgranular fracture. The sensitizing temperature
is well above the grain coarsening temperature shown in Fig. 4.64. This
corresponds well to the extremely large facet size (>100 pm) apparent in all
these steels. It is also notable that grain coarsening is accompanied by an
increasing tendency towards a facetted grain morphology (e.g. compare Figs.

4.59 t0 4.62). These latter observations confirm the hypothesis of intergranular
fracture.

The effect of C level on the fracture surface is illustrated by comparing
Figs. 4.77 and 4.78 (steels A and B) with Figs. 4.79 (steel C). It can be seen that,
steel C displays a much larger average facet size than grades A or B. An
approximate measure of the mean diameter of the facets, using the method
described in section 8.7, gives values of 150, 170, and 325 pm for steels A, B, and
C, respectively. No other clear differences are apparent.

The plain C-Mn steel (P) exhibits high ductility throughout all test
temperatures. The addition of Nb-Ti (steel A) as shown in Fig. 4.77, leads to
large cleavage facets on the fracture surfaces at 900°C. The presence of Ni-Cr-V
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Fig. 4.73: Fracture surface of steel S tested at 900°C after
annealing (RA =83%).

Fig. 4.74: Micrography of a transverse section of steel S
tested at 900°C following annealing (RA=83%).
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Fig.4.75:Fracture surface of steel C at 800°C after
annealing (RA =48%).

Fig. 4.76: Fracture surface of steel C at 800°C after
annealing (RA =48%) (higher magnification).
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Fig. 4.77: Fracture surface of steel A, tested at 900°C
following sensitization (RA =37%).

Fig. 4.78: Fracture surface of steel B, tested at 900°C
following sensitization (RA =42%).
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Fig. 4.79: Fracture surface of steel C, tested at900°C
following sensitization (RA =34%).

Fig. 4.80: Fracture surface of steel S, tested at 900°C
following sensitization (RA =56%).
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along with NbTi (Fig. 4.80) reveals still larger facets (335 pm) at the same test
temperature.

Examination of the fracture surface at higher magnification of steel B
deformed at 900°C reveals two types of facet surface. The first one (Fig. 4.81),
which is predominant, comprises many small voids or dimples at the surface of
the grain. There are similarities between this and the fracture surface at 800°C
following annealing (Fig. 4.69), but it is clear that the latter has much coarser
features. The second type of facet surface (Fig. 4.82) is generally smoother, but
some cracks can be observed along with relatively few fine voids.

At 800°C, the fracture surfaces of steels B and C (Figs 4.83 and 4.85,
respectively) still display essentially intergranular features, but, compared to
the specimens fractured at 900°C, dimples can be clearly seen, even at low
magnification (Figs. 4.84 and 4.86). Finally, at 1000°C, the fracture mode (Fig.
4.87) is still intergranular but without dimpling.

4.4.2 Temperature Range 1400°C-Solidus

Fractography was conducted on all the specimens displaying brittle
behavior below the measured solidus temperature. The morphologies of the
fracture surfaces are shown in Figs. 4.88-4.89 (steel P) 4.90-4.93 (steel A), 4.94-
497 (steel B), 4.98-4.101 (steel C) and 4.102-4.103 (steel S). Intergranular
fracture is exhibited for all the steels and the smoothness of the surface is
indicative of a solidified liquid film. In fact, features can be seen in Fig. 4.93,
(arrowed) that appear tn be solidified liquid film at intergranular interfaces.
Examinations were carried out on samples displaying a reduction of area
greater than 50%, i.e. in specimens in which a certain amount of deformation
has taken place before rupture. A typical example is shown (steel B) in Figs.
4.94-4.95 revealing indications of deformation compared to those associated
with lower ductility (Figs. 4.96-4.97).

The influence of carbon content on the facet size is followed in the series
of fractographs, Figs. 4.90 to 4.101. The grain size remains approximately
constant when the C level is increased from 0.07 (steel A) to 0.10 wt% (steel B).



140

Fig. 4.81: Fracture surface of steel B, tested at 900°C
following sensitization (RA =42%).

Fig. 4.82; Fracture surface of steel B, tested at 900°C
o following sensitization (RA =42%).



Fig. 4.83: Fracture surface of steel B, tested at 800°C
following sensitization (RA =55%).

Fig. 4.84: Fracture surface of steel B, tested at 800°C
following sensitization (RA=55%) (higher
magnification).
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Fig. 4.85: Fracture surface of steel C, tested at 800°C
following sensitization (RA =28%).

Fig. 4.86: Fracture surface of steel C, tested at 800°C
following sensitization (RA =28%) (higher
magnification). .
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Fig. 4.87: Fracture surface of steel A, tested at 1000°C
following sensitization (RA =66%).
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Fig. 4.88: Fracture surface of steel P, tested at 1487.5°C
(RA="T72%).

Fig. 4.89: Fracture surface of steel P, tested at 1487.5°C
(RA=72%) (higher magnification).
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Fig. 4.90: Fracture surface, steel A deformed at 1485°C
(RA=62%).
{ Fig. 4.91: Fracture surface, steel A deformed at 1485°C

(RA =62%) (higher magnification).
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Fig. 4.92: Fracture surface, steel A deformed at 1495°C
(RA=10%).

Fig. 4.93: Fracture surface, steel A deformed at 1495°C
(RA=10%) (higher magnification).
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Fig. 4.94: Fracture surface, steel B deformed at 1485°C
(RA=69%).

Fig. 4.95: Fracture surface, steel B deformed at 1485°C
(RA =69%) (higher magnification).
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Fig. 4.96: Fracture surface, steel B deformed at 1490°C
(RA=28%).

Fig. 4.97: Fracture surface, steel B deformed at 1490°C
(RA =28%) (higher magnification).
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Fig. 4,98: Fracture surface of steel C, tested at 1475°C
(RA=T72%).

J‘E{ Fig. 4.99: Fracture surface of steel C, tested at 1475°C
- (RA=72%)(higher magnification).
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Fig.4.100: Fracture surface of steel C, tested at 1480°C
(RA=0%).
:: Fig.4.101: Fracture surface of steel C, tested at 1480°C

(RA =0%) (higher magnification).
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For steel A (Figs.4.90-4.93) the diameters of the facets are between 110 - 185 pm
and 110 um for steel B (Figs. 4.94-4.97). For grade C (0.14 wt%), the diameters
were found to be between 275 and 350 um (Figs. 4.98-4.101). These values are
comparable to those observed in the fracture surfaces of the sensitized
specimens tested at 900°C. Note that, steel C is the only material where the
fracture facets display both rough and smooth surfaces (regions a and b of Fig.
4.99).

The only significant influence that microalloying elements have on the
fracture surface characteristics is facet size. The addition of Nb-Ti to steel P
(Figs. 4.88-4.89) appears to have a small influence on the facet size (Figs .4.90-
4.93) which remains approximately constant between and 110 - 185 pm.
However, the addition of Ni/Cr/V and/or the lower sulfur level in steel S leads to
an increase of the grain size to approximately 250 um, (Figs. 4.102-4.103).

45 AUGERELECTRON SPECTROSCOPY

Auger electron spectra can be presented either by the energy distribution
function N(E) versus E or by the differential curve dN(E)/dE versus E, where E
is the energy of the Auger electrons emitted from the surface and N(E) is the
intensity of the Auger signal for the energy E. The ‘derivative’ mode (dN(E)/dE
versus E) is preferred because the Auger peaks are more clearly revealed. An
example of a spectrum generated by the ‘derivative’ mode for steel C after 10
minutes of ion sputtering is given in Fig. 4,104

The fracture surface of steel C (Fig. 4.100) deformed at high temperatures
(1480°C) revealed the presence of iron (matrix), oxygen, carbon and sulfur (Fig.
4.104). The carbon peak can be attributed either to the general atmospheric
contamination or to segregation. The oxygen peak, which can be seen even after
long etching times, was probably due to sample oxidation during storage. The
fact that a relatively intense oxygen peak was detected even after long ion
sputtering times could be ascribed to the strong affinity of this element with
iron, i.e. the oxygen was not sputtered away, but tended to immediately reform
as some iron-oxygen ‘compound’. Nitrogen was also detected and can bedue toa
micro leak in the apparatus.

A semi-quantitative method was used to calculate the approximate
atomic concentration of the elements which are present at the surface, i.e.:
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Fig.4.102: Fracture surface of steel S, tested at 1500°C
(RA=0%).

Fig.4.103: Fracture surface of steel S, tested at 1500°C
(RA =0%) (higher magnification).
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Fig.4.104: Typical Auger electron spectra obtained after 8 min. of Argon ions
sputtering. Steel C,
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Cx=IL ISyI(E;(Iy8Y)) (4.4)

where Sy is a relative elemental sensitivity factor, measured from a pure
elemental standard and Iy is the peak-to-peak height (i.e. the total height of the
signal, including the parts which are above and below the baseline) of element x
in the differential curve [107,108]. The Sy values are available in the literature
[108]. The summation is done for all the elements, but for one peak per element,
as specified in the literaturz [108]. The approximate concentrations of the
elements detected on fracture surface of steel C were calculated on this basis.
The change of the atomic concentrations of sulfur and carbon with increasing
ion sputtering times are presented in Figs. 4.105-a and 4.105-b, respectively.
Due to the general atmospheric contamination (C,0 and N) the sulfur peak is
not immediately seen. However, it is evident that for both sulfur and carbon,
maximum concentrations are reached after 10 min. of ion etching;
approximately 3.8% of the atoms of the surface are sulfur atoms and 46% are
carbon atoms, The presence of carbon cannot be attributed only to the
atmosphere contamination because, even after 69 min. of etching the peak is
detectable and the concentration has been estimated to be a relatively high 13%.
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CHAPTER 5
DISCUSSION

HOT DUCTILITY BETWEEN 1400°C AND SOLIDUS
TEMPERATURE

Differential thermal analysis (DTA) has shown that the temperature at
the onset of melting in the investigated steels remains more or less constant at
around 1500°C. However, the hot ductility tests have shown that incipient
melting (as indicated by the ductility drop start temperature, DDS) occurs at the
grain boundaries, at temperatures between 0 and 36°C lower than those
measured by DTA. In other words, in contrast to the DTA results, the ductility
drop start temperature (DDS) is dependent on the chemical composition, This
dependence can be summarized as follows:

(i) when C is increased from 0.07 wt% to 0.14 wt%, the difference
(AT}) between the DDS and the solidus temperature measured by
DTA increases from 24 to 35.5°C, and

(ii) steel S which contains Ni-Cr-V and has a lower sulfur level than
the other grades (0.005 and 0.009 wt%, respectively), exhibits
practically the same solidus and DDS temperatures (AT =0°C).

However, the addcition of Nb and Ti (steel A) to the C-Mn-Al steel (steel P)
does not affect AT, the value for both steel A and P being 24°C.

Essentially, then, it appears that the onset of melting detected by the
DTA corresponds to the “bulk” solidus, whereas the DDS of the hot ductility
tests is a grain boundary melting phenomenon. Accordingly, it will be shown in
this chapter that the DTA findings correspond directly to changes in bulk
composition, whereas the hot ductility results are indirectly linked to the bulk
composition via grain boundary segregation. At this point it is worth noting
that, although many workers [25,33,56,115-118] have stated that
embrittlement occurs at a temperature below the solidus, their findings are
based only on calculated solidus temperatures. The fact that the solidus
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temperature of each steel was not actually measured is a limitation. An
accurate determination of the solidus temperature of the bulk material is of a
critical importance, since it is the difference between the bulk solidus
temperature and the characteristic ductility drop temperatures (DDS, DDE),
which enables a critical analysis of segregation to be undertaken.

However, before proceeding with the analysis, it is worth pointing out
that steels C and S display much bigger grains at fracture than the grades P, A
and B. In the following analysis, incipient melting at grain boundaries does not
depend on grain size and is therefore not a factor in this temperature range.
Grain size does, however affect the behaviour in zone III as will be seen in
chapter 6.

The elements which are commonly cited as segregants in steel are S, C
and P. Indeed, in this work the presence of segregated sulfur and carbon has
been detected on the fracture surface of steel C. However phosphorus was not
detected, confirming the observations of Bailon and Weinberg [119] and
indicating that P may not be a factor.

Figure 5.1, which includes the results from a number of papers as well as
from this study, illustrates the effect of C on ZDT. Here, the numbers
identifying each point refer to the sulphur level and the literature reference.
All these results pertain to experiments that were carried out following a direct
heating treatment without prior melting, and can therefore be compared with
the present results. The results of this work generally concur with those found
in the literature. Despite a relatively high scatter, it can be seen that for C
levels lower than about 0.12 wt%, the effect of increasing the carbon content is
to slightly decrease the ZDT. However, between 0.12 and about 0.19 wt% the
ZDT decreases sharply. This is also in agreement with hot duectility tests
performed after melting and solidification (Fig. 2.8 of the literature survey),
where it has been clearly observed that, when the carbon level is increased to
the peritectic composition, a sudden decrease of ZDT is observed.

Although the sulfur levels were not systematically varied in the
investigation, the influence of increasing sulfur concentration on the zero
ductility temperature can be assessed by replotting Fig. 5.1 in terms of S, as
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Fig. 5.1: Influence of carbon content on ZDT for differeat sulfur levels, first
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shown in Fig.5.2. Thus, each point on the graph is identified by first the carbon
level (in wt%) and second the reference from which the data point was taken.
Here, the two C ranges of 0.05 to 0.12 wt% and 0.12 to 0.18 wt% are clearly
observed. For a given carbon level, increasing the sulfur level decreases the
ZDT.

There is little published data concerning the effect of phosphorus.
Weinberg [25] did not observe any influence of this element on ZDT of 0.07-0.09
wt% C steels, even at phosphorus levels as high as 0.09 wt%. However, Adams
has detected the presence of phosphorus at the grain boundaries of steels with
carbon levels greater than 0.16 wt% and displaying embrittlement [56].

There is general agreement in the literature that the intergranular
failure of steels at temperatures just below the solidus is due to incipient
melting at grain boundaries {25,33,56,115-118]. On direct heating from room
temperature, the embrittlement is attributed to the formation, at the grain
boundaries, of an alloy having a lower melting temperature than the matrix. Of
course, segregation of carbon, sulfur and phosphorus at the grain boundaries
appears to be the cause of this incipient melting. This must be distinguished
from the segregation which occurs on cooling from the melt. As will be
discussed below, the former refers to an equilibrium process, whereas the latter
isdue to non equilibrium segregation. Other elements such as B, Sn, Sb etc, are
known to segregate in iron [120], but there are no reported data in the literature
concerning their influence on grain boundary melting,

Despite the fact that C, S and P have been frequenily singled out as the
cause of incipient melting in steels, a quantitative or even semi-quantitative
analysis of the segregation behaviour of these elements in relation to incipient
melting has, to the knowledge of the present author, not been performed. This
will be addressed in the following sections.
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51 EFFECT OF COMPOSITION ON BULK SOLIDUS
TEMPERATURE

The results of the differential thermal analysis presented in Table 4.2 are
compared with those of the Fe-C phase diagram (Fig.4.8) in Table 5.1. It can be
seen that the correspondance between the steels investigated and the pure Fe-C
diagram is quite good, especially with respect to the temperature at 6+5+L.
This reflects the rather low alloying additions used.

The DTA results are also comparable with other solidus temperatures of
steels with similar compositions. The solidus temperatures quoted by Kinoshita
[115] fall in the range 1456-1467°C for an average composition of 0.15 wt% C,
0.23 wt% Si, 0.9 wt% Mn, 0.02 wt% P, 0.014 wt% S and 0.02 wt% Al. Data from
the work of Weinberg, presented in Table 5.2, are in a good agreement with the
present experimental results, i.e. when the carbon concentration increases from
0.05 to 0.12 wt% C when the solidus temperature decreases from 1507 to 1495°C.
The important point to note here is that, in the carbon range investigated, the
solidus temperature varies only slightly. Note that in both the above cases, the
solidus temperatures were calculated, but in neither case was the method
reported.

An attempt was made in this study to calculate the solidus temperatures
using the method of Kagawa and Okamoto [121]. The details of the calculations
are described in Appendix IV. Unfortunately, the solidus temperatures
calculated with this model are between 20 and 30°C below the experimental

values, indicating significant deficiencies in the model, as discussed in appendix
IvV.

Nevertheless, it seems, then that the DTA values pertain to “bulk”
behaviour, rather than grain boundary melting. This is emphasised by
performing a simple calculation to determine the volume fraction of liguid
present at the grain boundaries at the DDS temperature. Consider a DTA
sample of volume V where the grains are assumed to be spherical with a mean
radius R, and are surrounded by a boundary of thickness e. The volume of the
grain boundary is given by:
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Table 5.1

Comparison between experimental phase transformation
temperatures of the steels P, A, B, C, and & with the

corresponding temperatures in the pure Fe-C phase diagram
[122]. The experimental values are shown in parentheses.

Temperature
STEEL P ©C) 1440 1470 1501
(1456) (1473) {1500)
Transformation | y-»y+8 | y+8-8 | §-8+L
Temperature
STEEL A C) 1432 1464 1504
(1455) (1469) (1500)
Transformation | y-»y+8 | y+8-6 | §-8+L
Temperature = 14535 | 14925 | 14925
STEEL B (1455) (1475) (1500)
Transformation y+o-5+ | y+8+L
y—->y+5 y+L -8+ 1L
(y+8-8) | (8-8+L)
Temperature
STEEL C °C) 1479 14925 1492.5
(1469.5) | (1497.5; | (1509)
Transformation y+8oy+| y+8+L
yoy+6 | 8+L -8+L
Temperature
STEEL S ©C) 1434.5 1462 1504.5
(1461.5) | (1488) | (1503.5)
Transformation | y-»y+8 | y+8&-58 | 8-8+L
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Table 5.2
Chemical composition and corresponding calculated solidus
temperature [25].
Sol.
Steel C Mn Si P S “C)
1 05 | 193 | .03 .012 .023 1507
2 06 | 238 [ 0.1 | 0.014 | 0.034 | 1509.5
3 .06 34 | .013 | .008 .014 1505
4 JA156 | 113 | 0.09 | 0.010 | .021 | 1489.5
5 12 .62 - 0003 | .024 1495
6 0.16 | .89 | 0.26 | 0.025 | 0.041 | 14785
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4 a_% o3
ng= EH(R.*-e) - -é-nR =4n({R +¢)Re (5.1)

The number of grains inside the sample is given by the ratio of the total
volume of the sample over the volume of one grain. Thus, the grain boundary
volume fraction, is given by:

v
_gb _ 3R +e)Re= 3e (5.2)

Assuming a grain boundary thickness of 10-9 m and grain boundary
radius of 55x10-6 m (estimation of the mean fracture facet size in section 4.4.2),
the grain boundary volume fraction, and hence the liquid volume fraction when
incipient melting occurs, is 5.5x10-5. It is unlikely that the DTA technique will
detect such a small volume fraction of liquid, further indicating that the

temperatures measured by this techniqie correspond to the onset of melting of
the bulk alloy.

Acccording to the DTA results and the above calculations, the bulk
solidus temperatures vary little with the compositional changes of the steels
investigated. The DDS and DDE values, however, clearly show an effect of
composition. As will be shown below, this is due to differences in the grain
boundary incipient melting temperatures, which in turn, are due to changes in

segregation at the grain boundaries brought about by bulk compositional
variations.

52 THEORY OF GRAIN BOUNDARY SEGREGATION

Segregation at the grain boundaries, which is a particular case of
adsorption at an interface [120], can be classified into two broad categories:
equilibrium and non-equilibrium segregation. Non-equilibrium segregation
(which occurs, for example, during solidification) depends on kinetics [120], and
in general disappears after long hold times as a result of diffusional processes.
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A further important distinction between these two classifications is that, in the
non-equilibrium case, the concentration gradient between the interface and the
bulk can extend up to several microns, whereas, for equilibrium segregation, it
is localized to one or two atomic layers at the interface [120].

Equilibrium segregation occurs because defects (i.e. the grain
boundaries) in the solid provide sites in which solute atoms have a lower free
energy [123]. Atvery high temperatures, close to the solidus, it may be assumed
that equilibrium conditions are attained. This assumption h1as been employed

sucessfully by several workers in the analysis of segregation in a and y iron
(109,124-130].

The following analysis is based on the model due to McLean [123]. Itis
first assumed that there are N undistorted lattice sites with P solute atoms
distributed among them and n distorted sites (i.e. grain boundary sites) with p
solute atoms distributed among them. The free energies associated with one
solute atom in the undistorted and distorted sites are (E-TS) and (e-Ts),
respectively, where E and S (or e and s* refer to the enthalpy and entropy
associated with the undistorted (or distorted) sites, and T is the temperature.
Thus the total free energy due to the solute atoms reads:

G=ple—Ts)+P(E—TS)— kT{in(n!N))~ in(n—p)lp(N - P)IP'} (5.3)

where the last term of the r.h.s. of eruation 5.3 represents the configurational
entropy. Equilibrium occurs when G is at a minimum. Thus by equating dG/dp
to zero and noting that the sum of solute atoms remains constant (i.e.
p+P=const) we obtain:

n—p P
(e~ Ts)—-(E—TS)—_-len(T X m) (5.4)
Writing Cgh=p/n for the concentration of solute in the distorted region,
C=P/N in the undistorted region, and AG=(E-TS)-(e-Ts), equation 5.4 becomes:

Co C AG

1-c. 1-¢*P“®p (5.5)
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In this model, the following assumptions are made [120]:

(1) there is no interaction between solute atoms at the grain
boundaries, and

(ii) segregation is restricted to one monolayer

Using the notation of Hondros and Seah [120] where the grain boundary

concentration of solute i is X'y}, and the bulk concentration is Xi, equation 5.5
becomes:

X, X AG
£ ap(-=m) 5.6

XP-xt 1-X 7T RT
&

where AGi is the change in free energy accompanying segregation, and Xy, is
the fraction of grain boundary monolayer which can accomodate segregating
atoms at saturation. X' replaces unity in the denominator of the L. h. s. of
equation 5.5, i.e. it was implicitly assumed in the McLean’s analysis that
X9p=1. Although there is experimental evidence that, for phosphorus
segregation in a ironm, the entire grain boundary monolayer can accomodate
segregating atoms (i.e. X, =1) [127], Hondros and Seah [131] claim that Xi%j,
may be as low as 0.5. However, for simplicity in the following analysis X0y, is
considered to be unity. Thus, equation 5.6 can re-written as:

X exp( AGE)

expl———

s RT (5.7)
gb i

1 - X+ Xlexp(— —
exp( RT)

Finally, for X< <1:

Xeent AG")

exp(— —

xi = RT (5.8)
5~ i
8 AG

i —_
1+X exp( RT)

B
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Analysis of equation 5.8 leads to the following key points:

- the more negative the free energy (AGi), the higher the
segregation tendency;

- the concentration of solute at the grain boundaries increases
with increasing bulk concentration; and

- the concentration at the grain boundaries increases with
decreasing temperature.

This approach has been applied to steels, but (with the exception of ref.
131) only in the a-ferrite [125-140] or in the austenite phases [109,141]. In order
to extend this treatment to solidus temperatures, knowledge of the free energies
of segregation for the elements C, S and P are required. However, only values
pertaining to the y and a ferrite phases are available in the literature,
Therefore, the free energies of segregation of carbon, sulfur and phosphorus in 8-
ferrite at 1480°C (i.e. in the region of DDS) were estimated from those of the a-
ferrite as shown in Appendix V, Then, for grades P, A, B and S, grain boundary
concentrations of carbon, sulphur and phosphorus were calculated for §-ferrite.
For steel C, which, as revealed by the DTA results, displays a y+38 duplex
structure at embrittlement, the calculation was done separately for the
austenite and § phases.

5.2,1 Carbon segregation

The carbon solubility in austenite is higher than in a and 8 ferrite phases.
This arises because the size of the interstitial spaces in the austenite phase is
more than twice as large as those in a ferrite, leading to much lower lattice
distortion in the austenite. Thus, the strain energy component of the free
energy segregation of carbon is correspondingly smaller in the austenite, i.e. AG
is much less negative for austenite than 8 ferrite [109]. Consequently, C should
exhibit a considerably lower segregation in y than in a (and by extension in §
ferrite) at the same temperature. This was also the conclusion of McLean who
calculated several values for the free energy of C in a by considering the elastic
distortion caused by C atoms in the a ferrite [128]. This postulate is further
supported by comparing the AG values found in the literature
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(Appendix V), the mean values of which are listed in Table 5.3. Unfortunately,
only a single value of AG for austenite was found in the literature, this being
associated with the temperature range 850-1100°C, (i.e. no temperature
dependence of AG was observed over this range). Taking this value to be
certainly correct at the middle of this temperature range, i.e. 975°C, a
corresponding AG for “8 ferrite” can be calculated at this temperature using the
equation generated in Appendix V. The calculated value at 975°C assuming 8§
ferrite is =-87 KJ/mole compared to -30 KJ/mole quoted in the literature for
austenite. It is therefore highly probable that the negativity of AG at 1480°C is
much greater in 8 ferrite than in austenite. Thus, the segregation of carbon is
correspondingly higher in 8 ferrite than in austenite (Table 5.4).

5.2.2 Sulfur segregation

Sulfur, although a substitutional element, is one of the strongest

" segregants in iron [128,138].. At low temperatures (900-1200°C), it forms a

sulfide with any Mn addition and is not available as segregant. Above 1200°C
there is a significant dissolution of the MnS precipitates. The amount of sulfur

in solution at any temperature can be estimated by the solubility product of
MnS[1421%:

M) %S)f o
o MY S" 9020 (5.9)
S A )
MnS T
where 1" is the activity coefficient of dissolved sulfur in the presence of
manganese, and A, - is the activity of MnS which is equal to 1 if manganese in

solution is greater than 0.3 wt%. The change in fsM“ with temperature and Mn
content is given by:

-215

Logfy"=( +0.097)(%Mn) (5.10)

T

The calculated increase in the amount of sulfur in solution with
increasing temperature is presented in Fig. 5.3 for the steels used in this
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Enthalpy and entropy of segregation of carbon, sulfur and phopsphorusin a
and v phases and calculated %ree energy of segregation at 1480“% in the 8 and

L__t_)hases.

AGS AGyY

AHa ASa o AHY ASy °
Element | g 501 | (RI/mol.) (%ﬁigcﬁ_’) (KJ/mol.) | (Kd/mol.) (%?gocl:))
C 50 | -0.0294 | -101.5 67 | -0.0294 | -44.83

S 51 | -0.0281 | -91.49 | -31.1 | -0.0231 | -71.8
P . 0.0231 | -74+65 | 14+4 | -0.0272 | -61.7+4

33.5+6.5
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Fig.5.3: Calculated equilibrium variation of the sulfur in solution with
increasing temperature for steels P, A, B, C and, S.
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investigation. At 1480°C the amount of dissolved sulfur is about 0.0045 wt% for
all the steels, and will segregate to the grain boundaries.

Using the method presented in Appendix V, the free energy of
segregation in 8 ferrite was found to be -91.5 kJ/mole at 1480°C, compared to -
71.9 kd/mole at the same temperature in the austenite (Table 5.4). Using
equation 5.8, the grain boundary sulfur concentration in the § phase, is 4.21 at%
for steel P, 3.8 at% for steels A, B and C and 4.15 at% for grade S (Table 5.5). As
for carbon segregation the most significant result concerns steel C, where the
calculated grain boundary concentration in the y phase is much lower thar in
the & phase: 0.99 versus 3.8 at%, respectively.

5.2.3. Phosphorus segregation

From investigations of temper embrittlement in steels, phosphorus
(which is substitutional in iron) is known to segregate in a-ferrite [127-
130,137,139,143] and in austenite [109]. For these phases, the free energies of
segregation have been determined as shown in Appendix V. As for C and S, the

AG value is more negative for the § ferrite than for the austenite phase (Table
5.3).

The free energy of segregation of P is not negligible, and therefore some P
segregation is expected as can be seen in Table 5.4, However, the absolute value
of AG is much lower than that for carbon and sulfur which may partly explain
the absence of P segregation in the present Auger examinations. Moreover,
although phosphorus is known to segregate at the grain boundaries of a ferrite
[127-130,137,139,143] and austenite [109], the literature suggests that it may
not affect the ZDT under certain circumstances. In directly heated specimens, a
high P concentration at the grain boundaries of steels containing 0.13 wt% of C
and above (i.e. grades in which the very high temperature phase is austenite)
has been observed [25,56]. However Suzuki et al. claim that in directly heated
relatively high carbon steels (i.e. C>0.14 wt% ) there is no effect of phosphorus,
but it is not stated whether the results refer to temperature zone 1 [36]. Other
experiments confirm that there is no influence of P onthe ZDT of 0.07-
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Table 5.4

Calculated grain boundary concentration of carbon, sulfur and
phosphborus in the § phase for steels P, A, B, C and S at 1480°C (and

in the austenite for steel C).

Element (at%) (at%) (at%) (at%) (at%) (at%)
Steel P | Steel A | Steel B | Steel C | Steel C | Steel S

Carbon 79.4 77.3 83 87.2 12.3 77.3

Sulfur 4.21 3.8 3.8 3.8 0.99 4.15
Phosphorus | 1.8-4.3 | 2.2-5.1 | 2.2-5.1 1 2.2-5.1 | 1.1-1.9 | 1.1-2.6
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0.09 wt% C steels (i.e. grades exhibiting a § phase) for P levels between 0.015 to
0.09 wt% [25].

The conclusion from the literature, then, is that there appears to be
segregation of P in the austenite and not in § ferrite, which is actually the
opposite of what is expected from the single segregation model.

However, it has been demonstrated, that on cooling from the melt, P
decreases the ZDT of electrolytic iron (i.e. the primary phase is the § ferrite)
(33]. In other words, where P is the only segregant, the single segregation

model is valid. In the presence of other segregants, cosegregation must be
considered.

5.2.4. Summary of single component segregation calculations

The key conclusion of this analysis is that carbon, phosphorus and sulfur
show a higher tendency to segregate in the §-ferrite than in the austenite, this
being most marked in the case of carbon which is the main segregant regardless
of phase. One further point to note is that, in general, the calculated grain
boundary concentrations are at least 2 orders of magnitude greater than the
bulk concentration. The high grair boundary concentration of carbon in delta
ferrite is due to the relatively high C content in the steels investigated and to
the very high segregation energy of carbon in the 8§ phase. (In contrast, in the
austenite phase, because of the low AG, the C grain boundary concentration is
strongly decreased). The calculated grain boundary concentrations seem rather
high, but are actually of the same order of magnitude of the values detected by
Auger analysis, e.g. max C concentration =46 at% (Fig. 4.105).

To reiterate the observation made in section 5.1, as embodied in Figs. 5.1
and 5.2: when the C level is increased to the peritectic composition, there is an
abrupt decrease in the ZDT. At C contents lower than that corresponding to the
peritectic region, only the 6 phase is present, and, from the single segregation
model, the C grain boundary concentration is about 80%. In the peritectic
region, both § and y are present and the austenite grain boundary concentration
is about 12%. An obvious conclusion is that the incipient melting temperature
associated with an Fe-80% alloy is much higher than that of a Fe-12%C
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compositicn. This is a reasonable assumption, even though the melting point of
a Fe-80% C alloy is not known. However, the Fe-12%C solidus temperature is
1150°C [122] which is well below the observed DDS. Quantitatively there is a
large discrepancy between experiment and theory, which is probably due to the
following:

(i) the inaccuracy in the measurements of the free energy of
segregation of C, S and P in austenite, and the lack of data in
the & ferrite,

(ii) the assumption that the maximum grain boundary segregant
that is possible is 100% (i.e. X¥gp =1 in equation 5.6), and

(iii) the model adopted for the grain boundary structure (e.g. a
monolayer thick) may be oversimplified. In other words it
appears unlikely that the grain boundary behaviour
corresponds directly to the bulk behaviour. Thus, for example,
the addition of 12% C to Fz will lower the bulk melting point to
1150°C, but it is doubtful that 12% C at the grain boundary will
lead to a grain boundary melting temperature of 1150°C.

In qualitative terms, though, the behaviour of C on the ZDT appears to be
well explained by the single segregation model. Note also that the differencesin
the grain boundary melting temperature between y and 8 explain the
observation in steel C that the fracture surface is comprised of a “duplex”
structure, i.e. fracture facets that are either completely smooth or completely
rough (Figs. 4.98-4.101). The higher incipient melting temperature at the &
grain boundaries corresponds to the rough facet surface. Rogberg[118] has also
observed such a “duplex” fracture surface in a high carbon (0.51 wt%) steel and
has attributed this to variations in grain boundary segregation, but via
crystallographic considerations [118,120]. However, the crystallographic
assumption should apply for all grades, and not only fur steel C, as was observed
in this work,

Up to now, carbon, sulphur and phosphorus have been considered to
segregate singly, but since these elements are all present in the materials
investigated their co-segregation behaviour must be examined. This is
presented in the next section.
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53 THEORY OF GRAIN BOUNDARY CO-SEGREGATION

Two models are discussed which consider interdependance of the
segregating elements. In the first one, the “competition” model, co-segregation
of carbon, sulfur and phosphorus occurs and there is competition for grain
boundary sites, but no chemical interaction between the three segregating
species. In the second, the “chemical interaction” model, the analysis is based
on the assumption that a chemical interaction exists between carbon, sulfur,
and phosphorus, but there is no competition.

5.3.1 Competition model

In his original treatment of co-segregation based on the adsorption
theory, Guttmann {144] has considered the general case of a multicomponent
system with 1 to n components (1 to n-1 solutes, the nth being the solvent). At
the thermodynamic equilibrium, the chemical potentials of elementiboth in the
bulk (p') and at the grain boundaries (ugp’) are equal:

p;b= o (5.11)
pi and pghi can be written as:
=+ RTIna' = p'%+ RTInFXY) (5.12)
p;b=p;‘;+RTlna;b=p:;+RTzn(f; bX;b))-—c (5.13))
where and Xi (Xgpi) is the bulk (grain boundary) fractional concentration of
element i, al is the chemical activity, fi is the activity coefficient, and ¢ is a term

associated with surface tension at the grain boundaries. The sums of all the
components in the matrix and at the grain boundary are equal to unity, i.e.:
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‘Z].X;-b= Z Xizl (5.14)
1= i

=1

Thus, by combining equations 5,11 to 5.14, the grain boundary
concentration of element i reads:

X'exp(— AGYRT)

noto _ (5.15)
1+ D (X/(exp(— AG//RTY-1))

j=1

i
ng—

where the summation in the denominator includes the solutes only'. AGi
represents the free energy for segregation of element i and, in the analysis of
Guttmann, includes a chemical interaction coefficient, which will be discussed
in the next section (144]. In this section, it is assumed that there is no chemical
interaction between i and j, and the segregation free energy AGi is that of the
binary system Fe-i used in the initial segregation analysis (i.e. AGi values given
in Table 5.3) [128]. Clearly, equation 5.15 is the same as that for a single
component (equation 5.8) but extended to include all segregants, in this case
carbon, sulfur and phosphorus.

The assumption that an equilibrium can be attained by mutual
displacement (i.e. competition) without any chemical interaction between the
segregating species, has been used several times in the case of the cosegregation
of P and C in a ferrite [109,127,130,136,137]. Other workers[127,138,140] have
also suggested that competition could occur between S and C, again in a ferrite.
Equation 5.15 {or an equivalent one) has been extensively used for the co-
segregation of P and C in the the a ferrite, but (to the author’s knowledge) it has
never been used for the quaternary system Fe-C-S-P. However, the extension of
this model to the latter case is quite straightforward. In the present work, at
high temperatures (1480°C), the grain boundary concentrations of carbon,
sulfur and phosphorus were calculated using equation 5.15 and the AGi values
listed in Table 5.3. Rewriting equation 5.15, the carbon, sulfur and phosphorus
concentration at the grain boundaries are given by equations 5.18, 5.17 and
5.18, respectively:
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XCexp(-AGERT)

xC = (5.16)
& 1 4+ XClexp(— AGSIRTY = 1)+ XS(exp(— AGSIRT) = 1)+ XP (exp(~ AGTIRT) = 1)
IS
%5 = Xsacp(-—ACr IRT) (5.17)

& 1+ X%(expl— AGSIRT) = 1)+ XS(exp(= AGSIR TV = 1)+ XP(exp( — AGPIRT) - 1)

P = X’ exp(—AGPIRT)

= (5.18)
8 1+ XClexp(~ AGEIRT)— 1)+ XS(exp(— AGSIRT) = 1)+ XPlexp(— AGPIRT)I= 1)

The terms in the denominator for S and P are very small relative to the
one for C because of the concentrations and AG values. This means that the
grain boundary carbon concentration in both phases is not going to differ
markedly from the single segregation model, but the S and P results will be
significantly decreased by the C term because the S and P levels depend
strongly on the carbon segregation. With respect to sulphur and phosphorus
segregation in austenite, the large docrease in carbon segregation in the
austenite will offset the lower AG values of sulphur and phosphorus in the
numerator. In other words the segregation of S and P in austenite is higher
than for delta ferrite, if a co-segregation mechanism is active.

Thus, as can be seen from Table 5.5, the carbon segregation differs little
from that predicted by the single segregation model, and the S and P levels are
generally between 5 and 7 times lower, due to the influence of carbon
segregation. In contrast to the findings of the single segregation model, the
segregation of both sulphur and phosphorus in the austenite phase of steel C is
higher than in the delta ferrite. In the case of sulphur, the segregation is almost
doubled; for P there is about a 3 fold increase over the segregation in the §
phase. However, note that the amount of sulfur at grain boundaries of the § of
steel A is the same as that at the grain boundaries of austenite in steel C.
Compared to steel A, the amount of phosphorus is slightly higher at the grain
boundaries of steel C. Thus, a consideration of cosegregation completely
changes the behaviour of S and P with respect to the effect of segregation in y vs
8 phases. However, the S and P segregation does not vary significantly in
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Calculated grain boundary concentrations for steels P, A, B, Cand S. For

comparison the bulk composition is also given.

P(8) A (B) B(® C®) Cy) S

XC (at%) 0.364 0.323 0.462 0.645 0.645 0.323
XCop(at®) t78.2+.2| 76.41.3 | 82.3+.2 |86.65+.15{ 12.1 [76.75%.15
XS;ot, (at%) | 0.0156 | 0.0156 | 0.0156 0.0156 0.0156 0.0087
XSg01.(at%) | 0.0083 | 0.0750 | 0.0750 0.0750 0.0750 | 0.00819
XSgp(at%) | 0.90 0.885 0.665 0.5 0.88 0.95+.2

XP(at%) | 0.0179 | 0.0215 | 0.0215 0.0215 0.0215 0.0108
XSgp (at%) | 0.6+.3 10.85+.35] 0.6+.3 0.5+.2 }13%.35]045%.15
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grades A, B and C. Thus, with respect to effect of C concentration the
explanation based on the single segregation model still holds.

It is important to note that, although C is the dominant segregant, any
additional segregation of S and P to the grain boundaries will affect the grain
boundary melting. The effect of increasing S concentration is noted in Fig. 5.2.
Furthermore, the observations of Weinberg [25] and Adams [56], concerning the
effect of phosphorus, can be explained by the cosegregation theory. Weinberg
has observed no effect of phosphorus on ZDT in the 8 phase, whereas Adams has
attributed the incipient melting of the grain boundaries of austenite to the
presence of phosphorus. According to the co-segregation model in the delta
phase carbon has displaced more phosphorus atoms than in the austenite, i.e. P
segregation is much higher in the y that in the 8.

Although the ccmpetition and single segregation models adequately
explain the behaviour of steels P, A, B and C, the difference between steel S and
the other grades is not addressed. Also, for steel S, the differences between the
solidus and the DDE and DDS temperatures are negligible (Table 4.3),
suggesting that the composition at the grain boundaries is similar to that of the
matrix. Here the explanation must lie with the presence of Ni, Cr and V.,
However, since the free energies of segregation of Cr and Ni are small (AGg,=0
ki/mole, AGy;=-3kJ/mole) [128], and V does not segregate in iron [120], the
possible effect of these elements cannot be considered using the competition
model. A possible explanation of non segregating elements in steel S can be
furnished using “the chemical interaction” model, as outlined below.

5.3.2 Influence of chemical interaction on segregation

From the analysis of Gutiman [128,145,146], in a ternary Fe-i-j solution,
the intergranular concentration is given by equation 5.15 as before. To account
for any chemical interaction between i and j, the free enthalpy of segregation of
element i (or j ) is expressed as a function of the matrix and intergranular
concentration of element j (or i), as shown in the following equation:
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i o
AG —AGB+uiJX;b+ ai;X (5.19)

where ajj and d'jj are the interaction energies between elements i and j at the
interface and in the matrix, respectively, and AG!, (AG})) is the free energy of
segregation of element i (j) in the Fe-i (Fe-j) system. The other terms have the
same meaning as before. Ifi (or j), are at low levels, the last term of the r.h.s. of
equation 5.19 is always negligible, because X< <X/, i.e the general form of
the equation will have terms for grain boundaries only. Depending on the
magnitude and the sign of aj;, the absolute value of AG' can be decreased or
increased. When the interaction is attractive (aj;>0) the absolute values of AG
and AG!increase and the segregation of elements i and j are mutually enhanced,
provided that the difference between AG! and A is relatively small. However,
where one of the elements is a weak segregant (AG';=0), and the other is a
strong segregant (i.e. the difference between AG values is large), there are two

" possibilities:

(i) the strongly segregating element is removed from the grain
boundaries by a “scavenging” effect of the weakly segregating
element, or

(ii)the weakly segregating element can be attracted to the grain
boundary by the strong segregant.

Case (i) has been observed for the Fe-i-j system where i is a transition
metal (AG',=0) and j is either carbon, phosphorus or sulfur [128]. The
precipitation of an intermetallic compound (Fe-i)j, thereby reducing the amount
of solute j both in the matrix and at the grain boundaries, can be considered as
an extreme example of case (i),

Such a model has been used to explain ‘temper embrittlement’ of steels,
which is due to phosphorus segregation at a-ferrite grain boundaries [127].
Increasing carbon decreases temper embrittlement because of the replacement
of P atoms by C atoms at the grain boundaries (according to the competition
model). However, the addition of Cr to a Fe-C-P alloy strongly scavenges C by
carbide formation [127,145] leading to a large increase in the P segregation,
therefore, increasing the tendency to embrittlement. However, whether the
decrease in carbon concentration at the grain boundaries is due solely to a
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decrease of C level in the matrix and/or to the attraction of C atoms by Cr has
not been ascertained. No example of case (ii) has been found in the literature, to
date.

If a repulsive interaction exists between i and j (aij<0), and if the
difference between AG! and AG! is not too large, the absolute values of AG! and
AGI decrease and the segregation of both elements is reduced. If one solute is a
weak segregant, the repulsive interaction leads to an increase of the segregation
of the strong segregant (i.e, the weak segregant repels the strong one towards
the grain boundary).

A quantitative determination of the segregation pattern using equation
5.19 is not possible, primarily because of the scarcity of interaction coefficient
data. A qualitative approach can be taken using the formalism of Darken and
Simkovitch [147], which is a very general treatment of high temperature
adsorption of two solutes on the surface of a solvent (a metal), and can therefore
be applied to the particular case of segregation at grain boundaries. Using the

same notation of these workers, if ‘1’ is the solid surface and ‘2’ the solute, the
(Gibbs adsorption relation states that:

o__So, 1 B, (5.20)
2 5 RT dlna

By 2

where I'9? is defined as “the excess concentration of component 2, with respect
to component 1, adsorbed at the interface”, which can be interpreted as the
difference in concentration between the interface and the matrix. Thus,
according to the above expression, segregation is a function of o, the surface free
energy of the system, and pg and ag, which are the chemical potential and
activity coefficient, respectively, of component 2. The addition of a low level of
a third element, 3, to the system leads to the following change in the “excess
concentration” of component 2:

E,
32
,=I-y r (5.21)
2 "2 Y2 3
1+y2822

where y, is the ratio of the number of moles of solute 2 in the bulk over the
number of moles of solvent 1 and g3, is the Wagner interaction coefficient
between the elements 3 and 2, and gy, is the Wagner self interaction coefficient
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of element i (j). Note that the latter two coefficients are equivalent, but not the
same.as, the interaction energy (i.e ajj in equation 5.19) in Guttmann’s model.
Equation 5.21 also holds for component 3, provided that the concentration of
solute 2 is low.

In the ternary Fe-i-j system (using the notation of Seah and Hondros), the
excess of concentration of components i (j) adsorbed at the grain boundaries is
therefore given by:

gb gb  yFe xi Ang (5.22)

where AXiog, (or AXi0y) is the excess of concentration of component i (j) in the
Fe-i (Fe-j) binary system. Analysis of this equation leads to essentially the same
conclusions as Guttmann’s model. If the interaction between the elements i and
j is attractive, g is negative and there is a mutual enhancement of the
segregation of both elements, provided that the difference between AXi0,, and
AXiy is not too large. If the latter occurs, the stronger segregant attracts the
weaker segregant away from the grain boundaries. In the case where thereis a
repulsion between i and j (the interaction coefficient is positive) the segregation
of both elements is reduced, if they are both strongly surface active. Ifoneisa
weak segregant, the interaction repels the strong one towards the grain
boundaries, increasing the grain boundary concentration of the strong
segregant.

Values for g; exist in the literature although mainly for liquid iron at
1600°C [148]. Guttmann [128] has used such values qualitatively in the a-
ferrite phase. He has argued that, in spite of large differences that must exist
between g; in the liquid phase and in the a-ferrite, the sign of these interactions
(i.e. their repulsive or attractive character) is the same, especially if the
magnitudes of the coefficients are large in the liquid phase.

In the present chapter, following in the work of Kagawa and Okamoto
[121] (discussed in Appendix IV), it is assumed that the Wagner interaction
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coefficients in the § phase are equal to those in the liquid phase. This may be
regarded as being an extension of the assumption that liquid phase values have
the same sign as for a-ferrite, and it is possibly a better assumption, because the
temperatures associated with liquid and 8§ phases are much closer. The
interaction coefficients of S, P and C with Cr, Ni and V are presented in Table
5.6. It can be seen that, both Cr and V exhibit attractive interaction coefficients
with these elements, the V/C interaction being particularly strong.
Consequently, since the free energy of segregation of carbon and sulfur is much
higher than those of Cr and V, S and C will show a tendency to be 2.tacted away
from the grain boundaries by Cr and V. In fact it has recently been observed
that the addition of 0.1 wt% Cr in a ferrite greatly reduces the amount of sulfur
in solution by precipitation of chromium sulfides, leading to a decrease in grain
boundary segregation [149]. Also Weinberg [25] has observed a grain boundary
melting temperature close to the solidus for a 0.38 wt% C steel containing 0.88
wt% Cr. Ni exliibits a weak tendency for segregation, which, together with a
repulsive interaction coefficient, could enhance segregation of C and S.
However, Ni exhibits (in absolute terms) a lower interaction coefficient
compared to both C and S. It is thus likely that any effect of Ni on C and S is
largely negated by the cornbined influence of V and Cr. The Wagner interaction
coefficient between phosphorus and Ni is negligible (the effect of V on
phosphorus is unknown since no interaction coeffcients are available).

Thus, the experimental observation that steel S exhibits a ZDT very close
to the solidus temperature (i.e. Solidus-DDE =0) can be qualitatively explained
by the suppression of grain boundary segregation of P, S and C due to
scavenging of these elements by Crand V.,

Although the behaviour of steels A, B and C were semi-quantitatively
explained by the single segregation model, it is interesting to apply the
interaction concept to these steels. This can be done with the help of the
interaction coefficients of the elements C, S and P (Table 5.7) together with their
free energies of segregation (Table 5.3). In the § ferrite phase, the interaction
between the three elements is highly repulsive, therefore, since the energy of
segregation of C is the highest (Table 5.4), C will have a tendency to repel S and
P from the grain boundaries. In the austenite phase, the interaction coefficients
are still repulsive, but, sulphur is the most powerful segregant, followed by P.
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Table 5.6

Wagner interaction coefficients of C, S and P
with Cr, Ni and V. Superscript numbers refer
to references.

£ Cr Ni v

Carbon -5,05 (1481 | 2,85 1148] | .16 [148]
-4.5911211] 3.36 1121

Sulfur -2.28 1148] | Q.85 [148] | -3,26 [148]

Phosphorus |-6.32 [148] | - 005 [148] ?

Table 5.7

Wagner interaction coefficients of carbon, sulfur and phosphorus
and self interaction coefficients. Superscript numbers refer to
references.

£ij
Y dorL Y SorL Y SorL

¢ | 7.07u20 [B09UEN 19 1 nagy| 12013 | 5 4gpiay | 0-9311481
7.740) 6.47 [148] 6.950121}

?

s | 1rpnen (12002 H N s qqmm) 9 | 410
6.47 1148]

P 5.481121] 5.9310 ? 4.1 (148) ? 8.34 [1148]
6.95(148]
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Therefore, C will be reduced from the austenite grain boundaries by the
repulsive interaction with S.

To summarize, in the single segregation and co-segregation models the
important factors which decide whether or not an element will segregate at the
grain boundaries are the intrinsic free energy of segregation of each element
and the matrix composition. In the case of the interaction model, both the free
energy and the interaction coefficient (or interaction energy) must be

considered. Applied to the present steels, the essential features of these
approaches are the following:

i) In 6 ferrite, when competition between C, S and P is considered,
itis shown tbat C segregation predominates.

ii) In austenite, C segregation is much reduced, but still

predominates, and segregation of S and P are increased when
compared to the § ferrite.

iii)The behaviour of steel S (i.e. the observation that Solidus-
DDS=0) can be explained by the presence of Cr and V which
attracts C, S and P from the grain boundaries, thus increasing
the DDS temperature.

54 RELATIONSHIP BETWEEN STRENGTH AND DUCTILITY IN
THE TEMPERATURE RANGE DDS AND ZST

From Table 4.5, it can be seen that the strength corresponding to the zero
ductility temperature (o) is greater than zero. Since the fracture surface of
all the steels but C are completely smooth at the DDE temperature, it is
assumed that the grain boundaries at fracture are liquid. Therefore, for a
reduction of area of zero, the stress corresponds to the surface tension between
the liquid film and the facets of the grains [118]. The maximum stress can be
identified as the stress to overcome the surface tension:

ar
O = g (5.23)
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where opax is the maximum stress correponding to the DDE temperature, I' is
the surface tension and d is the liquid film thickness. For pure iron, I'=1.8 j/m2
and decreases with increasing alloying additions [118]. Following the work of
Rogberg [118], a value of 1 J/m? is used to calculate the thickness of the liquid
film of steels P, A, B and S. It can be seen from Table 5.8 that the film thickness
varies between 0.5 and 8 pm, which is of the same order of magnitude as the
thickness range of 0.25-2pm evaluated by Rogberg [118]. In the present study,
no systematic influence of chemical composition on the calculated liquid film
thickness was observed. (For steel C, the duplex structure 8+ y contains solid &
grain boundaries and therefore equation 5.23 cannot be applied.)

Table 5.8
Mean thickness of grain boundar
liquid film at the grain of steels P,
A,Band S at the DDE
temperatures and oppE.

Steels (K,ﬁ‘:,)g) (pclln)
P 3.5 Y
A 25 8
B 4 5
S 1 2

Equation 5.23 also demonstrates that with a decreasing liquid film
thickness the stress due to surface tension can exceed the stress at the DDS
temperature. It is generally considered that equilibrium segregation extends
over few monolayers [120]. Hence, the thickness of the liquid film at the DDS
temperature should be very small. If, as noted in section 5.1, a grain boundary
thickness of 10-9 m is estirnated (which corresponds approximately to three
times the diameter of an iron atom), the stress necessary to overcome the
surface tension is 2000 MPa. This calculation is certainly an overestimate for
the following reasons:

1) The model employed to represent the grain boundaries is very
simple: 2 disks separated by a layer of liquid.
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ii) The surface tension I' used for the calculation of omax was
chosen to be closed to pure iron, whereas the grain boundary
composition is very different from the bulk,

iii) Although much smaller than in the non equilibrium case, the

actual grain boundary thickness could be larger than that
estimated here [120].

Nevertheless, this simple calculation indicates that the temperature at
the onset of the grain boundary melting (i.e. at very thin liquid film thicknesses)
may be lower than that measured by the simple tensile test.

To summarize, at temperatures below the DDS, the grains are deformed
preferentially because the surface tension due to liquid film at the grain
boundaries is higher than the flow stress of the solid phase. Between the DDS
and DDE deformation of the grains occurs before the surface tension of the
liquid is exceeded. This is observed in steels P, A and B where fractographic
analysis reveals that all the grain boundaries (i.e. fracture surfaces) are smooth
indicating melting, but the grains themselves appear to be deformed. This is
especially clear in steel B when comparing the fracture surfaces due to a RA of
69% (Figs. 4.94 and 4.95) with those corresponding to a reduction of area of 28%
(Figs. 4.96 and 4.97)). In steel C, however, this is not observed (Fig. 4.98); the
reason for this is probably that the behaviour of the y+38 region (i.e. melting
preferentially at the grain boundaries) masks the above effect. Finally, in the
temperature range between DDE and the zero strength only surface tension
contributes to the flow (fracture) strength.
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CHAPTERG6
DISCUSSION

HOT DUCTILITY BETWEEN 800-1300°C

In the temperature zone 800-1300°C, the depth and width of the ductility
trough is related to nitride and carbonitride dissolution and precipitation
processes, carbon content, grain size, and the y/a transformation. The
discussion will therefore be centered on the influence of chemical composition
and pricr heat treatment on microstructural evolution and precipitation
behaviour. In the next section, the mechanisms of embrittlement of low carbon
microalloyed steels in the solid phase is first presented and the influence of
microstructure is outlined. The effect of prior heat treatment on the hot
ductility of each steel is then dnalysed in terms of dissolution, precipitation of
the carbonitrides and nitrides as well as austenite grain growth. The role of
chemical composition (i.e. carbon content and microalloying additions) is
treated in detail with respect to microstructural changes and their effect on hot
ductility.

6.1 MECHANISMS OF EMBRITTLEMENT IN THE SOLID PHASE

As pointed out in the literature survey, poor hot ductility due to
intergranular failure is observed at low strain rates in microalloyed steels
because of the following embrittling mechanisms:

Grain boundary sliding: This takes place at low strain rates, which favour grain
boundary sliding. As a consequence deformation is localised at the grain
boundary [28].

Intergranular precipitation: This process is the main cause of poor ductility in
the single austenite phase because the precipitates act as stress concentration
sites during grain boundary sliding, therefore allowing void nucleation by
decohesion at the grain boundary-precipitate interface. Intergranular fracture
is essentially completed by void growth and coalescence. Apart from acting as
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void initiation sites, precipitates inhibit grain boundary movement, thus
facilitating void nucleation.

As will be shown below, with respect to the steel grades used in this work,
the types of precipitates associated with these effects are nitrides (AIN),
carbides (NbC) or carbonitrides (Nb(C,N)). In the case of precipitation of
Nb(C,N) away from the grain boundaries, matrix hardening occurs and
precipitation free zones are observed in the vicinity of the grain boundary.
These regions of relatively low flow strength will lead to strain concentration.

Ferrite film nucleation: On cooling from a solution temperature to the y/a two
phase region, ferrite nucleates at the austenite grain boundary, and grows as a
thin grain boundary film. Since ferrite is the softer of the two phases, strain
concentration occurs in the ferrite. Thus, ductility is at its lowest when the
ferrite film around the grain boundaries is continuous; a thin ferrite film
thickness leads to embrittlement. Failure occurs by nucleation and coalescence
of voids, generally at the MnS inclusions. Grain boundary precipitation will
aggravate the problem and, in fact precipitation is enhanced because precipitate
solubilities are lower in ferrite. As the temperature decreases, the ferrite film
thickness increases, reducing the strain concentration and increasing ductility.
Ductility is completely recovered, i.e. 100% reduction of area is attained,
generally well before the end of the y—a transformation.

In both the single austenite phase and duplex y+a regions, ductility is
decreased by an increase of grain size. In the former, this occurs because:

1) thereisan increase in the amount of grain boundary sliding [150,151]

2) triple points are obstacles to crack propagation, therefore crack
propagation is easier in coarse grained material [152],

3) the crack aspect ratio is high in the case of a coarse grain size leading to
an overall high stress concentration at the crack tip, which produces a
higher crack growth rate {153]

4) a given volume fraction of intergranular precipitates is spread over a
smaller area in coarse grained material, thus decreasing the mean
interparticle spacing [154].
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A similar reasoning applies to the duplex structure, but in addition, the
smaller grain boundary surface area resulis in a decrease in the rate of ferrite
nucleation. This will tend to widen the trough.

In the single austenite phase, ductility, recovers with increasing test
temperature because of the absence of precipitation and/or the occurrence of
dynamic recrystallisation. Dynamic recrystallization is a restoration process
which takes place during deformation of the austenite at high temperatures
[155]). Grains free of dislocations nucleate at the grain boundaries of the initial
structure, thereby isolating the cracks at the grain boundaries, preventing
coalescence. Thus, the occurence of dynamic recrystallization is generally
accepted as being beneficial to ductility [155-157].

6.2 PRECIPITATION AND DISSOLUTION IN MICROALLOYED
STEELS

6.2.1 Maximum Stress and Precipitation

No direct observation of precipitates was performed in this work, but an
indirect analysis is possible from flow stress. With respect to precipitate
behaviour, the main difference between direct heating and annealing or
sensitizing is that, in the latter two conditions, precipitation is likely to occur
during deformation. In directly heated specimens, precipitates are present, but
it may be assumed that they are too coarse to contribute to the flow stress [96].

In Figs. 6.1 to 6.6, Ag, the difference between the maximum flow stress
after the sensitizing (or annealing) and direct heating treatments is plotted
against test temperature,

For steel P (C-Mn-Al), AIN precipitation is a possibility. However, it can
be seen in Fig. 6.1 that the difference between the maximum stress after
sensitizing and direct heating is smaller than 3 MPa and can even be negative.
Thisindicates that there is probably no precipitation taking place in this steel,
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For steels A, B and C (Figs. 6.2 to 6.4), it can be seen that, in general, Ao
increases quite markedly at the lower temperatures, probably due to the
dynamie precipitation of Nb(C,N) in the sensitized specimens. For these three
grades, at the strain rate of 2x10 s'! (where the lowest ductility is seen) the
stress difference becomes positive below the temperature range 1050-1100°C.
At strain rates of 102 and 10 s, the temperatures at which the stress
difference becomes positive is more scattered, varying in the range 1050-1200°C
for the strain rate of 102 5! and between 975 and 1100°C for the strain rate of
103 s!. The reason for this increased scatter is unclear.

The highest stress differences between direct heating and sensitizing are
seen at 800°C. This is due to the large amount of ferrite formed in direct heating
leading to a structure with a relatively low flow strength. For this heat
treatment, the temperature of 800°C is between the calculated Ac¢; and Acs
temperatures (Table 4.1), and a large amount of ferrite remains untransformed.
On cooling from the solution temperature, the austenite-to-ferrite
transformation begins at the Arz a temperature which is well below 800°C [69].
Note that, for steels A, B and C, the stress difference at 800°C between
sensitizing and direct heating is higher than between annealing and direct
heating. This probably arises because the amount of NbCN available for
precipitation in a fine form is greater in the sensitizing treatment because some
NbCN remains undissolved after the annealing treatment. The presence of
ferrite in the direct heating case complicates the analysis, but it is clear that
once the Acg temperatures have been exceeded (Table 4.1), then any
contribution from transformation induced ferrite can be disregarded and the
stress differences must be due solely to precipitation.

The most interesting observation concerrs grade S where, at
temperatures higher or equal to 900°C, Ao for sensitizing is negative, indicating
an absence of precipitation hardening (Fig.6.5). Only at 800°C is a very high
stress differential noticed, this being due to ferrite, as explained above. The
stress difference between annealing and direct heating shows a similar trend
(Fig. 6.6), although the temperature at which the stress difference becomes
positive is higher and the maximum stress difference is lower than after
sensitizing.
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6.2.2 Activation Energy Calculations

Several workers have established that the relationship between stress,
strain rate and temperature follows the equation {53,96,117,158-161]:

= Ag exp(—2
g=Ao"exp( R’I‘) (6.1)

where o is the stress, & the strain rate, Q the activation energy for deformation
in austenite (T>900°C), T is the temperature and A and n are constants. The
activation energy was calculated using the following two methods:

i) rewriting equation 6.1:

Ino =In(A~Yrglny 4 2 (6.2)

nRT

Q/nR is obtained from a plot of Ino vs 1/T, and n is calculated from the linear plot
between Ino and Iné at constant temperature, which leads to a slope of Q/R, i.e.:

o = In(A = %) 4 ;R% + %tné (6.3)

ii) plotting (from the o-T curves) In¢ against 1/T at constant stress, i.e.:

. n &
ine=In(Ag"™) — RT (6.4)

Both methods were employed to calculate Q for steels P, A, B, C and S
after the direct heating and sensitizing treatments. For example, for steel B,
the lnc versus 1/T curves at the three strain rates and two heat treatments
investigated are presented in Fig, 6.7. In Table 6.1 the mean Q values obtained
from both methods are given, together with n values and the reduction of area at
900°C at the lowest strain rate.
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annealing treatments. The reduction of area at 900°C a

 redustion of area at 500°C after defarmat

steels P, A, B, C and S after direct heating, sensitizing and

r detormation at the strain rate

of 2x10%/s are also shown.

Direct heating Sensitizing Annealing‘

Steel Q RA (%) Q RA (%) Q RA (%)

" [gamote)| S0V | [Gedmole)| o000 | ™ | oedimole)| 20T
P ]5.05 379 36 6.39| 364.5 96 - - -
A [6.54| 3765 62 6.1 | 533.5 37 - - -
B 15.88 383 54 566 422.5 42 - - -
C }6.58 454 54 6.33 404 34 - - -
S 1641 447 66 5.92 511 56 7.14] 4925 84
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It can be seen that there is no clear relationship between either Q or n
values and the existence of a ductility trough. ¥or example, steel P has
approximately the same Q values for both direct heating and sensitizing, but a
marked trough was observed on direct heating whilst excellent ductility
occurred after sensitizing, Nevertheless, there is a noticeable increase in Q for
steels A and B after any condition in which marked precipitation occurs.
However, steel C, which would also show marked precipitation after sensitizing,
gives a lower value of Q. Hence, these calculations show, as other researchers
have noted, that the Q values do not generally relate to the ductility [96]. Note

also that steels with similar n values have very different reductions of area
(Table 6.1).

6.2.3 Precipitation Analysis of Previous Hot Ductility Investigations

A systematic survey of the published data concerning precipitation in hot
ductility studies was performed in order to determine the types of precipitates
likely to be present in the steels in this work, Of particular interest is the size
and distribution of the precipitates.

6.2.3.1 C-Mn-Alsteels

Table 6.2 summarises the data on precipitation found in the literature for
C-Mn-Al steels. The chemical composition is given, together with the prior
thermomechanical treatment undergone by the sample, i.e., solution
temperature, cooling rate to the test temperature, predeformation between the
solution temperature and test temperature (if any), and the testing conditions
(test temperature, holding time prior to deformation and strain rate). Finally,
the results of the precipitate analysis (type and size of the precipitates, and the
interparticle spacing) at the grain boundaries and within the matrix are
presented. From these published results it appears that AIN particles have
been observed in Al bearing steels, depending on the chemical composition and
thermomechanical history.
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thermomechanical treatments. ST, PT, TT and HT stan

Table 6.2

o

e, size and interparticle spacing of precipitates in C-Mn-Al steels for different chemical compositions and

or Solution Temperature, Predeformation Temperature,

Test Temperature and, Holding Time, respectively. Data taken from the literature.

Chemical Composition

Thermomechanical Treatment

Precipitate Analysis

(wt%) Solutionizing Predeformation Testing Grain Boundaries Matrix
. ST |HT|CR.| PT | HT | ¢ e TT | HT e RA | type | size [inter.] type | size
Ref| C | Al | Ti N °C min C/mn] °C |(min)| % 5-1 °C [(min)| sl % nm { nm nm
850 65 AIN 35 - none -
1000 88 AIN 55 - none -
70 1.151(.017 - 004 5 60 - - - - 850 5 3x10-3

>1000 >90| none - - none -

96 { .15 |.017| - 006 850 15 - - - - - 860 ¢ 15 | 3x10-3{ 46 AIN 39 32

1050 |15) - | - | - | - | - |50 15 |3x103| 80 | AIN | 51 | 84
66 } .15 |.032} .002 | .004 | 1350 5 60 - - - - 750 ? 5x103 } 38 none - - none -
5 60 1050 - 7?7 I5x103] 7501 ? | 5x103{ BO | none - - none -
31 }.175|.017-|.0004 | .008-] 1350 3 45 | 900 3 0 0 102¢6| ? [1.4x10-3) 100 [ none - - none -
.03 .02 900 | 10 0 0 11020 ? W.4x10-3{ 100 | none - - none -
800 | 120 0] 0 1020 ? [1.4x10-3] 43 AIN | 100* | few JTIAICN{ 100
19 | .21 .03 - .012 | 1300 10 | 140 - - - - 800 1 |.B3x10-3| 50 AIN ~104 250 none -
- 800 | 120 |.83x10-3[ 425 | AIN ~200Q 500 | none -
11001 120 800 1?7 |[.83103(| 95 AIN ~b0 - none -

*Length of the AIN dynamically precipitated.**Some coarse AIN particles were also found.
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Direct heating

AIN precipitates have been generally detected at the austenite grain
boundaries and not in the matrix {71,96]. Thus, in steel P, the ductility trough
in the austenite phase is caused by the AIN precipitates inherited from hot
rolling, preventing the grain boundaries from moving and providing sites for
nucleation of cavities. In the temperature range 950-1000°C, precipitate
coarsening allows the grain boundaries to migrate, thus restoring the ductility.

Annealing and sensitizing

Annealing and sensitizing, although coarsen the grain size, improve hot
ductility because the sluggish kinetics of AIN precipitation lead to grain
boundaries which are relatively precipitation free [19-21,24,30,31,35,38-
40,46,51,66,68-71,76]. This is consistent with the analysis of the previous
section, where the low stress difference between the maximum stress after
direct heating and sensitizing (or annealing) is an indication that no
precipitation has occured. For these two heat treatments, a ductility trough
would be expected to occur on phase transformation, which cccurs at
temperatures below the range examined.

6.2.3.2 C-Mn-Al-Nb steels

For C-Mn-Al-Nb steels, the precipitation data taken from the literature is

presented in Table 6.3. The type of particles detected in these steels are mainly
Nb(CN).

Direct heating

On direct heating, at 850°C, AIN particles have been observed at the
grain boundaries and NbCN in the matrix and at grain boundaries. For both
the AIN and NbCN particles at the grain boundaries, the particle size is
typically 10 to 35 nm and, in the case of Nb(CN), between 5 and 10 nm in the
matrix [71].

Annealing

As can be seen in Table 6.3, niobium carbonitrides precipitate both
within the matrix and at the grain boundaries, but because of sluggish kinetics,
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Table 6.3
Type, size and interparticle spacing of precipitates in C-Mn -Nb-Al steels for different chemical compositions and
thermomechanical treatments. gT, PT,TT gna HT stand tor Solution Temperature, Predeformation Temperature, Test
Temperature and, Holding Time, respectively. Data taken from the literature.

Thermomechanical Treatment Precipitates Analysis
Chemical Composition - - -
(Wt%) Solutionizing Predeformation Testing Grain Boundaries Matrix
. ST. [HT.JCR.IPT.| ¢ e {TT (HT.] ¢ RA | type | size }inter.| type | size linter.
Reff C | Al |Nb | Ti | N °C |min [C/mny °C % s1 | °C [(min)| st % nm | nm nm | nm
301 .1 |.036].026] - |.0075]|1560| 5 {100 ] - - - J900] 5 |5x103} 42 | NBCN | 25 50 | NbCN | 20 -
105091 5 | 5x10-3 | 92 { none - - NbCN | 45 -
169 .14 [.025].038] - [.0024}1300) 10 | 120 - - - 800 i 5x104 | 14 | NbC |[coarse] - NbC ~nm| -
NbCN jcoarse] - NbCN | ~nm -
1300 10 | 120 { 800 | 10 }4x10-4| 800 .8x10-1} 20 | NbC ([coarse NbC ~nm| -
NbCN [coarse NbCN [ ~nmj -
1300| 10 | 120 | 800 | 10 |[4x10-4|1100 .8x10-1 | 70 | NbC [coarse NbC | 500 | -
NbCN Jcoarse NbCN } 500 | -
71 ].12].017|.034| - |.010 | 850 | 5 60 - - - B50| 5 |3x103 | 52 | NbCN | 35 - NbCN | 5-10 | -
AIN 35
1100} 5 | 60 - - - 80| 5 {3x1031] 80 - - - [NBbCN| T0 -
1200-
1360| 5 | 60 - - - 850 | 5 |[3x103| 25 [ NbCN{ 10 - |NbCN | <10} -
38 [ .14].038(.041 - | .006 {1560] - 60 - - - 950 - |1.3x10-2} 70 { NbCN | 10- - NbCN | 10- -
20 | 20
66* | .14 {.039}.039(.004| .006 |1350| 5 | 60 - - - 850 - |5x103| 32 |[NbCN?] 5 - |INBCN?| 5 -
5 60 |1050| 7 |[5x10-3} 850 5x10-3 | 70 | NbCN 20-150 - NbCN RO-1506) -
47 | .12 |.015].035) - .010 }1330§ 10 | 60 - - - 870 5 |3x103} 25 | NbCN | 15 60 | NbCN 7
eycl*¥ - - - 8701 5 |[3x103| 18 [NbCN | 15 60 {|NbCN | 7
60 - - - 1650 5 |3x103) 95 | NbCN | 45 150 |{ NbCN few
eyel* - 1 - | - l1050] 5 [3x103] 25 |NbCN| 35 | 80 | NbCN few

*These workers do not mention if the precipitates are intergranular or within the matrix, **Cyeclic cooling.
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Type, size and interparticle spacing of precipitates in C-Mn -Nb-Al steels for differen

thermomechanical treatments.

Table 6.3 (continued)

§T, PT TT ana] HT stand for Solution Temperature, Pred

§.9

t chemical compositions and
eformation Temperature, Test

Temperature and, Holding Time, respectively. Data taken from the literature.
Thermomechanical Treatment Precipitates Analysis

Chemical Composition

(wi%) Solutionizing Predeformation Testing Grain Boundaries Matrix
. ST. |[HT.|CRIPT.| ¢ ¢ |TT.|HT.| & |RA| type | Size |inter.] type | Size finter.
Ref| C | Al } Nb | Ti N °C |min [fC/mn] °C % s-1 °C |{min)} s % nm { nm nm | nm
19 1.21 ]|.012].0556] - [.0027§1300f 10 | 140 - - - 800 | 120 |.83x10-3] 25 { NbCN 50-100] 200 | NbCN | 3-9 -
38 1.16 | - |.032 009 1330} 10 | 60 - - - 850 - 3x10-3 | 35 f NbCN | 19 300 | NbCN ? ?
44 | .14 }.022].038) - .006 11330) 5 60 - - - 850 - 3x10-3 | 35 | NbCN | 14 300 | NbCN ?
.0721.035| - [.00567}1330| 5 60 - - - 850 - 3x10-3 | 20 [ NbCN g 60 | NbCN ?
49 | .16 | - |[.032 .009 |1330] 10 | 60 - - - 850 - 3x10-3 | 35 [ NbCN | 19 300 } NLCN ? ?
49 ]1.16 |.049[.042| - {.0062]1330| 5 60 - - - 850 - 3x10-3_ 35 | NbCN ~9| ~60] NbCN | fine -
1500 - - - 850 - 3x10-3 ] 21 | NbCN 6 30 { NbCN | fine -
96 | .12 |.015].034] - 010 | 850 | 15 - - - - B850 - 3x10-3 | 43 | AIN- 45 64 | NBCN | 30 -
105¢| 15 - - - - 1050 - 3x10-3 | 55 | NbCN | 58 127 a5 -

*These workers do not mention if the precipitates are intergranular or within the matrix, **Cyeclic cooling

G0z
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no AlIN precipitates have been detected. Typically, for cooling rates in the range
60-120°C/min, the grain boundary particle size varies between 10 and 50 nm.
This particle size range is associated with a reduction of area values between 25
and 40% for a strain rate of 103s! and for the temperature range 800-900°C.
Under the same testing conditions, the size of the particles in the matrix is very
fine, in the range 5-15 nm. Again, this confirms that the Ac increase seen
earlier may be due to precipitation.

Sensitizing and melting

On cooling irom the melt a particle size of 25 nm was measured for NbCN
at the grain boundaries aud 20 nm within the grains, this value is comparable to
those observed after annealing [30]. No AIN was detected.

6.2.3.3 C-Mn-Al-Nb-Ti steels

Precipitation data from hot ductility work on Nb-Ti bearing steels is
sparse. For these chemical compositions, two types of precipitates are expected:
NbCN and TiN, but mixed precipitates of NbTiCN and NbCN particles are
actually observed, as can be seen in the compiled data presented in Table 6.4,

Several publications exist where NbTiCN precipitates were analysed in
continuously cast [162-165,167] or rolled [162,166,167] products. These
investigations are relevant for the direct heating treatment because steels A, B
and C were received as rolled, and grade S as cast. Thus, the precipitates in the
temperature range 800-900°C are inherited from the prior thermomechanical
treatment (i.e. hot rolling for steels A, B, and C, as cast for steel S).
Furthermore, included in Table 6.4 is precipitation data from one investigation
[166] which examined the precipitates present after a thermal cycle treatment
simulating the heat affected zone (HAZ) during welding, where the annealing
temperature and cooling rate were similar to the annealing treatment used in
the present investigation.

Direct heating
In as cast (CC conditions) material containing 0.075 wt% C, 0.011 wt% Ti,
0.04 wt% Nb and, 0.006 wt% N, four types of precipitates have been found at
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Type, size and interparticle spacin

Table 6.4

B

gof preci%itates in C-Mn-Nb-Al-Ti steels for different chemical compositions and

thermomechanical treatments. ST, PT, TT and HT stand for Solution Temperature, Predeformation Temperature, Test

Temperature and, Holding Time, respectively. Data taken from the literature.

Thermomechanical Treatment

Precipitates Analysis

Chemical Composition - - -
(witb) Solutionizing Predeformation Testing Grain Boundaries Matrix
. S.T. [HT.|CR.|PT.| ¢ ¢ |T.T. |H.T. £ RA | type { Size |inter.| type | Size linter.
Ref{ C | AL | Nb} Ti | N °C |minfC/mn] °C | % g1 °C |(min}| s % nm | nm nm { nm
30 |.115].023.023] .02 | .008 ]i560) 5 | 100 - - - 900 5 5x10-3 | 48 [NbTICN[l=100] 130 NbTIiCN| 15 -
80% Nb|e=40
30 }.115(.023(.0231 .02 | .008 |1330| 5 | 100y - - - 850 | 5 |5x103| 69 | none - . TiN 40 -
169§ .14 |.036|.034|.019{.001211300{ 10 | 120 | 800 | 10 [4x10-4] 900 | 10 [.83x10-1f 60 | NbC | fine - NbC | fine
TiN [coarse
44 | .14 [.035( .04 [ .04 |.00431330| 10 | 60 - - - 750 - 3x10-3 | 43 | NbC 16 60 ? ? ?

L0g
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room temperature, all of which are mixed Nb-Ti particles. They can be
classified in terms of shape and diameter [164]:
(i) d<20 nm, small TINbCN (Nb rich) carbonitride particles,
roughly spherical
(ii) 20<d<50 nm, polyhedral or cuboidal Ti rich TiNbCN
particles located at prior austenite grains;
(iii) 50<d <200 nm, cuboidal, small dendritic or angular; Ti rich
TiNbCN particles
(iv) d>200nm, dendritic or angular Ti rich TINbCN particles).

Type (i} nuclei are believed to form in the lower part of the austenite
range, the spherical shape strongly suggesting a INb rich phase mixed with some
Ti. Another analysis performed on as cast steels with similar compositions
confirms these observations except that only precipitates larger than 20 nm
were detected (165]. The regular solution model used by these workers predicts
that precipitation starts with TINbCN in the high temperature range followed
by epitaxial growth of NbCN on TiNbCN particles in the low temperature
range.

The evolution from as-cast precipitates to precipitates in hot rolled steel
occurs via the transformation of the particles to a Ti rich compound of the form
TixNb(1.x)N during soaking. This is followed by the precipitation of Nb rich
particles during controlled rolling, either epitaxially on the TiNb(N) particles
[168] or independently [162]. The result is a particle distribution of cuboidal
TiNb(N), between 20 and 200 nm and spheroidal precipitates (d<20 nm) which
are predominantly Nb(C,N) but containing some Ti,

Annealing '

In general the presence of a fine intergranular network of NbC particles
[44,169] with a fine NbC and coarse TiN precipitation within the matrix [169] is
observed after annealing and deformation (Table 6.4). However, it should be
mentioned that in one study [30] no NbC particles were detected at the grain
boundaries but TiN was observed in the matrix.

A study of the heat affected zone (HAZ) after a weld thermal cycle similar
to that used during annealing [166], shows that the mixed TiNbCN particles
inherited from the as-cast or as-rolled structure evolve towards an equilibrium
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composition, which can be predicted using the model of Houghton et al.
[162,167,170]. With increasing annealing temperature the precipitates are
enriched in Ti and show the cuboidal morphology characteristic of Ti-rich
precipitates. On subsequent cooling to the test temiperature and deformation,

NbCN particles precipitate either epitaxially [168] «n the existing TiNbCN, or
independently.

Sensitizing and melting

Only one study has been carried out on C-Mn-Al-Ti-Nb steels following
prior melting and deformation at 900°C [30]. Here, there is evidence of complex
NbTi(CN) precipitates with 80% Nb, both at the austenite grain boundaries and
within the matrix. The intergranular precipitates were found to be elongated in
shape (100 nm length and 40 nm width), i.e. coarser than those found in Nb
bearing steel (Table 6.2) [30], leading to improved ductility. Particle analysis of
the fusion line of a weld has also revealed the presence of large cuboidal Ti rich

precipitates (~45nm), with some spheroidal Nb particles which have grown on
TiN [168].

As noted earlier, melting and sensitizing treatments differ in that the
former leads to non-equilibrium segregation during solidification, therefore
producing coarse particles, as observed as-cast material [162,164,165].
Although there is no precipitation analysis of specimens of Nb-Ti bearing steel
available, it can be assumed that sensitizing will lead to an homogeneous solute
distribution. The fast cooling to the test temperature used in the present work
is likely to lead to fine precipitation of TilN particles on which NbCN grows
epitaxially or precipitates independently [168].

From this survey, the type of precipitates likely to be present in the
grades used in this work are listed in Table 6.5. Knowing the compositions of
each steel, and the solubility products for the precipitates present, solution
temperatures can be calculated as shown in the next section.



Precipitates present in the investigated steels after direct heating,

Table 6.5

annealing and, sensitizing treatments.

Direct Annealing Sensitizing
Steel heating

(900°C) | 1330°C | 900°C 1480°C | 900°C
P AIN none none none none
A TiNb(CN) | TiNbCN | TiNb(CN) few TiN
NbC NbC large TIN| NbC
B TiNb(CN) | TINbCN | TiNb(CN) few TiN
NbC NbC large TiN NbC
C TINb(CN) | TiNbCN | TiNb(CN) few TiN
NbC NbC large TIN{ NbC
S TiNb(CN) | TiNbCN | TiNb(CN) few TiN
1\\]'}30(‘) NbC large TIN | NbC

210
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6.2.4 Solubility Products and Precipitation Kineties of Carbides,
Nitrides, and Carbonitrides

6.2.4.1 Simple precipitates

In the absence of solubility equations concerning complex precipitates
such as NbTiCN, those equations established for simple precipitates (i.e TiN,
NbC, NbCN, VC) could be used to calculate precipitate dissolution
temperatures. The solubility products of the carbonitrides which can be
observed in the present steels are given in Table 6.6.

The following should be noted:

NbCq g7 and NbCyN,

In Nb bearing steels, NbCN precipitates are observed in preference to
NbC, but, because of the presence of Ti, most of the nitrogen is combined with Ti
and NbC may form. However, since some N remains in solution, NbCN can
eventually precipitate. Therefore, the dissolution temperatures of both NbC
and NbCN are calculated for comparison (section 6.2.4.3). Liu [171] has
compiled different formulae for dissolution of NbCy precipitates, but only the
equation relating to austenite alloyed with manganese [172], has been used

here. Both equations of Irvine et al. [173] and Mori et al. [174] were employed
for NbCxNy (Table 6.6).

TiN
Of the solubility products available for TiN [171], that of Matsuda and

Okamura [175] was regarded as being the most appropriate. It is applicable up
to 1450°C for steels containing 1.5 wt% Mn and 0.3 wt% Si.

6.2.4.2 Complex precipitates

Experimental evidence shows that Ti, Nb, C and N form a continuous
solid solution with Ti and Nb on substitutional sites and C and N in the
interstitial sites in the structure (NaCl) [176] of the carbonitride [162-167,177].
The formation of such a precipitate can be expressed as follows:
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Solubility products of Al, Nb, Ti, and V nitrides, carbides, carbonitrides.

Temp. range

Log(M)(I)x=A+B/T

Precipitates C) - N > Ref
AIN 900-1350 1 1.03 -8770 178
NbCy« 900-1200 0.87 3.11 -7520 172
Nb(C +12/14N) 900-1300 1 2.26 -6770 173
NbCp.7Nop.2 1000-1300 0.7 4.12 -9454 174
TiN 1250-1450 1 0.32 -8000 175

VCyx 920-1150 0.75 4,24 -7050 178
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(1 —xNb+xTi+(1 —y)N+yC=Ti Nb. CN (6.5)
x l-x"y 1-y

Here, homogeneous equilibria both within and between isolated
precipitates in Fe solution, and a regular solution are required in order to
evaluate the solubility. The calculation incorporates the influence of the free
energy of mixing of the precipitate into the solubility relationships.

The cumulative precipitation sequence of a steel of chemical composition
close to steel A (0.05 wt% C, 0.01 wt% N, 0.05 wt% Nb and 0.01 wt% Ti) is
illustrated in Fig, 6.8 [170]. For example at 1000°C the mole fraction of Ti is a,
the mole fraction of N is (a +b), the mole fraction of Nb is (b+c¢) and finally, the
mole fraction of C is ¢. In the mixed compound TixNb;.x(CyN1.y), the atom
fraction x of Ti is given by the ratio a/(a+b+c¢), and y, the atom fraction of
carbon, is ¢/(a+b-c). Therefore, with this method the composition of the mixed
carbonitride is known at any temperature.

As seen in Fig. 6.8, the precipitation of the complex compound
TixNby x(CyN1y) initiates at extremely high temperatures due to the high
stability of TiN. It can thus be considered that TiN essentially acts as a
“stabilizing” agent for Nb(Cy,N1.y), which will not normally precipitate at
temperatures greater than 1200°C. Thus, on subsequent cooling from any
annealing temperature, since the mole fraction of TiN changes little, the
precipitation reaction effectively involves only Nb(C,N). Above 1400°C, the
amount of Nb combined with Ti can be considered as negligible and the
precipitates are basically TIN. The influence of C and Nb on the Fe-Nb-Ti-N-C
system with 0.01 wt% Ti and 0.01 wt% N, is displayed in Figs. 6.9 and 6.10,
respectively. Increasing the carbon and niobium content increases the stability
of TixNb1.x(CyN1.y) precipitates i.e. Nb goes into solution at a higher
temperatures.

6.2.4.3 Precipitate dissolution temperatures and volume fraction

With the help of the solubility products given in section 6.2.4.1 it is
possible to calculate the temperature of dissolution of the precipitates present in
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Fig. 6.8: Cumulative mole fraction and precipitation sequence in Fe-Ti-Nb-C-
N and in Fe-Nb-C-N of nominal composition: 0.01 wt% Ti, 0.05 wt%
Nb, 0.01 wt% N, 0.05 wt%C [170].
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the investigated materials. In addition, the volume percent (VP) of XY
precipitates (X=metal, Y=non-metal) at 900°C was calculated using the
following equation [178]:

p. M
vP=—t 2y x1= Af%X] (6.6)
p X

Where p is the density, M the molecular mass, and [%X] is the
concentration of metal precipitated in mass percent. The proportionality
factors, A, for AIN, NbCy, TiN and VC, are reported in Table 6.7. For
TixNby xCyN1.y precipitates, the density is not available in the literature, but
can be calculated in the following way: TixNby. xCyN1_y has the same
crystallographic structure as NbC, NbN, TiC and TiN and because of this it is
assumed here that Vegart’s law can be applied to density (see Appendix VI),i.e:

Pri nn. CN. ZRPpetyl=2pg txl—yogy+A -0 -y (6.7)
x {l=x)"y (1—y}

Thus, for example, when x=0 and y=1 then DrixNb1.xCyN1.y = Papg:  Lhe
coefficient A in equation 6.6 for NbCp 7Ng. 2 was also calculated with the method
described above and is reported in Table 6.7.

Having determined the precipitates that are likely to be present in the
various heat treated conditions and their respective solubility products, these
data are used, below, to examine how the precipitates behave under the
different thermal cycles. The dissolution temperatures for the precipitates are
given in Table 6.8, along with their volume percent at 900°C, i.e. in the ductility
trough.

Steel P

According to Table 6.5, only AIN precipitates can be present in steel P
following the direct heating treatment. Since the dissolution temperature is
calculated to be 1126.5°C, the AIN particles should be completely dissolved after
annealing or sensitizing. On cooling to the test temperature, according to the
literature, it appears that, in the C-Mn-Al steel (P), the holding time (3 min)
prior to deformation is too short to allow static precipitation [83,179] of AIN.
Moreover the Al level is too low for the occurrence of dynamic precipitation of
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Dissolution temperatures (°C) and volume percent of Al, Nb, Ti, and V

Table 6.7

A coefficents for AIN, NbC, NBCN

. TiN, and VC precipitates.

Precipitates A Ref

AIN 3.66 | 178

NbCy 1.15 | 178
Nb(C+12/14N) - -
bCp7No 9 1.12 -

TiN 1.87 1 178

VCx 1.60 | 178

Table 6.8

nitrides, carbides, and carbonitrides.

217

Precipitates P A B C S
AIN 1126.5 - - - -
VP of AIN (900°C) | 0.0402 - - - .
NbCy - 1063.5 1094 1126 1020.5
VP of NbCy - .0286 0301 0322 0170
(900°C)

Nb(C+12/14N) - 1110 1149 1192 1057
NbCo.7No.2 - 1100.5 1120.5 1142 1059.5
VP (900°C) - .0312 0317 0321 0200
NbCo.7No.2 -

TiN - 1629 1629 1629 1571
VP of TiN (900°C) - 0242 0242 .0242 0242

VCx - - - - 863
VP of VCx (800°C) - - - - 0905
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AlN in the austenite [180,181]. Therefore AIN will not reprecipitate at the test
temperature or during the test.

Steels A, Band C

According to the literature, the particles likely to be seen following a
direct heating treatement are TiNbCN (i.e. cuboidal Ti rich precipitates) and
NbC (Table 6.5). However, the dissolution temperatures and volume fraction of

precipitates in these steels were calculated assuming the presence of single
precipitates (i.e. only NbCN and TiN are present) or complex precipitates
TiNbCN for comparison.

i) simple precipitates
From Table 6.8 it can be seen that all the Nb is in solution at the
temperature of 1200°C. Thus, according to this model, all the NbCN particles
are dissolved at the annealing and sensitizing temperatures.

The dissolution temperature of TiN predicted by the solubility product of
Matsuda and Okamura {175] is much higher than the upper limit of the
temperature range of their studies. For such temperatures, Turkdogan [178]
claims that the solubility product of an XY, compound in the § (or a) ferrite (Kg)
phase can be determined from the solubility product in the austenite (K)
through the following equation:

%X1.[%Y ]}
kxR (6.8)

B V1K) [BY T

where [%X]s/[%X]y is given in the work of Turkdogan [178] for Ti and N. The
solubility product becomes:

LogK;=LogK +0.180 -2020/T+0.93 = — 10020/T+1.43 (6.9)

When applied to steels A, B and, C, the dissolution temperature of TiN in
these materials is 1614°C and 1566°C for grade S, temperatures which are not
very different to those calculated with the solubility product of Matsuda and
Okamura [175] (Table 6.8). These values are above the solidus of steel, and
therefore indicate that in the present experimental work, the TiN particles are
never fully dissolved even at the sensitizing temperature.
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The amount of nitrogen remaining in solution after combining with Ti,
rather than the total nitrogen, was used to determine the dissolution
temperature of NbCxNy particles. The solubility product of TiN (Table 6.6)
gives values for N in solution of 0.00625 wt% for steels A, B and C, and 0.0045
wt% for grade S. These can be considered as constant in the temperature range
800-1100°C. For steels A, B and C, NbCN precipitates out at about 50°C higher
than NbCy. From Table 6.8 it can be seen that, for all the grades, Nb is
completely in solution at the temperature of 1200°C. Thus, according to this

model, at the annealing and sensitizing temperatures all the NbCN particles
are dissolved.

In contrast to AIN, NbCyNy will reprecipitate after annealing or
sensitizing. NbCxNy precipitation in undeformed austenite has been found to
be sluggish [182,183] requiring an incubation time of approximately 30 min at
900°C in a 0.04 Nb wt% steel [183]. Therefore, the holding time prior to

deformation is too short to allow static precipitation of NbCyNy in steels A, B, C
and S.

In deformed austenite, the precipitation start time has been found to
occur between 10 and 50 s at 900°C [184,185]. Thus, it is expected that the
decrease in ductility observed in steels A, B and C after annealing or sensitizing
is due to the dynamic precipitation of NbCyxNy.

ii) complex precipitates

According to Table 6.5, TINbCN and NbC precipitates are present
following a direct heating treatment. An estimation of the chemical
composition, mole fraction and volume percent of the TixNbj.xCyNi.y
precipitates can be done graphically (Fig, 6.8) based on the work of Houghton
[170] at 900 and 1330°C (annealing temperature). The results, presented in
Table 6.9, show that at 1330°C not all the Nb is in solution, in contrast to the
predictions of the non mixing model. For example, this model predicts the
following composition for steel C at the temperature of 1330°C:
Tio.89lNbg.11C0.06N0.94. This observation is important with respect to the
annealing treatment, i.e. not all the Nb is available for reprecipitation at the
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(VP) of TiyNbj_xCyN1.y precipitates at 900 and 1330 °C. Steels A, B and
900°C 1330°C
Steel
MF F
X y (10_4) VP X hi (1M0.4) VP

A 049 | 0221 | 3.07 |1 0.054 | 0.89 | 0.06 | 1.60 | 0.026
B 047 } 0.285 ] 3.19 |0.0565| 0.87 | 0.08 | 1.64 |0.0265
C 0.47 } 032 | 3.22 ]0.0565| 0.83 | 0.13 | 1.72 | 0.029
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test temperature, because it is combined with some TiN. Although the model of
Houghton cannot predict the composition of the complex above 1400°C, it can be
seen in Fig. 6.8 that above 1400°C, the composition of the precipitate is very
close to pure TiN. To the author’s knowledge no data conceruning the
precipitation kinetics of TixNbj xCyNj_y are available,

Steel S
Finally, in steel S, the same types of precipitates as grades A, B and C are
expected. In addition, VCg 75 particles are present on the direct heating

treatment, and can reprecipitate out at 865°C after annealing and sensitizing
[186,187].

6.3 AUSTENITE GRAIN GROWTH IN MICROALLOYED STEELS

Austenite grain size in the temperature range 900-1400°C

The austenite grain size of rolled samples of the C-Mn-Al steel {(grade P,
Fig. 4.63) and C-Mn-Nb-Al-Ti steel (steels A, B and C, Fig. 4.64) after direct
heating to 900°C is between 7 and 8 pym. In microailoyed steels the so-called
grain coarsening temperature corresponds to partial dissolution and growth of
precipitates, which renders them less effective in pinning the grain boundaries
[188]. The grain coarsening temperature of the C-Mn-Al steel is between 1100
and 1200°C (Fig. 4.63), compared to 1050°C observed by Cuddy and Raley for a
steel having the same AlxN product [188]. The difference could be due to the
smaller initial grain size in the present study, (7-8 ym compared to 15-20 pm),
which implies a smaller AIN particle size and/or a higher precipitate density
[188]. The longer annealing time employed by these workers (30 min. compared
to 10 min.) may also explain the higher grain coarsening temperature via
precipitate coarsening [189].

Due to the pinning effect of the Ti rich precipitates, grain coarsening
takes place at temperatures greater than 1330°C for grades A, B, C and S. This
temperature is also higher than other values reported in the literature
[167,188], but may again be explained by the shorter holding times in the
present examination.
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Following the direct heating treatment, the initial larger austenite grain
size of steel S compared to grades A, B and C is probably due to the fact that the
size of the precipitates is likely to be smaller and their density larger in the as-
rolled structures [162,166] than in the as cast structure [164].

In its simplest form the relationship between grain diameter (D),
particles diameter (d) and, volume fraction (fy) of precipitates according to the
Zener model is given by [188]:

d
D=i— (6.10)
f

v

where C is between 2/3 [183] and 1/6 [190]. Knowing the volume fraction of
precipitates at a given temperature and the mean austenite grain size, the mean
particle size can be estimated. For example, applied to steel P (C-Mn-Al), using
the data given in Table 6.8, the corresponding AIN particles size at 900°C is
between 7 and 28 nm. In the case of grades A, B and C the calculated diameter
of the precipitates falls in the range 6 and 24 nm which emcompasses the 8 nm
of TixNbi.xCyN1.y precipitates observed in rolled plates by Suzuki et al. [166].
These calculations show that the precipitate size is very fine at 900°C (in the
region of the trough).

Austenite grain size in the temperature range 1400°C-ZDT

From the grain size measurements performed at 1300°C (Fig. 4.63), the
high temperature grain size (i.e. above 1400°C) of steel P is expected to be large,
between 400-500 pm. Therefore, it is also expected that at the DDS
temperature, the grain facets on the fracture surface should be also large.
However, the grain size measurements of Fig. 4.63 were performed only in the
single y phase. When the y transforms to 8, the 8 grain size at the end of the
transformation will be smaller than the prior y, because there is more than one
8 nucleation site per austenite grain. Note that Anger and Dubé [191] have
observed a grain refinement of austenite after the transformation of a coarse a
ferrite structure to austenite. Thus, on the fracture surface of all the steels (e.g.
Figs 4.88 and 4.89) many small grains can be seen.
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The appearance of these smaller grains on the fracture surface could also

be due to the onset of dynamic recrystallization occuring just before rupture.
However this is not likely to occur because;

(i) Atthe time of rupture the grain boundaries are melted, and

(ii) Wray (82) claims that no dynamic recrystallization occurs in the §
phase; this is supported by examination of the flow curve between
1480-1490 (Fig. 4.44) where no peak is observed.

Similarly, although no grain size measurements between 1400 and
1500°C were carried out on steels A, B and C, a grain size of about 450 pm would
be expected in Nb-Ti steels [167,192] since above the grain coarsening
temperature the pinning effect of TiN precipitates is relieved [188]. However,
as for steel P, steel A (Figs. 4.90-4.93), and steel B (Figs. 4.94-4.97), clearly show
smaller grains than might be expected.

The grain growth of steel C in the proximity of the DDS temperature,
after a direct heating treatment, is much higher than for grades A and B (Figs.
4.91,4.95 and 4.98). The y/6 transformation start temperature in grade C is 10
to 15°C higher than the other steels (Table 4.2), allowing more grain coarsening
than in grades A or B. There is also a possible pinning effect of y grain growth
by 8 in steels [20]. According to the Fe-C phase diagram (Fig. 4.8) the proportion
of y /8 phases can be estimated at 1475°C using the lever rule. For a carbon level
of 0.1 wt% (grade B), the percentage of y and 8 is 55 and 45 %, respectively,
compared to 92 and 8 % for a C concentration of 0.12 wt% (grade C), very close to
the peritectic composition. This lower amount of § implies a lower pinning
effect, thus allowing much greater grain growth in the y+8 two phase region
prior the completion of the y to § transformation. Therefore, the higher
temperature of the y/8 transformation together with the lower amount of 8
phase can explain the larger grains observed in steel C.

The above arguments could also explain the grain coarsening behaviour
of steel S, because the presence of Ni/Cr/V, has increased the onset of the y/8
transformation by 6.5°C compared to steel A (Table 4.2), This difference would
seem rather small to explain this grain coarsening behaviour, although
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Weinberg has observed that grain coarsening could take place in an 0.06 wt% C
steels over a temperature range of 8°C [25].

Alternatively, Lucke and Detert [193] have developed a theory of the
grain boundary motion in the presence of impurities, based on grain boundary
segregation, which can be summarized as follows. For a high solute level at the
grain boundaries, the grain boundaries are held back by the solutes and their
rate of migration is controlled by the speed of diffusion of the foreign atoms. For
low concentrations, the grain boundaries cannot be held by the solutes,
breakaway occurs and the interface moves much faster. Since steel S has been
shown to have a much lower grain boundary solute concentration (section 5.2.2),
grain growth is relatively easy. '

6.4 INFLUENCE OF HEAT TREATMENT ON HOT DUCTILITY

On the basis of the previous sections the hot ductility behaviour of each
steel following the three heat treatments employed (direct heating, annealing
and, sensitizing) is analysed.

Steel P

In the 800-1300°C test temperature range, an increase of prior heat
treatment temperature (i.e. going from direct heating, through annealing and
up to the sensitizing treatment) increases the ductility of steel P (Fig. 4.22).

The microstructural characteristics associated with the direct heating
tieatment are:

(i) the precipitates are inherited from the previous thermomechanical
treatment (i.e. hot rolling), and

(i1) the microstructure transforms from the a-ferrite phase to y, as opposed
to transforming to a-ferrite from austenite.

Because the transformation is from ferrite to austenite, the
embrittlermnent based on the presence of thin film of ferrite at austenite grain
boundaries will not occur. Nevertheless, the decrease in ductility at the low
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temperature side of the ductility trough appears to be associated with the final
stages of the a-y transformation (837°C). In the early stages of the a-y
transformation, where austenite presumably exists at ferrite grain boundaries,
the duplex microstructure is able to accomodate the deformation, even if, as
anticipated, a dense network of fine precipitates is present within the material.
This occurs because ferrite is softer than austenite and is not present as a grain
boundary film. As a consequence the deformation is localized mainly within the
ferrite grains. Thus, at 800°C ductility of steel P is good because there is
approximately 78 % of ferrite according to the Fe-C-1.5 Mn diagram [194].
Furthermore, according to investigations in the intercritical regions, austenite
never forms continuous thin layers around ferrite grains but rather forms
isolated islands [195-197). Therefore, even if deformation leads to the
nucleation of cracks at the austenite grain boundaries the coalescence is not
possible because the austenite grains are isolated from each other. This is in
contrast to what is observed on cooling from the single austenite phase, where a
small amount of ferrite is extremely deleterious to ductility.

With increasing temperature, between 800°C and Ac,, the duectility
decreases because the ferrite volume fraction decreases and the deformation
cannot be accomodated by the ferrite grains. During the transformation the
existing network of AIN precipitates pins the austenite grain boundaries. Thus,
after the completion of the a-»y transformation, in the single y phase,
embrittlement is due to austenite grain boundary precipitates, leading to the
minimum in reduction of area which is observed at 900°C. The ductility
increases with increasing temperature due to precipitate coarsening.

Annealing at 1330°C leads to complete dissolution of AIN precipitates,
according to Table 6.5, and produces a coarse austenite grain size (475 pm). On
cooling to the test temperature the ductility is excellent at and above 800°C,in
agreement with Cardoso [114]. As noted in section 6.2.3, the holding time prior
to deformation is too short to allow static precipitation, and the level of Al and N
is too low for the occurrence of dynamic precipitation. Thus no embrittlement is
expected to take place. However, below 900°C Cardoso [114] has shown that
steel P displays a ductility trough in which the higher temperature side of the
trough corresponds to the Aez temperature, and is associated with the
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nucleation of strain induced film of ferrite at the austenite grain boundaries.
Ductility starts to recover at the Arj temﬁerature.

As for annealing, the sensitizing treatment leads to a complete
dissolution of AIN nitride precipitates. Grain boundary melting and the partial
dissolution of MnS (leaving approximately half of the S level in solution) also
occurs, but does not cause embrittlement in the low temperature austenite
range (900-1000°C) at the strain rate used. This latter observation is important
with respect to the results observed for the other steels in that any ductility
trough observed in the other grades is unlikely to be attributable to the partial
MnS dissolution at 1480°C and MnS reprecipitation during cooling. (However,
it may be argued that MnS precipitation may only be effective in reducing hot
ductility when the boundaries are pinned by the microalloy precipitates. Again
in the case of sensitizing, because no AIN has precipitated, ductility remains
high throughout the temperature range examined.

Ductility is high at or above 900°C after sensitizing. However, dynamic
recrystallization occurs at and above 1000°C following sensitizing, indicating
that dynamic recrystallization is not in itself a necessary requirement for a high
ductility. This conclusion has been recently confirmed by Cardoso [114]. He
quenched steel P after fracture from a temperature of 900°C, a temperature
giving high ductility when strained at 10-3 s-1. No evidence for dynamic
recrystallization except in the final stage of necking, could be found on
microexamination and there was no evidence of dynamic recrystallization from
the tensile curve.

Sulphur segregation has been put forward as another explanation to
account for the ductility trough. The works of Tacikowski [23] and Osinkolu et
al, [198] have shown that the simultaneous presence of segregated sulfur and
precipitated AIN can cause severe intergranular embrittlement, whereas the
presence of AIN alone does not. However, the calculations for steel P show that
the amount of sulfur in solution, and available for segregation at 900°C, is less
than 1 ppm (Fig.5.3), a level well below the minimum required to lower the
ductility [198]. In steel P the presence of segregated phosphorus may be
equivalent to sulfur, but it has been shown that in the case of NbCN precipitates
the presence of phosphorus does not cause any ductility trough [24,199].
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Steels A, Band C

The analysis of these three Nb-Ti-Al steels have been grouped together
because the influence of prior heat treatment is very similar, although there are
qualitative differences. In the 800-1300°C test temperature range, an increase
of prior heat treatment temperature (i.e. going from direct heating, through

annealing and up to the sensitizing treatment) decreases the ductility of these
steels (Figs. 4.23 to0 4.25).

As suggested earlier (Table 6.5) in the direct heating treatment
TiNb(CN) type cuboidal particles and spheroidal NbC precipitates occur in the
as hot rolled plate of these steels [162]. The mechanism of embrittlement
following direct heating is the same as for steel P. Above 1000°C NbC particles
start to grow and dissolve and the ductility is improved. From Table 6.8, if it is
assumed that all the Nb has precipitated only as NbC particles, the dissolution
temperatures vary between 1100 and 1192°C for grades A, B and C. However,
since some Nb is in the form of (Ti,Nb)N complete dissolution of the NbC
particles occurs at 1100°C corresponding to almost 100% RA. The relatively fine
austenite grain size (£ 20 pm) at 1200°C indicates that the network of TiNb(CN)
particles persists to much higher temperatures. This confirms that, even if the
size of Ti-rich particles is small and their density large, as suggested by the
grain size measurement, these are not deleterious to ductility, probably because

they are generally precipitated randomly in the matrix rather than at the grain
boundaries.

After annealing at 1330°C, all the Nb rich precipitates are dissolved and
only cuboidal TiNb(CN) particles remain undissolved. As seen previously, in
steels containing only Nb, no static precipitation is expected to occur during
cooling or holding prior to deformation. However, in Ti-Nb bearing steels it may
be possible that TINb(CN) particles act as nucleation sites for NbC particles,
perhaps leading to some static precipitation of NbC. In any case, since cuboidal
TiNB(CN) particles are not deleterious to hot ductility, NbC precipitated on the
Ti rich particles will likewise cause no embrittlement. Thus the observed
ductility trough is most likely due to dynamic precipitation of NbC at the grain
boundaries and within the matrix.
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After sensitizing, all precipitates are completely dissolved, except for
large TiN cuboids, which play no role in hot ductility, apart from reducing the
amount of Ti available for reprecipitation during cooling. Due to the fairly high
cooling rate, TiN is likely to reprecipitate as a fine dispersion which again
would probably act as nucleation sites for NbC precipitation. Thus the ductility
starts to drop at 1100°C (100°C higher than after annealing) for steels A and B,
and between 1150-1200°C for grade C. Compared to the annealing treatment,
sensitizing leads to a wider and deeper trough. This may be due to:

(i) the larger amount of Nb available for precipitation after
sensitizing because of the almost complete dissolution of (TiNb)N
particles, and

(ii) the coarser austenite grain size after sensitizing which leads to a
lower ductility and lower Arjs (leading to trough widening).

The differences between steels A, B and C are discussed in the next
section.(6.5.1).

Steel S

Since this steel was received as cast, the precipitation pattern differs
significantly from the as rolled grades. Verger-Gaugry et al. have shown that
the minimum diameter of the precipitates is likely to be around 20 nm, but the
size and shape of the particles can vary widely {164]. This relatively coarse
particle size is in accord with the grain size of steel S, which is larger than for
the rolled samples after the direct heating treatment. The ductility trough in
the case of annealingis less deep than that obtained on direct heating (Fig. 4.26)
suggesting a low amount of reprecipitation on cooling from the anhealing
temperature. This isin agreement with the analysis of the strength differential
after annealing and direct heating (section 6.2.1), and is probably due to the
presence of vanadium, as discussed in the next section,

After sensitizing, precipitation starts in the temperature range 1000-
1100°C, and again analysis of the strength data suggests that the amount of
precipitates is low (section 6.2.1). However, the ductility trough is wider and
deeper than that due to direct heating. This behaviour can again be explained
by the very coarse structure which is obtained after sensitizing (Fig. 4.80).
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6.5 INFLUENCE OF CHEMICAL COMPOSITION ON DUCTILITY

6.5.1 Role of Carbon

The effect of increasing the carbon content up to the peritectic
composition (steel C) on the hot ductility of Nb-Ti-Al steels (grades A, B and C)
is to increase the depth and width of the ductility trough (Figs. 4.27-4.29). This
influence of carbon is seen mainly after the sensitizing treatment (Fig. 4.29). In
steel C, the steel grade with the highest C level (0.14 wt% C), the very poor
ductility can be related to the much larger fracture facets observed on the
fracture surfaces compared to those observed on steels A or B. The influence of
carbon on hot ductility is discussed with respect to the various heat treatments.

Direct heating

Increasing the carbon content from 0.07 wt% to 0.10 wt% leads to a slight
deepening of the trough (Fig.4.27). Since there is practically no difference in the
austenite grain size of steels A, B and C (Fig. 4.64), the reduced ductility of
steels B and C cannot be attributed to this factor. However, the estimated
volume percent of TixNb1.xCyN1.y precipitated at 900°C is slightly higher in
steels B and C than in grade A (Table 6.6), which may explain the small
reduction in the depth of the trough,

Annealing

After annealing, an increase of the carbon content slightly deepens the
ductility trough, the explanation is essentially the same as for the direct
heating treatment.

The higher carbon levels of steels B and C also widen the trough to lower
temperatures because of an decrease in the Ars (due to carbon). This effect is
more pronounced in steel B than steel C, even though steel C has the higher C
content. The reason for this is unclear.

On the low temperature side of the ductility trough, the ductility recovery
occurs at higher temperatures than in previous experiments [21,200]. This
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effect is believed to be due to the finer grain size in grades A, B, C which raises
the transformation temperature.

Sensitizing

The effect of carbon after sensitizing differs significantly from that of the
other heat treatments (Fig. 4.29). While the minimum in reduction of area is
only slightly changed by an increase of the carbon content, the ductility trough
is widened to both higher and lower temperatures. This behaviour can be
explained by the austenite grain size difference (Figs 4.77-4.79). For the
reasons explained in the previous section, the sensitizing treatment leads to
much coarser grains in the steel with the peritectic composition (steel C). The
coarser structure in steel C influences the ductility by: '

(i) increasing the temperature of the higher side of the trough because
the ductility in the single austenite phase decreases with
increasing grain size [20],

(ii)decreasing the Ars temperature. In plain carbon steel with coarse
grains (290-350 ym) the high temperatureside of the trough can be
as high as the Aegs, because of the production of thin films of strain
induced ferrite around the grain boundaries. The trough will move
to lower temperatures in response to decreases in Arg [70].

Above the Aeg temperature embrittlement is due to the precipitation of
the Nb carbonitride either epitaxially on the the TiN nitrides or independently
in the matrix and at the grain boundaries.

Thus, the variation of the C level has a marked effect on the hot ductility
of Nb-Ti-Al bearing steels only after the sensitizing treatment. The direct
heating and annealing treatments reveal only small differences between the
steels, because the precipitation characteristics of TixNb1.xCyN1.y particles are
only slightly affected by an increase of the carbon content.

To summarize, the influence of the carbon content on the hot ductility of
Nb-Ti steels after sensitization is depicted in Fig. 6.11. Considering two C level
ranges, one between .12 and 0.16 wt% (i.e. the peritectic composition) and the
other between 0.07 and 0.10 wt%, the reduction of area versus temperature
graph can be divided in four regions. Above 1300°C (region 1), some Ti rich
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Fig.6.11:  Schematicdiagram showing the influence of carbon content
after sensitization of a microalloyed steel.
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particles can precipitate but they are not deleterious to ductility. In
temperature zone 2 (975-1200°C), the coarse structure together with the onset of
precipitation leads to a decrease of the ductility; the peritectic composition
exhibits a lower ductility because of a coarser grain size. In zone 3 (850-975°C)
precipitation dominates the ductility and increasing the C level gives rise to a
coarser grain size and a small increase in precipitation [201], leading to a
further small deterioration in ductility. Ductility now is so low that changes in
grain size can only have a small influence on the reduction area values.
Temperature range 4 (T <850°C) corresponds to the nucleation of ferrite at the
austenite grain boundaries at temperatures below the Ae3. Here the higher
carbon steels exhibit lower Ar3 temperatures because of the carbon content and
the coarser grain size, thus decreasing the temperature at which the ductility
recovers.,

6.5.2 Role of Microalloying Elements
6.5.2.1 Nb and Tiadditions to C-Mn-Al steel

Direct heating

In the case of direct heating, where dissolution and not precipitation
takes place, the addition of Nb and Ti to the C-Mn-Al steel was found to increase
the ductility over the temperature and strain rate ranges investigated
(Fig.4.30). This can be explained by considering the effects of separate additions
of Nb and Ti to the C-Mn-Al steel. Although not specifically investigated here,
the effect of Nb and Ti separately can be determined by comparing results from
our work with those of Crowther and coworkers [96].

They found that, following a direct heating treatment, a Ti addition to a
C-Mn-Al steel strongly improves the ductility, the ductility being better than
that of plain carbon manganese steel. Here the explanation is straightforward;
TiN precipitates at a high temperature and prevents AIN precipitation because
most of the nitrogen is combined with TiN. TiN also grain refines the stzel
without precipitating at the boundaries.
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Comparing our results to the above, the addition of Nb is clearly
deleterious to the ductility of a Ti bearing C-Mn-Al steel, this effect being due to
the presence of NbC precipitates (inherited from hot rolling) either in the
matrix and within the grain boundaries. However, as already noted, the net
effect of the joint presence of Nb and Ti is an improvement in the hot ductility of
a C-Mn-Al steel. This can be explained by considering that the volume percent
of AIN present at 900°C is much higher than that of NbC particles, according to
Table 6.7, Furthermore, it has been shown that, for direct heating, AIN
precipitates are seen mainly at the austenite grain boundaries whereas NbC
particles are observed in the matrix as well as at the austenite grain boundaries
[96]. There thus appears to be a higher volume fraction of precipitates at the
austenite grain boundaries in the C-Mn-Al steel. Another cause of the ductility
increase is the presence of TINbBCN on which NbC particles nucleate, thus
reducing the amount of Nb available for precipitation as simple NbC.

Alternatively, it may be that the ductility improvement observed by the
Nb addition may be due to NbC particles coarsening during the time of the
experiment, When the particle coarsening is controlled by the volume diffusion
of the slowest diffusing species (Nb in the present case), the size, r, of any
precipitate of initial radius r, at time t is given by [189]:

80 V C. ¢
3_ p m Q

Al Yy

Q
Dgesp(~ =-)=Kt (6.11)

where op is the surface energy between the particle and the matrix, Cg the
density of precipitates per unit volume, Vy, molecular volume of the particle, k
the Boltzmnann constant and Dyexp(-Q/RT) is the diffusion coefficient (of Nb in
the austenite for the present case) at temperature T. Applied to NbC particles,
the numerical values for o, and Vi, were taken from reference 202; Dy and Q for
niobium are given in reference 166, and Co was estimated from the interparticle
spacing given in reference 96;

op=15x10"7 J/cm?®
V=200 nm?

D,=4.92 em?s

C,=2.45 107 particles/nm?®
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Q=285 kd/mole
k=1.38x10%/s

T=1123°K

At 850°C, equation 6.11 reads:

r3-~r3=0.12t (6.12)

where r and t are expressed in nm and second, respectively. For an experiment
of 1h duration, the final size of a particle with an initial radius of 45 nm will be
45.07 nm. Particle coarsening during the time of experiment is therefore
negligible,

Annealing and sensitizing

According to the present result (Fig. 4.31), in the austenite phase (i.e. at
temperatures equal or greater than 900°C), and in contrast to direct heating, the
addition of Nb and Ti to a C-Mn-Al grade is deleterious to ductility. This occurs
because NbC can reprecipitate whereas AIN is sluggish to precipitate in
austenite.

Continuing the comparison hetween our work and the results of Crowther
et al. [96], it can be seen that after annealing, the addition of Nb to a C-Mn-Al-Ti
steel is clearly deleterious to hot ductility at temperatures above 900°C,
regardless of the strain rate (Fig. 4.31). Here the explanation is very simple;
dynamic precipitation of NbCN takes place, whereas only TiN precipitation
occurs in the C-Mn-Al-Ti steel. Examination of the present results with other
research work indicates that the combined effect of Nb and Ti increases the RA
values compared to the single addition of Nb [21]. The explanation of this
behaviour arises from the presence of TiNbCN (Ti rich particles), which
decreases the amount of Nb available for precipitation (section 6.4).

The C-Mn-Al steel ductility below 900°C, after annealing, was recently
investigated by Cardoso [114]). His work shows that the ductility drops to 35%
at 800°C at the strain rate of 103 /s, compared to 74% for steel A (C-Mn-Al-Nb-
Ti) at the strain rate of 2x10*/s. (The lower strain rate used in the latter would
be expected to reduce hot ductility, so the ductility improvement due to the Ti
and Nb addition is very high.) Basically, there is a difference in the A;3 due to
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differing austenite grain sizes. After annealing, the austenite grain size in the
C-Mn-Al steel is one order of magnitude larger than the C-Mn-Al-Ti-Nb steel
(Figs. 4.63 and 4.64). In the latter, the larger grain boundary surface area
raises the Arz temperature. Thus, at 800°C, the austenite-to-ferrite
transformation has just initiated in the C-Mn-Al steel and ductility is poor,

whereas it has advanced significantly enough in the C-Mn-Al-Ti-Nb steel for
recovery to have occurred.

However, in contrast to the annealing treatment, after sensitization the
ductility of the C-Mn-Al steel at 800°C is higher than that of the Nb-Ti bearing
steel (Fig, 4.32). In fact, the basic problem here is that no ductility trough is
observed in the C-Mn-Al steel after sensitization. It could be argued that the
ductility trough has moved to a temperature lower than 800°C. However, the
austenite grain size after annealing is certainly larger than after sensitization
because, on heating to the sensitizing temperature, the y—8 transformation
leads to grain refinement as explained in section 6.3, then, on cooling, the §—y
transformation produces additional refinement, (assuming limited grain growth
occurs after transformation). Thus, the ductility trough in steel P after
sensitization can be expected to be seen at higher temperatures than after
annealing. The fact that it does not appear in Fig. 4.32 may be explained if the
width of the trough is very narrow due to the smaller grain size, as observed
elsewhere [114], the trough falling somewhere between 800 and 900°C.

6.5.2.2 V adddition to Al-Nb-Ti steel

Direct heating

Compared to grade A (C-Mn-Al-Nb-Ti), the presence of V in steel S does
not significantly affect the hot ductility behaviour (Fig. 4.30). However, in the
case of direct heating, a comparison between the two steels is not possible
because steel S is an as-cast material and grade A was hot rolled. Hot rolling
leads to a significantly finer and more homogeneous precipitation than the as
cast material [162,166,167). This is reflected by the difference between the
austenite grain size which is smaller in the rolled material (7-8 pm in steel A
compared to 18-20 pm for grade S).




236

Annealing
Significant ductility improvement is seen when V is added to a Nb-Ti-Al

bearing steel in that the RA increases from 56% for steel A to 83% in steel S at
the temperature of 900°C. This behaviour can be explained on the basis of
retardation of NbCN precipitation by the addition of V. Following the work of
Akben and co-workers [186,187], the addition of V to Nb bearing steel retards
the precipitation of NbCN, and the “nose” of the precipitation C curve drops to
lower temperatures. This effect has been attributed to a decrease in the activity
coefficient of carbon and nitrogen brought about by the V addition [186,187].

Sensitizing

Above 900°C, the ductility improvement due to V addition is also
observed following sensitizing (Fig. 4.32), and the same explanation holds here.
Furthermore, the more copious precipitation in steel A is more deleterious than
the coarse structure of steel S, which, as explained previously, was inherited
from the sensitizing treatment. Below 900°C, ferrite nucleation occurs, and in
this case ductility is lower in coarse grained material because of a lower surface
to volume ratio and because NbC precipitation takes place at lower
temperatures in the V containing steel.
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CHAPTER 7

CONCLUSIONS

In the present work the hot ductility behaviour of five microalloyed steels
was investigated by tensile testing between 800°C and the solidus temperature.
Deformation to fracture was carried out at strain rates in the range 10-2-2x10*
s-}, following three prior heat treatments: direct heating to test temperature,
sensitizing at 1480°C and annealing at 1330°C. For testing above 1400°C, only
the direct heating treatment was employed.

In agreement with previous studies, it has been found that microalloyed
steels with high Mn:S ratio display two temperature ranges of embrittlement,
The first one occurs at a temperature between 10 or 35°C below the solidus, and
is caused by incipient melting at the grain boundaries. The second is in the
temperature range 800-1200°C, and is associated with the presence of
carbonitride precipitation at the grain boundaries and/or the austenite-to-
ferrite phase transformation.

As a result of the investigations of the first embrittlement range, above
1400°C, the following conclusions can be drawn for the steels investigated:

1) With increasing carbon content or increasing microalloying
addition level, the bulk solidus temperatures remain constant at about 1500°C.

2) For the NDb-Ti steels with a carbon content between 0.07 and 0.10
wt%, embrittlement occurs by incipient melting at the grains of the & phase.
Calculations of the grain boundary segregation have shown that, in this phase,
the main segregating speciesis carbon.

3) For Nb-Ti steel with the peritectic composition (~0.14 wt% carbon)
embrittlement occurs at a lower temperature than the low carbon steels, and in
the duplex 84y phase region. Furthermore, incipient melting occurs at the
grain boundaries of the austenite phase. Theoretical considerations have shown
that much less carbon segregates to the austenite grain boundaries because of a
less negative free energy of segregation. This apparently lowers the grain

id
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boundary melting temperature of the austenite and consequently decreases the
temperature of embrittlement.

4) There is no influence of Nb and Ti on the incipient melting
temperature, but the addition of Cr leads to an increase of the grain boundary
melting temperature by reducing the amount of segregated phosphorus and
sulfur.

5) The coarse microstructure observed in the 0.14 wt% steel is
explained by (according to the DTA results) the higher teinperature of the
austenite-to-8 ferrite phase transformation which allows inore austenite grain
coarsening to occur

6) The coarse grains which are observed in the low carbon steel
containing Ni/Cr is attributed to high grain boundary migration rate because
the retardation caused by segregated elements is diminished by the reduction of
segregation.

In the temperature range 800-1300°C, it has been found that the
influence of microalloying addition and carbon content in Nb-Ti steels depends
strongly on the prior heat treatment. With respect to the direct heating
treatment, the analysis of the experimental results leads to the following
conclusions:

1) The C-Mn-Al steel displays a ductility trough in the temperature
range 800-1100°C, which is caused by the presence of AIN precipitates
(inherited from the rolled plates) at the grain boundaries.

2) The addition of Nb and Ti to C-Mn-Al steel decreases the depth of
the ductility trough, through one or a combination of the following mechanisms:

(i) The absence of AIN particles at the grain boundaries via the
formation of complex TixNbj.xCyN1.y precipitates which
have scavenged the nitrogen. Such precipitates are not
deleterious to ductility.

(ii)  The formation of TixNb1.xCyN1.y particles also reduces the
amount of Nb available for precipitation of NbCN particles
at the grain boundaries.
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(iii) In contrast to AIN particles, Nb precipitates are observed
both in the matrix and at the grain boundaries, the latter
precipitates being more deleterious to hot ductility.

(iv) The volume percent of AIN precipitates is higher in the C-
Mn-Al steel than the volume percent of TiyNby.xCyN1.y in
the Nb-Ti steels.
3) The addition of V, Ni and Cr or an increase of the carbon content
up to 0.14 wt% in the Nb-Ti bearing steel have no influence on the hot ductility
following the direct heating treatment.

The findings and analysis of the effect of annealing and sensitizing on hot
ductility in the temperature range 800-1300°C can be summarized as follows:

1) Embrittlement in the C-Mn-Al steel is suppressed in the
temperature range 900-1100°C. This is due to AIN particle dissolution during
the prior heat treatment, and the absence of AIN reprecipitation because the
rate of AIN precipitation in austenite is very sluggish.

2) Inthe Nb-Ti steels, the annealing treatment increases the depth of
the ductility trough, compared to the direct heating treatment, but the upper
temperature side of the trough is slightly lowered. This is believed to be due to
dissolution of Nb rich TixNbj xCyN1.y particles, and reprecipitation of finer
particles at temperatures below 1000°C during cooling. For this thermal
treatment only a slight influence of the carbon content were found.

3) The ductility trough of the Ti-Nb steels after the sensitizing
treatment is wider and deeper than after annealing at 1330°C. This behaviour

is associated with the grain coarsening that occurs during the sensitizing
treatment.

4) In contrast to the other two prior heat treatments, after
sensitization an increase of the carbon level up to 0.14 wt% increases the width
of the ductility trough. The 0.14 wt% C steel also exhibits a coarser austenite
structure inherited from the annealing at 1480°C, which decreases the ductility.

5) By comparing the present work with published literature it has
been confirmed that the addition of Ti to a Nb bearing steel improves the
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ductility. As before this is attributed to the combination of some Nb with Ti rich
particles, reducing the level of Nb available for precipitation.

8) The addition of V, Ni and Cr to the Al-Nb-Ti steel increases the
ductility in the temperature range of the trough because of the retardation of Nb
precipitation due to the presence of vanadium. After sensitizing, the
improvement due to V addition is seen in the temperature range 900-1100°C
only. However, at 800°C the ductility of this grade is lower due to the coarser
austenite structure inherited from the sensitizing at 1480°C and precipitation of
NbCN. Since ferrite nucleates at the austenite grain boundaries, coarser grains
decrease the rate of ferrite nucleation because of a lower surface to volume ratio,
thus reducing ductility.

7) Analysis of the hot strength versus temperature curves for the
different heat treatments has confirmed the absence of precipitation in the C-
Mn-Al and V bearing steels after annealing and sensitizing. In addition, the
difference between the maximum stresses after the direct heating and
sensitizing treatments has shown that precipitation in the Nb-Ti steels occurs in
the temperature range 1000-1100°C.
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STATEMENT OF ORIGINALITY AND CONTRIBUTIONS TO
KNOWLEDGE

With respect to investigations above 1400°C, the present thesis includes
the following original contributions:

1) Itis the first time that the solidus temperature has been measured
(by DTA) and compared with the incipient melting temperatures following a
direct heating treatment.

2) It has been shown that for a steel with a carbon level close to the
peritectic composition, the fracture surface after rupture at the incipient
melting temperature reveals larger grains than grades with a lower carbon
content. This behaviour has been explained from the DTA results which show

that for the peritectic composition the y—8 + y transformation occurs at a higher
temperature than the low carbon steels.

3) In this work, the theory of equilibrium segregation at the grain
boundaries has been applied qualitatively to incipient melting for the first time.
In order to calculate the free energy of segregation, it has been assumed that the
a phase is an extension of the 8 phase, in terms of segregation behaviour, On the

basis that C, S and P are the main segregating species, these calculations lead to
the following findings:

(i) At the grain bhoundaries of the & ferrite phase, carbon is the
major segregating element (80 at%), because it has the highest free energy of

segregation and is present at concentrations levels two orders of magnitude
higher than Sor P.

(ii)In the austenite phase, the grain boundary concentration of
carbon is much diminished (12 at%). Thus in steels with C concentration close
to the peritectic, in which both § and y phases are present at the start of
embrittlement, incipient melting occurs first at the y phase, leading to a lower
zero ductility temperatures. This in turn explains why the fracture surface for
this grade displays fracture facets which are either smooth (austenite) or rough
( & ferrite).
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5) It has been demonstrated qualitatively that the addtion of Cr
decreases the amount of grain boundary segregation of phosphorus and sulfur,
thus increasing the zero ductility temperature and possibly allowing more grain
coarsening.

6) It has been shown that, following the §—y transformation the &
ferrite grains are smaller than austenite grains.

In the temperature zone 800-1300°C, the influence of carbon on the hot
ductility of Al-Nb-Ti bearing steels has been investigated following various heat
treatments. Although the sensitizing treatment has been used in the past for
the investigations of the effect of S and Mn on hot ductility, it has never been
employed to study the ductility behaviour of microalloyed steels prior to the
start of this study. With this respect it has been shown that:

1) the wider ductility trough of the 0.14 wt% C steel is due to a
coarser austenitic structure inherited from the senzitizing treatment.

2) The improved ductility resulting from the addition of Ti to Nb
containing steels has been attributed to the formation of complex Ti rich
carbonitrides TixNb1xCyN1.y which are not deleterious to hot ductility, and
reduce the amount of Nb available for precipitation as Nb rich particles.

3) The addition of V to a Nb-Ti bearing steel has been found to
increase the ductility after the annealing treatment. This is explained by the
retardation of Nb precipitation by V. The same effect is observed after
sensitization in the temperature range 900-1000°C, however, at 800°C the
ductility of the V containing steel is lower because of the coarser grains
inherited from the sensitzing treatment and the precipitation of NbCN.

4) Hot strength data have been used to assess the onset of
precipitation during hot ductility testing,
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APPENDIX1

LISTING OF PROGRAM FOR MONITORING TENSILE

TEST AT CONSTANT TRUE STRAIN RATE

TENSION MTS BASIC VO1B-02D

10
20

30
40
20
60
70
90
100
110
120
120
120
130
140
150
160
170
180

190
200

210

220
230
240
250
260
270
280
290
300
310
320
330
340
350
360
370
380
390

A D ---

REM-REAL TIME PROGRAM: CONTINUOUS CONSTANT TRUE
STRAIN RATE TENSILE TEST

| T 11| T T R —— -

CNTR(3) .

DIM X(500), D(550), M(7), R{7), F1(50), D1(50)

DIM S(550), S1(550), X2(2)

M0)=0\M(INR(1)="7

M(2)=2\R(2)=6

M(3)=5\R(3)=5

M(4)=10\R(4)=4

M(5)=20\R(5)=2

M(8)=50\R(6)=1

M(7T)=100\R(7)=0

PRINT “ENTER THE FOLLOWING DATA\PRINT

PRINT “TEST NUMBER AND MATERIAL:NINPUT N$,M$\PRINT
PRINT “TRUE STRAIN AND STRAIN RATE:\INPUT E,E1\PRINT
PRINT “HEAT TREATMENT\INPUT T1$\PRINT

PRINT “TEST TEMPERATUREA\INPUT T$\PRINT

PRINT “SPECIMEN HEIGHT AND DIAMETER\INPUT
HO,DO\PRINT

D1 =H0+(EXP(E)-1)

PRINT “MINIMUM DISPLACEMENT OF THE
ACTUATOR:”,D1\PRINT

PRINT “STROKE (MM) AND LOAD (LBS) RANGES;\INPUT
R1,R2\PRINT

C=2048

C2=9.81

T=E/E1

K1=C/R1

K2=C/R2/.4536/C2

A0=PI«(D0/2)?

QUIT

REM
%ﬁ---HARDWARE SEGMENT GENERATORS PARAMETERS
IFT<200 THEN 350
N=100\F1=1\F2=17
GO TO 2400
R3=5.00E-3:R1/2
N=INT(D1/R3+40.5)
FORI=0TO®6
F3=M(I)
F4=M{I+1)

254



)

¢

63

400
410
420
430
440
450
460
470
480
490
500
510
920
530
540
850
560
570
580
690
600
610
610
620
630
640
650
660
670
680
690
700
710
720
730
740
750
760
770
780
790
800
810
820
830
840
850
860
870
880
890
900
910
920
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FORJ=F3TOF4

M1=J+T

IFN < =M1 THEN 460

NEXTJ

NEXTI

F1=100\.N =INT(F1+«T)NGO TO 480

F1=F4

F2=R(I+1)

}S(](. 1) E/%TT(C*N/’I‘IF INX1=INT(F1*X/C+0.5\CNTR(3)
PRINT “THE HSG PARAMETERS ARE\PRINT
PRINT “NUMBER OF LEVELS:”, N\PRINT
PRINT *"MAXIMUM FREQUENCY:",FI\PRINT
PRINT “FREQUENCY RANGE:” F2\PRINT
PRINT “FREQUENCY (MU):" X(1)\PRINT
PRINT “FREQUENCY (HZ):” X1\PRINT
T8=X(1)«F1/4095

T9=1/2/T8

PRINT “TIME/LEVEL (SEC.):” TO\PRINT
107 A ;
REM---DATA ACQUSITION PARAMETERS
REM .

IFT>=1THEN 650

Al1=10\M4=T+10\N1=100

PRINT “THE NUMBER OF POINTS TO BE ACQUIRED IS 100"
GO TO 720

N1=500

PRINT “THE NUMBER OF POINTS TO BE ACQUIRED IS 500"
iFT>400 THEN 700

Al=T*10

A4=2\GOTO 720

Al1=T

Ad4=20

INPUT FS\CNTR(3)

A

REM---SET UPTHE SYSTEM

REM--
MSWL1(2)

FG1(0)

PRINT “CHECK. THE FOLLOWING”

PRINT “DC ERROR =0"

PRINT “REMOTE/LOCAL SWITCH IN REMOTE POSITION”
PRINT “SPAN 1 IS AT ZERO POSITION”

PRINT “STROKE CONTROL LED ON"

PRINT “PRESS RETURN TO CONTINUE\INPUT FS\PRINT
PRINT “TURN ON THE HYDRAULICSPRINT

PRINT “SET SPAN 1 TO 19"

PRINT “PRESS RETURN TO CONTINUE"INPUT F$\CNTR(3)
REM
REM---DUMP CHECK

REM. --

EDMP

SDMP(1,ANF A=0TEEN 950

PRINT “DUMP CARD PROBLEM, UNABLE TO FINISH THE TEST”




930
940
950
960
970
980
990
1000
1010
1020

1030
1040

1050
1060
1070
1080
1090
1100
1110
1120
1130
1140
1150
1160
1170
1180
1190
1200
1210
1220
1230
1240
1250
1260
1270
1280
1290
1300
1310
1320
1330
1340

PRINT “TURN OFF THE HYDRAULICS”
STOP

REM
REM--AUTOMATIC POSITIONING OF THE PISTON
REM.
QUIT

CNTR(3\GOSUB 1680

PRINT “THE PISTON IS AT “S” MACHINES UNITS”

PRINT "THE LOAD IS AT “Q” MACHINES UNITS”

PRINT “DO YOU WISH TO POSITION THE PISTON
AUTOMATICALLY?”

INPUT FR\IF F$ ="YES” THEN 1680

PRINT “PRESS RETURN WHEN THE PISTON IS IN THE PROFER
POSITION”

PRINT “IS POSITION OK?\INPUT F$

IF F$<>"YES" THEN 1040

S5=_9

FORI=1TO 600

[2=585+1

FG1(12)

GOSUB 1680

IF Q< >-5THEN 1170

NEXTI

GOSUB 1680

PRINT “"CHECK THE SAMPLE\STOP

GOSUB 1680

PRINT “THE PISTON IS AT “S” MACHINES UNITS”

PRINT “THE LOAD IS AT “Q” MACHINES UNITS”

PRINT" IS THE PISTON OK?(Y/H/L)'INPUT F$

IF F$="Y"THEN 1270

IF F$="“H” THEN 1220\ IF F$="L” THEN 1230\ GO TO 1160
12=12-1\GO TO 1240

12=12+1

FG1(12)

GO TO 1160

S0=S

REM
%ﬁ-THE EXPERIMENT START
PRINT “IS THE PISTON IN THT RIGHT POSITION”\INPUT F$
IF F$<"Y” THEN 1190

DACQ(0,50,2,0)

FORI=2TON+1

X(I) =50+ K1+HO+(EXP(S1x(I-1))- I\ X(T) =INT(X(T) + 0.3

1350 NEXTI

1360
1370
1380
1390
1400
1410
1420
1430
1440

X2=2

X2(M=C/2

X2(2)=X(N+1)+50

X=N+1

DACQ(0,F0,0,0\ PRINT “EXPERIMENT UNDER WAY!!”
TIME(A1,A2)\ DACQ(3,D,2,A4\ DACQ(6,F,0,0)
FG1(X,1,7,2\STAR

BUFL(ZINIF Z1>-1 THEN 1430

QUIT

256



— A

1450
1460
1470
1480
1490
1500
1510
1520

1530
1540
1550
1560
1570
1580
1590
1600
1610
1620
1630
1630
1640
1650
1660
1670
1680
1690
1700
1710
1720
1730
1740
1750
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FORI=X2(2)TO0

FG1(I)

NEXTI

DD+ =D()

FD+D=F1(I)

NEXTI

P=D+D1

PRINT “EXPERIMENT FINISHED, TURN OFF HYDRAULIC AND

ELECTRIC POWER”

INPUT F$\CNTR(3)

REM-

%%—---STORE THE DATA IN A FLOPPY DISK
- e e e 8 e e i

PRINT "DO YOU WANT TO SAVE THE DATA”\ INPUT F$

IF F$ <*Y” THEN 1670

FORI=P+2T0 3 STEP-1

D) =D(I-2)

NEXTI

D(2)=S0

d(1)=P

OPEN "DX1:”&N$ FOR QUTPUT AS FILE #1

AOUT(D,1,0,E2)

AOUT(F,1,3,E3)

CLOSE #1

STOP\END

Q=0/S=0

FORJ=1TO 15

DACQ(0,Q0,0,0\ DACQ(0,50,2,0)

Q=Q+Q0\S=S+80

NEXT J

Q=Q/15\S=8/15

RETURN

STOP\END




APPENDIX II

LISTING OF PROGRAM FOR DATA ANALYSIS

ANALYSIS MTS BASIC VO1B-02D

10
20
30
40
50
60

70
80
90
100
110
120

130
140
150
160
170
180
190
200
210
220
230
240
250
260
270
280
290
300
310
320
330
340
350
360
370
380
390
400
410
420
430

REM
REM-DATA ANALYSIS
REM
CNTR(3)
QUIT

258

DIM X(550), F(550), S1(550), S(550), F1(550), F(550), D1(550), 1L(550),

E(550)
PRINT “ENTER THE FOLLOWING DATA:"\PRINT

PRINT “TEST NUMBER AND MATERIAL:\INPUT N§ M$\PRINT
PRINT “TRUE STRAIN AND STRAIN RATE;:INPUT E,EI\PRINT

PRINT “HEAT TREATMENT:"INPUT T1$\PRINT
PRINT “TEST TEMPERATURE:\INPUT T$\PRINT
PRINT “SPECIMEN HEIGHAT AND DIAMETER: \INPUT
HO,DO\PRINT

OPEN "DX1:"&N$ FOR INPUT AS FILE #1
AINF(D,1,0,B1)

S0=D(2)

P=D(1}

FORI=1TOP

DI =D(I+1)

NEXTI

AINP(F,1,3,B2)

CLOSE #1

X1$="TRUE STRAIN”

Y1$="TRUE STRESS (MPA)”

Z1$="TENSION FLOW CURVE”

W13 ="STRAIN RATE”

W3$="TEST NUMBER”

FORI=1TOP

F1(I)=F(I)

D1(I)=D(I)

NEXTI

FORI=1TOP

F(I)=F1(I)

D(I)=D1(I)

NEXTI

A0=PI*(D0/2)2

C1=2048

C2=9.81

T=E/E1

K1=C1/R1

K2=C1/R2/0.4536/C2

PRINT “DO YOU WANT THE DATA LISTED"INPUT F$
I¥F F$<"Y”THEN GO TO 510

CNTR(3)
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440
450

PRINT “80=", S0, “P=",P
PRINT “T”, “F(I)”, “D(I)”

b3

460 FORI=1TO 100
470 PRINTI, F(I), DQ)
480 NEXTI
490 PRINT\PRINT
500 FORI=450TO 350 STEP-1
510 PRINT I, F(I), D(I)
520 NEXTI
530 PRINT"N1=";\INPUT N1
540 PRINT “P1=";\INPUT P1
550 U=0
560 FORI=N1TOP1
570 IFD(I)=0GOTO 610
580 H=HO0+(D(I)-ABS(S0)-D(N1-1))/K1
580 S(I)=(ABS(F(I)-F(1))/K2)-H/A0/HO
590 S1(I)=LOG(H/HO)
600 IF U<S() THEN U=8()
610 NEXTI
620 PRINT “MAX STRESS=";U\PRINT
630 PRINT “MAX STRESS FOR GRAPH";\INPUT U
640 PRINT “*MAX STRAIN FOR GRAPH"NINPUT E3
650 PRINT“ENTER STRAIN AND STRESSINCREMENT FOR GRAPH”
660 INPUT X1,Y1
670 PRINT “I”, !!P", “DEL”’(!SIG”’ “EPS”
680 FORI=1TO70
630 PRINTI, L), E(D), S1(I), S()
700 NEXTI
710 PRINT “ENTER THE TYPE OF SCALE; LINEAR S4=0, LOG-LOG
S4=3"INPUT 54
720 IFS4=0GOTO 760
730 PRINT“N1="\INPUT N1
740 PRINT “P1="INPUTP1
750 GO TO 770
760 E5=0\U1=0
770 CNTR(ONCNTR(3)
780 PHYL(100,900,100,700)
790 SCAL(S4,E5,E3,U1,U)
800 AXES(E5,U1)
810 AXES(E3,U)
820 LABL(X1$,Y15,X1,Y1,1)
830 IFS4=3 THEN XXX
840 LABL(“”,"”,X1+0.1,Y1+0.5,3)
850 FORI=N1TOPl
860 MARK("+",S(I),S1(I))
870 NEXTI
880 CPOS(X3,Y3)
890 COMM(W3$,X3,Y3\PRINT N$
900 COMM(MS$,X3,0.96+Y3)
910 COMM(W1$,X3,0.92:YS\PRINT E1
920 COMM(T$,X3,0.94+Y3)
930 COMM(Z1$,X3,0.84+Y3)
940 CNTR(MNNPUT F$



950

960

970

980

990

1000
1010
1020
1030
1040
1050
1060
1070
1080
1090
1100
1110
1120
1130
1140
1150
1160
1170
1180
1190
1200
1210
1220
1230
1240
1250
1260
1270
1280
1290
1300
1310
1320
1340
1350
1360
1370
1380
1390
1400
1410
1420
1430
1440
1450
1460

1470

PRINT “DO YOU WANT TO TRY ANOTHER
MAGNIFICATION"AINPUT F$
IFF$<*Y” GO TO 1000
CPOS(X3,Y3)
E3=X3
GOTO 770
REM
REM--REMOVING THE SCATTER
REM-
PRINT “DO YOU WANT TO REMOVE THE SCATTER?”;INPUT F$
IF F$<*Y” GO TO 1160
PRINT “CHOOSE THE LIMIT FOR THE SCATTERMNNPUT L1
FORI=N1TOP1
IFDI)=0GO TO 1120
IF ABS(ABS(F(I)-ABS(F(I-1)))<L1 THEN 1120
%F(‘I?Bg(ABS(F(I +1))-ABS(F(I)))<L1 THEN 1120
D(IM=0
NEXTI
PRINT “DO YOU WANT TO PLOT THE RESULT?”"AINPUT F$
IF F$<*Y”GO TO 1150
GO TO 410
PRINT “DO YOU WANT TO THE LOAD VS STRAIN?\INPUT F$
IF F$<*Y” THEN STOP
§/IRH§‘TP: MAX STRESS (KG/MM#2)?\INPUT M
=F+«A0D
PRINT “THE MAX LOAD IS:",F,"KG”
PRINT “ENTER THE LOAD LIMIT (KG)’;\INPUT F1
PRINT "MAX TRUE STRAIN”\INPUT E3
PRINT “ENTER STRAIN AND LOAD INCREMENT FOR GRAPH”
INPUT X1,Y1
CNTR(ONCNTR(3)
Y28 ="LOAD (KGQ)
X2$="DELTA H (MM)”
SCAL(0,0,E3,F1)
AXES(0,00
AXES(E3,F1)
LABL(X2$,Y2%,X1,Y1,1)
LABL("”,*” X1%0.1,Y1%0.5,3)
K3=C1/R2/0.4536
FORI=N1TOP1
L) =8S(I)*AWVEXP(S(I))
E(I)=H0*EXP(S())-HO
MARK(“+",E(),L{I))
NEXTI
CPOS(X3,Y3)
COMM(W3$,X3,YSN\PRINT N$
COMM(W15,X3,0.92«Y3N\PRINTE1
COMM(T$,X3,0.88+Y3)
COMM(Z1$,X3,0.84+Y3)
CNTR(ZNINPUT F$
PRINT “DO YOU WANT TO TRY ANOTHER
MAGNFICATION”\INPUT F$
IFF$<*Y"GOTO 1510
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1480 CPOS(X3,Y3)
1490 E3=X3
1500 GO TO 1250
1510 STOP\END
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APPENDIX III

LISTING OF PROGRAM FOR PLOTTING SEVERAL
CURVES ON THE SAME GRAPH

CURVE MTS BASIC VO1B-62D

10 REM
go %M--PRGM TO PLOT SEVERAL CURVES ON THE SAME GRAPH
0 REM
40 DIM F2(300), D2(300), S(6,300), S1(6,300), H$(6), P(6)
50 DIM N$(7),M$(7),E$(7),R1(7),R2(7), T$(7),D0(7).HO(7),K1(7), K27),A0(7)
60 %'}RINT “HOW MANY CURVES DO YOU WANT TO RECALLAINPUT C
70 V=0
80 FORI=1TOC
90 PRINT “INPUT I'\INPUT I
100 U=0\L=0
110 PRINT “SAMPLE NUMBERNINPUT N$(I)
120 PRINT “MATERIAL\INPUT M$(I)
130 PRINT "TRUE STRAIN RATEINPUT E$(I)
140 PRINT "STROKE AND LOAD (PDS) RANGE™INPUT R1(I),R2()
150 %R%BT’%_‘I ‘(‘)?II;ECIIVDEN DIAMETER AND BEIGHT (MM)\INPUT
0(I),
160 PRINT “TEST TEMPERATURE™INPUT T$(I)
170 PRINT “HEAT TREATMENT” INPUT H$(I)
180 PRINT “INPUT PAINPUT P(I)
190 Q$=Ns$(I)
200 OPEN “DX1:"&Q$ FOR INPUT AS FILE #1
210 AINP(D2,1,0,B1)
220 AINP(F2,1,3,B2)
240 CLOSE #1
9250 PRINT “DJ YOU WANT TO LIST THE VALUES?\INPUT F$
260 IF F$<"Y” GO TO 300
270 FORL=1TOP+20
280 PRINT L,F2(L),D2(L)
290 NEXTL
300 PRINT “INPUT STRAIN START\INPUT O1
g ég %ﬁfr “INPUT STRESS START"\INPUT 02
330 REM--CALCULATION OF THE FLOW CURVE
340 REM-- -
350  AO(I) =PI+(DO(I)/2)s+2
360 C1=2048
370 (€2=9.81
380 K1(I)=CI/R1(I)
390 K2(I)=C1/R2(1)/0.4536/C2
400 FORK=1TOEP()
410 H=HO0@ +(D2(K)-01)/K1(D)
420 S(K)=((ABS(F2(XK))-02)/K2(I)*H/A0L)/HO()
430 S1(I,K)=LOG(H/HO(I)
440 IFU<S(LK) THEN U=S(,K)




¢

450
460
470
480
490
500
510
520
530
540
550
560
570
580
590
600
610
620
630
640
650
660
670
680
690
700
710
720
730
740
750
760

770
780
790
800
810
820
830
840
850
860
870

880
890
900
910
920
930
940
950
960
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IF V<S(L,K) THEN V =S(I,K)

NEXTK

PRINT “DO YOU WANT TO PLOT THE GRAPH” \INPUT F$
IF F$<*Y” GO TO 830

PRINT "MAX STRESS =", U

PRINT “ENTER MAX STRESS FOR GRAPH"\INPUT U1
PRINT "ENTER MAX STRAIN FOR GRAPH\INPUT E3
PRINT “ENTER STRAIN AND STRESS INCREMENT FOR GRAPH"
INPUT X1,Y1

X1$="TRUE STRAIN”

Y1$="TRUE STRESS MPA”

71$="TENSION FLOW CURVE”

W13 ="STRAIN RATE:”

W3$="TEST NUMBER”

CNTR(O\CNTR(3)

PHYL(100,900,100,700)

SCAIL(0,0,E3,0,U1)

AXES(0,0)

AXES(E3,U1)

LABL(X1%,Y1$,X1,Y1,1)

LABL(*”,*” X1+0.1,Y10.5,3)

FORK=1TO P(I)

MARK(* +",S1(1,K),S(LK))

NEXTK

CPOS(X3,Y3)

COMM(W3$,X3,Y3)\PRINT N$(I)
COMM(MS$,X3,0.96+Y3)
COMM(W183,X3,0.92*Y3\PRINT E$(I)
COMM(TS(I),X3,0.88+Y3)

COMM(Z18,X3,0.84:Y3)

CNTR(2)\PRINT K$

PRINT “DO YOU WANT TO TRY ANOTHER
MAGNIFICATIONINPUT F$

IF F$ <“Y” GO TO 820

CPOS(X3,Y3)

E3=X3

CNTR(3)

GO TO 590

IF L<P() THEN L="P()

NEXTI

RE

%DN/%--PLOT OF SEVERAL CURVES ON THE SAME GRAPH
PRINT “ISIT A TEMP. (1), STRAIN RATE (2), HEAT TREAT. (3),
CHEM. COMP. (4) GRAPH?”

INPUT X1,Y1

CNTR(0NCNTR(3)

PHYL(100,900,100,700)

SCAL{0,0,V3,0,V1)

AXES(0,0)

AXES(V3, V1)

LABL(X1$,Y1$,X1,Y1,1)

LABL(" """, X1+0.1,Y1+0.5,3)

FORI=1TOC




-

970

980

990

1000
1010
1020
1030
1040
1050
1060
1070
1080
1090
1100
1110
1120
1130
1140
1150
1160
1170
1180
1190
1200
1210
1220
1230
1240
1250
1260
1270
1280
1290
1300
1310
1320
1330
1340
1350
1360
1370
1380
1390
1400
1410
1420
1430
1440
1450
1460
1470
1480
1490
1500

FORJ=1TO P(I)
MARK("“+”,S1(,J),S(L,J))

NEXTJ

NEXTI

IF G=1GOTO 1050
IFG=2GOTO 1170

IF G=3 GO TO 1280

IF G=4 GO TO 1400

FORI=1TOC

CPOS(X3,Y3)

COMM(T$(I),X3,Y3)

NEXTI

I=C

E$(C)="0.01/3”

CPOS(X3,Y3)

COMM(MS(I),X3,Y3)
COMM(W13$,X3,Y3+0.96)\PRINT E$(I)
W4$="HEAT TREATMENT:”
COMM(W43,X3,0.92+Y3)\PRINT H$(1)
GO TO 1510

FORI=1TOC

CPOS(X3,Y3)

COMM(E$(I),X3,Y3)

NEXTI

CPOS(X3,Y3)

COMM(MS(I),X3,Y3)

W4$="HEAT TREATMENT.”
COMM(W435,X3,0.92«YINPRINT H$(I)
W58 ="TEMPERATURE:"”
COMM(W5$,X3,0.96+«Y3NPRINT T$(I)
GO TO 1510

FORI=1TOC

w4 $ = HT-”

FORI=1TOC

CPOS(X3,Y3)
COMM(W4§,X3,0.92+Y3NPRINT H$()
NEXTI :

W53 ="TEMPERATURE:”
CPOS(X3,Y3)

COMM((M$(I),X3,Y3)
COMM(W53%,X3,0.96+Y3)\PRINT T$(I)
COMM(W1$,X3,0.92+Y3)\PRINT E$(1)
GO TO 1510

FORI=1TOC

CPOS(X3,Y3)

COMM(MS(I),X3,Y3)

NEXTI

CPOS(X3,Y3)

W1$="STRAIN RATE:”
W4$="HEAT TREATMENT:”
W5$="TEMPERATURE.”
COMM(W13,X3, Y3)\PRINT E$(I)
COMM(W58,X.3,0.96+ Y3\PRINT T$(I)
COMM(W4$,X3,0.92+Y3\PRINT H3$(I)
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1510
1520
1530
1540
1550
1560
1570
1580
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CNTR(2MNPUT K$§

PRINT “DO YOU WANT ANOTHER MAGNIFICATION?\INPUT F$
IF #3<"Y” THEN GO TO 1570

CPOS(X3,Y3)

V3=X3

GO TO 820

STOP

END



3

¢

266

APPENDIX IV

DETERMINATION OF THE PHASE TRANSFORMATION
TEMPERATURE INTIRON ALLOY MULTICOMPONENT SYSTEMS

Kagawa and Okamoto have proposed the following model to calculate the
phase transformation temperatures of dilute multicomponent iron alloys [121].
As shown in the schematic Fe-C phase diagram at high temperatures presented
in Fig, IV.1, the addition of a third element I leads to a change in the position of
the nodal points D, A and L to D', A’ and L', respectively. It is assumed that the
slopes of the boundary lines L.C, AE, AG, FD and DH are not altered by the
addition of element I. The changes in temperature (ATX) and carbon
concentration (ANGX) of points A, D and L brought about by adding 1 at% of
element I have been calculated by Kagawa and Okamoio using thermodynamic
considerations. In the case of a dilute solution containing many alloying
elements, the interaction between the elements can be neglected [203].
Therefore, the changes in temperature and composition at points D, A and L for

a multicomponent alloy are calculated by the summation of the contributions of
each alloying elementi.e.:

ATX =D x AT IV 1
: :

ANg= 2 =N, V.2
where x; is atomic percentage of element i. ANg,;* and AT;* have been
calculated previously for Mn, Si, Ni, Cr, P, and S, and are listed in Table IV.1.
The technique of Kagawa and Okamoto [121] has been extended to determine
these values for N, Al, Nb and V to enable the phase transformation
temperatures of these steels to be calculated.
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1,450

1,400

1,350

at% C

The new equations of the boundaries lines are given by:
A'E: T(°C)=cl¢ (at%h) +d'=-32.21¢ (at%) +d’

A'G: T(°C)=elc (at%) +1=101.41¢ (at%) +f

D'H": T(°C)=glc (at%)+h’=126.1I¢ (at%)+h’

F'D: T(°C)=il¢ (at%)+] =-89.711¢ (at%) +7

Steel { '(°C) | £(°C) | ’(°C) | 7 (°C)

P 14245 | 1375.5 | 1416.5 1516

AB,C | 1494 | 13825 1421 1510

S 1492 1375 1430 1500

d(°C) | f(°C) | h(°C) | j(°C)

Pure 1517 1418 1435 1534
Fe-C

Fig.IV.1:  Calculated equations of the boundaries lines in the peritectic
region for steels P, A, B, C, and S.
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Changes in temperatures and carbon concentration of points I, A and D brought

about by adding 1 at.-% of element I[121].

I ATH ATA ATP ANcL ANc* ANcP
(*K/at% I) | *K/at% I) | ("K/at% I) | (at%C/at%]) | (at%C/at%l) | (at%C/at%I)
Mn 0.5 0.6 0.6 -0.30 -0.15 -0.09
Si -17.2 -28.6 -21.2 0.67 0.52 0.20
Al -19.4 -21.75 -23.1 1.75 0.34 -0.012
A"/ -37.5 -30 -34.1 2.43 0.45 -0.174
Nb -44.9 -90 -183.18 6.93 0.55 -0.85
Ti -12.9 -51.7 -39.2 0.33 0.35 0.11
Ni 8.7 9.1 10.8 -0.84 -0.33 -0.23
Cr -8.7 -11.1 -9.8 0.50 0.21 0.11
N 0 0 0 -0.007 0.004 -0.012
P -13.4 -149.0 -894 -0.16 0.15 -0.11
S -12.8 -512.2 -200.1 -0.41 -1.27 -0.68
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IV.1. CALCULATION OF AT*FORI=N, Al, Nb, ANDV

The change in temperature (ATX) values for X=L and D can be
determined by using equations IV.3 and IV.4[121]:

A

AT
ATE =(—~——)pALNL V.3
i NA i i
L
A
ATD=(AT=' yPAPD IV.4
i AP i

i

where AT#; refers to the change in temperature at point A (Fig.IV.1) caused by
the addition of 1 at% of an element i, (Takle IV.1), Nj* is the mole fraction of
elementi in p-phase and Pi#" is the partition coefficient for element i between p-
phase and v-phase in the Fe-C-i system diagram, defined as N#*/N{'. Knowing
the partition coefficient (Pj¥V)* of the Fe-i system, Pi*¥ can be calculated for the
equilibrium between austenite (A) and liquid (L) phases, and delta ferrite (D)
and liquid phases with the help of equations IV.5 and IV.6, respectively [121]:

pAIL _ (pAl Lok, L arl A A A IV.5
;= iL)*“P(BﬁNi“fc“c‘ ;N —EieNe)
POL = (PPt o (cLNL 4 ek NE _PND _ 2 ND) IV.6
g oy VexpleN e No—e Ni—g N

where £jv is the self interaction coefficient of element i in v phase, and €;cv is the
interaction coefficient between carbon (¢) and element i in v phase. These
interaction coefficients have also been taken from different sources as shown in
Table IV.2. Because of lack of data concerning the interaction coefficients in the
delta phase the following relationships were assumed [1211:

Dl
oo

iv.g
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Table IV.2
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Wagner interaction coefficients for N, Al, V and Nb. Superscript number are

literature references.

el €icl eiit gich €ic? Eic”
N 0 [148,203] 7.18 (148] 6294/T 6.56 [148,2031 0 {148,2031 7.18 (1481
(2051
Al | 10,1648 | 59901481 | 7000/T+ | 4.89[1482031} 10,16(1431 | 5,99 (148]
1.74
V 6050/T 30100/T 7900/T -23400/T 6050/T 30100/T
[203] {203] [203] {203] [203] [203]
Nb |-0.664 1481} 923 g1 (1481}  _9 [206] -21.89 -0.664 (1481 | .23 g1 (148]
[148,203]
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Also, there is a linear relationship between the interaction coefficient
between element i and carbon in the liquid and in the austenite phases[203]:

ed =0.925: V.9
[ cl

The partition coefficient P;*P is datermined with the following
relationship:

PAD = 1pDA = (NN NENA=PALPPE V.10

From data given in the literature [203] the partition coefficient (P;jAL)*
and (P{P™)*of N, Al, Nb and V are presented in Table IV.3. Where the partition
coefficients are given with an error range, the mean value has been used for the
calculation.

The calculated partiiion coefficients, Py, P;?L and P;*P, of element i at
1493°C in the Fe-C-i system for 1at% of addition of element i are displayed in
Table IV.4. From these values, the change in temperature at points L and D
caused by the addition of 1 at% of element i is calculated for N, Al, V and Nb
with the equations IV.3 and IV.4 respectively. The results of the calculations
have been incorporated in Table IV.1. Note the strong influence of Nb on the
change of the position of point D along the temperature axis, and that nitrogen
has no influence on the position of points L. and D on the temperature axis.

IV.2 CALCULATION OF ANj*FORI=N, A, Nb, AND YV

The move along the C concentration axis, AN Cx’ of carbon at points X =A,
D and L brought about by adding 1 at% of eleinent i is given by equations IV,11,
IV.12 and IV.13, respectively [203]:

ANA=(ANAD _ oANA P —e) Iv.i1
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Table IV.3

Partition coefficient of element i (i=N, Al, Nb and V) between
the austenite and liguid and, between delta ferrite and liquid

phase [198].
N Al v Nb
(PiALy* 0.48-0.54 | 0.76 (D 0.93 () 0.76
(P;DLy* 0.24-0.38 | 0.6-092 | 0.9-0.96 | 0.310(

(1) due to the lack of data, estimated to be equal to the mean

value (P;P1) *
(2) Calculated from the Fe-Nb binary phase diagram [111].

Table IV.4

Calculated partition coefficients of element i (i=N, Al, Nb and V)
between the austenite and liquid and, between delta ferrite and
liguid phase in the Fe-C-1I system.

N Al \' Nb
PjML 573 .88 1.25 522
P;oL 33 83 1.10 245
P;AD 1.75 1.06 1.14 2.13
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V.12

IvV.13

Where the numerical values of a, ¢, e and g are given in Fig IV.1. ANV
is the change in mole fraction of carbon (N *¥) in u phase equilibrating with v
phase caused by introducing a third element i at constant temperature, and is a
function of mole fractio.n of element i in p phase. AN AL, AN AD, AN DA ang,
AN MA' are calculated using the following equations:

A Ay ard
AL (Piu _Pge N,
AN = LIA
¢ 1-P;

i Fe Fe

1-poA

ANA:(D) =

[( pDIA _ pDId) A

t

/D
7"

AN?‘A)=

{(P‘TW—P%D)N%

AN?(L: _

[(Pf’L—PéfﬁNée
1 —P‘:’L

N
AarA ¢
ci ¢

DD

(A

[+ I

NA

_AnA i
=2 2

1+eANA
[ -] N

A
I+aANA
¢ ¢
] NP
—_t
1+e2 NP

¢ ¢

NE
L i

1 +eL NE
cC [

V.14

IV.15

IV.16

V.17

The partition coefficients for P;#" are shown in Table IV.4 for N, Al, V
and Nb, and in Table IV.5 for carbon and iron. The various interaction

coefficients are given in Table IV.3 and the calculations at 1493°C have been
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performed for the addition of 1 at% of element i. Once AN AL, AN AD) AN Db
and, AN 4 are calculated for N, Al, V and Nb, it is possible to determine the
change in carbon composition at points D and L with the help of equations
IV.11,IV.12 and IV.13. The results are reported in Table IV.1.

TableIV.5

Partition coefficient Px#*" of iron and
carbon for a dilute solution of & third

element[121].

X=C X=Fe

PXUA= lfoAfL 3.125 0.98

PxPA=1/Px*P | 0.625 1

IV.3 CALCULATED PHASE TRANSFORMATIONS TEMPERATURES
FOR STEELS P, A,B,C AND, S

Using equations IV.1 and IV.2, together with the data of Tables IV.1, the
change in temperature and composition at points A, D and L caused by the
alloying elements present in steels P, A, B, C and S was calculated. Only one
calculation was necessary for steels A, B and C, which have the same level of
microalloying elements. With the new coordinates of the points A, D and L
(Table IV.6), the equations of the boundary lines A’G’, A’'E’, D'H’ and F'DY’ can be
calculated (Fig. IV.1). From these equations or phase diagram, the
temperatures of the onset and end of the phase transitions have been calculated
and are presented in Table IV.7, along with the experimental values measured
by DTA.

In Table IV.7 it can be seen that the correspondance between calculated
and experimental values in the case of the solid/solid transformation
(temperatures A) is not as good as for the solidus temperature. In fact, to insure
that the DTA values were not at fault, the model was used to calculate the phase
transformation temperatures of Schmidtmann and Pleugel, who established the
corresponding phase diagram [59]. The discrepancy between experimental and
calculated results is shown in Table IV.8. Furthermore, from Schmidtmann and
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New coordinates (temperature and composition) at points A, D and L caused by
the alloying elements of steels P, A, B, C and S.

To¢C) |NePat® | T8ee) [Notatm | THee) | Netatan)
Fe-C 1493 | 046 | 1493 | 074 | 1408 | 233
Fe-C-steelP | 1475 | 0463 | 1466 | 0.80¢4 | 14805 | 2.432
Fe-CsteelsA| 1473 | 0413 | 1467 | 0834 | 14815 2488
BorC
Fe-C-steel S | 1471 | 0332 | 1464 | 0877 | 14835 | 2.684
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Table IV.7

Calculated and experimental phase transformation

temperatures of the stee

sP,A B, C.andSa

phase transformation .

nd correspondin

+§

In brackets, the experimental vaiues

are shown.
STEEL A B C
b~ |

Tem{’fé?‘“"e 13935 | 1453 | 14835

STEEL P (1456) | (1473) | (1500)
Transformation | yoy+8 | y+8-8 | 6-28+L

Tem{’?é")""“re 13975 | 1454 | 14815

STEEL A (1455) (1469) (1500)
Transformation | y-»y+8 | y+8-28 | 6-64+L

Teml(’?é?t“re 1417 1472 | 14735

(1455 | 475 | (1500

TEEL B

S Transformation | Y”¥Y T 8 |y+d-y+! y+8+L

5+L -3+L
(y+8-8) | (6-86+L)

Temf(’fg‘tm 1441 1470 | 14745

STEEL C (1469.5) | (1497.5) | (1509)
Transformation Yoy +8 |y+8-y+ | y+8+L

8+L S8+1L

TemF(’Sg)"ture 1388 | 14715 | 14715

STEEL 8 (1462) | (1488) | (1503)
Transformation | y»y+8 | y+6-8 | 6-28+L

276



277

Pleugel [59], the slope of D’H’ is 230°C/at%C and 149.25°C/at%C for the
boundary line A’G’. This can be compared with 126°C/at%C and 101.4°C/at%C
for the boundary lines DH and AC in the pure iron carbon phase diagram. Thus,
the assumptions that these slopes are not changed by an alloy additions is
clearly erroneous.

TableIV.8

Comparison between experimental values of coordinates of points
A and D [59] with calculated values [121].

PointD Point A
NCD(at%) TCD(°C) NCD(at%) TCD(°C)
Exper. values 0.369 1479.5 0.608 1477.5
Calculated values 0.584 1457.5 0.862 145%.5

The reasons for the discrepancy between experiment and model is no
doubt contained in the basic assumptions and simplifications of the model. The
key constraint is that equationsIV.1 and IV.2 are applicable for dilute solutions,
in order to ensure the non interaction of alloying elements i and j. No upper
limit for the concentration, above which the equations are invalid, is given. But
for example, a steel with a manganese level of 1.6 wt% may not be considered as
“dilute”. The further assumption that the slopes of the boundary lines LC, AE,
AG and DH (Fig. IV.1) are not altered by alloying elements additions has been
shown to be invalid. Finally, the calculation of AN;* and AT}* requires the
knowledge of the Wagner interaction coefficients between carbon and the
alloying element i (see appendix IV) in the delta phase, but, due to the lack of
data, the values pertaining to those of the liquid phase have been used.

Other much simpler empirical equations exist to predict phase changes at
high temperature. For example, the following expression has been used to
calculate the end of the y/8 transformations for plain carbon steels [204]:
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T=1392+1122C-608i+12 Mn—140P~160S IvV.18

all values expressed in wi%. Applied to steel P, which contains all these
elements plus aluminum, the result gives a temperature of 1472.5°C, which isin
good agreement with the measured value (1473.5°C), (Table 4.2).
Unfortunately, this equation cannot be used to calculate the end of the y/§

transformation of the other steels since they contain Nb, Ti (steels A, B, C) and
Ni, Cr and V (steel S).
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APPENDIX YV

DETERMINATION OF THE FREE ENERGY OF SEGREGATION OF
CARBON, SULPHUR AND PHOSPHORUS IN DELTA FERRITE AND
AUSTENITE

The value of the free energy of segregation, AGi, depends on the degree of
distortion in the matrix due to the presence of a solute atom. For example
carbon (which is an interstitial solute) shows a higher segregating tendency in
the a ferrite rather than in the y phase, because of the smaller interstitial
spacing in a [123]. In the absence of values for the free energy of segregation of
phosphorus, carbon and sulfur in the § phase, it is assumed here that §, in terms
of segregation behaviour, is an extension of the a phase and not of the y phase.
This may be justified purely on the basis that the crystallographic structure of
both a and 8 phases is b.c.c. In the case of carbon, this is further reinforced by a
consideration of solubility in the three phases. Solubilities imply a degree of
distortion of the lattice, i.e. a small distortion is associated with a high solubility
(if no other effects are considered). In the pure Fe-C system, the solubility of C
in a is 0.0022 wt% at 727°C, and in 8§ at 1493°C it is 0.1 wt%. Since the
maximum solubility of carbon in austenite is about 2% at 1150°C, it is clear, on
the basis of solubility, that § is more similar to a. This in turn implies a less
negative AG! for segregation in austenite. Therefore, it can be argued that, in
the case of carbon, the AG! for 6 ferrite may be extrapolated to higher
temperatures from values found at lower temperatures for a ferrite.

For sulphur, the Fe-S phase diagram shows that, for both a and y phases,
the solubility of sulphur in Fe is low, but the solubility difference between the
two phases (a and y) is not as large as for carbon [122]. In the case of
phosphorus, the Fe-P diagram reveals a closed loop in the austenite domain and
the maximum solubility is around 0.25 wt% at 1150°C. Above a P level of 0.57
wt%, there is a continuity between the lattice parameter of a and § phases,
which further validates the assumption which considers the § as an extension of
the a phase. Both the Fe-S and Fe-P phase diagrams show that the solubility of
S and P increases with increasing temperature [122], suggesting that AG could
be less negative than predicted by assuming that AG values for 8 can be
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extrapolated from q, rather than y values. Therefore the free energy calculated
here must be considered as an upper limit for the free energy of segregation.
This is especially clear in the case of Fe-S where the maximum solubility in the
a phase is 0.02 wt% at 910°C, compared to 0.18 wt% in the 8§ phase at 1365°C
suggesting that the free energy of segregation should be lower in 8.

With the knowledge of the variation of AG! in the a-ferrite with
temperature, it is thus possible to extrapolate a AG' value of a solute in the §
phase using the basic relationship between free energy (AG), enthalpy (AH) and
entropy (AS):

AG=AH-TAS V.1

where T is the temperature, and AH and AS are independant of temperature
[128].

The AG values of carbon, sulfur and phosphorus reported in the literature
are given in Tables V.1, V.2, and V.3, respectively. From these results AH and
AS of equation V.1 were determined for each element (C, P and, S) by a linear
regression on the plot of the AG values against temperature in Fig.V.1. If AG is
expressed in the form of an equation valid over a temperature range, several
data points were plotted at different temperatures, and if one value of AG
referred to a temperature range it was assumed valid for the centre of that

range. It can be seen in Fig. V.1 that for carbon the correlation in a is good,

except for one point, and the data can be reasonably well fitted with a linear
equation. Note also that the only data point for the free energy of segregation of
carbon in austenite is well below the values for a ferrite, as was expected from
the preceding discussion.

In the case of sulphur, no entropy data were found in the literature, either
for the ferrite or austenite, and there was insufficient data to determine a value
of entropy from the AG versus temperature plot. However, since the
vibrational component of thz entropy predominates, and because sulfur is very
close to phosphorus in term:s of mass and size, their vibrational behaviours are
assured to be similar [206]. Therefore, the entropy term of sulfur was taken to



{(850-1100°C)

Table V.1
Free energy of segregation of carbon in the a and
y phases.
Ref (K. JA/‘E; ol) Phase Remarks
a Presented asa
138 -7 (500-700°C) | “preliminary
-0.0215T result”
137 -37.7 - -
-0.0432T (500-700°C)
130 -80 a AS=0
(800°C)
123 | -92.4 a ]
(600°C)
127 .76 a ]
(600°C)
109 -30 Y
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Table V.2
Free energy of segregation of sulfur in the a and
Y phases.
Ref (K ﬁﬁ ol)) Phase Remarks
[0}
136 -51.5 (550°C) )
124 | -71.1 a -
(600-700°C)
caleulated
141 -75.2 a froin data of
(650-800°C) ref. 124
v "AG cons}i;ant
over the
141 | -54.34 | (850.1300°C) | temperature
range
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Table V.3
Free energy of segregation of phosphorus in
the a and y phases,
Ref (kj?n?ol.) Phase Remarks
(1 -
127 -34.3 (450-800°C)
-0.0215T
130 -50 a (SOOOC) AS?‘O
137 error on
-21.2 a AH:+10
-0.0373T | (500-700°C) | Kj/mol.
141 -22.8 a N
-0.0192T | (540-810°C)
- Y -
109 47 (850-1100°C)
error on
207 -19.9 Y AG:+4
-0.0228T | (950-1200°C) | kj/mol.
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be the same as that evaluated for phosphorus. The free energy of segregation of
phosphorus in «a ferrite is given by three equations and one data point at 800°C
(Table V.3). Asshownin Fig. V.1 for phosphorus the three.equations define two
parallel straight lines. The upper line has been established from the equations
of references 130 and 127, whereas the lower line is drawn from equation of
reference 141. The mean line between these two plots was used to calculate AG
in this work.

In the austenite only one value for AG was found in the literature for
carbon and sulphur. Thus, the entropy term in the austenite of both elements
was taken to be that for a ferrite. This assumption is supported to a certain
degree by the fact that the entropy term of phosphorus in the a ferrite is similar
to that in austenite (Table V.3). Note also that the data points in austenite for
phosphorus fall approximately on the same lower line defined by the equation of
reference 141.

Clearly, some of these assumptions are quite tenuous, especially in the
case of sulfur and austenite where the data are very scarce, but it is felt that at
least the general trends can be revealed by some degree of quantification.

It should be mentioned that McLean [123]1 has calculated several values
for the free energy of C in a-ferrite by considering the elastic distortion caused
by C atoms in the a ferrite. He has found much higher AH and AS (-83.6
Kd/mole for the enthalpy and -0.044 KJ/mole for the entropy) values than those
given in Table V.1 which were obtained by Auger measurements, The
difference is certainly due to the basic assumption of the model which considers
only the mechanical distortion caused by the solute atoms in the matrix
whereas some other electronic effects must also be influential.
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APPENDIX VI

CALCULATION OF THE DENSITY OF THE COMPLEX COMPOUND
TiNbCN

In order to calculate the volume percent of precipitate for a complex

carbonitride of the type of TixNbj xCyN1.y one must know the proportionality
factor A of equation VI.1:

PreMxy

ve= [%X]= A[%X] (VL1)

X

where XY =TiyNbj x\CyN1.y pisthe density, M the molecular mass, and [%X] is
the concentration of Ti and Nb precipitated in mass percent. The only factor in
equation VI.1 which is not readily available in the literature is the density of
the compound TixNbj xCyN1.y. However, knowing that the Bl structure of
TixNb; xCyNj.y contains 4 atoms per unit cell [176], the density of this
precipitate is given by equation 6.2:

~

_4(mei +A —xmy, +ymeo+(1—yImy

o - (VL.2)
Ti Nby _oC Ny ay

(AL DI, PR

where m; represents the mass of one atom i, and aTi,Nb, CyN 1.y refers to the
lattice parameter of the unit cell. This can be determined from the extension of
the Vegart’s law [176] which states that there is a linear variation of the lattice
parameter of a MCyN1.y compound (M being Nb or Ti in the present case)
between y=0 (pure compound MN) and y=1 (pure compound MC). The same
rule is also valid for the variation of the lattice parameter of TixNb; xL (L being
C or N) when x varies between 0 and 1. Therefore, the extension of such law to
the dimension of the unit cell in the quaternary system is straightforward, i.e.:
=xyaT£c+x(1 —y)aT:.N+y(1 -x)aNbC+ (1-1 —x)aNbN (VL3)

Q.
Tlbe( 1- x)CyN( 1-y
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However the calculation of of the density of the TiyNb; xCyN1.y
precipitate is more simple if it is assurned that the Vegart's law can be applied to
density provided that the density of TiC, TiN, NbC, and NbN are known:

pTibe(l—xlcyN( 1-y) =xypTiC+y(1 —x)prC-i-x(l —J')PT,-N"‘ 1-x)1 “y)prN (VI.4)

It can be seen that this equation works when x (or y) equals O or 1. In
order to check the accuracy of this assumption, computer calculations of the
ratio of the density given by equations VI.2 and VI.4 were carried out for sets of
x and and y values. In all cases the ratio ranges between 0.998 and 1.011
showing the validity of the assumption.



