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ABSTRACT =

The flow properties of the B-phase Zr-Mo and Zr-Nb alloys were

investigated by means of compression testing in a nominaily pure argon
/
!

atmosphere. The stress strain curves determined for t}{e Zr-Mo alloys -

were upusual in that they exhibited a continuous dec’fease in flow stress
*f‘b
with strain °, after little or no work-hardening. A further unusual

feature of the tests was that the flow stress in interrupted tests

increased with delay time in all the alloys. By contrast, crystal bar Z.

N

exhibited neither flow softening nor very large interruption hardening,
|

but\\deformed in a conventional manner, The results obtained from X-ray

investigations, as well as ffom interrupted tests and from tests carried

out in a more purified atmosphere, indicated that the occurrence of both

interruption hardening and flow softening was associated with the presence

of an oxygen-stabilized a-layer on the outer surface of the sample. Growth

of the hard a-layer during annealing produces strengthening while its
decrease in volume during deformation produces softening. A model, based
on time assumption that the hard a-phase shares the load applied to the
sample, was developed and its predictions agree satisfactorily with the

experimental observations.

The stress sensitivity of the strain rate in these alloys decreases

from 4.0 to 3.4 as the molybdenum concentration is increased from 0 to 6%,

for both the yield and the steady-state regimes of flow. The alloy flow

stress increases with molybdenum concentration C approximately as Co 7

v

although it is apparent that the molybdenum atoms are indirect strength-

eners, and do not act as individual obstacles to flow.
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. The flow curves obtained on Zr-Nb alloys containing 10, 15 and
20% N\J also exhi/bited flow syofteniné, and the magnitude of this effect

/decreased as the temperature was increased. All three alloys also exhi-

bited anneal hardéning, i.e. an increase in flow stress at 825°C with

N annealing time at 1000°C. Neither the flow softening, nor the anneal

"5.:;‘ I AT

hardening could be associated with envirommental effects, as in the Zr-Mo
alloys, nor could they be attributed to texture changes or to the occurs
rence of dynamic recrystallization. These effects, as well as the results

obtained from X-ray and microprobe investigations, and from grain size

measurements are discussed and it is; concluded that the anneal hardening
'is due to the combined effect of grain growth and the formation of solute
clusters during annealing. By analogy, flow softening is attributed to
the destruction éf the solute clusters by s\tﬁrainiﬁg. |
Finally, stress-strain curves were determined in the Zr-2.5% Mb
alloy. The flow curves do not exhibit either flow softening or anneal
hardening, as do the high Nb alloys, The flow stresses were found to be

highly strain rate depen'dent, as well as temperature dependent; with stress

s\ensitivities of about 5.5 for yielding and 4.5 for steady-state flow.
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La déformation plastique des alliages Zr-Nb et Ir-Mo e¢n phase 8

e

._5:4

C
a-8té &tudiBe au moyen d'essais de compression sous atmosphdre d'argon: ]

BT

-

Les courbes effort/dé&formation des alliages Zr-Mo présentent une décrois-
3 g | .
sance de la contrainte lors de la déformation, aprds une courte période

T

Sl Sarialll

Shciie

Wm

w  de consolidation; propriété inexplicable par la restauration dynamique
S prop xp P )mlq

' seule. Des essais de compression interrompue ont &té effectués. La

¥

contrainte lors de la reprise de la déformation croft avec le temps
d'interruption, en conflit avec le comportement usuel. Le zirconium non
allié, au contraire, ne présente ni adoucissement par déformation, ni

durcissement trés marqué lors d'interruptions, L'analyse par rayons X,

ainsi que les résultats de tests effectués sous atmosphdre de haute pureté

1

ont montré que les effets d'adoucissement par déformation et de durcis-
sement lors d'essais de compression interrompue sont associés & l'exisfence,
prés de la surface de 1'échantillon, d'une couche de phase ¢, stabilisée
par 1l'oxygéne. La croissance de cette phase avec le temps d'interruption
e\:\st la cause du durcissement observé tandis que sa décroissance en volume
lors de la déformation fait apparai';:re le phénoméne d'adoucissement., Un
mod&le basé sur l'hypoth&se d'une répartition de la charge appliquée sur
les phases B et a est présenté, et s'avére capable d'expliquer d'une manidre
s;tisfaisante les résulgats expérimentaux. #

La sensit?ilité de la contrainte 2 la vitesse de déformation décr8it
de 4.0 & 3.4 lorsque la teneur pondérale en molybdéné( s'éléve de 0 & 6%, pour
1'8coulement 3 la limite &lastique aussi bien qu'en régime permanent. Les

contraintes varient également avec la teneur en molybdene &levée & la

puissance‘0.7, bien qu'il soit apparent que les atomes de molybdéne ne
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. constituent pas directement des obstacles au mouvement des dislocations.
La déformatdgn plastique des alliages "contenant 10, 15 et 20%

Nb présenfe dgalement un phé&nomidne d'adoucissement par d&formation, qui
o ] décrott rorsque la températu;:e croft, De plus, la contrainte d'é&coule-
o ’ ment 3 825°C apparait anormalement affectfe par le temps de recuit préalable
; 2 1000°C. Aucun de ces deux effets ne semble pouvoir 8tre attribué 3 un
) phénomeéne d'oxydation de surface? comme dans le cas des alliages ZIr-Mo,
\ ni 4 des mécanismes d'adoucissement connus tels' que la recristallisation
“ dynamique ou la variation de texture au cours de la déformation. Le
comportement mécanit‘me, les résultats d'analyses par 'rayons X et par
microsonde, ainsi ‘que les résultats de mesures de taille de grains sont
examinés. I1 est conclu que le durcissement au cours du recuit est probable-
ment causé par 1l'effet combiné de 1la croissanc; du grain et de la formation
d'amas de soluté (semblables aux zones GP1l). D'une mani&re analogue,
l'adoucissement par déformation pourrait avoir pour origine la destruction
de ces amas pér les dislocations.

Dans un dernier temps, les courbes contrainte/déformation de
1'alliage Zr-2.5% Nb ont 8t& obtenues. Celles-ci ne pr&sentent pas d'adoucis-
sement par déformation, ni ne paraissent sensibles au temps de recuit 3
100006. Les contraintes cependent varient fortement avec la vitesse de
déformation et modérément avec la température. La sensibilité de la

contrainte 2 la vitesse de déformation décroit de 5.0 & 1a limite élastique

4 4,5 pour le régime permarient.
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CHAPTER 1

| INTRODUCTION
ey

3

N

The steady increase in energy demand, due to both population
growth and increasing consumption per capita, as well as the limitations.
of traditional sources such as o0il and'hydroelectric power, constitute
one of the majér problem areas faced by the world today. Canada is a

privileged country in that it haSk?een able to generate enough energy to

" satisfy domestic demand, thanks to abundant hydroelectricity (e.g. the

Jémes Bay and Manicouagan River developments), and to the deposits of oil,
natural gas and tar sand in the’Prairies. Projections of the_consumption
and demand curves, however, have shown that in 1980 Canada will have to
import energy, which will make the country dependent upon outside suppliers
and will affect the balance of payments.

For this reason, Canada, in company with many other countties,
has expended considerable effort on the development of nuclear reactors
for energy production. Although there is a growing awareness of the
environmental dangers associated with the use of nuclear reactors, they

appear to belthe only readily available alternative for at least two decades.

Néw processes for producing energy such as hydrogen fusion or solar energy

still appear to be in the early stages of development.

The Canadian CANDU nuclear reactors system is based on natural |
uranium dioxide as a fuel. For this reason, a strict neutron economy must
be achieved in order to maintain the fission chain reaction. Zir-

conium-base alloys have been used extensively in the construction of the

+ \-/_ N *
core elements, as they combine in an almost unique way good mechanical and

corrosion properties with very low neutron absorption. The improvement in
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the mechanical properties of these alloys is the key-to cheaper energy,
as the net efficiency increases substantially with operating temperature.

The original aim of the present investigation was to study the

effgcts of niob%um and molybdenum on the high temperature properties of

zirconium alloys. In this way the study would provide a contrast to the
work of Luton on zirconiuﬁ—tin alloys, as tin is an'a-stabilizer, whereas
niobium ;nd molybdénum are B-stabilizers. Thus it was intended to carry

out a detailed activation analysis of the flow behaviour in an attempt to

see if niobium and molybdenum act as direct strengtheners, i.e. whether

the Nb and Mo atoms are themselves' the obstacles ‘to dislocation flow, or
\ whether they modify the effect of other obstacles such .as dislocation nodes
and sub-boundaries.
Once the investigation was underway, however, it soon became
apparent that flow curves differing considerably from the regular ones

observed by Luton were frequently obtained. There were several unusual

aspects to these stress-strain curves. In the zirconium-molybdenum alloys,
yield drops and a continuous decrease of;sﬁress with strain were commonly
observed. When the tests were interrupted afte; a certain strain interval
and then reloadéd, appreciable strengthening was detected, whieh increased
with delay timelbefore reloading. This behaviour suggested that some
strengthening effect other than solution hardening was taking place. In
the zirconium-niobium alloys, sharp yield drops were not observed, nor

was ‘there an inter?uption strengthening effect. The flow curves, on the
other hand, displayed even more markéd fIow softening, of an extent not
usually encountered in investigations of this type. The cause of the flow

softening was not known, but could have been a result of various mechanisms

such as precipitate coarsening, dynamic recrystallization, the intensifica-




-

-

' tion of grain boundary sliding, texture modiflcation during straining,

for instance. It was clear at this point that the original aim of acti-

vat\ion analysis had to be.abandoned and that the object of the investi-
gation would instead be that of determining the causes of the unusual

'\ .
behaviour of the two families of alloys. It is fortuitous that the factors

responsible for the abnormal flow curves were different for the two alloy e
1
systems. The way in which they were determined, and the conclusions that

{

were drawn, will be described in the sections that follow.

2 s T
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CHAPTER 2 .

5

FUNDAMENTAL ASPECTS OF THE DEFORMATION OF METALS - ’
| AND THE OXIDATION OF ZIRCONIUM AND ITS ALLOYS AT
ELEVATED TEMPERATURES |

}

\
t

t The pufpose of this chapter is to review some of the back-
ground literature that is releviff/to an understanding of the present
work. The first section is concerned w%th the pheﬁomenolqu of the
high temperature deformatibn‘of metals, ;nd also deals with the theories
and mechanistic models used to account for the observed phenomena. In
a second section, particular emphasis is placed on those mechaniﬁms_that
afé capable of producing pronounced softening during high temperature
flow. The ldst two sections are devoted to the oxidation of zirconium
and its alloys, and describes the effects of oxidation on the méchanical

hY

properties of materials.

2.1 THE DEFORMATION OF METALS AT HIGH TEMPERATURES

The deformation of metals at elevated temperatures'has been’
extensively studied during the past two decades.. Several good reviews
dealing with the characteristics and properties of Metals under hot
working conditions have been published recently (1-6). The present
review will therefore be limited-to a brief surQey of the main featﬁres=
of high temperaturé deformation. Of particular interest in the présent
work are the flow curves, which will be dealt with first. These curves
are affected by the accompanying microstructural chanées, which will bg
considgred together with some models for high temperature deformation in

| s
the sections that follow. The eppirical relations between the deforma-

o

tion parameters will be surveyéd briefly in the last section.

1 Q
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2%1.1 The High Tempexature Flow Curve

large

/
7

High temperature flow curves have been determined for a
{

number of pure metals and alloys. They fall into two main categories;:

the dynamic recovery curves and the dynamic recrystallization cuxves, .

i

2.1.1.1 The dynamic recovery curve

\

This type of flow behaviour has been observed in aluminum (7-9),
a-iron (10-15) and ferritic alloys, in b.c.c. Tefractory metéls (16),
in zirconium alloys (17) and in other h.c.p. metals (18-19). The flow
curve can be liivifled into three stages (Figure 2.1.a). First, a micro-
strain region can be observed in which the plastic strain rate of the
sample increases from zero to the nominal strain rate. The loading slopes
in this region range from E/50 at low strain rates and high temperatures

to E/5 at high strain rates and lowler temperatui‘es'. The slopes are lower \ §

than the modulus E because of the plastic strain produced during initial,

loading by the operation of thermally activated dislocation sources.

A work-hardening region follows in which the net work-hardening rate

decreases with .increasing strain. ‘The net work-hardening rate near the
. » .

- e

onset of gross plastic flow ygies from E/STOO at high temperatures and
low s\fmin rates to E/100 at dow temperatures and high strain rates.

In the third region, the net rate of work-hardening falls to z;ro and
the stress remains constant with increasing strain, provided the true

N . ) ~
strain rate is constant. The strain at which the steady state regime

is achieved increases with strain rate and decreases with tempei'ature.
g -
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FIGURE 2.1 Schematic representation of flow curves
. obtained for different types of materials:
a. materials that dynamically recover only
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2.1,1.2 The dynamic recrystallization curve

SERL
FoTHW

This behaviour has been encountered in nickel (7,20-24) and

nickel-base alloys (21,22-25), in copper (7,20,21;326), in y-iron (27)

e AR

and austenitic alloys (28-33) and is shown srchematically in'Figure 2,1.b.
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- The early part of the curve also exhibits a microstrain region which

~ \

N
_turns gradually into a work-~hardening region in a manner sinilar to that

»

Vobserved in the dynamic recovery curves. As the. strain increases, how-
ever, tha work-hardening rate, after decreasing with strain to zero,
subsequently becomes negative and eventually settles back to zero. In
other words, the stress goes through a peak value at a strain ep, then
decreases with strain and finally stabilizes at a value that is normally

*

lower than the peak stress, At low strain rates a steady state stress

v

may not be attained directly after the peak, but only after some oscil-

lations of the flow stress with strain have taken place; see Figure 2.1.c

(22). The strain to the peak.ei increases with strain rate and decreases

with temperature.

2,1.2 ' Dynamic Recovery ‘

2.1.2.1 Microstructural changes associated with dynamic recovery

During the strain interval required to reach steady state flow,

v

the dislocation structure, which consists of randomly distributed dislo-

cations, evolves ’into an orderly subgrain structure. The subgrains may
[ ‘

be characterized by dislocation "walls", in which dislocations are very
tightly knit and have a very high density; these walls in turn separate

cells in which the dislocation density is much lower. The overall dis-

\
location density increases during deformation from about loum’2 in the

14 -2

undeformed state to about 10 in the steady state condition. The

Y
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subgrains appear better defined at highgr temperatﬁres and lower strain

rates than at lower temperatures and highdr strain rates.
I Once steady state flow ishobtained, the subgrains remain
equiaxed, whereas the grain structure becomes more and more elongated
with further deformation. Below 0.6 T, the subgrains may get somewhat
elongated as the strain is increased, but only to a\ iimited extent,
Stiive (26,34) has explained the dynamic stability of sub.gr'ains during

concurrent deformation as being due to the attainment of a dynamic equi-

librium between the rate of dislocation generation in the subgrain

interiors and the annihilation'rate in the subgrain boundaries. Another
« / N
A}
interpi'etation was proposed by McQueen et al (35) who viéwed tﬂhe equiaxed
subgrains as resulting from the continuous break-up and reformation of

the s‘ub-é‘%‘é%%aries during steady state flow.

2.1.2,2 Stress and subgrain size I

The subgrain size can be correlated with the developed stress
o

. )
according to an equation of the type
-M

d = ko (2.1)
where+q, is the average subgrain size, o is the steady state stress and
k and M are constants,

The exponent M is usually close to unity (1,2,36). Equation 21.1,
however, does not imply any causal relationship between d and g, but only
that the steady state size of subgrains attain a certain value for each
combination of stress, temperature and strain rate. The initial grain

size does not seem to have an effect on either the subgrain size or the

st S A RS Ty A A ST RS e ey v
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steady state flow stress.

The dislocation demsity within subgrains p has been successfully
|

related to the high temperature flow stress o through the relation (37
. '

i

g =. aub/p / )

where ¢ is a constant, u the shear modulus and b the Burgers vector.

In the subgrains formed in certain metals, such as Al,the

i

dislocation density has been found to be very low (36,38); whereas in
i

IR

others, such as.20% Cr - 35% Ni steel (39), it can remain quite high.

This has been relatgﬁ to the stacking fault energy changes, which will

oo ok e ok

be considered later. The misorientation between subgrains does not

appear to vary with the strain; strain rate and temperature on the other

hand have a modest influence, the smdllest misorientations being observed

e T (T T

at the highesf/temperatures and the lowest strain rates. The detailed
‘ nature of the sub-boundaries has not been clearlf characterized to date.
; Although sub-boundaries of tilt, twist or mixed nature have been reported
in various studies, the occurrence of these types has not beén clearly
, related to material or experimental variables. The dislocation density
in the subgra;n wallslis also largely unk;own, due to the experimental
problems involved in its determination, and the rate controlling annihila-
, tion mechanisms have not been unequivocally determined. l:
‘ ' . /

2.1.2.3 Effect of solute addition on dynamic recovery

In general, alloying increases very markedly 'the resistance of
0 metals to creep as well as increasing the flow stress under constant -
strain rate conditions. The effect’is m?st marked when the fipst few

per cent solute is added than it is at higher solute concentrations.

1
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Solutes have been thought to affect the flow stress either‘by acting as
point obstacles on the slip planes or by decreasing the stacking fault

energy. The decrease in SFE leads to a decrease in the recovery rate

-

and thus leads to higher flow stresses. ‘
| .
Empirically, it has been shown that the creep rate is .

proportional to v3.5, y being the SFE (40-43). In zirconium-tin

alloys Sastry et al (44) were able to relate the observed variation of
SFE with solute concentration-to the characteristics of the urate-
controlling obstacles, as determined from mechanical tests. They showed
that in these alloys, where the unzipping of attractive junctions is
proposed as the rate controlling mechanism, the free energies of the
obstacles in the absence of stress calculated from the stacking fault
energies were in very good agreement with those determined from the strain
rate and temperature dependence of the flow stress. Althc/)ugh similar
studies have not been carried out on other alloy systems, it appears
possilple that SFE changes promoted by aalloying may, in general, be the
cause of the change in mechanical behaviour. Changes in diffusivity and’
in the elastic moduli with solute content may also be expected to influence
the mechanic;ll behaviour, but have so far been found to be of relatively
little importance. Nevertheless, sharp decreases in creep rate with solute
addition have been observed in a-brass (45) and in Nb+«Mo alloys (46), and
these 'cannot be explained by SFE changes alone.

It has been shown (47) that the addition of silicon to iron

\

causes strengthening at low temperatures (< 800°C) and appears to soften

the material at higher temperatures. Immarigeon (47) was able to obtain

s . / I3 L] 3 . . s
the variation of both the probability of; activation of a dislocation over

the obstacles and that of the density of activatable sites with temperature,
!

{
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from the thermal activation analysis which will be described in Section

2,1.5. He found that, at high temperatures, the increase in the pre-

exponential factor of the rate equation caused by silicon addition (which
is related to the dens&.ty of activ&%able sites) was ollerpowering the .
corresponding increase in obstacle strength. /

This result is of some impdrtance since it shows that solute
addition may induce, apart from an increase in obstacle strength, g4 vari-
ation in other parameters which may reduce and even overcome the strengthening

|

component.

2.1.2.4 Dynamic recovery models

None of the present models explains in an entirely satisfactory :
manner all,the features of dynamic recovery. However, three of the

principal types will now be examined in turn.

2.1.2.4 (a) The dislocation climb model (48,49)

The situation considered is that of dislocations emitteq by a
source, but subject to strong interactions with neighbouring pile-ups
in adjacent slip planes. Furgher pile-ups are produced, and dislocation
motion by glide becomes inhibited until the leading dislocatjons in thé
pile-ups begin to climb and  be annihilated by dislocations of opposite

|

sign on neighbouring planes. When a dislocation is annihilated, the
corresponding source emits a new dislocation a;xd the old configuration

Vi

is re-é?%ablished after a strain increment. The strain rate can be
3

/

expressed as

g = b.A.N.]-:- \ (2.3)
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.  where N is the density of dislocation sources, c the climb rate, h the
distance between adjacent pile-up groups, A fhe area swept out on the
slip plane by the leading dislocation and b the Burgers vector. The
rate of climb is controlled by the rate at which vacancies can be sup-

plied or removed. The climb rate obtained by Weertman is
I

2 4 .
. 2Ds'° .L.b Fie

= T OKT o (2.4)

where Ds is the self-diffusion coefficient, L is the length of the pile-up,

and the other symbols have their usual meaning.

§  In order to obtain the strain rate e.:,‘ h must be estimated from
the stress ¢ = ub/4rh required to force two parallel pilé-ups to pass
each ot}';er and L2 is estimated to be proportional to ¢. Under t\he,se

v

conditions, Weertman arrived at:

4.5
- (2.5)

E - -
bi.N.ius's.k.T
{

-

The above stress exponent agrees reasonably weli with empirical observa-
tions in pure metals and in some solid éolutions.‘ Some of the assumptions,
however, rem%er this equation less than appealing (1,5,50‘,51). N is not
likely to be a constant but rather is expected to increase with stress.
“The stress dependence of L can be questgcl)ned asA well, énd a ‘more refined
anal}sis_leads to stress exponent of 5, for example. Finally, the dislo-
cation pile-ups which constitute the ground for the theory have hever been
observed. The activation energy predicted is that of self-diffusion,

O which agrees with those determined experimentally only in high temperature

creep, and then not for the h.c.p. metals (52).

! l
\
.
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.. 2.1.2.4 (b) Dislocation jog models (53-58) N

o

When screw dislocations intersect each other, they become jogged

; - \
with edge components which restrict their motion. If the jogs are to keep

P

up with the dislocations, these must move in,a non-conservative manner.

P

They emit or absorb vacancies. A chemical force, due to the deviation
/ - -
of the vacancy concentration from equilibrium, is exerted on the disloca-

/ tions at the jogs. 'Its value is given by:
‘ Y - ’ -

B
I

ECRC I

o
e

kT’ |
Af - ;—2- In(cg/c,) . (2.6)

L0

e
- 4 &

' - for vacancy emitting jogs; and

kT P
£, = ;Eln(co/ca) \ ' (2.7

Ifor vacancy absorbing jogs. Here c ‘is the equilibrium vacancy concen-
tration in a dislocation-free crystal and c, is the local vacancy concen-
tration near the vacancy emitting jog. ¢, is the counterpart of Co for
a vacancy absorbing jog and the other symbols have their usual meaning.
Barrett and Nix (58) have related the excess vacancy concentration to

the jog emission through the term: ’

v
e -
c -c = z (2.8)
e © 41rDVb‘2

For vacancy absorbing jogs, the equivalent expression is:

-

Va
C - C bnd (2 » g)
5% amp? - . ~
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These equations imply th\at only bulk diffusion occurs.
By appropriate substitution of the above four equations, and

considering that, in the steady state, ogb) = f e

7 2 )

v, = mvb?co[expc%i) ; 1] (2.10)
~ 2 cbz)\

Vy, = 4myb co[l - exp(—-mr—)] (2.11)

i
where X is the distance between the jogs, Dy is the vacancy diffusion coef-
ficient ‘and Ve and V, the velocities of the emitting and absorbing jogs.

Relating now the velocities to the strain rate through the
Orowan equation, and assuming equal densities of absorbing and emitting
jogs, both contributing to the strain rate, Barrett and Nix obtained the

'

relation
1 -

x Y
»> ) cb A
g = bDvomsmh (—ﬁ‘—) \ (2.12)

where fn is the mobile dislocation density and b is a constant.
The stress dependences of pp and A are unfortunately unknown,

Assuming they are not stress dependent, which limits the generality of

¢

.the equation, it fits the type of creep data gemerally obtained reasonab}y
well, A similar strain rate expression is obtained when rapid dislocation

core diffusion is taken into account. Recently, more rigorous treatments

IS

have been Iproposed (59-61), which lead to an expression of the type

i
i

~

1 e o p tanh (Ab%a /KT) (2.13)
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In these models, the stress dependence of the mobile dislocation density
is still not spelled out, and it is apparent that the tanh law is not in
agreement with experimental observations at high stresses.

i

2,1,2.4 (c) Recovery creep models (3,14,62-65)

These models are based on the knowledge that materials harden

with strain and soften with time. High temperature creep is considered

as resulting from the simultaneous operation of these two mechanisms.

The strain hardening and the rate of recovery are defined as

N

2
h - (—a—z- , T em - .g—g-) ‘ (2-14)

respectively, Under steady state deformation conditions the strain rate

i
©

can be written as:

\
\

ey = -3/~ (2.15)

3

In stage I creep, the dislocation density increases with strain, and hence
so does the rate of recovery, until a balance is achieved between work-

-

hardening and recovery. McLean (3) expressed the process by the Arrhenius

equation ‘

* . bA(he - rt

e = ¢, exp[- ——&-ﬁ'—'l] . (2.16)
where €, is a pre-exponential factor similar to that in the expression
for thermally activated deformation and A an activation area. This equa-
tion describes satisfactorily the primary and secondary creéﬁ sfageé.

P

i :

o e P T
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Lagneborg (65), howéver, pointed out that this model was over-~ .
\ .

simplified in that it treated h and r as constants. He proposed a model

v

taking into account the fact that r increases as the dislocation density

increases with strain, and that the rate of work-hardening tends to

decrease with strain. In accord with direct observations, he also con-

sidered the r and h parameters to vary with the geometry of the three

dimensional dislocation network. During creep, the distribution of link
{ sizes varies as a result of three processes. The first one is the release
of dislocation links by thermally activated node unpinning. The second

process is work-hardening, which arises as new dislocation links are
\ R3
supplied by the expansion of the released links until their arrest against

i

the network. The last event is recovery, which is postulated to occur

by the climb-controlled shrinkage of small meshes in the network and the

' accompanying growth of the large ones, in analogy with grain growth, This

‘model was found to be capable of simulating the stridin-time asswell as the

dislocation derisity-time behaviour (66).

2.1,3 Dynamic Recrystallization | '

*

2.1.3.1 Microstructural changes during dynamic recrystallization

In metals that alje'.prone to recrystallize dynamically, the
early stages of deformation are accompanied by the formgtion of a cel-
lular dislocation szl.xbstructure. In these materials, the cell sizes tend
to be smaller and the boundaries more tangled than those formed in materials
that only ciy‘namically recover during the defoﬁation. Beyond a critical
i strain,dynamic recrystallization starts to :gg\ar. In' this process, ﬁuclei
O i::prm and new grains begin to grow. The driving force for the growth of
new grains is the strain energy‘difference between the heavily deformed

[/" region outside the nuclei and the essentially dislocation free regions'

. '
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within them. The new grains gréﬁ fast, consuming the severely strained
old grains.
If the rate of straining is low, the new grains can grow to

their full extent without being themselves appreciably strained. The

driving force does not decrease significantly as the deformation is pur-
Q

sued at a low strain rate and thus permits the rate of migration to remain b

nearly constant until recrystallization is completed. The flow stress drops i

during the process from that of a heavily strained material to that of
a statically recrystallized or annealed metal. As straining continues,

{
the dislocation density builds up again, until nucleation again comes

into play, leading to a repetition of the cycle. Under such conditions,

the flow stress keeps oscillating with strain.
| At high strain rates, the situation is quite different. The
cellular structure evolved in the early strain history is more dense and |

the sub-boundaries pin the grain boundaries more effectively, so they

cannot supply new grain§ through the boundary bulging mechanism. Nuclea-

tion is now originéted throughout the deformed grains and recrystallized
grains begin to grow. The centers of the new grains, however, become
. | strained as deformation continues. As the new grains start to experience
dislocation btlxild-up, the driving force decreases, and causes a concurrent
decrease of the rate of migration of the boundary. The recrystallized

1
| grains can accumulate enough strain to begin to recrystallize again even

though the first recrystallization cycle is incomplete, "

The material thus exhibits a distribution of regions with dif-

ferent degrees of deformation, but none exceeding the peak strain. The

Py O peak stress arises because the material, in the first recrystallization
; :

cycle, is strained as far as it can be without recrystallization. Further

e
L
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straining causes a stress drop as the new grains grow; The steady state
stress reached is characteristic of a dynamic average of all the strain
conditions in the material, and lies between the yield stress of statically

recrystallized pp.terial and the peak stress (22,67,68,70).

2.1.3.2 Critical strains for the nucleation’ and completion
of recrystallization

The critical strain for dynamic recrystallization €q is somewhat

\

less than the peak strain ep at which dynam{ic recrystallization already

balances work-hardening (22). The relation between €. and ep has been

approximated by (69): v |

- S L
g Ep . A (2.17) -

€

o

v

, Recrystallization kinetics follow a sigmoidal curve on a plot
of volume recrystallized versus log time. At constant strain rate, a

plot of volume recrystaliized versus log strain has a similaT shape. As’

the strain for complete recrystallizatic;h is hard to define, since the g

fraetion recrystallized does not reach 100% in a finite time, for practical

) .
purposes €, is taken as the strain for 95% recrystallization.

The strains ¢ and €. decrease with increasing temperature, and

c
1
this has been attributed to the increase in the rate of recovery, ‘and

"
-

therefore of nucleation at higPer temperatures. The increase in €. and €

with strain rate has the sdme origin. The effect of the two variables on

\I
¢, and ¢, can'be expressed as (6) * . £

Cc . f
. Ky 4
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|

. S . | (2.19)

\ . °
where Z is the Zener-Hollomon parameter.

The strain for the completion of recrystallization €p is affected
! \

by strain rate not only throuéh the nucleation rate, but also throﬁgh the

decrease in driving force andfonsequently through the rate of grain’
. boundary migratign with increasing strain raje.— The result is that ¢,

i
is far more senzi\re to strain rate than ¢ ( .
i | ')
J f

2.1,3.3 ’Grain and subgrain size in dymamic recrystallization . -

Qe e 5y 1 AT T

e

The grain size dg during steady-state deformation reniégins ‘constant

A

with strain, and has been correlated with the steady state!stress through

.the relation: ' ,

% : v
-M

o5 = Kgdp o . ‘ : . (2.20)

S

.

where K3 is a constant and M varies between 0.75 and 1.0. This relagion?

s s T .
however, does not’signify that the steady state stress level is determined

\ by the grain size. In reality the situation is more complex‘,iénd we can

expect three factors to act on ag- These are the subgrain size in the
. ~ N

recrystallized grains, the dislocation density within the subgrains and

finally the grain size. The subgrains add a component to the flow stress

Isg of the type:

. ’ ' '
. / . "

!
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?

where dSg is the average subgrain size and X, a constant. This relation

4
is the same as the one relating subgrain size and flow stress in d}namically

f

recovered metals.,

A second component gy, comes from the dislocation density within

A

subgrains psg& in the'form:

\ ° ;-

1/2

O4s — O M b psg (2.22)

}

where’ a is a constant, p the shear modulus.and b the Burgers vector.

The distinction between these two components has been discussed

'

by McQueen and Jonas (6). .It is useful frgm a conceptual point of view
but one could argue that it is an arbitrary one since the dislocation

density within subgrains is not independent of the subgrain size, se that

<

the term K4d -1 already contains the dislocation density term. The two- )

sg

views may be rectnciled, however, if we consider that psgll2 is proportional
-1 . .
to dSg » so that the terms cg and ¢, can be combined to give:
A {
-1 1/2 ‘
Osg-!- 0ds = K4dsg +aub Pg | | (2.23)
|
- -l o
. _hKSdsg ' (2.24).

L
+

A further term arises from the contribution of the grain
boundaries. The limited evidence for this component is that a Hall-Petch
| N
relation appears to apply,, thus:
S “172 a ] ‘ ) '

Ugb - K6dg (ZWZS) .




’

where‘ogb is the flow stress component arising from grain boundaries,
| |
dg is the grain size and K6 a constant. As a result, the steady state

flow stress during dynamic recrystallization will have two structural

components and,can be written, if we call ¢* the effective stress:

/

- -1 172
o, = o*+ Kd T+ Kedy (2.26)

g

e

- |

The nuclei density will be inversely proportional to the sub-
grain size and, in 'turn, the larger the nucleus densit}, the smaller the

grain size. The outcome of this sequence is that the recrystallized

1

grain size is proportional to the subgrain size. Equation 2.26 can thus

be rewritten:

]
A}

(2.27y

o5 ~ o*+4 K he 1<6dg‘”2

v
)

It appears that the Hall-Petch contribution is smaller than the subgraih
contribution, as the variation of g with dg follows the experimentally
determined relation given in Equation 2.24; that is, the term dSg in

Equation 2.26 seems to predominate over the dg term,

2.1.3.4 Effect of alloying

Alloying affects dynamic recrystallization in two opposite ways.,
On the one hand it greatly reduces the rate of recovery (see preceding
section), which promotes an increase in the driving force for dynamic
recrystallization. On the other hand, it reduces the rate of migration
of grain boundaries, and as a consequence slows down the k}netics of re--

crystallization.‘ In OFHC copper teéted at 500°C, the steaJy state flow

¥
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. . stress is achieved after a strain é about 0.14, whereas it can take a

1

strain of over 0.5 to reach the same conditjon in tough pitch copper

under the same testing conditions (70). In Cu-9.5%Ni, the nickel addition
considerably decreases the rate of recovery and,at a strain of 0.7, the '
peak in stress has- not yet been reached, let alone ;he strain for tﬁe
onset of steady state flow (6). Similar trends have been reported in
brass (71), monel (72), Ni-base superalloys (73) aqd austenite (74).

> ‘b‘- - ’ !
2.1.4 Empirical Flow Stress Relationships

The main parameters that affect hﬁgh temperature deformation
are the temperature, stress and strain rate, Stgain has an'effect only
as long as‘steady state flow has not b;en achieved. The strﬁcture obvidusly
has some influence on the stress but it is difficult to define it. "Grain

size will add one component, stacking fault energy another, Jut the largest

contributions can %e expected from the sub-boundary density and dislocation

o density as discussed above., It is usually assumed that the structure

i -

factor remains constant as long as the flow stress is constant, indepen-
déﬁg%y of strain rate and temperature, although this may not 'be exactly

' -valid. More rigorously, the structure factor can be expected to depend

¢ “

' on /B or t/u rather than on o alone.

2.1.4,1 Stress dependence of the strain rate (1)
M. =% <.« At very low stresses (very high temperature creep), it is found
0 that the Strain rate is p?bportional to the flow stress :
. v Y

~ 1

[ N !
» \

£ = ap . - (2.28)

/

-
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At intermediate stresses (&reep, moderate strain rates), the relation:
g (2.29)
is found to apply. At still higher stresses, the best fit of the stress
strain rate relation appears to be of the type :

£ m= qsexp(Bo) (2.30)

It has also been proposed that the latter two relations are contained in

AN
the simple equation :

1

¢ = a [sinh(uc)]n (2.31)

We shall restrict our considerations ko ti1e most usua'l equation
found in practice, which is Equﬁvtion 2.29. The value of n, determined
from - (alogé/alogc),r is typically between ‘4 and 5§ for p)ure
metals and solid solutions. The stre“ss) exponent is in the range 5-10 for
precipitation hardened alloys and is even higher for dispersion hardened
materials, ‘;lhere values up to 40 have been observed (75-78).

|
2.1.4.2 Temperature dependence of.the strain rate

wyt

High temperature deformation is thermally activated and can there-

fore be representeﬁ by an equation of the type:

é - A(g)exp(- %f) ; g (2.32)

\ hY

Yy
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The value of Q is found to vary with temperature (and therefore with

stress) in creep. It appears to pass through some plateaus, and above

0.5 T, reaches a temperature independent value about equal to the acti-

vation energy g;r self-diffusion in some metals (2). In tﬁe hexagonal 2;
metals, the activation energies are generally higher (4,52) than the
self-diffusion values. Under hot working conditions, Q appears strfss
deﬁendent, indicating that the self-diffusion activation energy probably
represents a limiting case. Moreover, Q increases with alloying content,

a result which cannot easily be explained by variations in ‘the self-dif-

fusion coefficient.

\

2.¥_5 The Application of Reaction Rate Theory to High Temperature Flow

The empirical relations, unfortunately, cannot be used directly

to obtain an understanding of the rate controlling mechanisms of plastic

flow. The dynamic recovery models, on the other hand, aré very specific
and their derivation requires assumpfions which probably oversimplify the
relations between the various mechanisms involved in the deformation.
Thermal activation analysis avoids these difficulties because it is based
on a rate equation in which dislocations overcome unspecified obstacles;
according to this method, the;e is no a priorf knowledge of the obstacle
geometry, The utility of the approach, which is very widely used, is:to
yield information about the properties of the rate-controlling obstacles
(i.e. their density and shape) through the activation parameters and
thereby to enable tﬁé researcher tg get closer to their identification.

A brief description of the main features of the theory will be
given,‘and for a more complete treatment the reader is referred to' Evans

and Rawlings (79), Li (80), Gibbs (81), Surek et al (82-84) and Kocks et al

(8s). N
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2.1.5.1 Thermodynamics of dislocation-obstacle interactions

The analysis considers a glide dislocation which is resting
,against a localized obstacle., The obstacle i; characterized by its free
energy profile, an example of which is shown in Figure 2.2.a., In the
absence of applied stress, the change in free energy of‘the system when
the dislocation moves from its rest position to the saddle point is 4G,
which is equal to AF, the Helmoltz free energy change, since no mechanical
work is done during the process. For this reason the curve is labelled F,

The free energy change that takes place during the dislocation

ol

-movement generates a local back stress Ty where :

T = %-g{-‘T’l | (2.33)
and b is the Burgers vector, A = 1x the area swept by the dislocationm,
1 being the length of the free dislocation between obstacle pinning points

N s

and x the displacement coordinate along the glide direction. The back
stress corresponding to the free eneréy Eurve of ﬁigure 2.2.a is shown
in Figure 2.2.b. .

When a stress is applied to the dislocation, it moves against
the obstacle unfil the effective stress t* | is balanced by the back
stress =, due to the obstacle, the new rest position being characterized

by the displacement coordinate x;* or better A;*. The dislocation cannot

move any further under this stress until it reaches the position Ay where

N 2

'

-% * The 10cal eﬂfectivelstress t* is related to the apsiied stress v, and

the local value of the internal stress r; through t* =7, - T4 2

e
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FIGURE 2.2 Schematic representation of the obstatle-
dislocation interaetion:

8,

b.

Helmholtz free energy (F) and Gibbs free
energy (G) barriers as a junction of ‘the

area swept by the dislocation

back stress profile felt by the dislocation
in the vicinity of the obstacle as a function
of slipped area.
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. glide would again be possible. During the activation event, thermal

fluctuations supply the free energy necessary to move the dislocation

from A* to Ay,

The Helmoltz free energy change during activation is

therefore : r !

AZ*(T,r*)
A ‘

AF, (T,t*) = b [T, (A,T)dA (2.34)

) 4 AL (T,T%)

/

F

The work done by the effective stress during the same event is given by :

:
g
&
1
B3
H
5
}«
¥
:
) .
&

AW = DbA*(T,t*)c* (2.35)

so that the change in Gibbs free energy during the process becomes :

| AG, (Tge*) = AF;(T,t*) - oM

(2.36)
A" (T,t*)

- /b Ty (A, T)dA - bA*(T,*)t* | (2.37)
Ay (T, %)

and is shown in Figure 2.2,a. In this equation, both AFi and A* are

functions of ¢*, which presents a serious difficulty.
’ P

" Another approach was taken by Li (80) and gives:

—

86, = &F(T) - bRr* / '“1\;% | (2.38)

where AF is the previously defined Helmoltz €ree energy in the absence

B 4
of stress, or

!
o .
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o AF(T) = b / 7y, (T,A)dA (2.39)
AL
- and A, the average activation area is defined as:
1 1 T*

A--T-;-[A*d'c*~: 4 . @

” \
\ : The significance of these various quantities can be seen

x v easily on Figure 2.2.b.

2.1.5.2 Derivation of the rate equation

Having now described the obstacle-dislocation interaction, it
is possible now to derive the rate equation. The probability p that the
dislocation arrested at its stable position A*l, will move to A*, is

proportional to the attempt frequency v and to the probability of success

given by the Boltzmann term exp(-AG(f,r*)/kT). Thus:

p =-v exp(~AG(T,t*)/kT) (2.41)
~ ,

The value of the attempt frequency is limited by two extreme
frequencies: the atomic frequency of ¥ibration of an atom in the lattice,
i.e. the Debye frequency vp and the ground state dislpcation vibration
frequency v, = vp %T , 1 being the length of’fhtddislocation segment,
Kocks et al (86) have discussed the question of which attempt frequency
should be used and concluded that the best value was about vD/IOO or
v o= lolls'lﬂ If the distance over which the dislocation moves after a
(:} i successful activation event is L, then the average dislocation velocity

can be written!
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V = V exp (-4G/kT) (2.42)

where Vo = v . b L The macroécopic strain rate ¢ may then be obtained

through the Orowan relation:

g = abpmV (2.43)

where a is a constant and P the mobile dislocation density.’ Finally,

. f
I

e = € (T,™) exp(-06(T,t*)/kT) (2.44)

where &, = upmva. From Equation 2.44 it can be seen that, the pre-
. . ! :
exponential factor € is a function of stress and temperature through
) . ) | N
the dependence of the mobile dislocation density on these variables, as
[

well as through the dependence of the mean distance travelled after a

successful activation on the stress and structure.

2.1.5.3 Determination of the activation parameters '

Once ¢, 1, and T have been determined by mechanical tests, the'

activation parameters can be calculated using the method described below,

S
1

Activation free energy

!

oML . .
The activation free energy, obtained by rewriting Equation 2,44

as follows :

A . | . -
AG(T,t*) == kT ln(s(T,'r*)/eo(T,r*))

!
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. The use of this equation requires knowledge of the stress and tempera-

ture degendence of Eo’ which will be discussed below.

Activation enthalpy

The activation enthalpy aH(T,t*) is given by the thermodynamic

relation:

{

M, = (86T, (2.46) -
T .

A

I

From Equation 2.45 it is equivalent to:

B T SRR

. 3 In e ’
M, = RSy 4k (——2
T 3 1/T o 2 1/T ™

"Activation "area
{

/
It can be seen that, by combining Equations 2.38 and 2.40, the

activation area A* may be obtained from: N

P
oy
¥

1
A*¥ = --E-(EAG/BT*)T \ (2.48)

which, using Equation 2.45, becomes

1 . .

. * 3 In e
kKT 3 1n ¢ kT 0
A* = (=) - 4
" b ( B'c* )T ‘ b ( 8'('* )T (2 9)
Activation entropy
!
\ : The activation entropy at consfant stress is given by
‘ AST* -~ -(aAG/aT)T* (2.50)

e T e T T TR I
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which becomes, using Equation 2.45 again,

9 Ine

85 , = -k lne/e + KT(EEDE) . kT(——2)" ' (2.51)
. o T . T .

In this equation, not only the temperature and strain rate dependence of

in €, is required but its magnitude as well, which renders the determina-

tion of the activation entropy more difficult than that of the other

v
)
4

parameters. -
f

!

Stress and temperature dependence of the pre-exponential

The determination of the activation parameters cannot be achieved
without some furtﬁer assumptiah‘regardipg the stress and temperature
dependence of the pre-exponential since the latter appears in all the
equations giving the activation parameters. Two approaches have been
taken: !

i.  The pre-exponential ;o is assumed to be constant with stress

(87,88). The above equations are then very simple as the 3 1n €, Iterm

drops out. In this case

! x

2.9 In é ,
AH - KT° (——=) - AH (2.52)
™* aT o exp 4 /
_ KT, lne o -
A* B—(T T* A*exp . . (2.53)‘
AST* - AHT*/T +k ln(e”/eo) ‘ (2.54)

¥

The subscript exp refers to a quantity that can be measured directly from

experimental quantities. Similarly,

-\

£
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AG = KT m(é/éo) ' (2.55)

! w

o
7

Calculation of the activation entropy and energy still require knowledge
of the magnitude of‘so, and in the absence of this knowledje it has often

been assumed that'AST* is equal to zero. ;

These assﬁmptigps, however, oversimplify the situation and.for
. \

this reason a second approach has been suggéstqd.‘ ~ .
j ) T

{

ii. The other alternative, proposed by Surek et al (82-84) ,

is to assume that the obstacles are not only rigid (i.e. AF is independsnt

of t*) but that their free energy varies with temperature according to
h

' AFA,T) = g(A) wu(T) ‘R o (2.56) .

i

Here g is a shape function-and u is the shear modulus. In this case, the

obstacles are elastic in nature, a hypothesis which appears to be physically

: : -
more realistic, - ' ,

i

Under these assumptions, ;hey sﬁowed that €0 could be determined

- through an iterative procedure. An important special case is when ¢,

is a function of the modulus reduced stress t*/u only, e.g. 1ln € ™ f(t*/u).
: L 4
In this case the activation parameters are given by

H A

&

! 2 . -
* T d df

: H = aH' - ke* L — S S 2,57

. ML M exp ” KT u2 3% d(c*/v) @57

- AHT*exp when df/d(r*/y) = 0 - (2.58)

1 : .
\ i Ky - ' : ‘ :
‘ , 6
&
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KT df
. AY - AY P = e 2.59
, = Mgt Wy T (2.59)
o ~ At when dEA(r*/) = 0 U (2.60) -
3 T* T d
m™ 4w o X
. AG., = SXP £Xp S i i , . (2.61)
: ' 1-I, ce
v ar

where AH'.  and A* are the quantities of Equétions 2.52 and 2.53,
' exp exp .

AG; can thus be determined from experimental quantities alone, and the

function f can subsequently be obtained graphically or numerically through
 Equation 2.54, This approach has been su::cessful‘ly applied to a-zirconium
(84), zinc (84), polycrystalline ice (84) and is more physically realistic

o

" and self-consistent than previous analyses.

By these methods, both a (T,t*) and 4G, = ¢F can be calculated.

The dependence of ¢ o On stress and temperature, as well as on strain and

solute concentration, for exaxizp\le,' leads to information about the obstacle
i;cf‘;‘”&ensity and to its response to deformation and to alloy'ing. S}milaqu,
the value of vao = AF, a§ well as the detailed form of the force-distance
e
curve, cany be interpreted in terms of .the géometry of the obstacles. This
can also be dependent on solute concentration an‘d on other experimental

parameters.

In Zr-Sn alloys, as well as in Cu (89) and Fe (47), this method

i

‘-has led to the conclusion that the rate-controlling mechanism was the .

unzipping- of dislocation nodes or attractive junctionms, The effect of
]

solute addition on-the node free energy was also deter/mined (44).

. ) )
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® 2,2 FLOW SOFTENING MECHANISMS

34.

ity
a3

A gradual decrease in flow stress with strain at elevatedm*:h
temperatures is not an unknown phenomenon. There are several mechanisms
which are capable of causing such a softening effect. Thoey can be clas-
sified in two categories, the first one invelving only dislocation inter-
actions, whereas in the seco d%, a second phase is present, In the latgér
case, an interactjon between the dislocations and one of the phases is:

usually responsible for the softening behaviour. Flow softening can also

A

take place in potentially superplastic materials, durding the transition
t
to superplastic behaviour. In this case, the microstructure can either

be single or two-—,ﬁ’hase.

\ - o

2.2.1 Mechanisms InvolvinLDiélocéiions Only

2.2.1.1 Dynamic recrystallization ] '

A description of dynamic recrystallization has been given earlier
\
in this chapter. Flow softening due to dynamic reprystallization arises

/

- from a sharp dislocation/density decrease as the new recrystallized grains

-
AN

proceed to grow at the expense of the severely strained grains.' The nucle-

4

ation ‘of these new grains requires the accumulation of a critical strain

g.s which increases with strain rate and decreases with temperature. In

c)
turn, the temperature and strain rate dependence of e c cause a similar

variation of the peak strain €p? since these two strains have been observed

to be related through Equation 2.17. In solid solutions, G and thereby
1

e increase with solute content, because the increase in the driving force

for recrystallization caused by the enhancement of the dislocation density

[ o

due to alloy addition is more than compensated by a decrease in the rate

of grain boundary migrai:ion‘. Microstructural observations of deformed

v

e —
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samples show in this case a roughly equiaxed structure, the grain size
&
N / ! » 3 s .
bearing no relation to the original one. As has been discussed earlier,
the grain size ob®@ined as a result of dy-namic recrystallization is

‘ |
inversely related to the flow stress,

i
2.2.1,2 Substructure so&'tening_
The mean subgrain size during steady state flow is a unique

A -

function of the deformation temperature and strain rate. The subgrain

size can also be correlated with the steady state low stress. However,

v

sudden decrease in the strain rate or an increase in temperature will | |

lead to a sudden change in o, as well as fo a dispersion of the ‘original
substructure in order to allow the formation of a coarser one corresponding
to‘the new testing conditions. 'On the sudden change in strain rate or
temperature, the effective stress o* is changed imm§diate1y; the“internal

stress ci can only change, however, when the spbstructure geometry is

b

changed. The adjustment of the substructure, and of the internal stress
contribution resulting from it is not instantaneous. Immarigeon (15) has

shown that, in Armco iron, ‘a strain of 0.2 was required to transform the

/

' \ .
substructure from one steady state to another when the strain rate was

decreased from 10-]'5‘1 to 10'55-1. The corresponding behaviour of the

: |
flow str%ss is shown in Figure 2.3. The deformation of a material in

which a strong substructure is present as a result of prior hot-working
|

will lead to flow softening until the stable, coarser, substructure is

established. °
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FIGURE 2.3 Flow softening in Armco iron, resulting from substructure
coarsenmg, ca sed by a sudden strain rate decrease from
10-1 to 10™ 35~ , after Immarigeon (15).




\

T R TN ANt i st T e et v s et s s ot o
|
| *

37.

e

. 2,2.1.3 Texture softening

In polycrystalline materials having a strong preferred orienta-

tion, it may happen that the texture is suc/}'l that all the slip systems
have a very low Schmidt factor and are ther‘efor\e difficult to put into
operation. This requires the application of a high-uniaxial st:r*essl in
t};e q'arly stages of deformation in order to balance the unfavourable slip
conditions. As d/efomation proceeds,‘the grains rotate with respect to

the load 'axis, and evolve into a new texture that has a higher Schmidt

factor for its slip systems, This will result in a softening effect,

which will be more or less pronounced depending upon the extent and type

‘

of the initial and final textures and, above all, upon the anisotropy of

the metal. Face-centered cubic metals,1which have 12 close-packed slip
systems are the least likely to show any marked effect. Hexagonal metals,

’

on the other hand, have only three close-packed slip systems. For example,

i I

zinc and cadmium deform easily by basal glide, while prismatic slifw for
these metals is very difficult. Thus these metals are very prone to texture
effects. Although a-zirconjum and g-titanium deform pzjimarily by prismatic

slip, and even though pyramidal slip can also be activated under higher

\

stresses, their strength is also very dependent upon the texture.
In Ti-6A1-4V, Lowden and Hutchison (90) have related yield
stresses to the rolling texture of the alloy. A very large basal pole

density in the transverse direction was found to give tensile yield stress

4

values of 1400 MN/ui2 in the transverse direction and only 800 MN/m2 in the

rolling direction. Under similar conditions, compressive yield stress

values went from 1050 MN/m2 to 780 MN/m2 respectively. The large difference

- O in strpss values between tension and compression was attributed to the.

1

v ' asymmetric glide of partial dislocations, but in any event the stress

differential between the transverse and rolling directi%?s .was large,

t

: |
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/

‘ In zirconium 5% tin tested in compression at 77S°C Luton (4)

observed t&qﬁ%ggzs of stress-strain curves. A "normal" one character-
igtic of dynami;)recovery alone was observed on samples having equiaxed
gfﬁins and a (1010) ;ole texture. A dropping flow curve appeared on
samples which had a large (0001) pgle density along the compression axis,

and showed a Widmanstatten type of structure. This has been interpreted

as being due to texture softening (91). o

2.2.1.4 \Adiabatic softening

During deformation, if the strain rate‘is high, the sample will
not remain at conétant temperature but will heat up adiabatically, causing
the substructure to coarsen and the flow stress to decrease in a process ,
similar to that of substructure softening. The strain rates required to

produce this effect are above 1/sec., and high strains favour it ds well,

The low work hardening rates at high strain rates observed on aluminum by
Hockett (92) have been attributed to this effect. '

f

2.2.2 Mechanisms Involving a Second Phase

2.2,2.1 Spheroidization of lamellar structures

v

: The deformation of pearlite at high temperatures considerably

\ ’

- accelerates the raFe of spheroidization. Spheropidization, in turn, has ¢

been found to be associated with very marked strain softening. The rate
[ g .
- of softening with strain increases with temperature and decreases with

strain rate (93-95).
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an equiaxed one during deformation is not very well known. Diffusion is

" grain size within/ the .plates and the subsequent equiaxed particle size has

39,

/ ‘
2.2.2.2 Spheroidization of Wjdmanstatten structures
iz
/

The deformation of a 'hard' Widmanstatten structure ings a more

equiaxed structure leads to Vsoftening in zirconium - 2.5% niobiu ~‘66),
and has also been zobserved in the dei:‘ormation of zircaloy (97) and of
Ti-6A1-4V in the a 4 8 phase field (97).

At constar{t temperature, the strain necessary to achievé a state
of dynamic equilibrium during flow at constant strain rate increases with

strain rate gnd with the size of the Widmanstatten au-plates. At high

strain rates, the transformation of the initial structure into roughly

equiaxed ¢ and g phase particles does not occur even ?fter strains of
about 1; however, some flow softening is present. In this case it seems
that the re-orientation of the Widmanstatten a-plates during deformation
is responsible fo? the decrease in flow stress with strain,

The mechanism whereby the Widmanstatten structure evolves into :

clearly involved in the process but the mechanisms have not yet been !
clearly defined. The drasti_c enhanicement of spheroidization by concurrent
deformation suggests that short circuit diffusion paths, such as dislocation
pipe diffusion, or vacancy-assisted diffusion are likely to play an
important role. Results on o + 8 brass (98) have led to the hypothesis
thaf during deformation break-up of the second éhase plates could occur
by the diffusion of solute along the subgrain walls, This, in turn, would
cause the subgrain boundaries to progressively becoﬁ:e grain boundaries.

~

From this model, it can be prediggdlthat\thé size of the second phase |

spheroidized grains will depend on the size\ of the subgrains formed during

the éarly stages of deformation, However, a relationship between the sub-

M ]

not yet been established,
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2,2.2.3 Softening by Ostwald ripening ‘

Ix} the alloys in which precipitation takes place, the flow stress
inereases with time as the volume fraction of the fine precipitt;ates
increases and the matrix become§ depleted in supers,atural.ted solute. The
amount of strengthening caused by precipitation depends not only on the
volume fraction, but also on the size and to a lesser extent on the shape
of the precipitatés. When the volume fraction of the precipitates approaches
the equilibrium \value, the precipitation rate decreases towards zero. The
alloy, however, is not in its lowest free energy state due to the appreci-
able surface free energy contribution from the finely divided precipitate.
This term can be reduced if the largest precipitates grow at the ex;ense\
of the smallest ones. This process, cé.lled Ostwald ripening (99), is
controlled by solute diffusion.

The formal theory of the process has been given by Wagner (100)‘
and Lifschitz and Slezﬂov (101). Their treatment assumés' a constant volume
of precipitate phase, and supposes that the particles are normally distri-
buted around a mean value T(t) which varies with time. The particle radius
distribution function is shown to take the asymmetric shape shown in
Figure 2.4 and %o remain constant thereafter. The variation of the average

radius with time was demonstrated to follow the relation

‘ . ?36 - kt | (2.62)

where T is the average radius at the time t, ;o the average-radius at -
t = 0 and k is-a constant. Agreement with experiment was found to be
satisfactory in the Ni-Al (102,103), Ni-Si, and Fe-Cu (104) systems, as

well as in the ' (Nis(Al,Ti,Si))/y superalloy system (105). It must be

< 1 L T ey
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FIGURE 2.4 Particleisize distribution during Ostwald \
ripening of precipitates. r is the average
radius of the precipitates at time t,
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3 . pointed out that this theory meglects the strain energy due to volume

l changes during precipitate growth, as well as the distortion components

"g? arising in the case of coherency between the precipitate and the matrix,

0 [ When an alloy is 3eformed in a situation where Ostwald ripening

¥

E‘ takes place, the particle coarsening process becomes accelerated by

’ v vatancies and dislocation pipe diffusion. The kinetics of the process r
- can be increased by several orders of magnitude by the deformation. As \

i ) i
4 a result, the role of precipitates as obstacles to dislocation movement

3

L /

decreases wi}:h strain, thus leading to pronounced softening. Such an i
effect hds been observed in steels [iOG)r in tough pitch copper (107) ]
anci in 'Al-Mg-Pb alloys (108). /

From the standpoint of characterizing the features of the stress-
strain curves obtained under such conditions, one can expect for this

Jprocess a larger stress exponent for the flow stress at yield than that

obtained from steady state deformation,_ﬁxere precipitates do not contri-

bute significantly to the flc;w stress (IOB\HS)’ .

i 5\

2.2.3 Superplastic Materials

The deformation of— superplﬁstic materials may be characterized
by very large elongations which take place without an appreciable tendency
)
to neck. This type of deformation is encountered either under special
{ conditions (such as thermal cycling through a temperature range in which
the material undergc;;s a phase change) or, as is “us'ually the case, in very
fine grained (1-10 um) metals and alloys. Many m%terials have been found

\ \
to be superplastic and good reviews of the composit\i\ons and properties ‘

O have been given by Underwood (114) and by Johnson (115).
_ - b
IN] .
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Microstructural observations on superplastic metals and alloys
have revealed that the grains remain essentially equiaxed during the .
deformation, and do not exhibit any grain growth. Stab&e grains of a
very small diameter are more easily obtained in two-phase alloys than in
pure metals. The former require extensive solute diffusion for structural
coarsening to take\place whereas the latter only require grain growth.
For this reason, and because grain boundapy sliding occurs more readily
at the interface between two fhases, two-phase alloys constitute a very
laxge portion of the k?own superplastic materials (115). During straining

;

the grains underéo large rotations and deformations, these having been
evidenced by the curvature of previously inscribed straight lines during
straining.

The mechanical behaviour of superplastic materials may be

characterized by a stress exponent of about 2, which is much lower than

that found during the conventional hot working of metals. The value of 1,

—" .  vhich corresponds to Newtonian viscous flow, constitutes a limit at which’
4 i(’
.~ necking cannot occur. A few alloys approach this value but never reach
\\ it. The activation energies for superplastic deformation are either in

the range of the values obtained in climb-controlled creep (116), or they
] .
may be lower and have been identified with the ‘grain boundary diffusion

energy (117,118). It is of interest to note that the effect of grain

size d on the strain rate at constant stress and temperature is very
| : -2 N
large and usually follows a d dependence (116).
|

The stress strain curves obtained in superplastic materials

often show very pronounced softening (119). Most of the curves reported

‘:F/ in the literature to date, however, have been determined at constant

crosshead speed which, in tension leads to an ever-decreasing true strain
& .

\

|

B DRl o Dl i Ui AR O R .




a4,

rate., This in turn leads to lower stresses and thus most of tﬁe softéning
observed is only apparent.

In summéry, the deformation mechanisms in superplastic materials
are still controversial and cannot explain fully all the features of the
deformation behaviour. A few models have been proéosed to explain the

1 ~

characteristics of flow. These are:

i. The vacancy migration model which attempts to interpret
the deformation as arising from assisted vacancy migration through the
Iéttice (120) or along the grain boundaries (121). This theory predicts
a stress exponent of 1, whicﬁ is never observed in practice, and does not

explain how the grains remain equiaxed during deformation.

8

ii. The grain boundary sliding model (122-130), which explains

most of the features of the deformation. It does not, however, account

for the experimental observation that grains are deformed during straining.

‘Moreover, the rates predicted for this model appear in some instances to

be much lower than the observed ones (131). .

)

iii, The dislocation movement models which have been proposed
(132) are largely inadequate in that they do not explain how the grains
remain equiaxed during deformation. Mukherjee ‘}33) has §uggested a model
based on grain boundary sliding with dislocation motion as the predominant

mode of deformation within the grains but this model lacks experimental

support so far.

|

Clearly, more experimental work is required in the field of super-
plasticity to determine which, if any, of these models is applicable.

I
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2.3 OXIDATION OF ZIRCONIUM AND ZIRCONIUM ALLOYS

The behaviour of unalloyed zirconium under oxidizing conditions
has been studied in some detail during the past twenty years and is now

relatively well characterized. Zirconium-base alloys, however, have

- received very little attention as far as their oxidation resistance at

high temperatures is concerned. The paragraphs that follow will tl{ere-

fore be devoted to a description of the prominent characteristics of the
oxidation of pure zirconium. Later, the oxidation behaviour of alloys, .
and in particular those used in the present investigation, i.e. the binary
Zr-Mo and Ir-Nb systems, will be considered. «,

~
2.3.1 The Zr-0 Phase Diagram \

T~

The oxygen-zirconium equilibrium diagram shown in Figure 2.5 is

reproduced from the Metals Handbook. The oxide ZrO2 has a monoclinic
structure up to about 101 °C and changes above that temperature to a -

tetragonal structure. The iation £ stoichiometry that the oxide

structure allows is not very clea;ly defiped, but is appreciable,

The a-phase can dissolve up to 29.2% atomic oxygen, the maxit;xum

solubility being nearly temperature insensitive. The solubility of oxygen
in the é-Phase increases with temperature, but\remains fairly small. Only
about 4 atomic % can be dissolved in the B-phase a 1000°C. It thus

appears that oxygen acts as a very effective a-stabiliger. N

e ]

™
ey

2.3.2 Rate of Oxidation of Zirconium

2.3.2,1 Oxidation rate in the 10-760 torr range -

The rate of oxidation is usually represented by the increase

. &m of mass of a sample of unit area as 4 function of time. This relationship
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‘dation rate. Charles et al. (135), under the same oxygen pressure,

-restilts for chemically polished ones obeyed a parabolic oxidation law

n
. Am = k t - . \ (2.63)

o |
can nearly always be applied to describe the oxidation of pure metdls.-

The above equatiory was found to apply to the oxidation behaviour of low-
hafnium zirconium under a 760 torr oxygen pressure., Belle and Mallett

(134) observed #values lying in -the range 0.31 to 0.38 for temperatures

above 575 and below 950°C. They. concluded that zirconium obeyed a Gubic
' 4t -

law (1/n = 3); it !is}of interest to note that tHeir data do not show any

, ¢ Shructure
effect of the crystal,of the metal (fcc orAcp) on the oxi-

-y

observed that a cubic law also fitted their data in the 350 - 450°C
temperatm\-e range. 'Ihese%results were ;:hallenged by Gulbransen and

Andrew (136), who suggested that surface ‘condition could modify the rate ! +
of,oxidétion. This conclusion was bafed on their results for mechanically

o

abraded specimens, which fitted a cubic oxidation law, whereas their
' . ' |

{(1/n = 2). They interpreted the change,in ‘bqhaviour brought abdut by
chemical polishing as possibiy being due to t;l;e formation of a passi\:l_g
oxide film on Fhe smoother surface. The ;)xygen pressure used was 76 torr, »{5’55
compared to 760 torr in tfx; previous investigations, Under similar surfa\ce
conditions , the ab"solut; weight ipcre'aseS in éhe two sets of studies were
comparable, indica;:ing that thgre”was little pressure dependence.

. Porte et al (137) carried out some eriments t?) check-the N
findings of Gulbranusen and Andrew regarding tfgeffect of surface con/dition ¢
on the oxidatiom rate. Below 600°C and oxygen pressures varying from 50

and 800 torr, they observed a slower reaction rate for chemically polished

zirconium; they found no appreciable difference above 600°C, however, In '
. : [

A
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addition, they concluded that their results could best be expressed by a
cubic law, infagreement with earlier investigators.

Another study, which also led to diverging observations, was ‘
that of Osthagen and Kofstad (138), 'i'hey detected a considerableqincrease
in thg.mass pick-up rate with oxygen concentration in the metal and they
estimated that, after 100,min{1t§s of oxidation at 800°C under 760 torr

LN

oxygen, only abont 20% of the oxygen picked up remained “in the oxide
1 -

n

scale, the remainder being dissolved in the metal. 'Il'he enhancement of
oxygen pick-ﬁp with oxygen content in the alloy seems difficult to rationalize
Since the oxygen diffusion flux is proportional to the oxygen gradient,

it follov{s that the diffusion rate will decrease as the oxygen conéentration

is raised in the alloy. As a consequence it could be expected that the

~

oxide layer would build up at a faster rate, leading to a decrease in the'
® 1

N ’

— ~

oxygen pick-up rate,
In attempting to verify Porte's findings,LSense (139) also studied

l

the oxidation of zirconium in the 400 - 500°C range under a pressure of

. about 50 -torr. He observed no effect of surface condition on the oxidation

~rate, in contradiction with the results of ﬂoth Gulbransen and Andrew (136)
and Porte (137). In analyzir{g his daté, he found that h;é Trate law varied
with‘ time from iinehr, to parabolic, to cubic. This result,\hoivever, i;
not necessarily in opposition t§ earlier investigations,-ggh the pa{abolic
rate lasted for times not exceeding 15 minutes, compared with §evera1 hours
or more for the cubic law in the‘ othém; investigations.

. e 'l \
In order to exPlain the variation in the oxidation kinetics from

parabolic to cubic, Smeltzer et al (140) developed a model applicable at
- \ *
moderat% temperatures (i.e.. 300 - 600°C). ThJ.S theory assumes that the

oxygen ions migrate through the oxide lattice under a concentration gradient

¢

(as in Wagner's model) and that the diffusion takes place along short
? /

\
.
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kS

circuit paths whose density f decreases with time according to the rate
\ . &
equation: :

\ £ = £ exp(~ kt) (2.64)
i v {
‘ , ' |

The effective diffusioq coefficient Deff is\thereforé:

D = D (1-£)+Df (2.65)

eff b

where fo is the initial fraction of oxygen sites within the lsw resistance
paths, £ the fraction at any time‘f, and De and Db are the lattice and
short circuit (boundary) diffusion coefficients for oxygen. On the ”
assumptién that Db >> De’ Smeltzer et al (140) derived the follqwing

equation for oxide growth:

&

Dbf

Dek

x 2 - k (t +
P

) 2(1 - exp(- kt))) ' (2.66)

1

Here X is the thickress of the oxide layer and kP is the parabolic rate

_constant, This equation has an adjustable parameter k, and proves to be’
capable of predicting or fitting in a satisfactory manner the oxidation

/ behaviour. It isiimportant‘to point out’ that this model does not-take

d

into account the,dissolution of oxygen in the metal, and is thereby in- .\
applicable at high~temperatures.

'in‘a later investﬁgation, Hussey and Smeltzer (141) determined

4

v the partition of oxygen between metal and ox%ge. They found that after

¢

(j) long anneal times in the 500 - QOOOC range, e.g. up to 600 hours, 15 to\

-7

T gﬁ&}‘gf the oxygen picked up went into the metal phases; the remainder q
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constitutiqh the oxide scale. Theié observations on the rate of oxidation
permitted them to conclude that, after an initial transient, the behaviour |
was parabolic and that it was independent of the surface condition of the ﬁ
specimen. This cgnclusion contradicts some of the earlier results discussed
abéve, but no interpretation of the.discrepancy was offered.

Somewhat earlier, Akram and Smeltzer-(142) reported that they
observed a transition from parabolic to linear oxidation after 60 hours
of heating at temperatures between 800 and 850°c. Thg linear oxidation

1

behaviour was found to be associated with layers of porous and compact

" oxide, whose presence was not explained. These results may, however, be

overlooked, since subsequent work by Wallwork et al (143) again supported
a parabolic law even after long reaction’times in the;oxygen pressure
range 400 - 700 torr,

In summary, then, the results on the rate of oxidation of zir-
conium appear to fali into two, groups, one oflwhich favours cubic rate
kinetics for intermediate andolong times, the other supporting the view
that a parabolic rate predominates. |

All the investigations described above gere carried out under
an atmosphere of nominélly pure oxygen, However, it is possible that some
of the observed discrepancies can be attributed to traces of nitrogen and
water vapour in the gas, both of which ve been shown capable of causing
an increase inothe oxidation ratg (144)J

v !

2.3.2.2 Oxidation rate under! low pressures

4

The results discéssed so far were obtained under oxygen pressures

ranging from 10 to 760 torr. The study of the oxidation of zirconium under

still lower pressures shows a different behaviour, which is associated with

I I
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(:} the early stages of oxidation and in particular with the formation of a
I\ ‘
‘ e thin oxide £ilm. Under these conditions, i.e. at oxygen pressures

!

- -5
between 10 2 and 10  torr, Deschamps gt al (145-147) found that linear
~

)
oxidation kinetics prevailed, followed by a parabolic rate of reaction.

i They did not, however, codé to any conclusion regarding the rate-controlling

i
‘ process. ﬁz

- Under similar pressures, Niederlich and Paidassi (148) found
also by gra;imetry that the oxidation ratevvaried continuously with time
in thé initial stages of oxid;tion. They hypothesized that the chemisbrp-“
tion rate was the controlling procéss, Receht1§, Horz and Hammel (149),
observed a linear oxidation rageif% the temperature range 1100 - 1600°C,
and under oxygen pressures of 1x£%‘5 to 83:10'4 torr. The oxidation rate
appeared to be almost independent of temperature; it was therefore con-
cluded that the rate controlling paradieter was th: t?%nsport of oxygen

: . , )

atoms to the sample surface, a contention supported by the high pressure

/
dependence of the oxidation rate. ,
¥ l s

i
|

Effect of Temperature
AY

The oxidation of metals, and~zirconium in particular, is
temperat dépendent. The temperature dependence follows an Arrhenius
law, and va}ues of the experimental ac&ivdtion energy have been reported
by many investigators. In an early work, Cubiciotti (150) deduced an
activatipn energy of 75 kJ/mol, from data in the 600 - 920°C range. In
’ the same range of temperature, Belle and Mallett (134) published a value
4 of 195 kJ/mol, but could not explain the discrepancy observed. Support
(:) to the latter value was brought by the work of Charles et al (13§), who

1

ob;aihed an enefgy;of 159 kJ/mol( in the 350 - 650°C femperaturé range.

»
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i

The results of Gulbransen and Andrew (136) cited above yielded several
values of dctivation enmergy. Chemically polished specimens led to Q =

135 kJ/mol throughout the temperature range from 400 to 800°C, By contrast,
a break in the line on the log k versus 1/T plot occurred when the results
obtained on mechanically abraded specimens were plotted. Below szé°c, the
slope yielded Q = 76 kJ/mol, whereas above 525°C a value of 120 kJ/mol
was found. Gulbransen and Andrew were not able to explain the origin of
the change in slope that they observed. They attempted to correlate the
activation energies with possibie oxide growth mechanisms, but without

coffefisive results. )
|

-

Under 200 torr oxygen, Porte et al (137) obtained an activation
energy of IZBAt 3 kJ/mol from a very wide temperature range, extending from
400 to 900°C, Their results agree\éith those of Charles et al (135) and
Belle et al [134i, and it is of interest to note éhatlno break in the slope
was found throughout the domain investiggted. Sense (139) obtained an -
activation energy of 122 kJ/mol in the parabolic oxidation region and

176 kJ/mol in the cubic region, but could not relate these values td any

physical process. The first value appears in agreement with that of

“133 kJ/mol reported by Hussey and Smeltzer (141). In a more recent paper

(151), Jﬁe latter invesiigators analyzed the oxfgen ‘gradient in the metal
and applied a model based on simultaneous diffusioé in both oxide and

metal. From the oxygLn‘gradient, they were able to determine the activa-
tion energy for oxygen diffusion in a-Zr and obtained a value of 223 kJ/mol,
in good agreement with published values (152). As was pointed out earlier,
however, this model does not explain why the oxidation appears to accelerate
with an increase in the oxygen concentration in the metal., To the author's

knowledge, there has ndf been a satisfactory explanation for these large

fa
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differences in activation energy. This jeopardises the attempts made to
determine the rate controlling mechanism, 'For this reason, perhaps,

further studies of the oxidation behaviour of Zr have been concerned with

o

aspects that are more amenable to physical interpretation.

4
1

2.3.4 Mechanism of Oxidation

N

Many investigators have attempted to interpret the cubic and

parabolic rate laws, as well as the small pressure depéndence of the oxi-
dation rate. In early studieg, this effort was based on the assumption
that oxidation was controlled by diffusion through the oxide fih{x. Marker
experiments showed that zirconium oxide grows at the metal-oxide \\interface
(153), from which it was concluded that anion diffusion constituted fhe

most important transport mechanism. Since the movement of interstitial

07" in the ZrOé lattice is liké¥Bto be a slow process, with a very lafge
activation energy, it was postulafed that the diffusion of oxygeﬁ ions

, occurred via 0°~ vacancies ~(136).' This was confirm:;d‘ by measurements o\f
the thermoelectric power of the film, which led to the conclusion that
Ir0, is an n-type semiconductor (134).

Nevertheless, the low temperature activation energies of
Gulbransen and Andrew (136) did not agree well w%lth .vcomputed vs',lues haséd
on anion diffusion through the oxide lattice. . Moreoyer, other difficulties
based on entropy considerations a1{so arose (136). The model proposed by
Smeltzer et al .(140), in spite of its success in predicting the pxidation
rate, could not provide a theoretical value for the activation energy.

- Partly as a result of these difficulties, the main thrust towards

“an understanding of th?xidation behaviour under moderate pressures (10~

760 torr) was directed/to a consideration of the simultaneous diffusion

1
a
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of oxygen in the metal (143,154-156) and through the oxide. For example,
Rosa and Smeitzer (155) and Reosa (156) have analyzed the oxygen concentra-

tion profiles given in Figure 2.6a and b, In a, in the a-phase, oxygen

diffuses through the oxide and arrives at the metal-oxide interface. Part
of it remains and contributes to film thickening, whereas the remainder

simply diffuse5 into the metal. If the abscissa of the metal-oxide inter-

face is denoted by Xy, this situation can be described by the following

relation -

dc dxl 3¢
D11 (™ = (c -Cc; ) -D.(zD
II / . \
ax X - xl-O Ile le dt 1o X - Xy + 0

‘ el (2.67)

Q
L 1

where DII and D_ are the oxygen diffusion coefficients in the oxide and

I
' I .
the metal respectively, and cy; and ¢ ' the oxygen concentration in

the oxide and the a-phase at thelpoint xl} respectively. No oxygen

*

accumulation takes place within the oxide during diffusion, and as a con-

' /

sequence

g—t—(Am) - -DH(%}C(-) (2.68)

x=0or x --x1

‘ where Am is the mass pick-up per unit area.
, Figure 2.6b, representing the situation when oxidation occurs

in the B-phase is complicated by the presence, between the oxide and the

thermodynamically stable B~phase of an a-laygf. The description of the

. process involves, in addition to the above equationsﬁlwhich still apply

(:) at the afoxide interface, a relation similar to Equation 2.67 at the o/B

IS

interface. If the abscissa here is X5, we can write that:

|
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FIGURE 246 Oxygeh concentration profile near the surface for
zirconium in the B-phase in an oxidizing atmosphere
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b. above 860°C : ‘
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ac dx, 3. ;
- D (=) = (¢, =-c¢, ) =5—-D_ (=) (2.69)
I"ax X = x2-0 Ix2 °x2 dt 0"9x X = x2+0

}where D, is the diffusion coefficient of oxygen in the B-phase, and c
the oxygen concentration.

Anothér relation relating "the fluxes at the l;oundaries of the
a-phase can be derived; it states that the difference between the fluxes
of oxygen at the two interfaces serves to increfise the oxygen concentra-

. tion. This equation has the following form:

[

3 2 2% 3
. G - f(-—zndx + ) : (2.70)
X - x1+0 Xq ax X = x2-0 ‘ :
s " Differential eqlations 2.67-2,70, applied both above and below

the transus, have been solved, in particular by Rosa (156). We shall,

‘ how\ever, restrict the presentation of the solution to the case where the
temperature is above the a/B transus, as it is relevant to the present
work. The solution of these equations &n be achieved numerically for
preset boundary conditions, oxz can be obtained analytically if ,some further

assumptions are made. In Rosa's trez‘itment, the variation in concentration

in the o and g phases was taken as:

.
c, = cyo+ Br(l- erf(x/z/ﬁ“lg)) N (2.71)
. % .

c, = c,+ B_(1- erf(x/2/D t)) h (2.72)

7B o () ) . )

TN
/ +

The assumption involved here is gffat the bourdaries Xy and X, move slowly

‘ ‘ #
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a'part‘iculér solution should permit the determination of the general

solution. If it is now assumed (as suggested by experimental results)

that ) .
» \l . "
7 : xl — zmIVBIIt - ‘ c t73)
and . \‘
. \
3(2 - 2m2VBIt . v (20 74) n\

v =

1

where my and m, are constants, and if Equations 2.71 and 2.72 are combined

(o]
with Equations 2.67, 2.68 :and 2.69, integration leads to:

* - f

2

D
2 YI1I
- ch )»@—H ZBlfﬁI/wr exp(- m, DI )]l/t
| 1

-

im = |2m (¢

[,

1
. T eee e (2.75)

whic/h can be written, after substitution of Equations 2.68 to 2,74 into 2,67,
/ ! .

Y

) ,
[ &= .
om [kp(oxide) kp(alpha)+ kp(beta)]/{— (2.76)
\
where
. ‘kp oxide Zml(cux - ¢ )/1')"1'I (2.77)
x
1 2
2

m Dyy |
- ¢y M + 28 7R (em (- =5 exp(- 1,0))
)(2 . I . | E

-

kp alpha - sz(CI

X2
,

-nooo(2n78)

2
- o T m, Dy .
kp beta 2Ba o/n exp (- D ) § (2.79)
. 0

This freatment thus predicts a parabolic rate of mass pick-up, and further- .

’

more permits an estimate to be made of the oxygen partition between oxide,

| . ‘

zﬂ ' a-phase and g-phase. &
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"\ If a small oxygen gradient is now assumed to exist in the oxide,

E

“ - } . ] <
Amoxide (cII co)x1 (2.80) .
i |

9 ) . v
In a similar way, @he mass pick-up in the a-phase can be obtained from

XI N

. ;o
Ama - j(-c - co)dx . (2.81) : ;
X AN
2~ '
. »’T- xl . x2 * i
- 5T (i 1. .
2B, 1 (ierf m ierf -2—';3?) . (2.82) % k
. I L
and, in the B-phase from<‘ ) K ~
1 ‘ | . L ’ ° ]
- /___ . xz . |
Ams ZBO DOt 1erfc(-é-75-°-t-) . (2.83) .
The diffusion coefficients required for these calculations are available
in the literature. The activation energies feor oxygen diffusion in the

oxide,iandﬂhnand B phases are about 117-138, 213 and lis kJ/mol, respectively.
)
From Equations 2.75 to 2.79 we see that the measured temperature
dependence will depend critically upon the relative importance of the thrée
- terms, Although not pointed out in the original paper (156), this can per-
haps offer some means of rationalizing the widely different Q vglues reported.
A disad#antagp of this t;éafnm%t, however, is that it does not consider ;‘,
the expinsion caused by the formation\of\oxide, which causes Xy to ;ncrease' . 4€

faster than indicated.

From Equations 2.80 to 2.83, Rosa was able to obtain the relative
proportions of oxygen in each phase, He found that at 950°C, more than

65% of the oxygen was confined to the stabilization and growth of fhe oxide
: ' RN

L}
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i
layerf In his experiments, he found that the oxide layer/alpha phase

thickness ratio decreased from about 0.1 to 0.05 after about 40 hours,

and subsequently remained constant with time, in satisfactory agreement

©

_with his theoretical treatment. ‘It should be added that in a later treat-

" ment,.Rosa considered the volume change that takes place during oxide

» v

formation, and arrived at essentially similar results.,

|
\

2.3.5 Effect of OxYétn Pressure on the Oxidation Rate

The effect of oxygen pressure on the oxidation kinetics of
zirconium has been observed to be negligible in the 1-760 torr range
1 i
(141,143,154,157,158). This is to be expected if the transport of oxygen

through the oxide is achieved by defect migration in the lattice. The

| h
_change in pressure only changes the density of defects, thereby introducing
a pressure component which was shown by Wagner to be proportional to Plln,

where 6 < n < 8,
J 3 BN
However, below 10~ ~ torr, not only is the oxidation rate very

) sensitive to oxygen pressure, but the activation energy becomes pressure

dependent as wel% (145). Such an effect may also be expected from the

- assumed change in the méchanism controlling oxidation at low pressures.

* At low pressures,.oxidatior proceeds first by the formation J%wé chemi-

sorbed layer, and then by the formation of oxide-nuclei on éhe surface

which later spreads to form a continuous film. Subsequent oxidation proceeds

; by the thickening of the oxide film. Diffu;}on of oxygen in the metal also
tékes place and mayj@%mpletely impede oxide formation, Under such circum-
‘ stances, it iiﬂunderstandable that- the .particular conditions of temperature

!
and pressure may favour different rate controlling mechanisms., An extreme

case, perhaps, is that reported by Horz and Hamme 1 (149), where the oxida-
" » e ) .
.tion rate is nearly temperature independent, and for which the rate

i
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/ N
controlling mechanism\:vas hypothesized to be the transport' of oxygen

\ atoms to the surface of the solid.

., In the transition pressure range, fvhich/ extends from 10"2 to 1-

torr approximately, conflicting results have been reported‘ concerning the
effects of pressure on the oxidation kinetics. A marked pressure dependence on
the oxidation rate has been found by som; investigators ) (159), whereas other
reseérchers do not observe any pressure" effects (145). This discrepancy

AN :

has not yet been fully resolvéd.

2.3.6 Effect off Alloying A

Accordbing to the sgmiconductor theory of\ oxidation (160), the
introduction of foyneign j.ons of lower valence than zirconium should increase
the rate of oxidation since it leads to a higher density of positive;y

1\ charged oxygen vacancies. By contrast, the presence of ions of higher
valence than zirconium will decreasecthe oxidation rate ’by means of the
/

opposite effect. This argument of course breaks down if a new oxide phase

f

is formed, or if the o&?de film becomes blistered- or cracked as a result
of the presence "of an alloying element,

‘ .
'Datajon the effect of alloying on the oxidation rate are very
< 5 !

R . : s
Y scarce. The most extensive work is "that of Porte et al (137) who investi-

gated the effects of twenty alloying elements on the oxidation kinetics.

~

o

©at 700°C. The observed th.ngés resulting from alloying were classified

into four groups, according to their behatiour, as shown in Figure 2.7. ..

¥

Group I alloys oxidized according to the cubic rate law, and did not
. * ,

exhibit a breakaway. This group contains the largest number of alloying

’ elements. In Gfoup 2. the alloying elements only promote change from a
4 . ¥, )
cubic to a parabolic rate law,” but no breakaway is detected. Group 3

. w \ N 4

4 ~
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alioys oxidize first as Group 1, thsg subsequéntly exhibited a breakaway

\ @
= .
to linear oxidation rates. Finally, a transition to linear oxidation from

the parabolic rate law is observed in Group 4. Molybdenum in small con-
b centrations (1%) does not affgct the rate of oxygen pick-up, but from 2%
to at least 4% it chapges the alloy behaviour from Group 1 to Group 3,

intvoducjng a breakaway. Niobium appears to have a more complex effect

i} &
¥ since at 1 and 4% the alloy is classified in Group 3, whereas for 2% it
*is found in Group 4. '!;hese results were confirmed by an independent o
’ ' T .

. investigation by fe<Gelas et al (161).
' In the conclusions of their work, Pc()rte et al (137) stated that
those ail‘:!oying elements which had appreciable solubility gene&a‘lly followed
k_the behav,ipour predicted by the semiconductor theof)'rp of ox‘idation” at low
J}  solute concentration. They also showed that the-occurrence of breakaway
was usually related to the atomjc radius. .It appears that when the solute
atomic radiu$s differs by more than. 15% from that of zirconium, breakaway
will: 9c§ur. It should be n'ottd, however, that the alloying elements which
meet t;xe above criterion but .which have little solubility in zirconium
display ‘a behaviour which cannot be "ratiéna%ized by the Wagner-Hauffe theory.

o

<

e
o

2.3.7 Oxidatién Behaviour\in the Zr-Mo and Zr-Nb Systems

' The oxidation of Zr-Nb alloysn in the B-phase has been studied
» # 9
by Zmeskal and Brey (162). The oxidation rate at 900°C was determined
under an oxygenlpressure of 200 torr. It was found that it could not be

Co ( .
represented by Equation 2.63 for any of the experimental comp?rsitions.

» A @

The slope n appeared to décrease continuously with time from about 3 to

about 1, indicating a transition towards a linear oxidation behaviour,

v
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Pure zirconium was the least reactive species, the increase in weight

0

being about 5 times less than that of alloys having niobium contents ‘ \

ranging from 5 to, 20%. The oxidatibn rate increased with niobium content up

. to about 10-20%, then decreased as the concentration went>up to about 30%.

For niobium contents up to 50%, the oxidation rate reémained constant then

climbed rapidly as the niobium concentration was increased towards pure niobium.
Exﬁeriments conducted at 1090°C led to similar results, except ’

that the oxidation rate\ was higher, but appeared not to be very sensitive/

to temperature, The presence of a breakaway transition suggests that the

-

w

oxide scale is not likely to be s?i.ngle phase since the atomic radius of

Nb, being only 8% smaller than that of Zr would not be expected\ to modify
51)rast‘ica11y the zirconium dioxide structure. ‘

The oxida%i.pn behaviour of Zr-Mo alloys above 800°C has not -
been determined. The r.éactivity of the alloy can to some extent be pre-
dicted from the properties %f the molybdenum oxides Mo0, and Mo0;. Moly-
bdenum dioxide sublimates to some extent above 1000°C without decomposition,
the larger part reacting to give MoO; and Mo. The oxide MoO; sublimates
dppreciably above 6‘50°C and evaporates above 1000°C. The Mo-0 phase
diag}am predicts the persistence of liquid phases down to 800°C. The |
oxid;ation resistance of Zr-Mo aulloy's is thus 1likely to be very poor,
especially if the oxide layer becomes porous as the molybdenum ox:&des

evaporate.

o
4

2.4 EFFECTS OF GASEOUS ENVIRONMENT ON MECHANiZCAL PROPERTIES

The effects of gaseous environments on the mechanical properties
of metals and afloys have been known for some time. The very large variety

of materials, atmospheres and testing methods renders a classification of
. C
l

i

\/

"
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tﬁe effects prbduéed difficulg. Hd@ever, two main categories may be
distinguished. At elevated temperatures, the atmosphere usually produges
a scale, whose deformation behaviour determines the modification of the
strength properties. At room temperature, on the otger hand, no oxidation
or similar reaction normally occurs, but the surface absorption of gases
may cause some modification of the mechanical properties. The latter\
category is not relevant to the present review, but for comprehensive

. 1
articles, the reader may refer to Kramer and Demers (163), Machlin (164),

and Cook and Skelton (165). .

A

2.4.1 Effects of Atmospheres on High Temperature Properties

~ AN
The effects of atmospheres on the high temperature properties

Teported in the literature concern mostly alloys designed for high-tempera-

ture applications, under service conditions where creep or fatigue occurs.

Rather than presenting a detailed repo}t of the observed effects, a brief

accousﬁ of typical observations on creep and fatigue will be given.
4
g g

|

2.4.1.1 Effects on creep

The presence of air tends to increase the rupture life of nickgl
at high temperatures and low stresses, whilst a high vacuum environment
produces the longest life at low temperatures and high stresses (166-168).
The bridging of craéks by oxide particles seems to be the cause of the
improvement of high temperature life in air. At low temperatures, no
ready exbianation is available for the deterioration of the rupture life
in air, but it may be associatéd with oxygen absorption on the cracklsur-

face, thereby reducing the surface energy, and enhancing its growth.

Nickel-base alloys such as Inconel (168), Hastelloy C (169), Inconel X (170)
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o

and Ni-20Cu alloys (171,172), behave similarly to nickel in this respect.

calle Austenitic steels are also affected by the oxygen partial pres-

<l w3t

sure, but.the creep behaviour. under different conditions —ta\“nnot easily be
rationalized (168 169, 173) One of the reasons\ for the complexity of the
effects observed may lie in the change in the oxide structure brought about

by a variation in oxygen pressure. The creep resistance of plain carbon

w

steels is increased by trace impurities in an inert atmosphere (169).

Furthermore, short time tests give longer rupture lives in 1.25Cr-0,SMo
f
. 7

and 12Cr-1V steels imrair and in oxygen than for their counterparts in

e
e

helium, nitrogen or; vacuum (170).

2.4,1.2 Effects on fatigue

At high temperatures, the fatigue lives of Pb, Co-base alloy

S & and of Inconel 550 are Jbest in vacuum, worst in oxygen and inter-

*

mediate in air (174). A temperature decrease results in a convergence of

ul«c m i
La

the endurance limit obtained in various environments. A cross-over may

!
»

even be obtained in some cases (175). As in creep, atmosphere effects

arise primarily by affecting crack propagation.

.

i

r
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2.4,2 Mechanisms of Interaction of Surface Films ¢

The more fundamen;:al studies attemp‘éing‘ to explaim the effect

of surface films on strength have been all carried out at rooh temperature

-
o

and mostly on §ing1e crystals. fMost of these studies hdve c.]mncerned the

influence of metallic films of various thlcknesses on th ftrength A
i .
" few studies, however, have reported on the effects due to the presence

\
of oxide films. . l »,

. 1]
. N
\
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/

In all cases, the CRSS is increased by the presence of a sur-

face film, the strengthening then persisting up to over-20% strain.
/

Typically, an increase of 25% in the CRSS is brought about by a 1 um coating
(163). The exéent of stage I is reduced in FCC metals but remains un-

changed in HCP metals (164) such as zinc, where the stress-strain curve

is dominated by easy glide’

An estimation of the CRSS increase due to the' transfer of load N

.to the surface film has shown that the expected flow stress increment is
much lower than the observed one (176-179). In many cases, bhe strength

of the film would have to be of the order of the theoretical elastic limit,
or even higher, éo match the observed effect '(180,181).

The interpretation of the obse;ved increase in flow stress that
is generally agreed upon is fhat surface films constitute a barrier to the
egress of dislocations. Brame and Eya?s (182) have shown that dislocation

transfer from the metal to the film is’ impossible unless: i) the film -is
|

epitaxial; ii) the lattice parameter of the film differs from that of the

substrate by less than 5% (i.e. the accomodating dislocations are spagced

a

more than 20b apart). :

These conditions never prevail under normal conditions, and are
excluded in the case of oxide films in which the volume change (Pilling-
Bedworth ratio) is much larger than 5% Hence, surface films are essentially

impervious to dislocations, and during deformation, dislocation pile-ups
.
form at the film/substrate interface, until the shear stress evolved at

the head of the pile-up is sufficient to' shear the film. The pilerups

o adjacent to the crack line are then released, causing a spurt of strain (183),

3

The increase in dislocation density underneath the surface film

is not limited to short-range effects. Quantitative méasurements of dis-

PR
{

>
. |
i



-y

location density on chromium-plated copper s}ﬁ‘g}e crystals strained to-

2.5% have led taﬁdens'ities double those of unplated crystals (184). This
dislocation density increase was found to extend to d-epths over 1200 times
thdt of the plated layer. The\ shear stress at 2,.5% strain was raised from
240 g/mm2 to 380 g/mmz. An important finc’iing of these experimer;ts was the
recognition of the role of plastic constraint in f:i’.Im strengthening. The
presence of a strengthening component after a few percent strain (i.e.
aftez: the film had already crackeci in some places) ind[icated that a cracked

film could still prevent dislocation egress to a significant extent, and

that it would cease to act as a dislocation barrier only when the crack

network is very dense.

=

The surface films also bl)ock the dislocation lines gnding in the
surface, fhereby creating singly-pinned Frank-Read s'ourceﬁs, \:vhose contri-
bution to the dislocatjon density iﬁcreasﬁe is added to that of the normal
sources (185). A {ﬂﬂe'oretical prediction of the magnitude of the flow
stress.increase has not yet been achieved on this basis, in spite of the
simplified situation in single crystals. -‘For polycrystals, the situa\tion
is much more complicated since firétly, multiple slip operates from the

b \ . 0 - .
initiation of flow; secondly, pile-ups exist near the grain boundaries

- and not only at the surface; and, lastly, the number of sources is cer-

, o N
tainly large in polycrystals.

'I'hg behaviour of surface films at high temperatures cannot be
simply extrapolated from that observed at room temperature. For one thing,
the dislocation density increase during straining will be partly offset
by the operatic;n of recbvery mechanisms, M;reover, even if the oxides

are still likely to be brittle, the metallic phases-formed on the surface

(such as the oxygen-stabilized a-layer on the B-core in zirconium) may be



68.

very ductile and will simply deform by slip., It can be seen that the
description of the effect of a surface film on the strength at high
temperatures is extremely complex and that an adequate model is still
lacking.

. ,
2.4,3 Internal Oxidation

Internal oxidation is the process by which oxygen diffuses
into an alloy and causes subsurface precipitation of the oxides of the
/
alloying elements‘.‘/ This situation arises when the alloying elenments are

much less noble jthan the matrix.

.
[}

2.4.3.1 Thermodynamics N

[

. The thermodynamic expression of the condition for internal oxi-
’ ° l N

dation is derived from the equilibrium

AN
= MO (2.84)

Me + V0
. (solute) (solute) ¥ (precipitate)

where v is. the stoichiometric ratio of oxygen to metal atoms imr the oxide.

If the free energy of oxide formation is AGT , and assuming that the
oxide

surface energy and lattice constraints of the oxide are negligible, then
< Al

T

‘ AG
Me o Ooxide.
[é ][as ] kP \ exp(- ——Ii"f‘——_) (2.85)

\

Me R .
where a‘$ and aso aie“ the activities of the metal solute and dissolved
&z
oxygen in the matrix. If the alloy is in equilibrium with an oxygen

pressure p, , it follows that the-equilibrium
2
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/
! 02 = o(solute) o - ‘ . (2.86)

is achieved, that is

N

N

' o . AN |
[poz] 2, , . (2.87)

\ )
Equation 2.2 can then be rewritten -

\

246 T )

2/v o__. '
- Me oxide
P02 [as ] exp(- BT ) (2.88)

o

«

Oxide precipitation will thus take place if pp 1is larger than.the equi- .
librium value. From Equation 2.88, it can be zeen that po will depend
to some extent upon the activity of the metal in solution, but w111 be .
much more sensitive to the oxide Stablllt)’. For this reason we  see that
oxide precipitation will be achieved in systems containing soluteslsuch

a

as Al, Si, Zr, in a matrix of Cu or Ee. '

2.4.3.2 Kinetics ’

-2

If “ an alloy susceptible to internal oxidation is placed in
contact with, fn oxygen pressure larger than ‘the equilibrium pressure,
internal ‘oxic_iation will occur. The kinetics of the process will be
governed by the rate at which oxygen diffuses intfo the alloy and ther?by
precipitates the solute oxide. The matrit being depleted ih solute, a
counter diffusien of solute will ‘take place.

The mathematical analysis of the process carried out by Wagner

(186) predicts that the thickness £ will vary according t/o the time law:

~

o

i
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g

-
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£ Z(Dot) /Y

“

- (2.89)
where Do is the diffusion coefficient of oxygen in the metal matrix and

y is a constant called the parabolic rate constant, which can be obtained

from . ‘
1 "\
NS 2
N o vexp(y~) . erf(y) - (2.90)
) 2n¢ ' A
e (p_/D )i eXP(Y D°) erfC(Y(Bg—)i)
. (o} Me oDMe DMe

v
<

In this equation,

NoS is the atom fraction of oxygen at the surface,

s
Nye
D the diffusion coefficient of the metal in the alloy.,

the atomic fraction of solute in the alloy, 'and
Q

Me
In the limiting case, where oxygen diffusion pre'dominates,

NS
Y - Q._s (2.91)
2uN
Me
whereas when counterdiffusion is the most important '
R 2
N 5D _/D )% ’
a ﬂ ) + ’
y = 22 Me N (2.92)
ZvNMe

Parabolic rates of internal oxidation have beéeen olserved in copper-base

) alloys (187) and nickel-base alloys (188), and support the predictions

of the theory. ‘ PR

\F
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2.4.3.3 Morghologz

# 71,

The morphology of the oxide depends on its stability and upon )

the diffusion rate, inasmuch as these affect the rates of nucleation and

growth. Rhines (187) observed that the oxide particle size decreased

witfu oxide free energy and increased with temperature and depth ‘from the

surface. Classical nucleation theory easily explair\ls these results ﬁuali-

tatjively. ‘The higher the AGc;T s tﬁe larger the number of nuclei, and
oxide .

thus the number of particles. On the other hand, as the oxidation front -

moves proportionally to the square roo? of time, low supersaturati‘on

conditions leading to few nuclei and large particles will prevail at

large distances from the surface. Raising the temperdture increases the

diffusion coefficients and decreases the oxide free energy: The quantitative

treatment of Bohm and Kahlweit (189) predicted that the particle diameter .

will increase linearlly with depth. This has been observed to be in agree-

ment with results on Cu-Al alloys (189), but disagrees with results obtained
|

on other Cu alloys (190).

Depending upon the degree of coherency of’ the oxide and the
anisotropy of the surface energ)", the particle shape may vary widely. \
In copper-base alloys, §i0, and Ti0, particles were found to\be sphericz;li
MgO tetralredral (190,191); BeO triangular (190). When large precipitates

are formed, the effect is even more marked and Widmanstatten patterns have

been observed (192). Cycling in temperature' or in partiai pressure may

result in a periodic structure of oxides (193,194}).

0

2.4.3.4 Str%hening_

Internal oxidation can lead to strengthening if the dispersion

of the particles is very fine with a sufficiently close iny??rparticle spacing.

o
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Typical particle sizes that are effective in strengthening are of t&\e

4

order of 50-10008. The particles constitute ‘obstacles to dislocation
glide which cannot be overcome by thermal activation. An Orowan mechapism
may then operate, leading to a flow stress that is inversely proportional

to the average interparticle spacing. Secondary slip may also occur around
\ ‘e )
the particles (195). The change in particle diameter with distance from

the surface limits the preparation of internally oxidized commercial alloys

1 .
to thin sections. Creep life has been found to increase by a factor of 10

in I:Ib-l%wf\l%BZr at 1200°C following internal oxidation (196). In nickel

] ' k4

containing diépersed A1‘;_03, produced by powder metallurgy, the stress for

100-hr rupture life was about 10 times higher than that of extruded nickel

4

powder (188). o ‘ .

The temperature dependence of. the creep rate at :constant stress

or ‘'of the stress at constant strain rate is considerably lower than that
¢ ¢ N

‘of conventional alloys, particularly at high temperatures. The strain

rate sensitivity of these materials is lower than that of alloys at hot

]

/

working temperatures. ;

‘e
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/ i CHAPTER <3 .

EXPERIMENTAL EQUIPMENT

. 3.1 MECHANICAL TESTING METHODS

el <

Various éethods are used to obtain information on the mechanical
i - f ()

"behaviour of metals at high temperatures. The advantagés and limits of
' o

each method have already been discussed by several authors (197-200).

 are torsion{ tension and comp;essidﬁ,

and these will now be discussed briefly. .

The most widely used types of test

Torsion testing allows large strains to be reached (several

hundred true strain units) and permits constant strain Tates to be achieved

L-%‘.,;', >

+> ~ -
simply by keeping the angular velocity constant. However, the strain varies

#

Q i
/ from the center to the surface ' of the torsion sample which means different
T P ,

portions of the sample undergo 'different strains. As a consequence, the ,

torsion test does not permit the determination of t&p initial flow stress,

¥
Similarly, the strain rate varies across the sample radius, which consti-

tutes another difficulty. . /

o

>

The' tensile ‘test is probably the most accurate method of deter- -

mining the initial flow stvess or yield. Furthermore, a constant true
5

]

strain rate ﬁay be obtained during uniform elongation of the sample by

0

/ causing the crosshead velocity to be proportional to the instgntaneous

\ . . ’ Q
length of the sample. Unfortunately, uniform elongation is only maintained .
at low strains (less than 0.5) because of the onset of necking. The fhnsile\

- test cannot therefore be used for the determination of steady state flow

Stresses.

g4 . < —
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Compression testing achieves more of a compromise. The deter-

-y

mination of initial stress) is'relatively easy, a constant strain rate can

i be achieved, and strains up tp about 1 can be currently obtaingd. The

. L’" 2 -
limit imposed to the strain arises from friction at the faces of the
& A, '
compression sample, leading tq .inhomogeneous Iflow, which in most cases
~ .

1
.

appears. as ""barrelling' of the sample.

«
- o
«

) o
3.2 TESTING APPARATUS - R
. [ . )
oo T The equi{pment available was basically a standard 100 kN Instron

testing machine equipped for hot compression. This mdchine was capable .

N «~ A

.of operating at a constant true stfain rate, and was interfaced with a

[
¢ 13

GE 4020 process control computer for test control and data acquisition

plgposes. The folleéwing sections desreribe the\ equipment in more defail‘./

. v e

s ° ' ¢

S 3.2.1 ‘Hot Compression Testing — )

- e

The compression train’ was designed by Luton (4) and is -shown

~

schematically in Figure 3.1.; The upper compressjon anvil is made of a

Ve

°

Udimet 700 bar, which is yater-cooied over half its length and is connected

N

2

directly to the moving crosshead of the Instron machine. The lower anvil

}

t
o

| is made of the same material, and is fixed to a stainless stegl baseﬂ which
¢ is, in turn,’ lcfcated on top.éf the 1ba§ cell. " The upper am)l the lower
anvil faces are of alumina. The a:lumina inserts are in the form of .
truncated cones which are held in position ‘on the anvil' ends by means Bf:
retaining conical'nuts. The design of the lower anvil.also features a
quench device, which consists of an ejection arm that is used to push the .
} * sample into a hole on thtla sidé -of the anvil. The latter is_ connected .to \

* * a hollow anvil column, which“leads,to a water bath through a door in ‘the '
i s % . -~




NCn m s a - —— e e

~ .r
i W 6

i

I Sheath support plate | Stainless steet |
2 Sheath Incone!

3 Split furnace Marshall

4 Ram Udimet 500
3 Anvil Udimst 700
é
7
8

Anvil support Udimet 500
Ejection lever . Stainless steel
Ejector shaft Rend 4|
9 Watsr cooling colls | Copper
10 Base support Stainless steel
I Quench bath Water
2 Thermocouple Chrom. - Alum.
13 Thermocouple PL- Pt 10%Rh
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. base. The temperature is measured by an Inconel sheathed ¢hromel-alumel
. ¥ [

thermocouple placed close to the sample and connected to a Thermo-Electric |

I

\

~digital display meter,

ﬁe whole testing train is enclosed in ‘an Inconel tube., The te\st
chamber is sPaled by-means of 'O" r'ings. ‘The chamber and testing train
are \heated\ by means of a p}atinum-;vound split furnace. The test chamber
permits tests to be carried out‘ in a controlled atmogphere,; or in a ‘primary
vacuum, In ofder to inserta sample, the Instron crosshead is raised,
i:ﬁus raising the fﬁmace, the test chamber and the upper anv:ilﬂg The sample
is then placed with tweezers on the lower anvil and the crosshead lowered
again until the test chamber is closed.

i

3.2.2 Temperature Control -

/ .  The heating unit consists of a platinum-wound, three-zone split -
furnace, with a maximum power rating of 7.8 kVA. Control is achieved by
means of a Leeds-Northrup Electromax II current-proportioning temperature

controller, which drives three independent SCR power controllers, Control

of the tempgratﬁre during a test is kept to within £3°C of the desired
temperature by this means. A diagram of the temperature control system' .

is given in Figure 3.2.

3.2.3 Atmosphere Control

The standard atmosphere consists of high purity argon* ) which

isupassed through drying colums in order to eliminate moisture. The gas

: @ * Supplied by Liquid Air of Canada Ltd., with the following impurities:
i 02 = 10- ppm; N, == 23 ppm; H, = 2 ppm;’ €0y = 0.5 ppm; H20 = 5 ppm; and
; hydrocarbons > 0.5 ppm.
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L

%s kept flowing at a rate of about 30 cm3/min and is allowed to escape to
atmos;)here th;'ough an oil trap. 'I:he gas pressure in the chamber is always
kept slightly greater than the outside pressure so as to prevent back dif-
fusion of air through the seals and small leaks. This atmosphere has
proved to be satisfactory for th; thst!j;ﬁhg of most mate;'ials (copper and
its alloys, carbon steels, HSLA ste‘els,. pure zirconium), but was found to
be insufficienély pure for zirconium-molybd-enum alloys (Chapter 5). Some
possible cause's of the presence of oxygen in the chamber are: back dvif—
fusion through the "O" ring seals, d;asorption of gases from the tooli\ng,
decomposi'tion of oxides formed on the tooling and in the cl}amber (chiefly

nickel oxide), and decomposition of some glasses (such as those containing

PbO).

{
«  The best method f"d; solving this environment problem is, of

1

course, to have a testing system in which the chamber can be evacuated

A .

down to 10'6 torr or 1e§s. However, the present system could not be
adapted to such standau/ds without extensive modification and redesign.
'Ifhe first improvement in the atmosphere was achieved by renioving the
"remaining oxygen in the incoming high purity argon. This .was done by
flowing the argon over a bed of zirconium chips placed.in a silica tube
and hgated up to about 900°C. This procedure, however, was felt to be

%
insufficient, since minute amounts of oxygen released in the chamber can

produce a significant oxygen concentration increase over the samplefsx.;rface,

as its volume is very §gza11 cof‘npgred to that of the chamber, :
Conseqﬁently, for fh;e: tests that were carried out}, under the

h:lghest1 purity atmosphere, a thin-walled zircaloy tube of about 6 cm in

diameter and 15 cm in height.was placed around the upper anvil. This tube

had the function of absolrbing most of the-oxygen that was left inithe

-
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~ |

testing chamber, so that very little could be picked up by the sampjle.

2, which was about 500 times

The surface area of the tube was about 500 cm
that of the sa‘mple. In this way, the oxygén pick-up of the sample could
be reduced to 1% of its previous value, assuming oxygen pick-up per unit
area to be identical for the tube and the sample. This gettering system
proved to be very effective(. A diagram of the vacuum and gas ;ysf:i{gm is
shown in Figure 3.3. For the te\sts carried out under tixeﬂhighest purity

a7gon the sample ‘was always inserted in the chamber while the latter was

at Toom temperature.

)

“

3.3 STRAIN RATE CONTROL

The flow stress of metals at high temperatures is very sensitive
to strain rate, However, a constant défo'rmation rate (i.e, dh/dt) does
not produce a constant true strain rate. In the case of compression, a
constant deformation rat{a causes the true strain rate to increase continu-

o4

ously during the test. The true strain rate is defined as € =~ dh/ﬁdt whez:e
Y .

.

h‘és the height ‘of the sample at any instant. The true strain rate can
therefore be kept constant by causing the deformation velocity to be 'pro-
portional to the instantaneous simple height.

The Instron machine was equipped with a constant strain rate
apparatus (CSRA) designed and built at McGill by Luton, Immarigeon and
Jonas (201), which operates in conjunc‘tion with an Instron variable speed
unit.  In the variable spéed unit, th; crosshead speed is proportional to

~r

the angular position of a 10 turn pot\entiom;eter. The CSRA converts the

-

linear displacement of a probe following the crosshead position into an

A \ R
angular motion imparted to & potentiometer replacing that of the variable

speed unit, A speed decrease i)foportional to the crosshead displacement |,

o |
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is thus achieved. By means of conditioning circuits and mechanical

_-adjustments, a variation of crosshead speed from the nominal strain'rate

to zero can be achieved by moving the crosshead from the point where the

ram first touches the sample’ to the contact point with the lower anvil.

A schematic view of the CSRA is shown in Figure 3.4, The performance of

the CSRA is very good, as far as keeping the crosshead velocity proportional
to the sdmple height is conéerned, assuming perfectly stiff anvils. However,

the deflection of the anvils during the initial loading part of the stress-

(
5
§
¢
¥
Er

strain curve leads to the specimen strain rate differing from the nominal

«

or%e by as much as 20%. Nevertheless, at low strain rates and high tempera-

tures, the error drops to less than 1%. A more detailed discussion of the

! system is available elsewhere: (202). ?

3.4 COMPUTER MONITORING AND AUTOMATIC DATA ACQUISITION

h .

To obtain true stress-strain curves from the load-displacement

curves on a paper chart is tedious work, It consists of reading from the
chart a large number of data\. pairs, one for load and one for displacement,
and then punching them onto data cards, in order to get eventually a plot
of the true stress-true strain curve with the aid of a suitable computer

; Pprogram., In the present ex‘periménts, fortunately, such a problem was

avoided because the Instron was interfacgad with a remote Canadian General
: N
Electric 4020 process control computer. The computer is used to perform

two types of duties: control of the test and monitoring and acquisition

of the load and displacement data.

=

G 3.4.1 Test Control

Computer control of \the Instron test machine is achieved by

means of a relay interface unit resident in the Instron and the Multiplé

R Rt e T A AR
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Output Controller (MOC) of the GE 4020, The control functions of the
Instron, sgch as UP, DOWN, STOP, and RETURN are produced by the coded
positions of three switches in the MOC, This code is interpreted by
the interface unit which then causes the Instron to perform the; desired

function.

3.4,2 Test Monitorirm_

If, for example, the DOWN mode is required on the Instron, the
main program generates the proper OUT commar\md at the MOC (Multiple Output
Controller). This activates the 5V TTL (Transistor to Transistor Logic),
which in turn transmits the excitation voltage réquired to switch on the
desired mode. For a continuous test at a constant ;me strain rate, the
computer program sends the DOWN command to initiate the test, and when the
t‘est is completed (that is, after the time to produce a given stra:'u% has
elapsed), sends z; STOP commaﬂd, followed by UP, STOP and eventually NORMAL,

. . . |
which restores the machine to manual operation.

.
- ° <

3.4.3 Data Acquisition

The original 100 kN Instron load cell was of too large capacity
for the present experiments, We used instead a 25 kN Lebow load cell*,
whose output signal was amplified 100 times by a qondi:tioning circuit[.
The displacement was measured by a Direct Current Displacement Transducer

(DCDT) manufactured by the Hewlett-Packard Co, Ltd., and which gives a DC

/ 1
i
* d"tviam.tfa.cturecl by Lebow Associates Ltd,, Troy, Michigan. Sensitivity

2 mV/Vgaye at rated capacity, linearity 0,2% full range, repeatability

0.05% of capacity. . ;
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output signal that does not require furthef amplificétion. The readings

of these sfgnals were taken vig a multiplexed analog-to-digital converting
%}stem. ‘This consisted of /a VIDAR 610 low level scanner, whose purpose

was to select the proper channel to be redd, followed by a VIDAR 5;1
integrdting digital voltmeter. The two signals (load and displacement)
cannot be scanned simultaneously with such an arrangement, and so scanningl
must be effected sequentially. The time lag involved between the two scans
was 1.66 ms in the present case, This was considered to be of no effect,

for practical purposes, since the .error involved was negligible compared

to the uncertainty in the load and displacement.

The main program obtained load and displacement teadings with
the scanning system in the following way. A stannipg instruction generated '
an QUT command at the MOC (scanning group). A TTL logic circuit activated
the low level scanner which idenéified the channel to be gead (250 for load),
the nature of the signal (3, for voltage) and its magnitude (say 1000 mV),
according to the instruction, The signal was, then fed into the digital”
voltmete;, and an IN command transferred the signal value into core memory.

Figure 3.5 shows a block diagram illustrating the test monitoring and data

acquisition system. Figure 3.6 shows a drawing of the load conditioning

circuit, The gain of the load amplifier was adjusted to 100 with an
external resistor, and the Cal button, ﬁlacing a resistor/on vne of the
arms of the load cell bridge,\was used to check the overall calibration.

i

3.5 DATA RETRIEVAL . /

The conversion of the data into stress-strain curves was achieved

by means of a plotting program. This irogram, designed by Luton, took the
/ il
load and displacement values into core memory, then converted them into

£
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loads and displacements, the latter being corrected for the elastic dis-

tortion of the anvils. The load and displacement values were then turned
into stress-strain data and plotted by means of a .digital plotter. The

plotting program also offered an expanded plt;t of the first 0,10 strain

which 'allowed precise determination of the yield values. The data in the '
" core memory were transferred onto a 1/2 inch magneti¢ tape*, on which they

were kept for further use such as later plotting on a normalized scale.

o 3 >

o C “
3.6 ERRORS AFFECTING /THE STRESS AND STRAIN VALUES, .

3.6.1 Errors Associated with the Testing Apparatus -

The strain e is obtained through the relation

°

, h . L
g = In2 . _ (3.1)

where ho is the initial height of the sample and h the'\instantaneous height,
An.error in strain can arise because of the uncertainty jin h, The error

in strain can, in turn, affect that of the stress o ch is calculated

°
RS
Bl

from the relation ) - e

h . .

- L - L - -L o N : A ’

o i K; exp () Ao T (3.2)
|

3
1

\ ; . :
where L is the load, A  the initial cross 'section of the sample and A its

"instantaneous' cross section.

¢ . o
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and thus 8 ~ 4x10™°. The absolute error is thus not very significant,
even at low strains. . - : Z.
‘\ ]

L4

3.6.1.1 Error in the deterﬁi‘ination of the strain
- o \

The first error involved in this calculation i;s simply associ-

% , a2
ated with the accuracy and sensitivity of the displacement transducer.

'The unit used was a Hewlett-Packard model 7DCDT-500, which is a linear
displ"{cem‘ent transformer having a non-lineari}:y less than 0.5% of the . -

total stroke (0.5") qnd an electrical output of 3.3 Volts full-éca\le.

* ’

The non-linearity may therefore introduce a systematic displacement error

of the order of 50 um at the most. It is the sensitivity of the digital

P g PN
2 o= Rl o

- Y
Bl T e

R b +
voltmeter that in theory limits resolution of the displacement. In

/ ™
D ops . . o . ¥
practice, however, owing to some noise¥and some drift, it was found that

oy

disglacements of less than 25 um could not be detergined reliably.

‘gxe second error arises f:jrom the way the height of the‘sample '
is calculated., The plotting program takes as the start of the deforx\néfioﬁ
the displacement for which the load is 1% of the maximum load. Calculation.

of the sample height then involves /sub):racting from the output voltage at
\l

a given time t th%: at the onset of deformation, and miltiplying this dif-
ference by the calibration factor. In this way the\é:\for n is twice that of
any particularﬁﬁisplacement reading and is about 50 un\l. At large\strains,
when the displacement exceeds S mm, the error i;x the strain‘ is very small;

however, at low strains

1
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' 3.6.1.2 Error in the determination of the stress l . }

Tﬂis error has two components,”one which arises from the load
cell itself and another that comes from the error in the strain. The
load cell that was used has a capacity of 25 kN and has a non-linearity
of less than 0.5% of full scale. The sensitivity is 2 mQ/V excitation at

: rated capacity. In the present application, tﬂe non-lingarity could be
as high as 125 N and the sensitivity, for a 17 V excitation voltage and
-after an amplification of 100, 0.14 mV/N.

The resolution is, in theory, that of the voltﬁeter which was
0.1 mV on a 100 mV scale or 1 mV on a 1000 mV scale, and should lead to
a resolution of 1 N and 10 N, respectively. Practically, however, there
was some noise pick-up on the signal line as well as some drift in the

» §

output, which raised the effective ntinimm measurable load to about 30 N.

In terms of stress, this value corresponds to a stress of about 0,5 MN/m2

when: a sam@le of circular cross-section having a diameter of 8.6 mm is

f Y

tested,
: | ‘
The error in strain affects the stress through the correction

R ifor the cross-section area (Equation 3.2) and as a consequence,

™ Ag dh _
\ T " ‘ (3.4)
¢ S -
\ Thus, the value of the Telative error in stress varies from 0.4% at the
4y onset of deformation to 0.8% at 0.7 strain. * o
{ ‘
<

3.6,1,3 Error in the strain rate - ) .

(:) The true strain rate device which was used to achieve a constant

o true strain rate constituted a fairly stable and reliable piece of equipment

A\

§

%
-

¥

i
&
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and its calibration was checked regularly. The calibration itgelf can

be done only when the sample height, is being measure:l, so that the posi-
tion of the ul;per anvil with respect to the sample top is known. This
was dt;ne by bringing the anvils in contact, the contact being detected
Qy a load increase. Prior to the sample insertion,» a reading was taken
of the linear transducer voltage Vo.‘ In order to determine the position
of the upper anvil once the sample was in§erted,,on1y a reading of the

voltage V. of the displacement transducer was necessary, as the gap G

1
between the top of the sample and the upper anvil could then be obtained

N from:

A

. 1
where‘Dcal is the DCDT conversion factor from volts to mm.

The error involvediin calculating G was essentially that of
estimating the contact between the anvils, which was about #250 ym. The

true strain rate, e, determined from.e —gﬁ where CHS is the nominal
Q . . °
crosshead speed, was modified by the error in G in that the calibration

was effected as if the sample was not of a height h , but h + 4G. Thus, .
! 4 o :

A

= 1.8% -~ ) (3.6)

n-lg .
X
:rlr>
o &

The error in the strain rate affected in turn the stress through the rate

2.8 3 . [
sensitivity\n and taking n = 4,

3 - o { _ .
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3.6.2 Errors Involving the Sample Geometry

3.6,2,1 Effect of lubrication

A

Some tests were carried out on crystal bar zirconium at 1000°C,
35-1

at a strain rate of 1,5x10° in order to investigate the effec; of

glass lubricant ;iscosity on the mechanical properties. The samples were

placed in the hot chamber preheated for 1/2 hour at 1000°C and tested

under a dynamic high purity argon atmosphere, The glasses used were tﬁose

manufactured by Corning Glass Ltd. and glasses of various viscosities,hﬁé

well as mixtures of glasse; were tried out. The stress-strain curves

obtained in this way are shown in Figure 3.7. The numbers are arranged

in order of decrea;ing viscosity; and the glass numg;rs refer to those

in Figure 4.6.

The curves show that there is no systematic variation of apparent
flo; stress with glass viscosity in the range investigated, whether one -

. considers yield stress, steady state stress, or any other stress. Repeats
were done on glasses #7050 and #0010. The scatter in the"Stress values

- upder nominally identical testing conditions was about 0.5 MN/mz, and
appeared to be higher than any viscosity effect. ~Saﬁxple deformation was
least homogeneous for the most viscous glass (#1720), and for a very fluid
glass (#9776} which was tried out as well. It was noted in a few cases
that towards the end of the defofmation, the stress increased markedly.
This can be attributed to the breakdown of the glass lubricant film. The
results of Figure 3.7 thus indicate that, even if the material flows in '
Pn inhomogeneous manner, the mechanical properties as measured are not .
significantly altered. At 1000°C, it apbears that glass #0010 is the best

one, with a viscosity of 10,000 poises.
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(TJ 3.6.2.2 Effect of groove geometry

! . " The groove geometry was patterned after that of Luton (4), who
showed that for the hot compression of cylindrical samples, a trapezoidal

i - . !
groove section gave the best results. . /

‘ 3.6.2.3 Effect of anvil\hardness

v Under ideal testing conditions, }he anvil surface is perfectly
hard, 'In early%tests, where ceramic inserts were not used, but Udimet
superalloy constituted the anvil surface, imprints of the sample could
sometimes be detected on the anvil after deformation. This resulted in -

‘poor flow of the sample and a slight error in the displacement values.

As soon as this problem was recognized, a ceramic insert was mounted on‘ /

///}"’ . the anvils and completely suppressed this effect.

3.6.3 Error Bars

In summary, the errors due to instrumentation lead to the fol-
\ i

lowing uncertainties

R

3

pc = =0.5 MN/m?® 0.8 to 1.2%, consisting of the following -
\
three components: first an absolute component arising from the resolution

de = 4x10”

of the load cell - Ao =0.5 MN/mz; second, a relative component derived from
the strain error - Ag/c = 0.4% at low stf;ins to 0.8% at high strains; and
third, a component arising from the gtrain rate error - Ac/o = 0.4%. The
relative error in the stress values thus hardly exceeds }%. On the other

("j hand, Figure 3.7 shows that the repetition of 'a test under similar conditions

\
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’ /- r

of temperature, strain rate, lubrication, and preheat yields an uncertainty
¢

of about 0.8 MN/mz, i.e. somewhat in excess of that predicted by the calcu-
lated error bars, suggesting that specimen inhomogeneities are also involYed.
,A check of the repeatability and accuracy of the overall testing
equipment and procedure was carried out by testing several sémples of 304
stainless stéel under similar conditions. This material is very resistant
to oxidation and has a-'mechanical behaviour known and cha¥acteristic of
dynamic recovery., The floynstﬁpSSes were foupd to be around 100 £ 2 MN/ﬁz,

which was considered very sgfisfactory.

N\
] .

.
\ f
.
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\ X CHAPTER 4 b

‘ EXPERIMENTAL MATERIALS AND PROCEDURES

L

4.1 .EXPERIMENTAL MATERIALS \

4.i%1 Crystal Bar Zirconium

Crystal bar zirconidm, supplied by Atomic Energy of Canada Ltd.,

was manufactured by the Wah Chang Corp., Albﬁny, Oregon. The metal was

. supplied in the form of 15 mm square bars about 35 cm long, cut from a

" worked ingot. The chemical analysis of the as-received material is given

in Table 4.1.

4,1.2 Zirconium-Molybdenum Alloys

~

These alloys were supplied by Atomic Energy of Canada Ltd., and
manufactured by Westinghouse Canada Ltd. Each composition was prepared
in ~2 Kg buttons, which were twice arc-melted under vacuum so as to insure
a satisfactory homogeneity. - In spite of these precautions, however, some
composition inhomggeneities were still present, but were somewh;t reduced
in the forming process. The buttons were hot swaged to 9.5 mm bars in

J

abouﬁ 10 passes, after having been clad with copper to minimize oxidation
duriné‘fhe process. The compositions\and\oxygen analyses are given iﬁ
Table 4.2. The oxygen concentration is quite low, but th;re is a consider-
able spread in the molybdenum content.

\

4.1.3 Zirconiun-Niobiun Allbys K

The zirconium-niobium alloys were made by the Wah Chang Corp.,

Albany, Oregon. The 2.5%~Nb'§110y was part of their standard stock, whereas
’ \

the high Nb alloys we%e specially made in 100'1b ingots.
! . \

Y

S e
S ‘
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(/; TABLE 4,1 )
\
Chemical Analysis of the Crylstal Bar Qiirconium
3
/ . A
R Element = - ' Impurity Analysis (ppm) e
Al ‘ < 25
! B ‘ < 0,2
C 50
Cd . < 0.3
Co - < 5
Cr ’ 42
. Cu < 25
\ Fe 376
, -H 9 .
* Hf " 135
, Mg T e
. Mn < 10
N 34
. Ni . 32 -
‘ o 160 - T~
f
Pb . ) B S e — .
st & <40 T
Sn 10 P
Ti < 20
1] < 0.5 {
W : 75
: A
. |
; [ i
\/‘:: . A\
|
¥ \\ \
! \
Vo \\ \ &
S R SR R ST ppreroe h \ L
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/
(:) o TABLE 4.2 Chemical An\alysia of the Zirconium-Molybdenum Alloys
Nominal Molybdenum Concentration
Element 19 4 6
. ) (weight %)
: . Mo T 19-3.5 3.64 - 4,10 5.6 - 6.11
Impurity Analysis (ppm)
y 0 1210 1290 1165 a £
N 38 60 40 .
\ Al , 8 20 20 kD
B <0.2 ° <0.2 <0.2
Ca N <20 <20 <20
: cd 0.25 . 0.25 0.25
, Co 20 .20 20
C Cr 50 50 50 | .
Fe 100 120 100
HE 50 100 . 80
Mg <10 <10 + <10 ‘
’ . Mn 15 15 \ 10
\ Nb 210 <10 <10 :
Ni <10 <10 - <10
Pb- o< <5 I <5 )
51 .20 30 ’\ ? 30 .
Sn 5 , 5 ) 5
Ta 80 100 80 #
A ¢ S <10 15 St <o /
\ <5 <5
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(;) The detailed chemical analyées of the Nb alloys are givén in
Table 4.3. The compositions appear to be close to the 2.5, 10, 15 and
20% Nb specified and do not vary very significantly over the ingot. Apart
from the fairly high oxygen content, the alloys seem to be reasonably 1

satisfactory as far as impurities are concerned. .

The ingots were formed into 9.5 mm cylindrical rods by hot

! extrusion and swaging. ,

!

4.2 SPECIMEN PREPARATION

/ The compression samples were cylinders machined on a lathe from

the as-received bars. The end faces were grooved to promote proper lubri-

cation of the contact surfaces.
The sample geometry is given in Figure 4.1, The height of the
I samples, 13.8 mm, was chosen as being the best height for Bptimal perfor-
mance of the constant true strain rate apparatus. The diameter of the
\ ‘ sample was chosen to be 2/3 of the sample height, on the basis of succéisful
experiments by Uvira (11) and Luton (4,17).
The choice of flat-bottomed grooves was based on the results of

o

Luton (4,17) who obtained the best lubrication for this particular sample

geometry. The groaves were machined with a threa4 chaser which had had '

16 ym ground off the tips of the teeth.

4

4.3 SPECIMEN PLATING

In the experiments carried out on the Zr-Mo alloys, it was found
TN )
(Sectifn 5.1) thdt\;esidual oxygen in the atmosphere affected the mechanical

(:) propérties. Specimen plating offered one method of assessing the environ-

ment effects and of reducing environment interactions. Two types of pro-

ER TR S R . rat NORREY Gy el UeMLAL L v o
. =1 [N ~ '
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G . - TABLE 4.3

) / Chemical Analysis of the Zirconium-Niobium Alloys
; — -
Element Alloy Analysis (weight %)
‘ ' Nb 2.5 10.3 15.1 19.6

|

i
Impurity Analysis (ppm)

Al < 20 < 35 < 35 < 35
B < 0.2 < 0.25 < 0.25 .< 0.25
c 110 100 90 80 |
cd < 0.2 < 0.25 < 0.25 < 0.25
Co < 10 < 10 < 10 < 10
Cr 58" 103 95 < 80
Cu < 20 12 18 17
Fe 420 668 707 398
H 10 13 18 18
HE 105 < 80 ' < 8 < 80
s Mg < 10 < 20 < 20 < 20
M < 20 < 25 < 25 <® 25
| Mo - < 25 < 25 < 25
‘ N 45 13 18 18 ,
Ni < 35 < 35 < 33 < 35 1.
0 1060 _ 1350 1580 1370
Pb < 20 < 50 < 50 < 50
si < 30 71 < 60 78 -
$n < 25 < 20 < 20 < 20
/ ' Ta - < 200 < 200 < 200
| , \
: Ti < 20 < 2 < 28 < 25
' U < 1 < 0.5, < 0.5 < 0.5
.V < 20 < 25 ' < 15 < 25
x W < 50 < 25 . < 25 < 25

I e Y L R T2 TE e AN R L e
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FIGURE 4,1 Drawing of the sample showing dimensions
' and lubrication grooves geometry.
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tective coating were tried; these were copper plating and chromium plating. /

Copper plating could be used for testing below 900%C on zirconium., The

a

upper limit of temperature arises because of the existence of a liquid

phase in the binary Cu-Zr phase diagram. Such a liquid phase is to be

avoided since diffﬁ,sion can occur orders of magnitude faster in a liquid \ .

phase than in the solid state, and as a consequence no protection is

ensured by the coating. For higher temperature tesf&s, however, chromium

1 .
i

could be safely used up to 1370°C, at which a liquid phase is formed. The
thickness of the coatings was kept below the thickness}/ that would contri- __
bute 1% to the maximum load, assuming simple load sharing between the

coating and the sample. The plating thickness e was estimated from the
increase in weight Am of the sample, through the ‘rellation:

ra

/

o = — | “.1)
K ~p(21rdoho+ md %)

e

where p is the density ’of the deposited metal and d, and ho' az:e the di/ameter
and height of the sample, respectively. The-above equation neglects the
surface area variation introduced by the grooves present at the ends of
the sample. ' No check was c%iedrout 1;0 assess uneven coating thickness L
or coating'porosity other than low magnification microscopic examination.]

The latter defect was considered to be likely to occur in the chromium plate.

Copper plating was achieved in a solution of the following

composition: . .
‘copper sulfate: 75 g/1 »>, ‘ \
sulfuric acid: "~ 187.5 g/1 (~10% volume)
chloride | ’

- (typically HC1): * - " -50 ppm
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L P pwh

= Ao

()

temperature: v 60°C
' agitation: the éainple was rotated slowly during
\\/ ’ the process to get a more uniform plating
: current density: 200 mA/cm2

NS

rene e s et ek w - ! o e b

- ' 1oz,

/
. f
N

» ‘
and a brightener, Lea-Ronal Copper Gleam PC*: 1.2% by volume

The other plating conditions were:
}

' temperature; 24°c
agitation: moderate
. current density: 20 mA/cm? 1
anode: OHFC copper .
filtration: . L intermittent , l

Thesle plating conditions yielded a very bright and ductile deposit. The

deposition rates were very high, typically of the order of 7 um per minute.

Ll

Chromium plating was achieved with a commercial solution known

as SPS 515 SELECTRON', which had a good throwing power and yielded the N
. \ ~ :

" best results. The solution was used under the following conditions:

The computed thicknesses deposited in this way never exceéded 1-2 um.
I
The surface finish rTemained dull, indicating rather uneven deposition.
o
However, these coatings proved to be reasonably effective in minimizing

oxidation (see Figure 5.13 belcc:w),. ) 3
L A last type of éoating used] on the Zf-Nb alloys was =1'um gold. . \ v“

This plating was carried out by Electro-Loh Plating Company, and yielded .

a bright shiny finish,
N

i

¢ “

* Manufactured by Lea-Ronal, Inc?, 272 Buffalo Avenue, N.Y. 11520 (U.S.A.). ©
+ Manufactured by SELECTRONS LTD., 116 East 16th Street, N.Y. (U.S.A.). A

-




4,4 HIGH TEMPERATURE LUBRICANTS

' * Prior to a series of tests, the testing chamber was heated up

103.

o

Lubrication must be provided during compression testing in

3

order to suppress or minimize the inhomogeneous flow that results from

v

the friction between the anvils and the specimen end surfaces. Powdered
glass lubricants have been successfully used for this purpose (4,10).

The optimum flow conditions arée met when the glass is'not too

4

fluid, thereby being retained in the sample grooves. On the other hand,
it must not be too viscous in order to be able to flow' properly. This
ideal viscosity lies ?round 104 poises (203) but it does not, as seen in
Section 3.6.2.1, prove to be a very sensitive parameter.

The glasses employed for lubrication were manufactured by

4

Corning Glass Ltd. and were supplied in a -325 mesh powder. Figure 4,2

gives the manufacturer's data on the viscosity of the various glasses as

\
i

d function of temperature.
The powdered glasses were placed in suspension in acetone, and

the mixture was applied-to the specimen ends with a brush, Care was taken

\

X s ! . S
to avoid the painting of any glass on the specimen sides.

-

’

4.5 TESTING PROCEDURE

)

to the desired temperature. The anvils were then manually brought to
contact, the contact poin/t bein’g determined by the increase qf the load
gignal to a value corresponding to about 50 lbs. The linear displacement
transducer output Vo was then read by the digital voltmeter and stored,
using sv.i special®computer program,

At this point the sample was ready to be placed énto the lower

anvil. This was done by raising the crosshead, thereby lifting the upper
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anvil, ‘the chamber enclosure sheath and the furnace. After the sample,
having been lubricated at both ends, had been placed in position with
tweezers, the crosshead was lowered. As soon as the chamber was closed,
the chamber was evacuated by means of a vacuum pump, then high purity i
argon was flushed into the chamber. The pump down-flush sequence wés

C- repeat:ecl~ three times to insure that no air was left in the testing chamber.

When the chamber had again reached the set temperature, the

calibration adjustments were carried out, and the test par‘ameters were
entered into the computer in a conversational ‘mode, through a telet}pe.
The calibration of the constant strain rate device was done once the gap
G between the upper anvil and the sample was determined by the computer.
, The test program calculated this quantity after the computer had converted

~

the linear transduder output V by means of the relation

\\
G = (V=-V)xDgy-hy

\

" In addition, the program disi)layed pertinent data such as test 'duration,
| ,
maximum crosshead travel, and the number of data points determined. When
calibration was completed, the compression test was initiated simply by
pressingm:he break button on the teletype. The test was then started and
performed automatically. At the end of the test, when the load was

removed, the sample was manually quenched into a water bath by’ actuating

the quench lever arm,

- RO g ¥ = 40,55
YL FREA 21 S N A




106,

CHAPTER 5 /

EXPERIMENTAL RESULTS

2 This chapter describes, in a first part, the experimental results
obtained on the zirconium~-molybdenum alloys. The second part is devoted
only to the gehaviour of zirconium-2,.5% niobium, since the mechanical
response of this alloy differs markedly from that of the higher niéfium

alloys. The latter results are presented in a thizh part.

5.1 ZIRCONIUM-MOLYBDENUM ALLOYS

5.1.1 The-Flow Curve

E?e true stress-true strain curves determined for zirconium-
molybdenum alloys exhibit a maximum in stress which usually takes place
after a small work-hardening region. Wi?h further increases in strain, |
the flow stress decreases continuously up to the maximum applied strain
of 0.8. Typical stress-strain curves are shown in Figure 5.1. The extent
of the work-hafdeningmregion was found to increase with the strain rate
and thus was minimal at ;ow strain rates. Some tests showed a marked,
stress drop at the onset of plasfic flow; this was followed by the behaviour
described above. The upper yield ﬁoint and stress drop usually obscured'
part of the work-hardening region. On the other hand, the curves obtained
in some cases showed no work-hardening at all.

For practiEal reasons, the maximum ;train achieved Qas typically
0.8. The curves show that even at such strains, the flow softening per-
sisted although not to such a marked extent as during the earlier stages

35-1

b

of deformation. It was also observed that, at a strain rate of 1.5x10”
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FIGURE 5.1 Schematic representation of the stress-strain
- . curves of Zr-Mo alloys in the B-phase
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£l

the initial rates of work-hardening are very high, ‘typ‘ically of the order

of 2100 M‘N/m2 compared with 280 MN/m2 in unalloyed zirconium,

\

Gt

5.1.2 Effect of Strain R.éte on the Flow Curves

Figures 5.2, 5.3, 5.4 and 5.5 show the stress-strain curves
. obtained at strain rates varying between 6.2x10"° and 1.5x10'1's'1, for
alloys containing,o, 1.9, 4.0 and 6.0% molybdenum, respectively, and
tested at 1000°C. . The preheat time in the furnace was kept cdﬁstant"for\

\,p all tests and was equal to 30 minutes.

“

It is clear that the stress level at any strain is strongly
affected by strain rate; thé higher the strain rate, the higher the stress.
Some of the curves indicate a slight increase in stress at large strains.
This effecht is most probably due to a breakdown of the lubricating glass
film towards the end of the test, The yield and steady stat;e stress data
obtained from the stress-strain curves are given in Tables 5.1-5.4, Yield
stresses were obtain;d by means of the 0.2% offset method, us'ing the expanded
plots of the first 10% strain of the flow curves. The overall stress

\

sensitivity of the strain rate n can be defined as n = (dlogs/dlogc).r. and

\ . . } .
was obtained from the slope .of the curve of loge versus logs at constant

%
o
A

il

n
f

' ¢
l——-)//

™~

;empe‘ure’*, These curv"e;s for t};e zirconium~-molybdenum alloys tested at
%309% are shown in Figures 5.6 and 5.7 for the yield and steady state
dat:a: espectively. The value of 0.7 st‘rain was taken as the Qtrain at
which néar steady state flow conditions were \achieved. This assumption \

is a compromise since at larger strains, where a truly constant flow stress

4

* The "“trug" stress sensitivity of the strain rate is given by
(alc:gfs/'c\logcc).P ¢» and is generally higher than n.
2 '
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FIGURE 5.2 Experimental stress-strain curves of crystal
bar zirconium obtained at 1000°C for various .
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) | TABLE 5.1
L Mechanical Data for Crystal Bar Zirconium at 1000°C,
k for Various Strain Rates
] stress (MN/md)
€, 5 Yield e= 0.7
\ \
L 1.5x10°1 10.5 . C11.2
. | 2 | ;
< 6.2x10" , 7.5 9.5
(/’\ + - I i
. ' 1,5x10"2 4.5 6.4
b , 6.2x10"° " a4 5.2 '
(. 1.5x107% 3.5 . 3.5
6.2x10™% 2.0 2.4
1.5x1074 2,0 v 2,0 \
/ :
\
L]
\ 7
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O) ' TABLE 5.2 * »

Mechanical Data for Zirconium 1.9% Molybdenum at 1000°C

stress (MN/m<)

e, s°t Yield S =07
1.5x10”! “ 43.2
5 6.2x10"° 2.5 ' 318
1.5x10"2 26,2 24.1
6.2x10"3 - 16.1 14.8
1.5x10"°, 17.3 13,5
6.2x10™ ’ 13,2 10.6
. 1.5x107% - -
6.2%10°° | 5.7 5.5

al
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2 TABLE 5.3 |
Mechanical Data for Zirconium 4% Molybdenum at 1000°C -
@ \
- 1 ; stress (MN/me)
€, § . - Yield gwm(,7
A ' y
1.5x10°1 441 : 45.5
. 6.2x10"2 - -
1.5x10~2 38.0 . 34.0
6.2x10"3" 33.5 27.1°
1.5x10°3 20.4 15.9
‘z 6.2x10"4 18.9 \ i3.6 )
-4 -
+ 1.5x10 9.4 9.9
| 6.2x10"% © .3 . 5.6
’ ‘ \
vl
-/
N
. s ‘ \
\
' A
- ’ ‘
~ b ° ]
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TABLE 5.4
Mechanical Data for Zirconium 6% Molybdenum at 1000°C
’ |
|
v v stress (MN/m<) v
€, S Yield € w 0.7 ‘
| 1.5x1o‘1 80.0 74,5 ‘
) 6.2x10~2 69.0 66.2 )
1, 5x10'2f 45.0 40.6
6,2x1075 ' 38,7 32.5
. 1.5x1073 24.0 20,4
6.2x10™% 15.5 © 12.4
. 1.5x10~% 11.5 10.5
\ . 6.2x107° 8.5 8.0 ‘
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might be obtained, there are effects on the flow stress due to poor

lubrication. Lubricant break-up effects typically become significant
around strains of 0.8. |

From Figure 5.7, the value of n under steady state conditions
was found to decrease with molybdenum content, i.e. from 4.0 in unalloyed
zirconium to 3.4 in-the 6% molybdenum alloy. The value of n determiﬁed
from Figure 5.6 for the yield stresses decreases similarly from 4.0 to
3.4 as the molybdenum content is increased from 0 to 6%. The yield stress
values tend to be more‘scattered than steady state values; this additional
variability presumably arises because of the occasional occurrence of the
"yield drop" effect. When the yield drop occurs, the amount of‘stress'

j
decrease was found to vary considerably from sample to sample.

' !

S.iﬁS Effect of Temperature

The stress-strain curves obtained at 900°C on the 1.9 and é% Mo
alloys are shown in Figures 5.8 and 5.9. Comparing the stress levels witﬂ
the curves obtained at 1000°C (Figures 5.3 and 5.5), it can be seen that
the flow stresses are increased markedly as thé temiperature is decreased.
However, insufficieAt data were obtained to permit the accurate determina-
tion of activation energies and the other activation parameters. Neverthe-

less, the experimentalxactiQation energy was estimated from the data for Q
v ‘the 1.9% and the 6% Mo alloys. At a stre;s of 30 MN/mZ, for example, the
activation energies for the 1.9% Mo alloy are 160 and 105 kJ/mol for the
yield and steady-state flow levels, respectively. Similar values for this

) pardheter were found for the Zr-6% Mo alloy, these being 150 and 105 kJ/mol,

respectively, for the yield and steady-state regimes, at a stress of ,

s

§

55 MN/mz. .
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‘FIGURE 5.9 Experimental stress-strain curves of the
Zr-6% Mo alloy, obtained at 900°C for
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It is of interest to note that flow softening occurs at 900°C;
the flow curves appear similar to those obtained at 1000°C, At low strains
very little ;vork-hardening is observed. At higher strains, the stress

decreases continuously up to the maximum of 0.8 applie\d in the present work.

\ . 1
5.1.4 Effect of Alloy Content

A strggs\\;ersus compos?,t‘ion curve, detérmined at .constant strain
rate and temperature, is shown for yield st;'ain and' 0.7 strain in Fig&i‘es
5.10a and 5,10b. The data points appear-‘somewhat scattered, particularly
at'low strain rates. The presence of this sca{:ter renders the determina-
tion of the molybdenum concentration dependence of the flow stress very
uncertain. It appears, however, that the stress level increases with c",
where m takes a value in the range 0.5 to 1.0. The significance of this

172 dependence is normally assumed to be

result is not clear, althoughAa c
followed (204) when the solute atoms act as individual obstacles to dislo-
cation movement. On this basis, for the 2, 4 and’6% wt molybdenum alloys
the average spacings calculated are 7.5, 5.3 and 4.3 iqteratomic distances,
respectively. It is likély that the dislocation does not move by over-
coming the strain field of a single atom at 2 time, but rather by passing
several of them concurrently. If solute atérﬁs act as groups which must

be overcome collectively, then the relationship bétween the stress and the
solute concentration would be complex (205). This is not unexpected since
the size and distribution of the solute groups ‘must be taken in account

as well as the effects of concentration changes on these parameters.
Alternatively, fhe type of strengthening observed may arise from the

indirect effect of the molybdenum atoms (44). An indirect proof of this

hypothesis would have been obtained, if the activation volume had been

1

i
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FIGURE 5.10 a) Plot of the yield stress variation with \
molybdenum content at 1000°C for
various strain rates..
b) Plot of the stress at 0.7 strain versus
molybdenum content at 1000°C for various

strain rates.
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IR
calculated, and found to be large. (This is indicated in a qualitative

way by the magnitude of the stress sensitivity n.)

5.1.5 Microscopic Examination

Temperature-time-transformation curves for various zirconium

molybdenum alloys have been determined by Domalaga et al (206). Their ‘ s

resulfs show that the decomposition of the w-phase cannot be avoided even
byfthe most rapid quenching in/the ;.3 and 3.3% wt alloys. Although water
quenching of the 5.4% wt molybdenum alloy from the B-field can retain the 8-
phase to room temperature, a small quantity of w-phase is expected to be formed
during cooling. 1In view of this, most of the optical and electron micro-

scopy was carried out on the 6%’molybdenum alloy, water quenched from the
f-phase. Under such conditions, the microstructure is expected to consisth

of B-phase with a small quantity of w-phase present.

=

5.1.5.1 Optical Microscopy ' *

Samples iwere ground down to 600 grade paper and then polished
and etcheé in a so}ution containing 45 parts HNO;, 45 parts HZO and 6
parts HF. The solution was swabbed on to the sample surface with a cotton
pad for about 10 seconds. Microscopic examination of a sample maintained
for o?e-half hour and subsequently water quenched‘revealed a microstructure
of roughly equiaxed grains. The grain size, measured by the }inear inter-

cept method and averaged over 300 measurements was found to be about 0.15 mm,

-

Within each grain was a network of plate-like features which appeared to

be crystallographically oriented with respect to the grain. In general,

most of the plates were parallel to a single direction, with the remainder

_oriented towards a few other well-defined directions. This Widmanstatten-




j

125,

like structure is very similar in appearance to the B'"-phase found in
zirc;nium~niobium alloys (207,208)., In particular, the crystal structure '
and the composition of the 8'"-phase do not differ from that of the B-
phase, so that it almost appears to be‘an etching artefact.

The examination of samples prgheated for half an hour, deformed
to a strain of 0.8 an