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ABSTRACT

Low hot ductility at the straightening stage of the steel continuous casting process, where
the surface temperature ranges from 600 to 1200°C, is associated with transverse cracking
on the billet surface. This is attributed to various microalloying elements, which are
essential for the mechanical characteristics of the final products. Thermomechanical
processing is a new approach to alleviate this problem. In this work, two grades of Nb-
containing steel, one modified with B, were examined. In order to simulate the key
parameters of continuous casting, specimens were melted in situ and subjected to thermal
conditions similar to that occurring in a continuous casting mill. They were also deformed
at different stages of the thermal schedule. Finally, the hot ductility was evaluated at the
end of the thermal schedule, corresponding to the straightening stage in continuous
casting at which the hot ductility problem occurs in the continuous casting process.

The results showed that the presence of B is noticeably beneficial to the hot ductility.
Failure mode analysis was performed and the mechanism of fracture was elaborated. As
well, the potential mechanisms under which B can improve the hot ductility were
proposed.

Deformation during solidification (i.e. in the liquid + solid two phase region) led to a
significant loss of hot ductility in both steels. By contrast, deformation in the &-ferrite
region, after solidification, was either detrimental or beneficial depending on the
deformation start temperature.

The hot ductility was considerably improved in the steel without B when deformation was
applied during the 8—y transformation. The effeét of such deformation on the other steel
grade was not significant. Examination of the microstructure revealed that such
improvement is related to a grain refinement in austenite. Therefore, the effect of
deformation parameters was studied in detail and the optimum condition leading to the
greatest improvement in the hot ductility was determined.

Finally, some solutions to the industrial problem in the continuous casting process were

proposed.



RESUME

La mauvaise ductilité a chaud lors de I'étape de redressage pendant la coulée continue
d'acier se caractérise par l'apparition de fissures a la surface de la billette. La température
a la surface de la billette varie entre 600 4 1200°C. La mauvaise ductilité est attribuée aux
micro-additions qui sont essentielles pour les propriétés mécaniques du produit final. Le
traitement thermomécanique est une nouvelle approche qui permet de résoudre le
probléme. Deux aciers qui contiennent du Nb, dont un est modifié¢ avec du B, ont été
examinés. Afin de simuler les conditions en industrie, des échantillons ont été fondus in
situ et ont été soumis & un traitement thermique qui reproduisaient les conditions réelles.
Les échantillons ont également été déformés a différentes étapes du cycle thermique. A la
fin de ce cycle, la ductilité a chaud a été mesurée. C'est en effet a cette étape que
surviennent les problémes de ductilité a chaud lors de la coulée continue.

Premiérement, on a montré que l'addition de B améliore la ductilité & chaud. L'analyse du
mode de rupture a permis de mettre en lumicre les mécanismes de rupture. Des
mécanismes potentiels par lesquels le B améliore la ductilité a chaud ont été proposés.

La déformation pendant la solidification (c'est-a-dire en présence d'une phase solide et
d'une phase liquide) entraine une chute de la ductilité dans les deux nuances. On a montré
que la déformation dans la région dans laquelle la ferrite 6 est la phase stable, aprés
solidification, peut avoir un effet positif ou négatif, selon la température de début de
déformation.

La ductilité a chaud a été considérablement améliorée dans l'acier sans B quand la
déformation a été appliquée pendant la transformation &—y. L'effet d'ﬁne telle
déformation sur l'autre acier n'était pas significatif. L'examen de la microstructure a révélé
que l'amélioration est liée & une diminution de la taille du grain austénitique. Par
conséquent, l'effet des paramétres de déformation a été étudié en détail et les paramétres
qui ménent a la plus grande amélioration de la ductilité & chaud ont été déterminés.
Finalement, on a proposé quelques solutions au probléme de faible ductilité & chaud en

cours de coulée continue.
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CHAPTER 1

INTRODUCTION

Continuously cast steel, whether cast in a curved mould or straight mould, eventually

has to be straightened when it has solidified throughout its cross section. This
straightening or unbending operation generates tension on the top surface of a slab/billet.
Investigations on carbon and microalloyed steels have indicated the temperature raﬁge of
600 to 1200°C as an embrittling thermal region.!"” At the straightening stage of the
continuous casting process, where the surface temperature ranges from 700 to 1000°C,
poor hot ductility has been a serious problem in carbon and low alloy steels since the
advent of the process."”) Even though extensive work has been done to resolve this
problem, material losses because of hot cracking still persist. The process of crack
rémoval reduces productivity, and cracks can even lead to scrapping of a coil. In addition,
a current trend in steel processing technology is to integrate the rolling process with the
continuous casting process through ‘direct rolling’ or ‘hot charging’. The development of
a direct linkage between the contmuous casting machine and hot working processes is
supported by economic considerations. The charging of hot slabs into the reheating
furnace makes possible an energy saving of 0.4 GJt', whereas the direct rolling of hot
slabs without reheating saves 1.2 GJt'.®] This integration between casting and hot
working processes does not allow any tolerance for surface cracks, since there is no

interruption between casting and rolling to allow for inspection and scarfing.
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The major problem, which occurs during the slab/billet straightening, is edge and mid-
face cracking occurring on the surface, as the stress is maximized on the surface during
straightening. This so-called “transverse cracking” is associated with austenite
intergranular fracture for which two mechanisms have been posited; a soft phase at
austenite grain boundaries and austenite grain boundary sliding. The discovery of the
ductility loss region, so-called “trough region”, resulted in some changes in the
continuous casting process; for instance straightening was implemented either above or
below the trough region by changing the water-cooling or casting speed. Even though this
strategy improved the situation to some extent, it must be noticed that stresses and
thermal history developed during the continuous casting, from the mould down to the

straightening stage, play the major role in controlling the ductility.

Stresses developed during continuous casting are generally classified into two categories;
intrinsic and imposed stresses. The former is an ‘inevitable’ consequence of the process,
including ferrostatic pressure of the unsolidified core metal on the solidified shell, friction
as the steel slides on the mould surface, and temperature gradients due to surface cooling.
Imposed stresses are deliberately applied to deform the cast steel, e.g. bending and
straightening. These stresses may directly lead to cracking or indirectly lead to cracking

by affecting the microstructure, and therefore the hot ductility, during continuous casting.

The hot ductility in steel is influenced by the thermomechanical history experienced by
the solidified steel before being subjected to deformation at the straightening stage. In the
laboratory, a hot tensile experiment is usually employed to assess the hot ductility.
However, the steel microstructure at the test temperature controls the hot ductility. Thus,
- the experiment parameters must be as close to that of the continuous casting process as
possible. In the past, a typical experiment involved pre-heating the specimen to around
1200°C to dissolve precipitates and to produce a coarse grain structure corresponding to
that observed in cast steel before the straightening stage. Then, it was cooled to the hot
ductility test temperature usually at a rate of 1°C/s. Eventually, the hot ductility test is
executed at deformation rates similar to those commonly found in the continuous casting

machines. However, other as cast microstructural features were found to be missing. For
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instance, regarding Ti and S, the tensile specimens must be tested directly after casting to -
ensure dissolution of the TiN particles and MnS inclusions.”’ As well, as cast austenite is
dendritic, highly segregated of microalloying elements,'” and has a higher
recrystallization temperature, amongst other characteristics. Because of this, many

researchers have replaced the re-heating stage with re-melting.

Melting in situ was a significant improvement to the hot ductility tests but it 1s a difficult
experimental setup. The situation was even more improved when the melting in situ was
incorporated with the thermal condition siinilar to that of the billet surface in the
continuous casting process. It was shown that, in addition to melting in situ, the thermal
history undergone by the tensile specimens had also a significant effect on the hot
ductility in steel.!'"""*! This is not surprising since the microstructure of steel is sensitive
to the thermal history. Looking at the continuous casting process in more detail, it is
apparent that the billet is under different modes of deformation throughout the continuous
casting stage. The effect of deformation in the mould has been studied by some

11418 However, such work was done not with purpose of hot

researchers to some extent.
ductility assessment but mainly to study the effect of the mould movement on segregation
patterns during solidification. The most comprehensive hot ductility evaluation procedure
so far considerered the effect of all three parameters, i.e. melting in situ, thermal history
undergone by the billet surface, and deformation.!'” In that work, it was first shown that
the ductility depended on the thermal history experienced by the specimen, a
reconfirmation of the work in Ref. 11. Secondly, it was concluded that deformation,
depending on the mode and temperature of execution, at specific stages prior to the
execution of a strain to fracture can have significant influence on the hot ductility. There,
even though beneficial effects of deformation were attributed to the carbonitride
precipitates, the exact mechanisms according to which the deformation affected the hot
ductility were not understood. Therefore, the theme of the current research work is to
closely characterize the effect of deformation applied at very high temperatures on the
subsequent hot ductility. For this, a Nb-Ti grade steel, similar to that studied in Ref. 12, is
examined. As well, two Nb-Ti-B steels are studied since the effect of boron on the hot

ductility has not yet clearly been understood.
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The uniqueness of this work is that it looks to the problem of hot ductility from a new
perspective. Almost all investigators working on the hot ductility problem in steel have
been studying the effect of steel chemistry and its relevance to the problem. From this
body of work, causes of the cracking have been identified and, with some modifications
in the chemistry, the problem has been alleviated somewhat. Nevertheless, the chemical
composition cannot always be modified, especially in microalloyed steels. For instance,
in Nb-Ti microalloyed steel, Nb has been identified as the cause of the transversé
cracking but its presence in steel is imperative because of mechanical properties. In this
work, it is assumed that the chemistry, which also mcludes elements detrimental to the
hot ductility, is already fixed. The desire is to alleviate the problem by deformation,
especially very high temperature deformation. To this end, the thesis is concluded by
suggesting a practical solution to industry in order to alleviate the problem of transverse

cracking by very high temperature deformation.

Based on this overall objective, a literature review on the hot ductility deterioration, its
mechanisms and causes and contributions of alloying elements, is given in chapter 2.
Also in this chapter, different methodologies of hot ductility evaluation in laboratories,
including advantages and disadvantages, and the evolution of evaluation method is
explained. The objectives of the present research work are stated in chapter 3. In chapter
4, the experimental materials are introduced and the experimental configuration to apply
the desired thermomechanical processes is described. Then, details of the deformation
schedules are explained. Continuous heating tension and continuous cooling compression
experiments, used to identify transformation temperatures, including solidification start
temperature, during heating and cooling, are described as well. Characterization
techniques encompassing optical and scanning electron microscopy, and high-resolution
field emission gun scanning electron microscopy are also described in this chapter.
Results of the hot ductility assessment, presented in chapter 5, reveal both improvement
and deterioration of the hot ductility owing to high temperature deformations. The results
of the failure mode analysis are also given. All the results presented in this chapter are

discussed and rationalized in chapter 6. Conclusions and recommendations for future
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work are given in chapter 7. Eventually, the originality of this work and, then, the

industrial application of the findings, are explained.



CHAPTER 2

LITERATURE REVIEW

High—Strength, Low Alloy (HSLA) steels constitute a classical metallurgical

development in which alloying additions and thermomechanical processing have been
combined to attain desirable mechanical properties through microstructural control. Such
process and compositional variations can develop yield strengths typically in the range of
350 to 700 MPa (50 to 100 ksi), thus doubling the corresponding yield strength of mild
steels. This increased strength, coupled with good toughness and weldability, has resulted

in applications in transportation, pipeline, construction, and pressure-vessel technologies.

~ HSLA steels are predominantly low in carbon (0.05 to 0.15 wt%) and are alloyed with
small quantities of strong carbide-forming elements such as niobium, vanadium or
titanium. This contributes to enhanced mechanical properties primarily through ferrite
grain refinement, often supplemented by precipitation and/or substructural (dislocation)

strengthening.!'”!

The continuous casting of steel was introduced commercially around 1960, and it is
presently the way i which the majority of high tonnage steels is produced, including
HSLA steels. One of the problems specific to this process has been transverse cracking.

The continuous casting operation is shown schematically in Figure 2.1. Molten steel is



Chapter 2 Literature Review 7

% Main stresses include;
' 22 | Curved mould, Friction
1 primary cooling
A ol e
.‘!‘V‘A Water
O f

g / spray | Bending stresses
'\. / Secondary cooling
- zone ‘
() ¢

;j
]
|

Ferrostatic pressure

Thermal stresses

| Straightening operation |

Figure 2.1. Schematic representation of typical continuous casting process.’

poured from a ladle via a tundish into an oscillating, water-cooled copper mould, which is
often curved. The mould oscillates to prevent sticking, and this oscillation is responsible
for transverse ripples (oscillation marks) on the surface of the strand.!"®! The oscillation
marks have an important ’inﬂuence on the surface quality of slabs because they are often
the site of transverse cracks, and therefore influence crack formation.!"®! Such cracks can
be propagated while the movement of cast strand changes gradually from vertical to
horizontal direction, during which the top surface and edges are put in tension, Figure
2218

The oscillation mark is not the only cause for cracking. Cracks have been observed at
many other locations in cast steel strands. In the interior, cracks may be seen near the
comers, at the centerline or diagonally between opposite corners. On the surface,
transverse and longitudinal cracks may appear in both the midface and corner regions.

Figure 2.3 shows schematically cracks on different locations of the cast strand.!""’
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CASTING DIRECTION

Figure 2.2. Appearance of oscillation marks on the narrow face of a slab.!"™
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Figure 2.3. Schematic drawing of strand cast section showing different types of cracks.!"

The process of continuous casting has gained popularity because of the high solidification
rates due to the strand geometry combined with heat extraction at a striking rate with the
combination of mould, water sprays and radiant cooling. Nonetheless, the rapid cooling
causes steep temperature gradients in the solid shell and these can change rapidly and
generate thermal strains as the shell expands and contracts. Furthermore, because the

semisolid section is required to move through the machine, it is subjected to a diversity of
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mechanically induced stresses caused by friction in mould, roll pressure, ferrostatic
pressure, machine misallignement, bending and straightening operations. All of these
kinds of stress can result in crack formation. In the following sections, these stresses are

studied briefly and then loss of hot ductility and transverse cracking is elaborated.

2.1. Stresses and Strains in Continuous Casting

The nature of stresses and strains that can cause cracks during continuous casting of steel,
as it travels from the mould down to the cutting stage, has well been explained by
Lankford?®’ and some other authors. After pouring liquid steel into the mould, the mould
is oscillated in order to prevent welding or sticking of the cast metal to the mould, and
consequent high apparent friction and tearing of the solidifying skin. However, some
friction occurs at the interface of the mould and solidified skin, resulting in stresses in the
skin, Figure 2.4.” When the velocity of the casting relative to the mould wall is
downward, an upward friction force acts on the surface, as illustrated in Figure 2.5.7%%
The magnitude of this friction force depends on the coefficient of friction and the
ferrostatic force. Because of the friction, an axial tensile force and an axial tensile stress
occur in the skin. Because the friction force is a surface force and eccentric to the
resultant axial fofce, a bending moment occurs and causes additional stresses in the skin.
As shown in Figure 2.5, the resultant stresses and strains are the sum of the bending and
axial components and, in general, will be tensile across the entire solid layer. Provided

these stresses are sufficiently high, tensile failure of the skin and a breakout can occur.

Surface segregation and inclusions are other outcomes of this movement of the mould.
Harada et al.”** have shown that transverse surface cracks on continuously cast slabs have
their origin in local segregation areas. They showed that a positive segregation of
phosphorous can spread over an oscillation mark and, at the same time, a sharp negative
segregation occurs adjacent to the positive segregation along the mark. This positive
segregation penetrates deeply into austenite grain boundaries through which transverse

cracks propagate. They also found MnS precipitates on fractured surfaces. It was
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Figure 2.4. Schematic drawing of casting of steel into the mould in the continuous casting
21
process.
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Figure 2.5. Schematic drawing of axial and bending stresses in the solid shell
resulting from friction in the mould,"*”

suggested that, at the meniscus, when the tip of the partially solidified shell is bent down
periodically during mould oscillation, interdendritic “dirty” liquid is squeezed out and
accumulated at the valley of an oscillation mark, Figure 2.6(a). In another scenario, bulk
liquid overflows on the tip of the shell and again interdendritic “dirty” liquid spreads out

and accumulates there, Figure 2.6(b). In any case, the local segregation forms at the



Chapter 2 Literature Review ' 11

valley of an oscillation mark. Since this segregated part of the shell is weak, cracks
initiate there under any external stresses. Therefore, internal cracks form below the
oscillation mark and propagate along austenite grain boundaries. Brimacombe and
Takeuchi'* have also observed the positive segregation of phosphorous at the bottom of

oscillation marks.

7 / / _~Powder out-flow
Mold Bowder in—flow Mold % Overfiow of
/ liquid steel
Positive
7 bending 2
7 dendrite Z segregation
7 concentrated ™ (Negative segregation)
liquid A
(a8) During negative (b) Ouring positive
strip period strip period

Figure 2.6. Formation mechanism of segregation at the meniscus.'”

Trying to find a solution for the problem of oscillation marks, Itoyama et al'* studied
the solidification of steel in the mould with regard to the mould oscillations. They
proposed a “horizontal oscillation” synchronized with the conventional vertical
oscillation of the mould. This horizontal oscillation appeared successfully to reduce the
depth of oscillation marks and surface segregation at oscillation marks, and was
extremely effective when the wide face of the mould was expanded against the solidified

shell during positive strip period

During the entire excursion through the caster, thermal gradients exist through the
thickness of the solidifying skin and alohg the axis of the casting, resulting in thermal
stresses in the skin. It can generally be concluded that tensile stresses occur in the cooler
regions because of the contraction restraint provided by the adjacent hotter regions, and
compressivé stresses occur in the hotter regions. Thus, the strand surface is normally in
tension and the solidification front is in compression. This profile can, however, be
reversed should the surface temperature rebound owing to a sudden decrease in the rate of
cooling."”?
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Below the mould, ferrostatic pressure can give rise to shell bulging, particularly of the
‘wide face of slabs if support rolls are spaced too widely apart. As illustrated in Figure 2.7,
the resultant stresses are tensile at the surface and compressive near the solidification
front. However, this situation can change quickly if rolls, lower in the machine, are
properly spaced since they will deform the bulged shell and set up tensile stresses at the

solidification front. Similar stresses can arise if a set of rolls is too narrowly gapped.!'**"!

Ferrostatic
i

Offset Rolls

Figure 2.7. Effect of slight bulging of slab or offset rolls on stresses in solidifying skin."?”

At the end of the castiﬁg and when the surface temperature is smoothly decreasing, the
billet/strand is straightened at a temperature ranging from 700 to 1000°C.P"*#*24 At this
point, the greatest strains may be imposed to the casting. These strains are tensile on the
upper surface of the strand and compressive on the lower surface. However, the strains
are reversed for bending.!"”) The surface strains due to overall bending of the slab in most
situations are approximately given by the ratio of the slab thickness to twice the bending
radius of the slab.”® The maximum surface strain on bending of slab was reported to be
around 2%.""*) The strain rate is less well-defined because of the uncertainty about the
gauge length necessary to develop the full bending strain. For a casting machine
constructed to bend a 10 thick bloom with 34 ft radius at a maximum speed of 70 ipm,

Lankford”” reported a bending strain of about 1.2%. For this situation, the bending strain
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rate was in the range of 0.5x10” to 7x10™ sec”. A similar range of strain rate was also

reported and used by other researchers, Refs. 13, 23, and 24, for instance.

There are some soft stresses applied deliberately during continuous casting in order to
* reduce segregation in the center of the solidified strand.””*! Other sources of stresses can
arise from mechanical inaccuracies or operating irregularities such as; nonconcentric roll

cage, nonuniform cooling, and mould distortion."*?%,

Therefore, there are different sources of stresses being applied to the solidifying steel
since it is poured in the mould down to the straightening point. These stresses can
contribute to some detrimental effect, especially cracking. Among these, cracking in the
mould and during the straightening of steel are of high importance. As for cracking in'the
mould, there have been numerous reports during last two decades about improvement in
slab surface quality by technologies which do not depend on mould oscillation, ‘such as
molten steel flow control in the mould and electromagnetic force imposed on the

[15,26-29

meniscus. I However, cracking during the straightening is still a severe problem, in

spite of being investigated for four decades.

2.2. Evaluation of Hot Ductility of Steel

Much valuable work dealing with hot ductility was done in the 1960s.5%**! However,
much of this primarily dealt with studies of hot ductility as related to hot working and
deformation characteristics of materials at elevated temperatures. Even though some of
these results can be relevant to the behavior in continuous casting, information on hot
ductility under conditions more closely simulating those in continuous casting is needed.
Specifically, information is required on the behavior of steels solidified from the melt but

not cooled below the temperature range at which the mechanical behavior is of interest.

To study the hot ductility at the straightening stage of continuous casting, the test which

best simulates the situation is the hot bending test. However, since surface cracking can
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not easily be quantified in this method, it is not popular.” 2 Compression and torsion
tests have been also used.”’] The problem concerning the torsion test is that the large
strains associated with this method and difficulties in interpretation of the fracture
appearance after failure make it unsuitable. The most popular technique to evaluate the
hot ductility and the problem of transverse cracking is the hot tensile test. Normally, this
test is carried out using a servohydraulic load frame equipped with either a furnace or an
induction heater, in a protective atmosphere such as argon. The Gleeble machine has also
proved to be a good method of hot ductility assessment, because of its ability to melt

specimens and versatility in simulating thermal schedules.”*”

In both Tensile and Gleeble tests, specimens are usually heated to a temperature above
the solution temperature of the microalloy precipitates to dissolve all these particles and
produce a coarse grain size, charatceristic of the continuously cast microstructure before
the straightening operation. The specimen is cooled at the rate experienced by the surface
of the strand/billet, as transverse cracking is on the surface, during the continuous casting
operation (~60 Kmin™). Finally, it is strained at rates between 10° and 10* s, which is
in the range of the straightening deformation rate. In more sophisticated simulations of
the continuous casting operation, the specimen is actually melted, either by induction or
electrical resistance, in a quartz tube placed over the mid span region to retain the liquid.
This is mainly performed in Gleeble machine and is not popular in tension. However, a
few hot ductility tests associated with melting have also been performed. Revaux ef al.!**!
melted and cast steel in a crucible to form a tensile specimen on a tensile machine. Then,

the crucible was broken and a tensile test was performed.

In order to evaluate the hot ductility, some researchers have used total elongation to
fracture as a measure of the ductility and it can provide useful information regarding the
role played by dynamic recrystallization in influencing the ductility.****! The majority of
researchers, however, have used the reduction in area (RA) at fracture to provide

quantitative information on the fracture strain."’
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2.3. Description of Hot Ductility Loss

As mentioned before, poor hot ductility, associated with transverse cracking, in steel
occurs within the temperature range of 700-1000°C, where the straightening operation
takes place. This region of hot ductility loss over temperature, the so-called trough, is
shown in Figure 2.8. As the ductility curve suggests, there are three distinct regions to be
specified as;

(i) the trough or embrittlement region

(1) a high ductility, low temperature (HDL) region

(i1i) a high ductility, high temperature (HDH) region.

—>

RA %

Temperature ——p

Figure 2.8. Schematic diagram of ductility curve over temperature.

It must be pointed out here that the transverse cracking associated with the ductility
trough is different from that which occurs due to the mould oscillation. The latter is
already on the surface of steel before it reaches the straightening stage, whereas the
former occurs because of the straightening deformation. For the remainder of this thesis,
whenever transverse cracking and hot ductility loss is referred to, it will concern the

ductility trough as opposed to the oscillations.
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2.4. Embrittling Mechanisms

In the trough region, steel invariably fractures through austenite grain boundaries.”! The
fracture facets are either covered with fine dimples or microvoids, or they are smooth.
This implies that two distinct mechanisms of failure must be viable. In the former case,
preferential deformation in regions close to the grain boundary initiates voids at grain
boundary inclusions or precipitates, which leads to intergranular failure via microvoid
coalescence. In the latter case, grain boundary sliding in the single phase of austenite
region followed by wedge cracking appears to be a possible mechanism. These

mechanisms can be considered in three categories.

2.4.1. Ferrite at Grain Boundaries

Intergranular failure can occur at a stage in the austenite to ferrite transformation when a
thin film (~5-20 um thick) of ferrite has formed around the austenite grains, Figure 2.9."!
The comparative ease of dynamic softening (recovery) in ferrite leads to lower flow stress
compared with the austenite and, therefore, to strain concentration in the ferrite film. This
results in ductile voiding, generally at MnS inclusions situated at the austenite grain

boundaries.”” It has been also shown that this ferrite film can be induced by

deformation,*%*!
untransformed Void microvoid
i . coalescence
austenite f formation T T

e

T

Figure 2.9. Schematic illustration showing microvoid formation and coalescence in ferrite
film at austenite grain boundary.”

grain boundary ferrite
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Strain induced ferrite can be formed at temperatures above the undeformed Ar:
temperature (the transformation start temperature at a constant cooling rate), an often as
high as the Aes (the equilibrium austenite to ferrite transformation temperature).'**! Figure

2.10 shows clearly austenite grain boundary fracture because of thin ferrite film.

Figure 2.10. Ferrite at austenite grain boundary in a high Al steel tested at 800°C
(a) and grain boundary fracture (b)./*”

There are various explanations proposed on how deformation encourages and accelerates
ferrite nucleation: (ba) bulged austenite boundary caused by local grain boundary
migration which is assisted by deformation acts as ferrite nuclei, (b) subgrains are formed
near the boundaries which raise the stored energy locally, and (c) the increased
dislocation density in deformed austenite increases the strain energy, favouring ferrite

4] This clearly implies the effect of grain size on volume fraction

nucleation in this way.!
of deformation induced ferrite. The primary effect of grain size is the amount of grain
boundary surface area, and the number of grain edges and corners, per unit volume as
these influence the number of favourable nucleation sites. As well, the strain homogeneity
and the overall dislocation density increase with decrease in grain size, so further
accelerating the transformation. It was shown that ferrite can be induced by deformation
in both coarse (~200 pm) and fine (~25 pum) austenite grain sizes.'**) Nevertheless, it was
only formed in narrow bands adjacent to grain boundaries in the coarse grained austenite
whereas, in fine grained austenite, the deformation was far more homogeneous so that

ferrite formation was not so severely limited or localized.
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Another point is the amount of deformation beyond which ferrite starts forming by
deformation. It has been shown that strain induced ferrite can be produced in a fine
grained (~25 um) low C, Mo steel, deformed to a true strain of 0.016 at a low strain rate
of 7.4x10* s This result was obtained from hot compression tests in which
specimens were cooled to test temperatures from a high temperature yet in solid state.
Even though this shows that ferrite can form at low strain, it is not yet clear if it can form
in steels with as cast coarse grains (~500 um) at low strains (~2%) applied during the

straightening.

In addition to the interaction between ferrite and precipitates at grain boundaries, which
leads to grain boundary Voiding, as discussed above, ferrite alone can have a detrimental
effect on ductility as well. Assuming that there is a thin layer of ferrite between two
adjacent austenite grains, as long as both materials behave elastically, a homogeneous
stress-strain field has to be expected. After the stress state exceeds the yield limit of the
ferrite phase, plasticity starts within the boundary layer and the stress distribution
develops mostly in the ferrite. Due to the significant difference between the strengths of
ferrite and austenite, all the plastic deformation is concentrated within the ferritic films
leading to localized strains. It has been shown that, for a thin ferritic film, after the
initiation of plastic flow, the strain concentration increases rapidly to reach a local strain,
which exceeds several times the globaI strain, Figure 2.11.17) As can be seen, it is only

after the formation of 40% ferrite that the strain concentration is eliminated.

25

2% ferrite
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15 }
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Figure 2.11. Effect of volume fraction of ferrite on strain concentration in ferrite. "
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The study of strain rate effects in this respect has shown that higher strain rates

correspond with reduced stress concentrations in the ferrite. This is simply because of the
lower yield limit ratio between ferrite and austenite (Oy(Austenite)/Cy(Ferrite)), Figure

2.12.%71 Using this concept, the impact of strain rate on the hot ductility of steel can be
explained in an easy way; the higher the strain rate, the higher the ductility.

25

20 1

15
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Figure 2.12. Effect of yield limit ratio (strain rate) on strain concentration in ferrite
for 5% ferrite.”)

The left hand side of the hot ductility trough, adjacent to HDL region in Figure 2.8 is
attributed to this mechanism of embrittlement. As can be understood, one of the essentials
in avoiding embrittlement under this mechanism is to reduce the strain concentration at
grain boundaries. This concept readily applies to the case of HDL region, which coincides
with a relatively high volume fraction of ferrite. Here, the strain is no longer concentrated
in a thin ferrite film at the austenite grain boundaries. Furthermore, the strength
differential between austenite and ferrite decreases with decreasing temperature, thus
increasing plastic strain in the austenite and, more importantly decreasing the strain in the
ferrite.**] The concentration of strain at grain boundaries is thus minimized, and high
ductilities are observed. Ferrite has a high stacking fault energy, and therefore dynamic
recovery, which is a softening process and operates at all strains, readily takes place.?!
Generally, the ductility is very good when high percentages of ferrite are present in the

microstructure, in the vicinity of 700°C.52%* At this temperature, recovery in the ferrite
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takes place with ease, the subgrain size is large, and the flow stress is low. Thus, ferrite

flows readily at grain boundaries to relieve stress concentrations.

2.4.2. Precipitate Free Zone

The second embrittling mechanism liable to occur at high temperature region of the
trough, the region adjacent to the HDH region in Figure 2.8, is formation of a soft region
near grain boundaries. In Nb-containing steels that have been‘ solution treated before
cooling to the test temperature, precipitation takes place during deformation in the
austenite. The grain boundary precipitation, which usually occurs, is frequently
accompanied by the formation of relatively weak precipitate free zones (PFZ) on both
sides of the boundaries (500 nm wide).!””! Fine precipitation can also take place in the
matrix, leading to significant matrix strengthening. The situation is then similar to the soft
films of ferrite, and microvoid coalescence fractures are frequently observed. In this case,

however, void formation takes place at the microalloy precipitates (Nb(C,N), and AIN

when Nb and Al are present together), Figure 2.13. This fracture process is shown
(3,50]

schematically in Figure 2.14.

(®)

Figure 2.13. Precipitate free zone adjacent to austenite grain boundaries in (a) Nb™? and (b)
AIP? containing steel fractured at 950°C and 900°C, respectively. Grain boundaries contain
fine precipitates of NbCN and AIN, and coarse MnS inclusions.



Chapter 2 Literature Review 21

Lid gid o gl gl i gl -
. Y (N T
adfraaaaofuaisa e St s s
Y Ty DL Ll P 117 o o A A A e L L L L L L Lo
atfpnantyntatut,at, ) " B P L L I A L LR L L r L P L Ll
R LRt i IR
ke e b

e - or
AT iy, g o gy
SRR ISR

200 nm»] L grain boundary precipitate

¥

G
Figure 2.14. Schematic illustration of intergranular microvoid coalescence due to PFZ."

It should be mentioned that, because the deformation is taking place in the single phase
austenite region, grain boundary sliding (see section 2.4.3) is also likely to be
instrumental in the embrittling process, most probably contributing to crack

enlargement.”’

On raising the temperature, the high ductility, high temperature (HDH) region is
encountered. Continuing with the concept of a reduction in the strain concentration at
grain boundaries, one obvious reason for this improvement in ductility is the eventual
absence of the thin ferrite film. This, of course, is only effective in the austenite plus
ferrite two-phase region, and does not affect the embrittlement due to PFZ regions in the
single phase austenite. However, higher temperatures also lead to less precipitation in the
matrix and at the grain boundaries, which offsets the PFZ embrittling mechanism. On the
other hand, increased temperatures lead to lower flow stresses via increased dynamic

recovery, which reduce the stress concentrations at the crack nucleation sites."

2.4.3. Grain Boundary Sliding

Grain boundary sliding followed by cracking is seen in austenite rather than ferrite,
because the former shows only limited dynamic recovery. This gives rise to high flow
stresses and work hardening rates, preventing the accommodation, by lattice deformation,
of the stresses built up at triple points or grain boundary particles, leading in this way to
intergranular failure by the nucleation of grain boundary cracks. This rupture mechanism

is usually associated with creep, the latter occurring at strain rates typically below 10 s\,
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However, fractures characteristics of failure initiated by grain boundary sliding are
frequently found at the strain rate generally used in hot ductility testing (107 s)*°!,
Figure 2.15 shows a fracture surface occurred under the grain boundary sliding

mechanism.”!!

ol .. & som, RS 100
Figure 2.15. Grain boundary sliding (a) and fracture appearance (b) in austenitic alloy
containing nickel. Pulled at 750°C and & = 5x107° s P!

This mechanism of embrittlement is important substantially at high temperatures where
other mechanisms, associated with precipitates and thin ferritic film, are not viable.
Traditionally, grain boundary sliding, as correlated to creep, leads to nucleation of either
‘grain edge’ or r type, or ‘grain corner’ or w type cavities (cracks), both of which have
been observed in specimens tested in tensile at strain rates in the range 10°-10* s™, and

both require grain boundary sliding for their nucleation.™

The w type crack initiates at grain boundary triple point junction because the strain
concentration can’t be accommodated in the neighboring grains. In the case of » type
cracks, the ledges produced by the impingement of slip bands against the grain

boundaries lead to the formation of cavities as grain boundary sliding proceeds.!*!

This model of ductility loss indicates that intergranular failure can take place without the
presence of particles at the boundaries, even though particles expedite it.”*] A mechanism

to alleviate this problem which is not based on the concept of reducing the grain boundary
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strain concentration, requires the occurrence of grain boundary rnigration.[‘“’5 2 n this
case, cracks, which have already been initiated, are isolated from the prior grain
boundaries, and high ductilities result because the growth and coalescence of these cracks
is not readily achieved away from grain boundaries. This is evident from the large voids,
characteristics of the fracture surfaces generated by testing in the high temperature-high
ductility (HDH) region, which apparently are not associated with second phase
particles.”’”* These grow from the intergranular cracks which form during the early
stages of deformation,v and which become isolated within the grains as a result of grain
boundary migration. The original cracks are then distorted into elongated voids, until final

failure occurs by necking between these voids.

Nevertheless, although grain boundary migration can isolate cracks from grain
boundaries, the cracks can also exert a grain boundary drag force and capture moving
grain boundaries. Crack growth will then resume along the captured gfain boundary by
the applied tensile stress, until the boundary breaks away once more. If the capture
frequency and/or the crack drag force are high, intergranular failure may ultimately occur,
even if the prior grain boundaries had moved away from the initiated cracks at an earlier
stage in the deformation. Thus, in order to offset embrittlement adequately, the driving
force for grain boundary migration must be substantially higher than the drag force
exerted by the cracks that are present. One way to achieve a high driving force for grain

14,52

boundary migration is by dynamic recrystallization. The nucleation of dynamic

B3] Poorly developed

recrystallization takes place at existing boundaries at low strain rates.
subboundaries pin sections of the original boundaries, which bulge out and migrate
'relatively rapidly because of the strain energy difference across a given boundary. This is
clearly a potent rhechanism for bringing about grain bbundary movement.”! It is not
surprising, therefore, that the HDH region has been observed to coincide with the onset of

[415637] However, there are numerous instances

dynamic recrystallization in many studies.
where dynamic recrystallization has been observed throughout all, or part of the region of
embrittlement.”****! Such results demonstrate that it is indeed grain boundary migration
that is the important event, dynamic recrystallization being an effective means by which

this can be achieved.
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2.5. Influence of Microstructure on Hot Ductility

2.5.1. Grain Size

Grain size is important with regard to its strong influence under creep conditions, which
include the strain rate range used during straightening. However, it seems that it has not
been paid as much attention as chemical composition. Some reports suggest that grain
size refinement can be detrimental to the hot ductility."* It was said that precipitation
during prior processing of steel can refine the grain size which may favor intergranular
fracture. However, extensive studies on both creep and ductility have generally shown
that the high temperature ductility increases as the grain size is decreased.”*~*%* When

the failure is intergranular, refining the grain size affects crack growth via;

1. the decrease in the crack aspect ratio, which controls stress concentration at the crack
tip; this is lower in fine grained materials so that crack propagation is discouraged in
this way. %

2. the difficulty in propagating the smaller cracks formed by sliding through triple
points.[*]

3. the increase in the specific grain boundary area (for a given volume fraction of
precipitaté), which reduces the precipitate density on the grain boundaries."

4. the reduction in the critical strain for dynamic recrystallization by increasing the
number of grain boundary nucleation sites, thereby increasing the possibility of

ductility improvement via grain boundary migration."!

It has been shown that refining the grain size leads to reductions both in the depth and
width of the trough, Figure 2.16, due in part to the form and distribution of the grain
boundary ferrite, Figure 2.17.1°°! The ratio of surface area to volume of grain is high in
fine grained austenite, so reducing local deformation at the boundaries. Therefore, the
ferrite films are discontinuous and do not allow easy crack linkage, or nucleation sites are

so numerous that deformation has little influence in providing extra sites. On the contrary,
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Figure 2.16. Hot ductility curves for the 0.19 wt%C steel at various grain size.”
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Figure 2.17. Volume fraction of ferrite as a function of temperature for 0.19 wt%C steel
at various grain size.™

the ferrite formed in coarse grained austenite tends to grow along austenite boundaries,
and as a consequence, only a very small amount is required to produce a continuous
network. Also, for fine grained steels, ferrite was observed to form, less detrimentally, as
equiaxed, unconnected grains.° Nevertheless, Cardoso and Yue!*! have shown that,
even in fine grained steels, deformation induced ferrite forms as thin, continuous films. It

is possible that this had not been observed previously because of the much faster austenite



Chapter 2 Literature Review 26

to ferrite transformation rate resulting from the fine austenite grain size. In view of this,
perhaps a more relevant factor controlling ductility in a finer grained structure is the
increased volume fraction of the total ferrite that is produced at a given temperature. The
narrow trough in a fine grained steel is then a consequence of the rapid increase in
volume fraction of the ferrite which forms when the temperature is lowered to below the

Aey.!

Microalloyed steels generally show little indication, from hot tensile tests, that gramn size
has a significant influence on their hot ductilities, because of the overriding effect of the
precipitation of AIN or Nb(C,N) at austenite boundaries.”’ Where an attempt has been
made to keep the precipitate distribution constant, the changes i hot ductility with grain

size were similar to those observed in plain C-Mn steels./%

2.5.2. Precipitates

The role of precipitates has already been pointed out. Fine precipitates pin grain
boundaries, allowing the cracks to join up. In addition, both precipitates and inclusions

cause void formation.®"

Microvoid coalescence failures are thus encouraged by an
increase in the precipitate or inclusion density at the boundaries, these being preferential

sites for void initiation.

It is generally accepted that it is the precipitation at the austenite grain boundaries that has
the greatest influence in low ductility in microalloyed steels.””! This is seen more clearly
in Figure 2.18, where the influence of the Nb(C,N) precipitates at the austenite grain
boundaries (particle size and interparticle spacing) on the hot ductility of C-Mn-Nb-Al
steels is shown, for the rare instance where all the other variables have been kept
reasonably constant.”) Also included in this figure are the results from a commercial
examination into the precipitate distributions at the austenite grain boundaries taken close
to the surface of continuously cast slabs. Casts without cracks had mean particle sizes and

interparticle spacings along the boundary of >40 and >140 nm, respectively. Rejected
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Figure 2.18. Influence of (a) particle size and (b) interparticle spacing on hot ductility
of Nb-containing steels, solution treated at 1330°C, cooled to test temperature of
850°C, and fractured at strain rate of 3x10° s'.%¥

slabs had mean particle sizes and interparticle spacings of <14 and <60 nm, respectively.
These values also indicate that transverse cracks can be avoided when the RA values
>40%. This clearly shows that the effect of precipitates on hot ductility depends strongly
on their size and distribution. These characteristics are, in turn, controlled by composition

and the thermomechanical details of the test.

It is well known that the precipitation of AIN, Nb(C,N) and V(C,N) is accelerated by

deformation compared with the rates measured in undeformed structures at the same

[24,67-70]

temperature. This acceleration is mainly resulted from the introduction of

favorable nucleation sites, such as dislocation networks and vacancy clusters, by the

deformation process.”) The observation of NbC precipitated on dislocations following

high temperature deformation in austenite supports this view P77l

Precipitate size distributions are influenced by whether the precipitates are formed

statically before testing, statically after testing, or dynamically during deformation. Slow
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cooling or heating to the test temperature, as in normalizing and holding, favors static
precipitation; such particles are generally coarser than their strain induced or dynamically

687031 Dynamic precipitation does not occur at very high

precipitated counterparts.|
testing strain rates, since deformation ceases before the incubation time for dynamic
precipitation has been reached.”! However, static precipitation can occur subsequently in
the deformed structure at rates much faster than that of static precipitation in undeformed

metal, and close to those associated with dynamic precipitation.’®®!

Both Nb(C,N) and VN can precipitate rapidly during deformation at strain rates <10™
7,177 and hence can have a very important influence on the hot ductility and transverse
cracking. For steels which are solution treated and cooled to the test temperature, Nb is
more effective in extending the ductility trough to higher temperatures (i.e. reducing the
ductility) than V.®! This is probably because, for typical microalloy compositions, the

") whereas it is about 885°C for

nose temperature for Nb(C,N) precipitation is at 950°C,!
VN." Furthermore, it was shown that the presence of V in a Nb-containing steel led to
coarser and less extensive precipitation and improved the hot ductility in the temperature
range 850-900°C.* As well, V precipitates randomly throughout the matrix, whereas
Nb(C,N) is found both at the boundaries and within the matrix.”®! As for AIN, its
formation is very slow. In fact, it has been shown that, unless the solubility product is
very high, cooling from the solution temperature under continuous casting conditions (60
Kb min") will not cause the precipitation of AIN during testing, either statically or
dynamically.”” Nonetheless, the temperature cycling that occurs during the cooling of

[40,56,75,76

continuously cast strands can accentuate AIN production. ! This can be very

detrimental to the ductility, particularly since AIN precipitates mainly at the austenite

grain boundaries.”*””*7¢]

Studies of the effect of static and dynamic precipitation have led to the conclusion that,
for V and Al-containing steels, the precipitates present before deformation are more

detrimental than those formed during deformation.**”

In this case, the static
precipitations are more effective than the dynamic ones in reducing the hot ductility, even

though they are coarser,””) because they are formed only at the boundaries, Figure 2.19.
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Generally, vanadium and Al-containing steels have better hot ductility than Nb

microalloyed steels because, in the former two steels, prior precipitation when present is
[53]

coarser and, in the case of vanadium, more random.
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Figure 2.19. Microstructures and corresponding V(C,N) precipitate size distributions in C-
Mn-V-Al steel, solution treated at 1330°C, cooled to 850°C, and held for (a) 1 s and (b) 6 h
before testing.””

On the contrary, dynamic precipitation has been shown to be more effective in reducing
the hot ductility in Nb-containing steels.*”® This is partly because dynamic precipitation
is much more extensive in Nb-containing steels.””’" It also occurs in a finer form, both at
the austenite grain boundaries and within the matrix, as long as the Nb(C,N) is taken into
solution before deformation, Figure 2.20.7%%7"1 The highest ductilities are displayed by
these steels when the precipitates are present before deformation in a coarse form and

[53]

randomly precipitated throughout the structure.””' This can occur by reheating Nb-

containing steels below the Nb(C,N) solution temperature (typically about 1100°C),
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which coarsens the precipitates without taking any significant volume fraction back into

solution.

Figure 2.20. TEM micrograph of extraction replica from a steel containing 0.78 wt%Nb
deformed at 850°C and at 10° 5™ showing fine Nb(C,N) precipitates within a grain.”™

Finally, the effect of Nb(C,N) on the hot ductility can also depend on the chemical
composition of the precipitates.”” At a constant Nb level (0.015 wt%), it has been found
that an increase in the N concentration from 0.002 to 0.006 wt% markedly reduces the
plasticity. Low N levels promotes the formation of NbCoyss particles, whereas high N
concentration lead to the precipitation of NbCysNo2s. The higher ductilities associated
with the former precipitate have been ascribed to its lower rate of precipitation in

austenite.

2.6. Influence of Composition on Hot Ductility

Chemical composition has obviously a very marked influence on mechanical properties
including the hot ductility. Since this parameter is the easiest one to adjust in steel
making, most of the effort has been concentrated in this area leading to valuable results

and reviews, notably by Thomas et al.”’” and Mintz."”!
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In this section, the effect of alloying and some residual elements, with regard to the hot
ductility, is briefly reviewed. But, before that, the relevance of tensile testing to the

problem of hot ductility is discussed.

2.6.1. Relevance of Experiment Method to Hot Ductility Evaluation

In the evaluation of hot ductility in the laboratory, testing conditions have been made as
simple | as possible, incorporating only the most important casting parameters,
metallurgically speaking. Based on this concept, the usual approach is to heat the
specimen to the solution temperature, ~1350°C, to dissolve all microalloying and refining
additioﬁs and to produce a coarse grain size reminiscent of the as cast structure. The strain
rate is chosen to be the same as that used during the straightening operation, 10” to 10™
s!. The cooling rate to the tensile test temperature is also chosen to correspond to the
average cooling rate, close to the surface of the strand, ~60 Kmin" for conventional
continuous casting of 250 mm slab”® and ~200 Kmin™ for thin slab casting, 50 mm thick
slab'™. ’

At best, this simple test gives a semi-quantitative assessment of a steel likelihood to loss
of the hot ductility. At worst, it can lead to quite erroneous predictions. Thus, it readily
shows the deleterious effect of Nb and Nb and Al in combination, on the hot ductility,
which correlates to severe transverse cracking found whenever these steels with these
clements are continuously cast, Figures 2.21 and 2.22, respectively.”*"*’®! Nevertheless,
the effect of S can not be studied by this simple method and it would lead to the false
conclusion that the level of S has no effect on the hot ductility, Figure 2.23.1%% The
simple tensile test, however, can be modified to more sophisticated testing and tensile
specimen can be cast in situ. This allows S to segregate to the interdendritic regions and
precipitate out more normally and its true adverse influence be determined (Figure
2.23(b)).

Generally, with regard to microalloying additions Nb, V, and Al, solution treatment (i.e.
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heating the steel to ~1350°C), prior to the tensile test, has been found adequate to assess

likelihood of a steel to exhibit a transverse cracking problem.® On the contrary, for Ti

and S, the tensile specimens must be tested directly after in sifu melting and solidification
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49,80-82

to ensure dissolutidn of the TiN particles and MnS inclusions." I Provided these

precautions are taken, precipitate size and distribution in the tensile specimens follows

closely that found near the surface of the continuously cast slabs.”’*]

However, even in situ casting of the tensile specimens is not ideal, as small castings in
general produce neither the exact segregation patterns experienced near the surface of
conventionally cast strand nor the columnar grain structure that is often present and which

may be directly responsible for the ease of crack propagation during straightening.*!

In the continuous casting process, cooling just below the surface of the strand is very
rapid at first and reaches a minimum temperature and then rises again. The subsurface
temperature prior to straightening then cycles; the temperature falling as the sprays
impinge on the strand and then rises as the strand moves through the guide rolls. This
oscillation of temperature has been shown to have a significant influence on the
precipitation, encouraging precipitation to occur.®**¥ It has been also proved that this
oscillation affects the hot ductility significantly.'"**) The hot ductility deterioration
because of the temperature oscillation is particularly marked in Nb-containing steels,

Figure 2.24 %4
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Figure 2.24. Influence of temperature oscillation on the hot ductility of a C-Mn-Nb-Al steel.
(CP1 refers to normal cooling to the test temperature at 60 °Cmin"', CP2 and CP3 incorporated
a number of temperature oscillations of amplitude + 50 and +100°C, respectively).®
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Although temperature cycling has a critical effect on C-Mn-Al steels, i.e. widening and
deepening the trough, this may not be true for Ti treated C-Mn-Al steels where the Ti is
able to remove the N as TiN and thus prevent any further precipitation from occurring

during cycling, Figure 2.25.7]
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Figure 2.25. Hot ductility curves for (a) as cast C-Mn-Al and (b) as cast C-Mn-Al with a Ti
addition.”

All these show that the ductility behavior under conditions, which are closer to the
commercial practice, can be very different to that given by the simple hot ductility test.
The condition becomes even more difficult when it comes to the peritectic steel, where

there is sudden shrinkage due to the peritectic reaction.

2.6.2. Influence of Residual and Alloying Elements

Residuals are metallic elements that remain in steel in small quantities after refining is
completed and which are not deliberately added. These elements are always present to
some degree. Some elements, like copper and tin remain because they cannot be

preferentially oxidized when normal steel making methods are used."’
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A potential problem caused by copper and other residual elements is cracking during
continuous casting, which may on occasions be related to the more classical hot shortness
phenomenon. Hot shortness results directly from the fact that residual elements more
noble than iron, such as copper, tin, nickel, arsenic and antimony, are not oxidized when
steel is reheated. Consequently, as iron is removed preferentially from the surface layers,
these residual elements build up progressively in the subscale layer.”) Melford®® has

proposed that in order to prevent hot shortness

Cu+6(Sn+ Sb) <k

where k depends on the degree of enrichment which in turn depends on the furnace

atmosphere, time in furnace and temperature.

Among these harmful elements, Cu is the major cause of hot shortness since it can enrich
to a level exceeding its solubility limit in austenite (9%) and such an enrichment is
possible under conditions of severe oxidation. At reheating temperatures in the range
1100-1200°C, the Cu rich phase that precipitates is molten (melting point of copper is
1080°C) and tends to penetrate the austenite grain boundary leading to surface cracks
during subsequent rolling operations.®! On the contrary, Ni has been shown to have a
beneficial effect, since it stabilizes austenite and it increases the solubility of Cu,

B7) studied the effect of Ni additions on the

preventing the precipitation of Cu. Fisher
prevention of the molten Cu rich phase and showed that the Ni:Cu ratio must be in the

range 1.5 to 2 to increase the solubility of Cu in austenite so that hot shortness is avoided.

It must be noted that the detrimental effect of Cu depends on its amount in steel.
Hannerz'®* has shown no influence of Cu on the incidence of slab defects, studying 0.007
wt%Cu in steel. But, in other reports where residual Cu levels were higher, Cu was
| always a problem to surface quality.®*°! The residual Cu level in steels studied in these
investigations was in the range 0.10 to 0.35 wt%. Sn enrichment can be particularly
serious since it reduces the solubility of Cu in austenite.®® Analysis of work at British
Steel indicates that plate steels containing Nb with additions of 0.25% Cu and 0.25% Ni

have a greater incidence of transverse cracking compared with similar grades without Cu
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and Ni additions.”’ It should also be pointed out that intergranular cracks in continuously

cast products have been associated with Cu pick up in the mould.***!

With regard to the hot ductility, the effect of Cu has not been studied extensively in the

2,9,88,92] Hannerz[ss]

temperature range 700 to 1100°C. could find no significant effect of
copper levels up to 1% at temperatures above 700°C, in plain C-Mn steel reheated to
1350°C and cooled at 60°Cmin™ to the test temperature in an argon atmosphere. Below

700°C, ductility was impaired, possibly due to copper precipitation from 1% Cu solution.

Nachtrab and Chou'®! have proposed that impurity segregation to boundaries can
encourage intergranular failure. Using Auger electron microscopy, they revealed S, Mn,
and N segregation at austenite grain boundaries. However, no correlation could be
established between these segregations and the ductility loss since the steel with the
highest grain boundary concentration of Mn and S exhibited only a minor ductility loss. It
was also found that the ductility troughs were mainly related to the microalloying
precipitation, with possibly some correlation with the segregation of Cu, Sn and Sb to the
austenite grain boundaries. This type of segregation was found to occur during
deformation. They showed that steels with ~0.2 wt%Cu gave a grain boundary
segregation of 4% for Cu. The tensile tests were carried out in vacuum so it is not
surprising that the detrimental effect of Cu on the hot ductility could not be positively
confirmed.

Mintz et al.”” have performed some experiments on the effect of test conditions on the
hot ductility with regard to copper and nickel. No effect of Cu or Ni was found on the hot
ductility when the steels were solution treated at 1330°C and cooled to the test
temperature, regardless as to whether a protective or oxidizing atmosphere was used.
Tensile specimens cast directly after melting and tested under an argon atmosphere were
again found not to be influenced by compositional changes. Only when the tensile
specimens were cast and allowed to cool in air was the deleterious effect of copper on the

hot ductility obtained and this could be prevented by a similar addition of nickel.
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Mintz et al.®® did not find any evidence for Cu rich films penetrating along the austenite
grain boundaries, ruling out conventional hot shortness as the cause for ductility loss.
They explained that the deterioration could be due to fine copper sulphides (or
oxysulphides) particles they observed at the boundaries. The need to have cast conditions,
in order to produce these sulphides, probably arises because an increased segregation of
Cu is required for the sulphide formation. It was also suggested that, Ni, by increasing the
solubility of Cu in iron, might be responsible for a reduced driving force for Cu

precipitation.

As for tin, it has been shown that addition of 0.1 wt%Sn seriously impairs the hot

ductility of C-Mn steel.”! Antimony is likely to be nearly as detrimental as Sn’**! since it

reduces the solubility of Cu in austenite in a similar manner.’*®

There is some evidence showing that phosphorous improves the ductility of the
continuously cast strand at temperatures between 700-1200°C, provided the carbon
content is less than 0.25 wt%."""®*8] Mintz® has also found that phosphorous ﬁp to
0.02% 1is beneficial for C-Mn-Nb-Al steels, possibly because, although P is normally
regarded as detrimental, it segregates to boundaries and vacant sites, preventing the
precipitation of the more detrimental fine Nb(CN) precipitate from taking place. Both
industrial data and laboratory work have confirmed these benefits for Nb containing
steels.”’¥/A similar trend of phosphorous reducing the incidence of defects for
microalloyed and C-Mn steels was found by Hannerz®*!

data. Suzuki et al.”" studied a plain C-Mn steel with a P range of 0.003 to 0.32% and

using regression analysis on mill
found it beneficial, the hot ductility improved by increasing the P level.

However, Harada et al."'® have shown that transverse cracks are normally associated with

1P calculated that for a steel with

very high segregation of phosphorous. Yashima et a
0.25 wt%C, the last liquid to solidify would contain about 5 wt%P. A 1 wt%C steel with
the same P level would have about 1 wt%P in the final interdentritic liquid. It has been
found that the addition of P extended the zero ductility temperature range some 80°C

below the equilibrium solidus temperature. This was due to P having segregated to the
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austenite grain boundaries, resulting in stabilization of liquid films (i.e. segregated P
lowers the liquidus and solidus temperatures depending on the C content).” Zero
ductility corresponds to nil plastic deformation in solid. A liquid phase at grain
boundaries results in zero ductility since grains separate from each other with no

deformation in the grain interior.

Hence, from this discussion, it can be concluded that phosphorous is likely to improve the
hot ductility of the coritinuously cast strand provided segregation is reduced and will
make it easier to avoid transverse cracking during straightening. On the contrary, if P
segregates sufficiently, the interdendritic liquid will be present at a temperature well

below the bulk solidus temperature.

Sulphur segregation to the austenite grain boundaries has been Suggested as a possible
cause of poor hot ductility in several studies.”*®”) It has been demonstrated that
segregated S exerts an attractive force on the electrdns associated with the bonding of Fe
atoms, reducing the strength of the boundaries in this way.”*! In low Mn, ultra high purity
steels, heated directly to the test temperature, it was found that AIN reduced the hot
ductility only indirectly by pinning the boundaries, so that S was able to segregate to them
and embrittle the material.***! Thus, when the S levels were very low (<0.001 wt%), the
hot ductility was excellent even when high volume fractions of AIN were present, both at

the austenite grain boundaries and within the matrix."!

Alloying elements are those that are added deliberately to steel in order to improve and
control mechanical properties. Carbon is one the alloying elements that has received
much attention with regard to the hot ductility. It has been well known that surface
cracking susceptibility depends on C content in low alloy steel, Figure 2.26.1%*! This is
attributed to the large austenite grain size. The grain size can be very large in the vicinity
of the peritectic composition, i.e. 0.18 wt%C, since there is no small amount of the
second phase, i.e. the é-ferrite or liquid phases associated with the lower or higher carbon
contents than the peritectic composition, respectively, to retard austenite grain growth.!*®

Note that the peritectic composition moves to lower carbon contents in steels containing
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Mn. However, in hot tensile test of the reheated specimens without remelting, such C

dependency of the ductility could not be recognized as shown in Figure 2.27.1%
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Figure 2.26. Schematic illustration showing  Figure 2.27. Effect of C content on the hot

the effect of C on surface cracking  ductility. The specimens were deformed at

susceptibility of continuously cast slab.**) 800 and 900°C after solution treatment at
1300°C.©

The surface cracking during the process of continuous casting or the direct rolling is
mainly caused by the precipitation of carbonitrides or sulfides or by the segregation of
impurity atoms to the austenite grain boundaries in the temperature range from austenite
to austenite/ferrite duplex phase region, accompanying the intergranular fracture of
austenite,['20° 7207896100101 gy ey dqyctility, as explained before, has been well known to
depend largely on the grain size and to decrease inversely proportional to the initial grain
size. Maehara et al.'®® have found that the austenite grain size significantly varies with C
content in remelted specimens, i.e. the maximum grain size was found for steels with

0.10~0.15 wt%C. This can explain the crack susceptibility in Figure 2.26.

In the case of the ductility trough, the effect of carbon is linked to the onset of the
austenite to ferrite transformation, as outlined in the section 2.4.1 above. As raising the C
level lowers the transformation temperature, it moves the trough to lower temperatures.
Such behavior has been observed by many investigators in both plain C-Mn and C-Mn-Al
steels.!”>*!®*8) Generally, the trough curves move bodily down to lower temperatures as
the C level is increased, but Suzuki et al.®'! have noted that the trough is deepened as

well.
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For C-Mn-Nb-Al steels with Nb< 0.03 wt%, it is generally agreed that C has little
influence on the position of the trough,***'*! except at C levels < 0.05 wt%, when both
the width and depth of the trough are reduced.l'® This is because of the overriding
influence of Nb(C,N) precipitation in the austenite.”’) In fact, the ductility deteriorates as

81121 Syuch precipitation

the volume fraction of Nb(C,N) precipitate increases, Figure 2.2
occurs relatively rapidly during testing, so that the volume fractions approach the
equilibrium levels during the long times associated with low strain rate tests.'°”! The
amount of Nb(C,N) precipitated at a given temperature depends on the Nb, C, and, to a
lesser extent, the N level in steel. For a steel with 0.03 wt%Nb, when the C level exceeds
0.05 wt%C there is little further increase in the volume fraction precipitated and hence

ductility in the trough region is relatively insensitive to the C level.”
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Figure 2.28. Relationship of shape and position of hot ductility curves to volume fraction of
NbC precipitated, assuming equilibrium solubility, in steels with 0.025 wt%Nb, but with

varying C contents. The steels were solution treated, cooled to test temperature, and tested at

strain rate of 3x 1073 ¢.l!%%

Of all the microalloying elements, Titanium seems to be the most effective in keeping the
RA values high, and reducing or eliminating the trough when laboratory tests are carried

out on unmelted specimens, Figure 2.29.°*'%! This is because TiN and TiN-rich
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precipitates are formed at high temperatures (close to the solidus) and so tend to be coarse
and randomly distributed. They are also sufficiently numerous and have a high enough
volume fraction to restrain grain growth at high temperatures (1350°C), while not pinning
the boundaries long enough for cracks to link up.”! Therefore, the benefit of Ti comes
from two parts; grain refinement and its ability to combine preferentially with N,
preventing the formation of the more detrimental AIN precipitate’™ and reducing the
amount of N available to form Nb(C,N)."!
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Figure 2.29. Influence of small additions of Ti (0.02-0.03 wt%) on hot ductility behavior of
C-Mn-Al steels heated to 1330°C, cooled to test temperature, and fractured at strain rate of
3x10° 5P

The beneficial effect of Ti depends on the cooling rate. Abushosha et al.®" observed that
for a Nb-containing steel, Ti improved the hot ductility in the temperature range 800-
- 1000°C only when the cooling rate was slow enough, i.e. 25 Kmin™. This slower cooling
rate probably allows NbC to precipitate out at high temperatures on the coarse TiN
precipitates, thus leaving little Nb available for precipitation in a fine detrimental form
during deformation at lower temperatures. Little improvement was observed when the

cooling rate was increased to 100 Kmin™.



Chapter 2 Literature Review 42

Aluminium is added to steel as a grain refinement element. But, as mentioned before, it is
detrimental to the hot ductility when it combines with N and precipitates at the austenite

(194 1t also deteriorates the hot

grain boundaries, retarding grain boundary migration.
ductility by segregation. Using Auger electron microscopy, Edwards et al.!"! have
shown that Al segregates to the austenite grain boundaries during casting in such large
amounts that ferrite can form at the boundaries at temperatures much higher than those
encountered in typical hot tensile tests on solution treated steel. Furthermore, Vodopivec
et al'® have suggested that cracking may be caused by the presence of a coarse
dendritic structure, which is favored by increasing the level of Al in solution to at least
0.04 wt%. The fact that this explanation differs widely from that based on the
precipitation of AIN again indicates the need to develop hot tensile tests that simulate the

continuous casting operation more closely.

Niobium is widely used as a microalloying element to improve the mechanical properties,
but often causes problems during the continuous casting process. Even though known as a
ferrite stabilizer, i.e. the Ae; temperature increases as Nb is added, very low additions of
Nb retard the ferrite formation considerably, possibly by solute drag effect.!'”” Lindblom

and Grant!'®®

'in 1971 demonstrated the detrimental effect of Nb especially at slow
deformation rates. With regard to the hot ductility, Bernard et al."" proposed that a
reduced hot ductility in the Nb-bearing steel was due to suppression of dynamic
recrystallization. Rois"'®! has shown that NbC precipitates also impose a drag force on
the austenite grain boundaries. Ouchi and Matsumoto!*! have proposed that Nb suppresses
not only dynamic recrystallization but also dynamic recovery in the strain range below &,
the critical strain needed for dynamic recrystallization to commence. The latter may be

one of the factors promoting intergranular fracture when the fracture strain is less than ..

C-Mn-Nb-Al steels are the most difficult to cast continuously and the combined presence
of Al and Nb is particularly detrimental. If the transverse cracks are to be avoided, the Nb
level should be kept to the lowest value consistent with the property requirements being
met in the final product.”! It has been shown that addition of a small amount of Ti can

improve the hot ductility in Nb-bearing steels, Figure 2.30.”) Ti scavenges N as TiN and
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less N is available for detrimental Nb(C,N) precipitates. Besides this, the stable TiN
precipitates refine the austenite grain size and this lowers the density of Nb(C,N)
precipitates at the austenite grain boundaries. Also it was shown that NbCy s is formed in
Nb steels with low N content around 0.0020 wt% or with 0.020 wt% Ti addition, while
NbCoeoNo.2s is formed in the steel with N content higher than 0.0050 wt%. These
different compositions of the Nb precipitates may cause the different precipitation
kinetics in the austenite, that is, NbCy0No2s may precipitate more easily than NbCy gs.

All of these factors contribute to improve the hot ductility in Nb-bearing steels."’
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Figure 2.30. Effects of (A) N content and (B) Ti addition on the hot dﬁctility of Nb-
bearing steels."

Increasing the Nitrogen level increases the amount of Nb(C,N) and AIN precipitated.”! It
is expected, therefore, to have an adverse effect on the hot ductility and, indeed, an
increase in the tendency to form transverse cracks has been noted,”! Figure 2.30.
However, the level of N cannot be reduced very much since it is needed to provide grain

refining particles, such as AIN, in the finished product.

Vanadium steels seem to possess better hot ductilities than Nb steels.!"!’ This is due to V-

containing steels producing coarser precipitates than Nb and a greater volume fraction of
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precipitate is required to cause the ductility to deteriorate. Coarser precipitation has been
shown to both reduce transverse cracking and give improvements to the hot ductility.[”®
This arises because a coarser matrix precipitation decreases the stress concentration at the
boundaries, and because of the greater interparticle spacing that makes it less easy for

(1 1 the case of V+ND steels, the

cracks formed by grain bbundary shding to join up.
addition of Nb to V-containing steels would be expected to reduce the hot ductility. Not

only would there be precipitation from VN but there would be additional precipitation
from Nb(CN).[*%

Akben et al."'"! examined a 0.05 wt%C, 1.2 wt%Mn steel at the 0.035 wt%Nb and 0.15
wt%V levels with 0.006 wt%N. They showed that the kinetics of dynamic precipitation of
Nb and V are similar and fast, with the V steel in general showing the slower kinetics.
When present alone, the nose temperature was approximately 900°C for the Nb-
containing steel and slightly lower at 880°C for the V-containing steel. Nb precipitated
out more rapidly than V at temperatures above 880°C, Figure 2.31.
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Figure 2.31. Dynamic precipitation curves for Nb, V and combination of V and Nb steels.'"
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The production statistics for some steels clearly points to the beneficial effect of boron.®™

It is evident from Figure 2.32 that the plasticity is improved by minute B additions. This
may happen for the same reason as for Ti. B is also an effective nitrogen attracter and
actually the Ti content is not enough to tie but half of the present N. The rest could be tied
up in BN. However, this does not seem to be the only mechanism. There might be also a
similar mechanism as that considered for creep resistance austenitic stainless steel and
nickel base superalloys. A number of explanations have been offered over the years, such

581 1t g

as B atoms pinning vacancies thereby slowing down grain boundary self diffusion.
also well known that the addition of B to low carbon steels retards the formation of ferrite
along austenite grain boundaries by segregating to these boundaries. It is therefore
expected that the addition of B will change the microstructure at around 700 to 800°C

and, accordingly, the hot ductility.!"'?!
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Figure 2.32. Influence of boron on hot ductility.”®

It has been recently shown that B improves the hot ductility at low temperatures by

causing more uniform deformation from grain boundaries to grain interios.!'?

Nevertheless, the beneficial effect of B at high temperatures is still to be clarified.
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Zirconium and Yttrium, as nitride forming microalloying elements, have been also shown
to improve the hot ductility of Nb-containing steels at high temperatures.!"'”! By adding
these elements, nitride precipitation takes place at higher temperatures to yield
modification of morphology, composition and nucleation site of carbonitrides, which

improves high temperature ductility of the steel.

2.7. Influence of Deformation on Hot Ductility

As was already discussed, the surface of the steel is experiencing a rather complicated
thermomechanical process, both in the liquid and solid states, while it is being cast
continuously. This definitely interferes with other metallurgical phenomena taking place
in the steel during solidification and cooling. Nonetheless, the investigations done on the
effect of deformation on the hot ductility are limited. All of these investigations have
dealt with the effect of deformation during solidification of steel (references 15 and 114,
for instances). Even though, there is a limited number of investigations in which
deformation behavior of steel in the 8-ferrite region has been studied"*!**) none of them
had dealt with the hot ductility problem until Akhlaghi''?! associated this with the hot
ductility.

Akhlaghi'? studied the effect of deformation in the proximity of the melting temperature
on the hot ductility of Nb-containing and plain C-Mn steels. He noticed that applying
compressive strains in the proximity of the melting point improved the hot ductility
significantly in the Nb-containing steel, i.e. an improvement from 10%RA to 100%RA.
By contrast, it led to a decrease in the hot ductility in the C-Mn steel. Microstructural
observations showed that imposing such a deformation in the proximity of the melting
point in the Nb-containing steel, caused grain refinement and fewer carbonitride
precipitates present at the straightening temperature. These changes in the microstructure
were suggested to be responsible for improvement of the hot ductility at the straightening
point. It was also stated that imposing compression in the ‘liquid+solid’ region was partly
responsible for such an improvement since the compression helps close solidification

voids. However, there was only a 50% improvement when the deformation start
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temperature was decreased by 10°C, and no improvement when the deformation start
temperature was decreased by 30°C. Regardless of deformation start temperature, a
tensile strain imposed during solidification always appeared detrimental to the hot

ductility at the subsequent straightening stage.



CHAPTER 3

OBJECTIVES

Since the advent of the continuous casting process, the control of surface cracking has

been an important goal. This is related to hot ductility, and this has been a major research
activity. Much of this work has concentrated on two ways to ﬁlininljze crack
susceptibility; (i) controlling steel chemistry and (ii) controlling cooling rate. Even though
each of these categories has led to some sblutions, they are not always practical.
Alteration of chemistry can be at the expense of some desired mechanical properties.
Also, technological limitations and desires to maximize productivity constrain the strand
cooling rate. Hence, the general purpose of this work was to search for a solution to the
problem through thermomechanical processing. Two grades of microalloyed steel, i.e.
Nb-containing steel and Nb-containing steel modified with B were studied. Accordingly,

the main objectives of the present work were,

» To study the effect of thermal schedule undergone by the mid-surface of billet,
including in situ melting, on the evolution of hot ductility trough.

» To better understand the mechanisms under which the B addition to the Nb-containing

steel influences the hot ductility.

> To investigate the effect of deformation, tension and compression, during steel

solidification on the hot ductility at the straightening stage.
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» To study the effect of deformation, tension and compression, imposed within the 6-

ferrite region, during cooling after solidification, on the hot ductility.

» To examine and characterize the effect of deformation incorporated with the 8—y

transformation, as well as in the subsequent austenite phase, on the hot ductility.

» To introduce concepts to design thermomechanical processes that would alleviate or

prevent the hot ductility loss during the continuous casting process.



CHAPTER 4

EXPERIMENTAL PROCEDURE

In this chapter, the materials are first introduced and then the experiment apparatus for

hot deformation is illustrated. Finally, the thermomechanical processes and

characterization techniques are elaborated.

4.1. Expérimental Materials

A Nb-Ti microalloyed steel was chosen since it has a hot ductility problem. This grade of
steel was provided by IPSCO Inc, Muscatine, Iowa. Also, two boron steels with similar
amounts of Nb and Ti to those in the Nb-Ti steel were considered to study the effect of
boron on the hot ductility. The chemical compositions of these steels are shown in Table
4.1. As can be seen, the Nb-steel is low and the B-steels are ultra low carbon steels. The
main alloying elements in these compositions are C, Nb, Ti, Al, Mo and B. Mn is added
to scavenge S, and N is mainly used to from particles pinning grain boundaries and
dislocations. Cu is a residual element coming from scrap and Ni is added to alleviate the
harmful effect of Cu. Most of the others are residual elements coming from the scrap used

to make the steel.

These materials were in the form of continuously cast slab that had been hot rolled down
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Table 4.1. Chemical compositions of experimental steels (wt%).

Elements Nb-Ti steel | B-steel 1 | -B-steel 2
(Nb-steel) | (Bl-steel) | (B2-steel)
C 0.05 0.015 0.015
Mn 0.95 1.650 1.650
S 0.007 0.008 0.008
P 0.012 0.009 0.009
Si 0.14 0.230 0.230
Cu 0.33 <0.001 <0.001
Ni 0.12 < 0.003 <0.003
Cr 0.09 0.025 0.025
\Y% 0.012 0.002 0.002
Nb 0.035 0.050 0.050
Mo 0.03 <0.017 <0.017
Al 0.024 0.020 0.020
Ti 0.03 0.020 0.020
Sn 0.015 <0.001 <0.001
N 0.0092 48 ppm 50ppm
B - 20 ppm 43 ppm
Co 0.018 < 0.004 <0.004

to about 13 mm thick and 220 mm wide. Cylindrical specimens, with dimensions of 125

mm length and 9.5 mm diameter, were machined with the longitudinal direction in either

the rolling or the transverse direction. They were threaded at both ends in order to be able

to apply both tensile and compressive deformations to the same specimen, Figure 4.1.

t ® 9.5 mm

]

A

125 mm

|‘_.

15 mm
>

Figure 4.1. Specimen configuration.
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4.2. Hot Deformation Equipment

The deformation machine is a fully computerized Materials Testing Machine (MTS)
using a 25-kN load cell with adequate sensitivity. Displacement of the hydraulic actuator
was measured from the output of a linear variable differential transformer (LVDT) with a
total linear range of +100 mm. The position of the actuator was controlled by deformation
schedules made by Multipurpose Testware" ™ 2000 software. Figure 4.2 demonstrates the

hot deformation experimental setup.

Microprocessor

programmer
| ” !

Upper anvil > // Temperature

Quartz tube —___| | /; controller
i >
Specimen ——{ |

Pyrometer

Induction unit —II

Argon/Helium

A
At

[~~~ Lower anvil

Servo valve, LVDT, and
feedback control system

Figure 4.2. Experimental apparatus.
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For heating, an induction furnace was used. The induction unit uses microprocessor
controlled MOSFET transistors that are capable of producing the rapid switching and
high currents required to generate an electromagnetic field operating at frequencies of 50-
450 kHz. The water-cooled induction coil has four turns, 45 mm length, and 50 mm
inside diameter. The coil is made of a copper tube with 6 mm outside diameter.
Temperature on the mid-surface of specimen (center of the induction coil) is measured by
a Maxline™ dual infrared radiation wavelength detector. This temperature reader is
almost immune to error caused by undersized objects that do not fill the ﬁéld of view, as
well as bursts of steam, dust, etc. in the sight path. The specimen is installed and fixed
(screwed) at both ends to upper and lower anvils of the deformation machine. The upper
anvil is stationary and the position of the lower anvil is changeable to impose the devised
deformation. In order to provide a controlled atmosphere, the specimen is enclosed in a
quartz tube and a flow of argon containing 1% hydrogen is supplied inside the quartz
tube. The purpose of including hydrogen is to reduce any oxidized iron above ~900°C.
Also, helium is used to achieve high cooling rate where it is required. (Figure 4.2)

Thermal schedules, composed of different ramps of heating and cooling, are programmed
in a Leeds & Northrup™ microprocessor programmer. Controlling the specimen
temperature is left to the Maxline™ temperature controller connected to both the
induction system and the microprocessor programmer. The controller regulates a 4-20
mA DC signal to the induction unit by comparing the desired temperature and the

instantaneous temperature of specimen. (Figure 4.2)

After fixing the specimen into the MTS, the load is set to zero and the MTS is maintained
in load control mode throughout the thermal schedule, except when a strain is imposed by
displacement control. In this way, thermal expansions and contractions of the specimen
during heating and cooling are compensated for by displacement and the load on the
specimen is sustained at around zero. This continuous adjusting is essential because the
specimen upon melting cannot endure any compressive or tensile load. In other words, -
any significant deviation from zero load on the specimen causes the liquid to spill down.

Having the advantages of liquid surface tension and electromagnetic force, from the
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induction coil, it is possible to maintain the melted part of specimen in its place by
levitation for around 5-8 seconds before the solidification starts. In some cases, a short-
range movement of the melted steel was also observed in the gauge length. In all
experiments, specimens were heated up to 2-3°C below the temperature at which the
liquid was too fluid to be held. Therefore, determining the maximum heating temperature
necessitated sacrificing some specimens to ascertain that the material is also melted in the

center. This experimental setup enabled a melted gauge length of 15mm to be obtained.

4.3. Continuous Heating Tension and Continuous Cooling

Compression Experiments

These are two experiments developed to determine phase transformation temperatures by
hot deformation.!**'*!] In the continuous heating tension (CHT) experiment, the
specimen is heated up continudusly while being deformed in tension. During the
continuous cooling compression (CCC) experiment, using the information obtained from
CHT experiment, the specimen is first melted in situ and then deformed in compression

as it is cooled down.

In the CHT experiment, the specimen was first preheated up to 1200 or 1300°C and then,
after having homogenized the temperature for 3 minutes, it was heated at a rate of 1 or
2°C/s. Simultaneously, it was subjected to a tensile deformation with a rate of 7x10™ or

3x10” s until it fractured. Figure 4.3 shows this schedule.

In the CCC experiment, the specimen, after being melted, was cooled at a rate of 5 or
10°C/s and simultaneously deformed in compression at a rate of 3x10~ or 9x10™ s*. The
cooling and deformation rates were chosen according to the thermomechanical processes
to which the specimens were expected to be subjected when examining the hot ductility.

These processes will be explained later. The CCC schedule is shown in Figure 4.4.
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Figure 4.3. Schedule of CHT experiment. Figure 4.4. Schedule of CCC experiment.

With these experiments, it is possible to determine thermal boundaries between different
phases existing at very high temperatures, i.e. regions of liquid + solid, 8-ferrite, 85-ferrite

+ austenite, and austenite.

4.4, Thermal Schedules

It was pointed out in the second chapter that the thermal history can have a significant
effect on the hot ductility. Here, thermal schedules, which are typical of those of the mid-

face surface of a 10"x10" billet during continuous casting,!*"'*!

were generated using the
“Crack/Expert” commercial software developed by the University of British Columbia
and are shown in Figures 4.5 and 4.6. Such a thermal schedule was chosen for the B-

steels since it had appeared to have a detrimental effect on a Ti-B steel.!'!

These thermal schedules show that after melting, the temperature abruptly falls down to a
minimum temperature (~700°C), simulating the cooling effect of the mould on the surface
temperature of the billet. On exiting from the mould, the billet surface temperature
rebounds to a high temperature (1100 and 1200°C in Figure 4.5 and 4.6, respectively) due
to outward diffusion of heat from the core of billet to the surface. In the subsequent stage,

the temperature slightly decreases with time, due to water sprays and heat radiation at the
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Figure 4.5. Thermal schedule applied to the B-steels.""
1500 meltin
— 1300 -
Q
[0]
5 1100 A
il
2 900 T
=
K3} .
700 - Straightening
stage
500 4 l T
0 500 1000 , 1500

Time (s)
Figure 4.6. Thermal schedule applied to the Nb-steel.!'”

surface in the secondary cooling zone. At the last stage, the billet is straightened. The
specimens were subjected to these thermal schedules and, at the end, they were strained to
fracture at the time, temperature, and strain rate corresponding to the straightening

operation in the continuous casting process.

4.5. Thermomechanical Processes

Having the thermal boundaries of high temperature phases specified, it was possible to

limit the deformation within each region and study the effect of such deformation on the
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hot ductility. These boundaries are superimposed on the thermal schedule on the first
cooling stage in Figure 4.7.

A melting

017

Temvperature

S-ferrite + Justenite

(v-Fe)
Austenite
Thermal

Schedule “ ~

P Fe 0-05 (540 015 020 025 030 O"35 040 045 050 0550

Time Weight percentage carbon

Figure 4.7. Illustration of high temperature regions on the thermal schedule.

In order to study the effect of deformation in each of these regions, tension or
compression (pre-deformation) at a rate of 9x107 s was executed in the desired region,
while the thermal schedule was proceeding. Following these pre-deformations and at the
end of the thermal schedule, the hot ductility was evaluated by performing a tensile test at

1

a rate of 5x10” s, which is similar to that undergone by the billet surface in the

continuous casting process, Figure 4.8. In addition, two other strain rates, i.e. 3x10~ and

27x107 s, were used in the §—»y transformation region.

For instance, in order to study the effect of compression in the liquid+solid region, the
compression commences as soon as the solidification starts and finishes when the
solidification is completed. After completion of the compressive strain, the specimen is
unloaded within one second and there is no load on the specimen as the thermal schedule

proceeds toward the straightening stage, at which point the tensile test is performed.
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Figure 4.8. Schematic illustration of thermomechanical process and hot ductility
evaluation.

In some experiments, the pre-deformation started with solidification and went through
more than one region in order to study the effect of ‘multi-region’ on the hot ductility.
Moreover, it was deemed necessary to examine the effect of deformation imposed in
some other regions of the thermal schedule. These thermomechanical processes will be
illustrated in the next chapter. In order to examine grain size, failure mode, and
segregation, some specimens were quickly quenched at the straightening point, just

before the tensile test and just after the fracture.

Reduction in area after fracture, used to quantify the hot ductility, is calculated using the

following equation;

2 2

RA%=——’ID_2—ixIOO

i

where D; and Dy are initial and final diameters of specimen, respectively.



Chapter 4 Experimental Procedure 59

4.6. Characterization Techniques

4.6.1. Optical Microscopy

Specimens quenched before and after fracture at the straightening stage were cut
longitudinally and transversely. They were ground with SiC abrasive papérs and polished
with 3 and 1 um diamond suspension. In order to reveal prior austenite grain boundaries,
the B-steels were etched with 3% nital. However, this etchant did not work for the Nb-
steel. Two other etchants; Picral [4 gr picric acid in 96 ml ethanol which was containing 4
drops HCl and 3 drops Teepol at temperature 80°C] and Marshal’s reagent [50% solution
of "8 gr Oxalic acid + Sml H,So4 + 100 ml HO" and 50% of “30% H,0,"] were tried for
the Nb-steel, with the former appearing to be more effective in revealing prior austenite
grain boundaries. The best result was obtained when the Nb-steel specimens were etched
in ‘etchant #4’ [80 mL water + 28 mL 10% Aqueous Oxalic Acid in water + 4 mL 30%
 Hydrogen Peroxide]. Some specimens were also electro-polished in solution of 80%
acetic acid and 20% perchloric acid at 30 V and 3-4 Am for 90 seconds. A Nikon™
optical microscope associated with Clemex vision' ™ image analysis software was used to

perform the optical microscopy.

4.6.2. Electron Microscopy

The fracture surfaces, some of them cleaned ultrasonically in an ethanol bath, were
examined in a JEOL JSMER40A scanning electron microscope (SEM) operating at an
accelerating voltage of 15 kV. Microstructures were also examined in this microscope

and they were chemically microanalyzed by an EDAX x-ray analyzer.

A Hitachi S4700 cold Field Emission Gun Scanning Electron Microscope (FEGSEM)
was also used to examine very fine precipitates and fine microstructural characteristics.
The microscope can attain a resolution of 1.5 nm at 15 kV at a working distance of 3 mm.

At an accelerating voltage of 1 kV, a resolution of 2.5 nm can be reached. The
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microscope is equipped with two secondary electron detectors (below the lens and above

the lens detectors) and a Robinson backscattered electron detector.

The FEGSEM was operated at low and medium accelerating voltages, ranging from 1 to
10 kV, and in the magnetic mode to examine fine characteristics. Ferromagnetic
characteristic of steel makes the astigmatism correction very difficult while the upper
secondary electron detector is active. Hence, the microscope should be operated in the
magnetic mode to alleviate the astigmatism aberration. For the secondary electron
imaging, the upper detector was mostly used. However, for some specimens, especially
when there was a surface topography, the image was a result of the both upper and lower
detectors working simultaneously. The Robinson detector, which is utilized for
backscattered electron imaging at low accelerating voltages, was used when a
backscattered imaging was needed. For chemical analysis, the Oxford Instruments INCA

X-ray analysis system was employed in this microscope.

4.6.3. Atomic Characterization!?21%4
In order to investigate the distribution of atoms from the grain interior to the grain
boundary, a LEAP microscope was used. Since this microscope has been just developed,

it is necessary that its concept and advantages be explained briefly here.

The field ion microscope (FIM) was introduced in 1951 in which ionized gas particles
produce an image on a screen. In 1967, the imaging gas was removed and the atom probe
field ion microscope (APFIM) was invented. In this instrument, and, with the specimen
tip operating as an anode, the field is increased to the point where the atoms on the
surface are evaporated by the field. The tip is sharply pointed with a radius of curvature at
the apex of between 10 to 200 nm. A high voltage is applied between the tip and an image
screen leading to creation of a very high electric field at the surface of the tip.
Consequently, the surface atoms are ionized and accelerated to the imaging screen by the
applied field. In the APFIM, the flight times of ions from the specimen to the image

screen are used to identify the ions. The identity of each atom is determined based on the
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time it takes the atom to travel from the specimen to the detector. Because all the different
types of atoms in the specimen have the same kinetic energy when they leave the
specimen, the elements of low mass travel faster than the heavier elements and reach the

detector first (the typical velocity of these atoms is approximately 300 miles per second).

In the conventional APFIM, an aperture with a virtual size of 0.2-10 nm is placed in the
image screen to allow the ions from a specific location on the tip to pass through into a
time-of-flight mass spectrometer. Because the identification of elements is based on time-
of-flight, all isotopes are detected, and there are no mass limitations either at high or low
masses. However, the virtual image is typically only a few atom diameters wide at the
detector plane, and no positional information about the ions is recorded. Thus, data from
this conventional instrument is inherently one dimensional. Unfortunately, the data
collection method makes inefficient use of the sample since most of the specimen atoms

that are evaporated are never analyzed.

The imaging atom probe and the wide angle atom probe are early types of three-
dimensional atom probes (3DAP) which were developed m response to such limitations.
The 3DAP can, in principal, determine the identity and original location of every atom
which hits the image screen. It has the ability to measure both the time-of-flight of a
given ion in the wide angle image plane and the arrival position on that plane. In this way,
both the position and identity of the atoms on the surface of the tip are determined. A

schematic drawing of such an instrument is shown in Figure 4.9.

However, there are some limitations concerning the 3DAP. Conventional voltage pulsing
in 3DAP creates a problem with mass resolution. There has been no previously
demonstrated approachb that achieves high mass resolution in a 3DAP without unduly
sacrificing image size. Another limitation of atom probes is the preparation of samples
into the required geometrical form. Making a sample with the desired orientation from a
multilayer sample or from a semiconductor wafer can be quite complicated and often may

be impossible.
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Figure 4.9. The Oak Ridge National Laboratory three-dimensional atom probe (3DAP).

In order to address these drawbacks of 3DAP, the concept of a local electrode atom probe
(LEAP) was introduced in the early 1990’s. This invention is capable of rapidly pulsed
field evaporation or desorption of ions from a tip utilizing a local-extraction electrode
positioned closely adjacent to the tip. The bias potential between the tip and the local-
extraction electrode is relatively low with evaporation taking place by applying relatively
low over-voltage pulses between the tip and the local-extraction electrode to obtain field
evaporation of ions without substantially accelerating the ions. The first commercial
LEAP atom probe microscope was launched by Imago Scientific Instrument Corporation
in the 2003 Microscopy & Microanalysis Conference. This microscope analyzes materials
atom by atom and produces detailed imaging and analysis in three dimensions. Its
principal advantages relative to the conventional 3DAP are 1) ease and rapidity of
specimen preparation (begun with microtip specimens), 2) large solid aﬁgle of collection
with good mass resolution, and 3) high data collection rates (500 atoms per second).

Figure 4.10 shows this microscope.
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Figure 4.10. 2002 Imago Scientific Instrument Corp’s LEAP microscope.

Since one of the objectives in this work is to study the effect of B on the hot ductility, two
B2-steel specimens after being subjected to the thermal schedule were quenched at the
straightening stage, one just before the tensile test and the other after the fracture. After
removing about a 2 mm decarburized layer from the surface, both specimens were
longitudinally cut with a diamond blade into slender pieces of 1x1 mm cross section and
about 10 mm height. In order to make needles from these slim specimens, they were first
ground using 600 grit SiC abrasive paper and then electropolished in a solution of 50 ml
perchloric acid + 750 ml ethanol + 140 ml water for about 1 minutes at 20 V. In this way,
about 20 sharp pointed specimens were prepared for the LEAP microscopy, Figure 4.1 1.
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Figure 4.11. Specimens prepared for the LEAP microscopy. (B2-steel)
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CHAPTER 5

RESULTS

In this chapter, the results of CHT and CCC experiments are first presented. Then, the

results of the hot ductility assessment and the microstructure characterizations follow.

5.1. CHT and CCC Experiments

The true stress versus true strain diagrams during the CHT experiment are plotted in
Figure 5.1 for both the Nb-steel and the B-steel (the results of CHT and CCC experiments
for the B-steel are attributed to the Bl-steel that are similar to those of the B2-steel).
Having known the instantaneous deformation time and the heating rate, the temperature
corresponding to each intended stress/strain value can be determined. There are three
main drops of stress. The material is strain hardened and the strain is accumulated as the
deformation proceeds, leading to dynamic recrystallization in the austenite starting at ‘a’.
This is followed by the dynamic transformation of austenite to &-ferrite that starts at ‘c’,
where there is an abrupt drop in the strength of the material. The last drop, indicated by
‘d’, occurs due to S-ferrite grain boundary melting, leading to zero strength of the
material. This, so-called incipient mélting temperature, is also identified as the non-
equilibrium solidus temperature on heating. There are also some intermediate drops, i.e. b
and b’, that are attributed to more dynamic recrystallization processes following the first

120
one.[ ]
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Figure 5.1. CHT experiment. The tensile deformation was started at 1100 and 1200°C
for the Nb-steel and the B1-steel, respectively. (£€=3x10"s"and T = 2 °C/s)

However, only one significant strength change was detected in the CCC experiment,

Figure 5.2. As can be seen, both steels demonstrate a stronger behavior after a sudden

change in the strength. This change in the mechanical behavior cannot be explained solely

by the temperature decrease. There is a major structural change leading to this sudden

load augmentation, which can be attributed to the 8—»y transformation.
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Figure 5.2. CCC experiment. The deformation was incorporated with cooling

after melting. (£=3x10"s"and T = 10°C/s)
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Also, by judiciously choosing the right values for the strain rate and cooling rate, the
solidus temperature on cooling can be traced, as shown in Figure 5.3, where the strength
of the material suddenly increases. The strain rate was chosen according to the cooling
rate and thermal contraction of the material. Furthermore, the specimen shouldn’t bulge
out along the gauge length during compression in the two-phase region of solid+liquid as

this can influence the slope of the load change and lead to erroneous results.

-30

Force (N)

20 L —_
1460 1450 1440 1430 1420 1410
Temperature(°C)

Figure 5.3. CCC experiment. &= 9x10° s and 7= 5°C/s. The arrow
indicates the non-equilibrium solidus temperature on cooling. (B1-steel)

The results of the CHT and CCC experiments are summarized in Table 5.1. As can be
seen, the solidus temperatures seem lower than expected. This is attributed to the
pyrometer calibration that has to encompass a wide range of temperature, i.e. from 700 to
1500°C, and it is impossible to achieve accuracy for the entirety of this range, especially
with the presence of the quartz tube that becomes translucent at temperatures above
1350°C. Thus, the actual specimen temperature at very high temperatures was higher than
indicated by the pyrometer. Nevertheless, this would not cause any problem for the
experiment end result since the main aim was to ensure that the intended deformation was
applied within the intended region. For instance, if the deformation is expected to go |
through the transformation region, there must be a sudden increase in the strength similar

to Figure 5.2. Also, if deformation is intended to be limited in the liquid+solid region, the
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Table 5.1. Results of CHT and CCC experiments.

Material Incipient melting solidus 5>y
temperature (C) | temperature (C) | start temperature

Nb-steel 1440 1430* 1360

B1-steel 1430 1425 1350

* It is an approximation as it was not determined in CCC experiments.

resultant load-displacement curve must look like Figure 5.3. In other words, where the
effect of deformation is to be studied, every hot ductility test result is accompanied with a
preceding result that verifies if the deformation has been executed as it had been planned.
In order to ensure melting, specimens were heated up to a temperature that was 2~3
degrees below that at which the melted steel was too fluid to be held in situ. Figure 5.4

shows some of the specimens that were sacrificed to determine this temperature.

Figure 5.4. Some typical specimens used to determine the maximum
temperature at which the melted steel can be held in situ.

Another point that can be seen in Table 5.1 is the lower melting temperature for the B1-
steel than for the Nb-steel, which was not expected, since a lower carbon content
corresponds to a higher melting temperature. This discrepancy may be ascribed to the
higher Si and Mn contents in the B1-steel. Nevertheless, the relative temperature of the -
ferrite to austenite transformation is consistent with what the Fe-C phase diagram

predicts, i.e. 1t is lower in the B1-steel than in the Nb-steel.
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5.2. Hot Ductility Experiments

5.2.1. Effect of Thermal Schedule

Before incorporating deformation with the thermal schedules, it was necessary to study
the effect of the thermal schedules alone on the hot ductilities of the intended steels.
Stress-strain behaviors of the three steels, after being subjected to their respective thermal
schedules, are plotted in Figure 5.5. All three steels basically display ‘a similar work
hardening rate. However, both the Bl-steel and B2-steel show higher toughness and
elongation before fracture than the Nb-steel. In order to determine the effect of melting on
the hot ductility, two specimens of the Nb-steel, one with melting and the other without
melting, were subjected to the same thermal schedule, Figure 5.6. As can be seen, melting
resulted in a significant loss of elongation. This readily confirms the importance of in situ
melting in order to generate hot ductility results that are relevant to continuous casting.
Also, in Figure 5.6, the tensile behavior of the Nb-steel heated up to 1400°C (no melting)
and deformed during cooling from 1400°C is shown for comparison. The graphs clearly
show that the main effect of the deformation is an increase in the ultimate tensile strength.
In conclusion, the highest toughness, i.e. integrating the stress strain curve, is attained in
the specimen that was not melted and was subjected to deformation while being cooled
from the highest temperature. This also shows that an improvement in mechanical
properties due to very high temperature compression is not necessarily related to closing

of casting defects, since specimen III (Fig. 5.6) was not melted.

Figure 5.7 shows the effect of the straightening temperature on the tensile characteristics
of the B2-steel and the Nb-steel. As expected, the strength of these materials decreases
and the elongation increases by increasing the test temperature up to 1100 and 1200°C in
the B2-steel and the Nb-steel, respectively. Nonetheless, even though the strength follows
a similar trend as the temperature rises to 1100 and 1200°C, the elongation is reduced
remarkably. As well, it can be seen that, after the peak stress, fracture occurs more

gradually at higher temperatures. In contrast to the B2-steel, in the Nb-steel at test
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Figure 5.5. Tensile tests at the straightening stage on the specimens
subjected to the thermal schedules alone.
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Figure 5.6. Tensile tests at the straightening stage on the Nb-steel specimens undergone
the thermal schedule alone and the thermal schedule with pre-deformation as specified.
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temperatures of 900 and 1020°C the stress drops in two ‘stages’ before the final drop that
is due to the fracture, Figure 5.7(b). The first drop, indicated by an arrow, may be due to
dynamic recrystallization, but this hypothesis needs to be supported by microstructural

observations.
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Figure 5.7. Effect of straightening temperature on tensile behavior of
specimens subjected to the thermal schedules alone. (a): B2-steel. (b): Nb-steel.

5.2.2. Effect of Pre-Deformation Associated with Thermal Schedule

After studying the effect of thermal schedules on the hot ductility, different schedules of
deformation (termed pre-compression or pre-tension) were incorporated with the thermal
schedules. The subsequent effect of these thermomechanical schedules on the mechanical
behavior of the steel, specifically the hot ductility, was investigated by performing tensile

tests to fracture at the straightening stage.
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It was found that if pre-deformation, either compression or tension, was applied during
solidification, i.e. in the liquid+solid region, over the thermal schedule, the elongation to
fracture was diminished. Pre-tensile deformation gave the more detrimental result by far,
Figure 5.8. However, pre-deformation in solid phases does not influence the tensile
characteristics significantly in the B1 and B2 steels, comparing Figures 5.9 and 5.5. In
Figure 5.9, the lower elongation and peak stress in the specimen that was subjected to
pre-tension in the §-ferrite region can be attributed to a somewhat smaller cross sectional
area at the straightening stage (the original diameter was considered in all calculations for
true stress and strain) and possible defects created during the pre-tension. As for the
specimens that experienced pre-compression in the 8-ferrite and 85—y transformation

regions, the strain to fracture was the same as that of the specimen subjected solely to the |

thermal schedule.

60
n“f Pre-compression in
?, liquid+solid
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o Pre-tensionin
o liquid+solid
S 20
|_
0 . , ,
0 0.1 0.2 03 0.4
True Strain

Figure 5.8. Tensile tests at the straightening stage on specimens subjected
to pre-compression and pre-tension in the ‘liquid+solid’ region. (B1-steel)

In the Nb-steel, pre-deformation was designed such that it crossed the thermal boundary
between the three regions specified in Figure 4.7. Figure 5.10 shows the effect of
different pre-deformation schedules superimposed on the thermal schedule during
solidification and cooling. Curves II and III are fairly identical with the exception that

curve III has extended to higher elongation. Curve I displays lower strength and
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Figure 5.9. Tensile tests at the straightening stage on specimens subjected to pre-
compression and pre-tension in 8-ferrite and 8—»y transition regions. (B1-steel)
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Figure 5.10. Effect of pre-compression incorporated with the thermal schedule on tensile
characteristics of the Nb-steel. All specified pre-deformations initiated with the
solidification stage.

elongation to fracture. Comparing the pre-deformation schedules, it appears that
increasing the pre-deformation strain in the solid phase increases the mechanical

properties.

The effect of pre-deformation start temperature in the solid phases is shown in Figure

5.11. Figure 5.11(a) describes the different pre-deformation schedules in terms of the pre-
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compression flow behavior. As can be seen by the abrupt change in flow stress, in all
three pre-deformation schedules the deformation began in the J-ferrite region and
continued into the 6—»y transition region. However, the extent of intrusion into the
transformation region and the following austenite region is different in each schedule. It
can be obviously seen that the 4% pre-compression initiated at 1385°C encompassed the
whole region of transformation, i.e. started in the -ferrite region and continued well into
the austenite region. All the specimens were quickly unloaded as soon as the intended
amount of deformation was attained. It seems that these pre-deformation schedules barely
influenced the Bl-steel tensile characteristics at the straightening stage, when compared

to the effect of the thermal schedule alone, Figure 5.11(b).

-16 :
I T,= 1385 °C £=0009s" (@
—-12 }
g 1L T,= 1400 °C
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0 L L L .>
-0.01 -0.03 -0.05 -0.07 -0.09 -0.11
True Strain

(b)

True Stress (MPa)

O T T T

0 0.1 0.2 03 04 05 06 07
True Strain

T T

Figure 5.11. (a) Schedules of pre-deformation started at different temperatures (T;) over
the thermal schedule. (b) Stress-strain curves at the straightening stage. I, II, and III
correspond with their respective specimens in (a). TS: Thermal Schedule alone. (B1-steel)
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Pre-deformation appeared to be more influential when it was applied to the Nb-steel, as
can be seen in Figure 5.12. The pre-compression characteristics are illustrated in Figure
5.12(a). The first specimen, designated by I, was deformed only in the d-ferrite region
without crossing the 8—y transformation region. The pre-compression of the next three
specimens began at the same temperature as for the specimen I but it went through the
d—7 transformation region and continued to different extents in the austenite region.
Multiple slope changes show that the deformation and the transformation coincided. The
last specimen, V, was deformed when the transformation was completed, specifically; it
was deformed in the singl_e-phase'austenite region. As Figure 5.12(b) demonstrates, pre-
compression in the &-ferrite region is deleterious to the mechanical properties but
beneficial if applied during the transformation and in the high temperature austenite
region, as compared with the effect of the thermal schedule alone. The tensile test results
obtained for the specimens which had undergone the pre-compression schedules III and

IV in Figure 5.12(a) are similar to those of the specimen that was subjected to the pre-

compression schedule II.
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Figure 5.12. (a) Pre-compression started before (I, II, III, IV) and after (V) the §—y
transformation. (b) Tensile tests, at the straightening stage, corresponding to the pre-
deformation schedules in (a). TS: Thermal Schedule alone. (Nb-steel)
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Figure 5.12, continued.

After studying the effect of pre-deformation amount, the effect of deformation rate in the
vicinity of the transformation region was also examined. Figure 5.13(a) illustrates three
pre-deformation schedules designed for this purpose. The amount of pre-deformation in
these schedules was devised such that no perceivable bulging would occur within the
gauge length during pre-compression. A strain of 0.15 was chosen for the strain rate of
0.027 s to ensure that the deformation would continue into the transformation region. As
can be seen in Figure 5.13(a), all three schedules were initiated in the §-ferrite region and
encompassed some or the entire region in which the —y transition takes place. For the
strain rate -of 0.027 s, the pre-compression terminated before completion of the
transformation whereas, for the strain rate of 0.003 s, it carried on well beyond the
transformation finish temperature. Figure 5.13(b) shows that the pre-compression II has
led to the greatest elongation but the highest strength was achieved by the pre-

compression L

In addition to the single stage pre-deformation, alternate pre-deformation schedules were
also studied in the Nb-steel. These schedules are shown in Figure 5.14. As illustrated in

Figure 5.14(a), the specimens were subjected to a pre-compression (g = 0.1, & = 3x10”

s') during the 8—»y transformation. Then, a cyclic pre-deformation schedule, i.e. alternate
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Figure 5.13. (a) Pre-compression during the &—y transformation and, (b)
corresponding tensile behavior at the straightening stage. Specimens I, II and III in
(b) correspond with their respective specimens in (a). (Nb-steel)

pre-compression and pre-tension, was executed while the specimen was going through the
last segment of the thermal schedule. Two identical cyclic deformation schedules, but
performed at two different temperatures, i.e. schedules A and B in Figure 5.14(a), were
separately applied to two specimens which had been subjected to pre-compression during
the transformation. Note that the cyclic deformation was applied while the temperature
was decreasing. The deformation was imposed alternately in order to prevent changing
the specimen diameter while the strain is being accumulated during pre-tension or pre-

compression. Finally, the hot ductility was evaluated, as before, at the straightening stage
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Figure 5.14. (a) Schematic illustration of cyclic deformation, following the pre-compression
during the 38—y transformation. (b) and (c): cyclic stress-strain curves of deformation
schedules designated as A and B, respectively, in (a). The deformation schedules A and B were
separately applied to two different specimens. (d) Tensile tests, at the straightening stage,
corresponding with the cyclic deformation schedules in (a). (Nb-steel)
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Figure 5.14, continued.

of the thermal schedule. The stress-strain curves obtained during the hot ductility test are
plotted in Figure 5.14(d) and are almost similar to that of the specimen subjected solely to
a pre-compression of ¢ = 3x10” s during the transformation, the specimen III in Figure
5.13(a). However, the cyclic schedule B led to a slightly higher elongation before the
fracture. Both Figures 5.14(b) and (c) display very slow work hardening rate, implying

that the softening mechanisms were also underway.

5.2.3. Hot Ductility Evaluation

The results of the reduction in area measurements are summarized in Tables 5.2 for
specimens pre-deformed in the vicinity of the ‘liquid+solid’ region. As can be seen,
compared with the effect of the thermal schedule alone, pre-deformation during
solidification is very detrimental to the hot ductility in both the Nb-steel and the B1-steel.
The B2-steel reacted to pre-deformation in a sumlar way as the Bl-steel did. The effect of
pre-tension appears to be worse than pre-compression. Generally, the result shows that as
long as there is a pre-deformation during solidification, the hot ductility is markedly
deteriorated at the straightening stage. However, specimens in which the pre-deformation
continued in the solid phase after accompanying solidification display better ductilities
than the specimen subjected to the pre-deformation limited within the ‘liquid+solid’
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region (Figure 5.10). As well, it seems that the more pre-deformation imposed within the
solidification region, the worse the hot ductility at the straightening stage (8% versus 12%
RA). |

Table 5.2. Hot ductility of specimens pre-deformed in

the vicinity of the ‘liquid+solid’ region.

Pre-deformation Pre-deformation
tart t t " o
sta ex:npera ure Schedule * RA%
4®)
No pre-deformation | No pre-deformation 60 (B1-steel)
(Figure 5.5) (Figure 5.5) 15 (Nb-steel)
1490 (Bl-steel) | €=0.05 (tension) 4
(Figure 5.8) £=0.009s"
1490 (B1-steel) £=10.05 L o
(Figure 5.8) £=0.009s
1481 (Nb-steel) €= 0.05 . 0
(Figure 5.10) £=0.009s
1481 (Nb-steel) e=0:.1 L o
(Figure 5.10) £=0.009 s
e=0.1
1462 (Nb-steel) & =0.009 s 8
e=0.1
1440 (Nb-steel) | & — .009 5! 9
1481 (Nb-steel) €= 0.1 | 0
(Figure 5.10) £€=0.003 s

* All pre-deformation schedules are compressive unless
otherwise specified.

The effect of melting on the hot ductility is shown in Table 5.3. Both Figure 5.6 and the
fesults of the RA measurements show that, in contrast to the re-melted specimen, the
specimen that was re-heated even to a very high temperature and close to the melting
temperatufe, but was not melted, is fully ductile. Also, no deleterious effect of

deformation was found in the specimen that was not melted.

Table 5.3. Hot ductility of the specimens presented

in Figure 5.6.
Specimen 1 IT 111
RA % 15 100 100
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The hot ductility trough is plotted in Figure 5.15 for the specimens whose stress-strain
curves are presented in Figure 5.7. Also, for the sake of comparison, the results of Kim et
al™? on a Nb-steel containing boron reheated to 1350°C and cooled to different test
temperatures are shown. The reason why the B2-steel generally demonstrates lower hot
ductility than Kim ef al.’s can be attributed to the effect of re-melting. However,' it
principally exhibits higher hot ductility than the Nb-steel. The hot ductility of the Nb-steel
is much lower and it is maintained until the temperature rises to 1100°C. There are certain
temperatures for both steels above which the hot ductility starts decreasing significantly.
This thermal regime, as shown in Figure 5.15, starts from 1100 and 1200°C for thé B2-
steel and the Nb-steel, respectively. The dotted segment of fhe Nb-steel trough curve has
not been obtained experimentally in this work because the specimens tested at 700°C
necked and fractured outside the gauge length, i.e. in the re-heated region instead of the
re-melted region. A typical specimen tested at this temperature is shown in Figure 5.16.
Nevertheless, the dotted segment resembles the general trend of the hot ductility curve at

temperatures lower than 800°C in re-heated specimens.™

100
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Figure 5.15. Hot ductility troughs of the B2-steel and the Nb-steel corresponding with the
specimens shown in Figure 5.7. The results of reference 112 are also presented for
comparison.

~ Figure 5.16. A Nb-steel specimen tested at the straightening stage at 700°C. Necking
has not occurred within the gauge length (re-melted region).
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In contrast to pre-deformation in the ‘liquid+solid’ region, pre-deformation in the solid
phases appeared to be either beneficial or detrimental depending on the region of
execution. As Table 5.4 shows, in general, applying pre-deformation in the &-ferrite
region and the transformation region alters the hot ductility within a narrow range in the
Bl-steel. This range is much wider in the Nb-steel whose hot ductility is much lower than
those of the Bl and B2 steels, Figure 5.5. Compared to the effects of the thermal
schedules alone, Table 5.4 displays that applying pre-deformation in the 8-ferrite region is
harmful to the hot ductility, but it is beneficial when it goes through the §—y
transformation region. In this respect, the relative amount of pre-deformation experienced
by &-ferrite and the transformation region dictates the hot ductility at the straightening
stage. Pre-deformation in the austenite region, specimen V in Figure 5.12, shows also
some beneficial effect. Nevertheless, the best result was obtamed when the pre-
deformation went through the transformation region, continuing ‘sufficiently’ in the
austenite region, comparing specimens IV and III in Figures 5.12 and 5.13, respectively.
In other words, the contributions to the hot ductility improvement of the pre-deformation
in both the transformation and austenite regions must be considered to optimize the hot
ductility at the straightening stage. This can be more clearly understood by comparing the
RA% values of 28, 23, and 41 in Table 5.4. Furthermore, it was found that there was an
optimum combination of strain and strain rate at which the highest hot ductility could be
achieved, Table 5.4. As well, it appeared that applying the cyclic deformation preceded
by the pre-compression during the transformation did not change the situation from that
resulted by the pre-compression alone. This can be perceived by comparing the last three
values for RA in Table 5.4.

The destructive effect of pre-deformation during solidification was confirmed when the
effect of pre-deformation from the ‘liquid+solid’ region down to the austenite region on
the hot ductility was followed. Figure 5.17 shows the effect of the temperature at which
pre-compression initiated over the thermal schedule. The graphs indicate that both pre-

deformation start temperature and pre-deformation rate have influenced the hot ductility.
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Table 5.4. Hot ductility of specimens deformed in the solid
and the vicinity of the transformation regions.

Deformation True | True strain
region/schedule strain | rate (s7) RA%
B1-steel
Tension in delta-ferrite 0.05 0.009 58
Fig. 5.11(b) (specimen I) 0.05 0.009 66
‘Fig. 5.11(b) (specimen II) 0.055 0.009 56
Fig. 5.11(b) (specimen IIT) 0.1 0.009 64
Nb-steel
Fig. 5.12(b) (specimen I) 0.02 0.003 13
Fig. 5.12(b) (specimen II) 0.04 0.003 27
Fig. 5.12(b) (specimen IIT) 0.06 0.003 27
Fig. 5.12(b) (specimen V) 0.08 0.003 28
Fig, 5.12(b) (specimen V) | 0.1 |  0.003 23
Fig. 5.13(b) (specimen I) 0.15 0.027 42
Fig. 5.13(b) (specimen II) 0.1 0.009 53
Fig. 5.13(b) (specimen IIT) 0.1 0.003 41
Specimen of Fig, 5.14(b) fyi;c 0.003 40
Specimen of Fig. 5.14c) | 17 | 0.003 40
cyclic

The RA corresponding with the effect of the thermal schedule alone is also shown for
comparison. As can be seen, the high pre-compression rate, if applied during
solidification, is detrimental to the hot ductility and the severity of this effect depends on
the amount of pre-compression imposed in the ‘liquid+solid’ region, i.e. the more pre-

compression, the more intense the effect. On the contrary, when the pre-compression start
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temperature decreases below the solidus temperature, it seems that the higher pre-

‘deformation rate is more beneficial.
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Figure 5.17. Effect of pre-compression start temperature on RA. All specimens were
subjected to €=0.1 pre-compression associated with the thermal schedule. (Nb-steel)

5.3. Fractography and Microstructure

5.3.1. CHT Experiment

The fracture surface of a specimen subjected to the CHT experiment is shown in Fig.

5.18. The dendritic structure suggests that the specimen was partially melted at the &-

ferrite grain boundaries, toward the grain interiors. Therefore, the strength of the material

dropped to almost zero since there was no resistance to the tension from the melting

material. This corresponds with the incipient melting point in Figure 5.1. A few degrees

below the incipient melting temperature, when the specimen was cooled, the liquid

solidified into a dendritic structure. The fracture surface obtained for the Nb-steel at its

incipient melting temperature revealed a similar structure.
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Figure 5.18. Dendritic structure of the Bl-steel fractured at the incipient melting
temperature in the CHT experiment.

5.3.2. Effect of Thermal Schedule

Figure 5.19 demonstrates fracture aspects of the B1-steel that was subjected to its thermal
schedule alone. Figure 5.19(a) suggests that the fracture was primarily the result of a
ductile failure, with some brittle characteristics. The brittleness is basically characterized
with intergranular‘ facets such as those specified by the circles in Figure 5.19(b). As can
be seen, there is a considerable amount of plastic flow associated with the final fracture
that is characteristic of ductility. There are also some voids and cavities at grain
interfaces, Figure 5.19(c). These regions are associated with plastic deformation.
However, no precipitates or inclusions were located inside the voids. Grain surfaces,
where the intergranular mode is the dominant mechanism of fracture, show a fibrous
structure when observed in the high resolution scanning electron microscope (FEGSEM),
Figure 5.19(d). EDS analysis of these fibers revealed only signals of iron, carbon, and
-oxygen. The oxygen signal could have appeared because of high temperature oxidation
after fracture. As can be seen in Figure 5.19(d), the fibers have a thickness of ~300 nm

and they cover almost 40~70% of the grain surface in different areas.
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Figure 5.19. Fracture surfaces of the Bl-steel subjected to the thermal schedule alone and
fractured at the straightening stage. (Corresponding with Figure 5.5)

(a): Overall observation. ,
(b) and (c): Higher magnifications of (a). Circles in (b) specify grain surfaces.
(d): Grain surface observed in FEGSEM.

Examination of the microstructure quenched immediately after fracture shows that the
fracture was associated with grain boundary microcracking, as depicted in Figure 5.20(a).
The matrix is basically bainite with some martensite islands. The microcracks have joined

up in some places and made macrocracks or cavities at grain boundaries, Figure 5.20(b).
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(@ (b)

(©) (d

Figure 5.20. Longitudinal microstructures of the Bl-steel, which was subjected to the thermal
schedule alone, quenched after fracture at the straightening stage (at 1000°C). All etched with
etchant #4.

(a): Overall observation.
(b): Higher magnification of (a).
(c) and (d): Regions far from and near the fracture surface, respectively.

The important point regarding this microstructure is that the grain size is larger in regions
far from the fracture edges, but still within the gauge length, comparing Figures 5.20(c)
and (d). The grain size varies from 10 to 150 um near the fracture surface whereas it is
larger than 400 um at greater distances from the fracture edges. Obviously, the former

grain size is too small to be a characteristic of the as cast microstructure.
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Fractography of the Nb-steel, presénted in Figure 5.21, generally displays similar features
to those of the Bl-steel. Nevertheless, the intergranular separation is more prominent in
the Nb-steel. Moreover, the frequency of microvoids associated with the fracture is much
lower than that observed in the Bl-steel, as can be deduced from the microstructure
shown in Figure 5.22. This may imply that the microvoids linked up together more
readily in the Nb-steel. Figure 5.22(a) also illustrates that the grain boundary microcracks
are larger. In fact, no microcracks of the type observed in the Bl-steel, were observed in
this steel. Instead, grain boundaries neér the fracture edges are basically decorated with
cavities. Comparing Figures 5.20(a) and 5.22(a), it appears that cracks have formed
parallel to the tensile direction in the Bl-steel whereas they are normal to the tensile

direction in the Nb-steel. The matrix has a general microstructure similar to that of the

Bl-steel and some grains were elongated under the tension contributing to the ductility,
Figure 5.22(b).

(b)

Figure 5.21. Fracture surfaces of the Nb-steel subjected to the thermal schedule alone and
fractured at the straightening stage. (Corresponding to Figure 5.5)

(a): Overall observation.
(b): Higher magnification of (a).

Examination in the FEGSEM revealed that the particles and compounds such as MnS and

FeSi formed at grain boundaries had contributed to the cavity nucleation at grain
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Figure 5.22. Longitudinal microstructures of the Nb-steel that underwent the thermal schedule
alone and fractured at the straightening stage (at 1020°C). The specimen was quenched
immediately after fracture.

(a): Overall microstructure, etched with picral.

(b): Higher magnification of (a).

(c) and (d): Electro-polished microstructures.

(e) and (f): EDS analyses of particles, inside the void and adjacent to the grain boundary, shown
in (c) and (d), respectively.
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boundaries, Figures 5.22(c) and (e). In addition, NbCN was detected near the grain
boundary crack as shown in Figures 5.22(d) and (f). This type of precipitate is usually the
origin for void nucleation at a grain boundary. However, it doesn’t seem to have
contributed to the cracking in this case since it is not inside a void. Other signals
identified in the spectrum either have come from the matrix or are elements constituting
the compound on which NbCN might have nucleated. In contrast to the B1-steel, there is

no variation in the grain size from the fracture edges into the specimen.

Grain boundary separation is much more conspicuous in the specimen fractured at higher
temperature, Figures 5.23. Much less plastic deformation occurred at this temperature.
Instead, it appears that grain boundary fusion resulted in early fracture before the material
tolerated any significant plastic deformation, leading to a significant loss of ductility. The

dendritic structure on the grain surface shown in Figure 5.23(b) confirms this hypothesis.

Figure 5.23. Fracture surfaces of the B2-steel subjected to the thermal schedule alone and
fractured at the straightening stage at 1100°C. (Corresponding with Figure 5.15) (b) is a typical
grain surface shown in (a).

The B2-steel microstructures quenched after fracture at different temperatures are shown
in Figure 5.24. Generally, grain boundary voiding and void linkage can be considered as

the mechanism of failure. Figure 5.24(a) illustrates that the thin layer of ferrite at a grain
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boundary has contributed to the void nucleation at grain boundaries. However, it was
found that not all grain boundaries containing voids were decorated with ferrite. At a
higher temperature, austenite grains were more elongated toward the tensile direction,
Figures 5.24(b) and (c). As well, it can be seen that voids have formed mainly at grain
boundaries, as well as in grain interiors. The conditions were unsuitable for ferrite to form
at grain boundaries at these temperatures. As Figure 5.24(d) displays, at 1100°C, grain
boundaries were so weak that deformation resulted in grain boundary decohesion before
grains experienced any considerable deformation and they preserved their as cast

equiaxed shape.

(b)

(d)

Figure 5.24. Longitudinal ‘microstructures of the B2-steel specimens whose ductilities are
presented in Figure 5.15. All quenched immediately after fracture at the straightening stage at
(a) 700 °C, (b) 800 °C, (c) 900 °C, and (d) 1100°C. (a) was etched with nital and the others with
etchant #4.
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There is a similar situation for the Nb-steel. The dendritic structure revealed in Figure
5.25 implies that, once again, grain boundary fusion was the reason for the ductility drop
at 1200°C.

SE1 150KV 5

(a) (b)
Figure 5.25. Fracture surfaces of the Nb-steel subjected to the thermal schedule alone and
fractured at the straightening stage at 1200°C. (Corresponding with Figure 5.15).

Figure 5.26 shows microstructures of the Nb-steel specimens presented in Figure 5.15. At
700°C, the microstructure was composed of austenite and grain boundary ferrite, as
demonstrated in Figure 5.26(a) and (b). The difference in ferrite volume fraction (white
areas) is due to the temperature variation from the gauge length (the highest temperature
zone) to the region outside the gauge length that was at a lower temperature. As Figure
5.16 shows, necking has occurred in the latter region that had higher volume fraction of
ferrite. Both specimens fractured at 800 and 900°C display large grains and grain
boundary decohesion associated with the fracture. However, when the experimental
temperature rose to 1100°C, fracture was accompanied with austenite grain refinement,
Figure 5.26(e). Further rise of temperature, Figure 5.26(f), changed the aspect of grain
boundary cracks, i.e. having rounded edges and corners instead of sharp ones, and this
can be taken as evidence.for the initiation of grain boundary fusion, as supported by
Figure 5.25.
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(e) ()
Figure 5.26. Longitudinal microstructures of the Nb-steel specimens subjected to the thermal
schedule alone and fractured at the straightening stage at (a) 700°C (gauge length region), (b)

700°C (necked region), (c) 800°C, (d) 900°C, (e) 1100°C, and (f) 1200°C. All were quenched after
fracture. (a) and (b) were etched with nital and the others with etchant #4.
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5.3.3. Effect of Deformation Associated with Thermal Schedule

The failure mode substantially changed to mostly intergranular and the hot ductility
dropped remarkably when deformation was incorporated with solidification. The fracture
features shown in Figure 5.27 distinctly demonstrate this fact. Figure 5.27(a) exhibits
large as cast grains and a very conspicuous grain boundary separation. It seems that
grains were also elongated toward the tensile direction and the facet separation planes are
parallel to this direction. Nevertheless, despite the appearance of longitudinal planes that
are facetted, there is evidence of some plastic deformation on transverse planes as
revealed by grain boundary cavities, Figure 5.27(b). This indicates that the rupture was
associated with void nucleation and coalescence at grain boundaries. Even though the
longitudinal grain boundaries look facetted in the fracture picture, they have a fibrous
appearance if observed in the FEGSEM, Figure 5.27(c). As can be seen, this is similar to
that shown in Figure 5.19(d). In addition, fracture of the specimen revealed some wavy
features at grain boundaries, as shown in Figure 5.27(d), which can be attributed to the
fracture of a liquid film, most probably occurred during the pre-compression in the

‘liquid+solid’ region.

The quenched microstructure at the straightening stage, just before the tensile strain to
fracture, is shown in Figure 5.28. Figure 5.28(a) shows that grain boundaries are
decorated with particles and voids. Also, a high concentration of carbon was found at the
grain boundary that can be attributed to carbon segregation during solidification, Figure
5.28(b). Such segregation has certainly created a discontinuity at the grain boundary.
Microanalysis of the grain boundary particles, Figures 5.28(c)~(f), indicates that they are
mainly manganese sulfide (MnS) and aluminum oxide (Al,O:). The presence of Ti and
Nb in the spectrum suggests that the nitride and/or carbide of these elements might have
co-precipitated with MnS and/or Al;Oz or either has nucleated on the other. Moreover,
Figure 5.28(g) illustrates that the microstructure contains microcracks in the vicinity of
the gauge length. As can be seen, these cracks are oriented along the direction of pre-
compression. It was determined that carbon has segregated within these cracks, Figures
5.28(h) and (i).
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Figure 5.27. Fracture surfaces of the Bl-steel at the straightening stage. The specimen had been
pre-compressed in the ‘liquid+solid’ region. (Corresponding with Figure 5.8)

(a): Overall observation.
(b): Higher magnification of (a).
(c) and (d): Grain surfaces observed in FEGSEM.

On the contrary, the specimen subjected to pre-tension during solidification, Figure 5.29,
was not strong enough to withstand adequate deformation for grains to be deformed
longitudinally and they remained almost equiaxed under the tension at the straightening
stage. Therefore, grain separation is not as prevalent as it is in Figures 5.27(a) and they
are mainly attached together. As Figure 5.29(b) demonstrates, the grain surface is
basically facetted with some small rough regions where there was a shear deformation.

The rough regions have principally occurred at grain edges and corners. However, the
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Figure 5.28. Microstructure of the Bl-steel quenched at the straightening stage just before the
tensile experiment. The specimen was pre-compressed in the ‘liquid+solid’ region.

(a): Overall microstructure, etched with nital.

(b), (c) and (d): Grain boundaries decorated with segregated elements and particles. Longitudinal

electro-polished sections.

(e) and (f): EDS analyses of grain boundary particles shown in (c) and (d), respectively.
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Figure 5.28, continued.

(g) and (h): Longitudinal sections of the
gauge length.
(1): EDS carbon map of (h).

ratio of facet area to rough area is larger than that in the specimen that was pre-
compressed during solidification. This implies that brittle failure was more dominant in
this specimen than the one that experienced a pre-compression during solidification. This
change in extent of the failure modes corresponds clearly to the increased loss of ductility
due to pre-tension than pre-compression. Furthermore, the absence of voids and cavities
on the fracture surface proves that void nucleation and coalescence ‘were not associated
with the failure, Figure 5.29(b). The grain facet region has a similar structure (Figure
5.29(c)) to that described for the specimen subjected to pre-compression during
solidification and the specimen that experienced the thermal schedule alone. Hence, it

seems that such a netlike structure is common in the Bl-steel independent of the
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Figure 5.29. Fracture surfaces of the B1-steel at the straightening stage. The specimen had been
tolerated a pre-tension in the ‘liquid+solid’ region. (Corresponding with Figure 5.8)

(a): Overall observation.

(b): Higher magnification of (a).

(c): Grain surface in facet region observed in FEGSEM.

(d), (e), and (f): Cracks at grain boundary and grain surfaces. Arrows indicate the cracks.
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pre-deformation. There are also some cracks observed at grain boundaries, Figure
5.29(d), and grain surfaces, Figures 5.29(e) and (f), that might have occurred either during
solidification shrinkage that was confronted by the pre-tension or during the tensile
experiment at the straightening stage. It should be mentioned that cracks were also

observed in the rough region as Figure 5.29(e) displays.

Figure 5.30 shows the microstructure of the B1-steel specimen, pre-deformed in tension
during solidification, and quenched at the straightening stage just before the tensile test.
The matrix has the same structure as that of the specimen that had undergone the thermal
schedule, i.e. basically bainite with islands of marteniste. As can be seen in Figure
5.30(b), grain boundaries are decorated with particles and voids, similar to Figure 5.28.
Electro-polishing, instead of mechanical polishing, resulted in preferential corrosion and
topography between the grain boundary particles and the surrounding area. Therefore,
particles residing at the grain boundaries and in the matrix are readily perceived in the
FEGSEM, as demonstrated in Figures 5.30(c) and (d). EDS analysis conducted in this
microscope has identified Mn and S as the main elements constituting these particles,
Figures 5.30(e) and (f).

The fracture surface due to the pre-compression in the &-phase region, Figure 5.31,
demonstrates fairly similar features to those of the thermal schedule alone. Compared to
the effect of pre-deformation during solidification, the surfaces are rougher and the
configurations of some areas are akin to localized deformation, both indicating an
increase in the amount of shear deformation. In addition, it is difficult to determine
regions of grain boundary separation. Nevertheless, voids and cavities can still be
considered as features that formed at grain boundaries, Figure 5.31(b). By observing
Figure 5.19(a) and Figure 5.31(a), it appears that deformation in 8-ferrite has led to finer

fracture features than the thermal schedule alone.

As for the effect of pre-tension in the 8-ferrite regton, Figure 5.32 shows that more small

cavities can be found on the fracture surface and the failure mostly resembles a ductile
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Figure 5.30. Longitudinal microstructure of the Bl-steel deformed in tension in the
‘liquid+solid’ region and quenched at the straightening stage just before the tensile test.

(2) and (b): Overall microstructures, etched with nital. Optical and SEM, respectively.

(c) and (d): Electro-polished structures in (a) and (b) observed in FEGSEM.
(e) and (f): EDS analyses of particles in (c) and (d), respectively.



Chapter 5 Results 101

SEI 150KV 500pm ———1 SEI 15.0kV 300

(b)

Figure 5.31. Fracture surface of the Bl-steel at the straightening stage. The specimen had been

pre-compressed in the 3-ferrite region. (Corresponding with Figure 5.9 or specimen II in Figure
5.11)
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Figure 5.32. Fracture surfaces of the Bl-
steel, which had been pre-deformed  in
tension in the O-ferrite region, at the
straightening stage. (corresponding with
Figure 5.9)

(a) and (b): Observations at low and high
magnifications, respectively.

(c): Void nucleation and coalescence at grain
boundaries.
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mode. As can be seen from Figure 5.32(c), void growth and coalescence have contributed
to the fracture. It should be pointed out that no precipitates/particles were found inside the

voids.

Pre-deformation in the 8—y transformation region, Figure 5.33, resulted almost in a
similar fracture appearance to those of the specimens deformed in pre-compression and
pre-tension in the d-ferrite region. Grains can hardly be distinguished and domains with

intergranular failure are few.

SEI 15.0KY S00UM oot

Figure 5.33. Fracture surface of the B1-steel at the straightening stage. The specimen was pre-
compressed in the 83— transformation region. (Corresponding with Figure 5.9 or the specimen
I in Figure 5.11)

Regarding pre-deformation during solidification in the Nb-steel, the embrittlement was
enhanced when 5% deformation was just limited to the two-phase ‘liquid+solid’ region
(specimen I in Figure 5.10), Figure 5.34. As Figure 5.34(a) illustrates, the failure is
substantially intergranular with no evidehce of plastic deformation. Also, columnar grains
about 1 mm long that formed peripherally during solidification are noticeable. The grain
surfaces are composed of two distinct relatively smooth and rough regions as designated
by A and B, respectively, in Figure 5.34(b). Examination in the FEGSEM revealed

particles of irregular shape 100 to 500 nm in size that are dispersed on the smooth region,
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Figure 5.34(c). Characteristic x-ray analysis of these particles identified Fe, Al, and O as
major elements. Assuming that the Fe signal in the spectrum has come from the iron
matrix, these particles can be identified as Al,O3;. However, no precipitates were found on
the rough region, Figure 5.34(d). This region displays a kind of shear-like appearance at

grain boundaries, especially with cavities on the grain surfaces, as presented in Figure
5.34(b).

$4700 5,0kV 11.9mm x500 SE(M)

(b)

[ A I A

S4700 5.0kV 12.8mm x256.0k SE(M} $47005.0kV 11.9mm x30.0k SE(M) 1.00um

(©) (d)
Figure 5.34. Fracture surface of the specimen I in Figure 5.10.

(a): Overall observation.
(b): Close look at grain surfaces in FEGSEM.

(c) and (d): Close look at regions A and B, respectively, specified in (b) using FEGSEM. The
spectrum in (c¢) is EDS analysis of particles shown in the same picture.
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The external surface of the specimen displayed in Figure 5.34 is shown in Figure 5.35.
Figure 5.35(a) together with Figure 5.34(a) display columnar grains that have grown
inward. This exterior surface characteristic is common in almost all specimens after
solidification, but the grains are more clearly delineated in this specimen. Figure 5.35(b)
illustrates a very explicit intergranular failure as grain boundaries are clearly delineated
on the surface. Looking closely at the surface, one can identify two distinct characteristics
at the grain boundaries. Figure 5.35(c) exhibits a liquid-like film, which seems pushed out
intergranularly. Squeezed-out inclusions are the second characteristic that occurred on the
surface during the pre-compression, Figure 5.35(d). EDS analyses of these two
characteristics are shown in Figures 5.35(e) and (f). As can be seen, the liquid-like film at
grain boundaries is highly concentrated in silicon and the grain boundary inclusions are

composed of Al and some impurity elements.

When the pre-deformation start temperature was shifted down to the vicinity of the solid
phases, the Nb-steel displayed some ductile behavior, although the intergranular failure
was still the dominant mode of fracture. Figure 5.36 shows the fracture surfaces of
specimens that were pre-compressed in the §-ferrite region and in the proximity of the
d—y transformation region. Figure 5.36(a) is characterized by a fracture appearance that
is similar to Figure 5.34(a) with some added shear-like features. These shear-like aspects
definitely reflect higher ductility than the specimen in Figure 5.34. Figure 5.36(b) shows
that there are also regions resembling a liquid film. On the contrary, Figures 5 .36(c) and
(d) exhibit features that are mostly analogous to the result of the thermal schedule alone
(Figure 5.21). The grain boundary separation is quite discernible and some boundaries are
separated without tolerating an appreciable shear deformation. The point that should be
remarked here is that no voids, similar to those that appeared in Figures 5.32 and 5.33,

can be observed on these fracture images.

Figure 5.37 shows the microstructures of the specimens presented in Figure 5.12.
Generally, as can be perceived from Figures 5.37(a)~(e), grain boundary decohesion is

the mechanism of fracture in all of these specimens. Cracks mainly initiated at triple
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o c Figure 5.35. Outer surface of the Nb-steel
‘ shown in Figure 5.34.

(a) and (b): At the straightening stage just
before and after the tensile experiment,
respectively. (a) is a horizontal image of the
specimen,

(c) and (d): Materials entrapped at grain
boundaries, observed in FEGSEM.

(e) and (f): EDS analyses of grain boundary
materials shown in (c) and (d), respectively.

Si

junction points of grain boundaries and propagated along the boundaries leading to the

final grain boundary decohesion. Specimens I and V displayed almost a similar grain size
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Figure 5.36. (a), (c), and (d): Fracture surfaces at the straightening stage of the specimens I, IV
and V, respectively, presented in Figure 5.12. (b) is a magnified image of (a).

i.e. ~500 pm, under the microscope. Figures 5.37(b)~(d) show a smaller grain size with

an average of ~350 um. Hence, the crack density in Figures 5.37(a) and (e) is lower.

Since pre-deformation in the vicinity of the §—y transformation appeared to influence the
microstructure and the hot ductility, the effect of pre-deformation rate during the
transformation was studied. Figure 5.38 shows macrostructures of the specimens
presented in Figure S5.13(b). All these three specimens exhibited a significant

improvement in the hot ductility. Nevertheless, it seems that they have behaved somewhat
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(d)

Figure 5.37. (a), (b), (c), (d), and (e):
Longitudinal microstructures of specimens I,
II, I, IV, and V shown in Figure 5.12,
respectively. All specimens were quenched
immediately  after  fracture at the
straightening stage. All etched with etchant
#4.
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differently at the straightening stage under tension. Even though grain boundary cracking
is the common mode of failure, the specimen in Figure 5.38(a) appears to have shown
more susceptibility to this failure than the other two. This corresponds to less plastic
deformation endured by grains. Furthermore, Figure 5.38(b) displays more stretched
fracture edges indicating a more ductile characteristic. In this respect, the specimen in

Figure 5.38(c) stands in the second position.
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Figure 5.38. (a), (b), and (c): Longitudinal sections of specimens III, II and I, respectively, in
Figure 5.13.

Figure 5.39 shows fracture surfaces of the specimens introduced in Figure 5.38. As can be
seen, although grain boundary decohesion is observed in all three specimens, Figure
5.39(a) demonstrates this most conspicuously, and this is consistent with what was
deduced from Figure 5.38. Figure 5.39(d) shows a typical grain boundary separation in

these specimens. Another distinct difference among these images is that Figures 5.39(b)
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Figure 5.39. (a), (b), and (c): Fracture surfaces of the specimens III, Il and I, respectively, in
Figure 5.13. (d) is a magnified image of (b).

and (c) exhibit more cavities associated with the fracture as well as finer fracture features.
This can be attributed to the effect of pre-compression, after solidification, on closing
solidification shrinkages and voids at very high temperatures, i.e. the greater the amount
of pre-compression at very high temperatures, the smaller the size of solidification voids.
Accordingly, the application of pre-compression at a higher strain rate, Figure 5.39(c), is
expected to have led to the smallest size of voids present in the steel at the straightening
stage before the tension test. At the straightening stage, growth of the existing cavities is

more favorable energetically than the nucleation of new ones. Thus, it is reasonable that
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Figure 5.39(a) displays larger and fewer cavities than the other two since the respective
specimen was subjected to the lowest pre-compression rate. Based on this, large cavities
at the straightening stage are classified mainly as grown solidification voids and very

small ones as cavities that were formed during tension at the straightening stage.

Two distinct regions were found on the grain surfaces when the specimen in Figure
5.39(a) was examined in the FEGSEM. As Figure 5.40(a) shows, the grain surfaces are
partly facetted but mostly have a rough appearance. Typical images of these
characteristics are designated by the letters A and B, respectively. Region A looks very
smooth even at very high magnification and includes microvoids containing very small
particles of about 50 nm, Figure 5.40(b). Unfortunately, because of their size and the
position of the grain surface, it was not possible to get enough x-ray signals to the EDS
detector in order to obtain a reliable EDS analysis. Nevertheless, it seems that these
particles did not play an important role in grain boundary fracture since the microvoids
did not coalesce. Also, the fact that there is no evidence of shear deformation in this
region, especially at the particle edge, indicates that these microvoids are not a result of
tensile deformation at the straightening stage. On the contrary, region B displays a clear
topography and is covered with stretched microvoids, Figure 5.40(c). Examination of this
surface at higher magnification, Figure 5.40(d), reveals that the microvoids contain
particles of about 300 nm in size. Characteristic x-ray analysis of these particles is shown
in Figure 5.40(e). Considering that iron and carbon signals have come from the matrix,

this kind of particle can be characterized as Al;Os.

The influence of pre-deformation strain rate in the proximity of the §—y transformation
region on the fracture microstructure is shown in Figure 5.41. In comparison with the
specimen of Figure 5.22 that simply underwent the thermal schedule alone before
fracture, the specimens in Figure 5.41 all exhibit much smaller grain size in the
neighborhood of the fracture region. Furthermore, grain boundary discontinuities are
much smaller, isolated, and have oval shapes, instead of large linked-up and elongated

cavities that have resulted in grain boundary cracks propagated along grain boundaries
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Fe Figure 5.40. Detailed study of the grain
surfaces in specimen III of Figure 5.13 in
FEGSEM.

(a): Overall observation.

o (b): Region A in (a).

(c) and (d): Region B in (a)

(d): EDS analysis of particles in (d)

keV|
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(Figure 5.22). As indicated by arrows in Figures 5.41(a) and (c), these ovals can also be

observed in grain interiors. The effect of strain rate on the grain size is negligible since

Figures 5.41(a)~(c) display a nearly identical general grain size.

Figure 5.41. (a), (b), and (c): Respectively,
longitudinal sections, near the fracture
“regions, of specimens III, I and I in Figure
5.13. (a) was etched in picral and (b) and
(c) in etchant #4. Arrows point to voids
formed inside grains.

A similar result was found in the Bl-steel. Figure 5.42(a) shows that pre-compression
during the transformation resulted in a finer grain size after fracture, compared with the
effect of the thermal schedule alone in Figure 5.20. Nevertheless, iﬁ contrast to the Nb-
steel, even without the aforementioned preécompression, the grains are much smaller than
the as cast grains, which are usually greater than 400 um. In other words, the B1l-steel
subjected to the thermal schedule alone is prone to grain refinement under deformation at

the straightening stage. In this case, pre-compression in the vicinity of the transformation
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appears to have helped the grain refinement during tension at the straightening stage.
Another characteristic, as shown in Figures 5.42(b)~(e), are the delineated lines that are
oriented toward the tensile direction. These groups of parallel lines, which have been
observed in some grains, are formed in individual grains without crossing grain

boundaries.

In order to determine the reason for such a change in the microstructure owing to pre-
deformation in the vicinity of the transformation, two specimens of the Nb-steel, one
subjected to the thermal schedule alone and the other pre-compressed during the
transformation, were quenched at the straightening stage just before the tensile
experiment. The microstructures of these specimens are compared in Figure 5.43. Figure
5.43(a) displays a coarse austenite grain size at the straightening stage after the thermal
schedule alone. But, when the steel was subjected to a pre-compression going through the
transformation region, the grain size decreased noticeably at the straightening stage.
Figure 5.43(b) demonstrates this microstructure in which austenite grain boundaries are
decorated with ferrite. For such a decoration to be achieved, the specimen was allowed to
cool down until ~800°C in an argon atmosphere before being quenched in water.

Therefore, the grain refinement is considered as being caused by the pre-deformation

during the transformation.

(a) (b)

Figure 5.42. Longitudinal microstructures of the Bl-steel quenched after fracture at the
straightening stage. Corresponding with specimen III in Figure 5.11. Etched with etchant #4.
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Figure 5.42, continued.

(c), (d), and (e) FEGSEM images.

(b)

Figure 5.43. Longitudinal sections of the Nb-steel specimens quenched at the straightening
stage just before the tensile experiment. Etched with picral.

(a): After undergoing the thermal schedule alone.
(b): After undergoing the thermal schedule together with pre-deformation schedule III in Figure
5.13(a).



CHAPTER 6

DISCUSSION

In this chapter, first, the results of the CHT and CCC experiments are discussed and the

fundamental bases on which these two experiments are employed to determine
transformation temperatures are described. Then, the failure modes in the investigated
steels are analyzed and specified. Third, the mechanism by which the boron addition to
the Nb-containing steel can lead to the hot ductility improvement is discussed. This will
be followed with a discussion of the effect of deformation on the hot ductility and the

mechanisms of hot ductility deterioration and improvement.

6.1. CHT and CCC Experiments

As shown by previous workers, the stress drops during CHT experiments are attributed to
dynamic recrystallization, dynamic phase transformation, and incipient melting.!'*]
However, because of their correlation with the hot ductility, they will be briefly reviewed

here, with specific attention to the dynamic 8—y transformation in the CCC experiments.

Before the first drop at ‘a’ in Figure 5.1, austenite is being strain hardened in the plastic
region as strain is being accumulated. Dynamic recrystallization starts before this point
and at ‘a’ the rate of dynamic recrystallization is greater than the strain hardening rate,

thus the stress begins to decrease. Austenite grains also grow while the temperature
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increases and dynamic recrystallization is underway.'*”’ The steady state dynamically

recrystallized grain size, d, is a function of the Zener-Hollomon parameter, Z, i.e;10

d=A4Z"" (Equation 6.1)
where
Z=£ exp(Qdef ) (Equation 6.2)
RT

In these equations, 4 and p are material constants, £ strain rate, Q. activation energy for
deformation, R the gas constant and 7 absolute temperature at which deformation is
executed. From these equations, it can be easily inferred that the steady state
recrystallized grain size is larger at higher temperatures. Hence, the dynamic
recrystallization occurring during the CHT experiments could lead to large grains as the
temperature increases continually. On the other hand, it has been shown that the nature of
the flow curve changes essentially from the multiple to the single peak type as Z
increases, i.e. with increasing strain rate or decreasing temperature.'2>'?*! 1t has been also
reported that the transition in flow curve shape is associated with a change in the type of
dynamic recrystallization. Multiple peak flow appears when grain coarsening occurs and
single peak flow is exhibited when the material is experiencing grain refinement. The
deformation curves shown in Figure 5.1 display double and triple-peak dynamic
recrystallization processes, occurring at ‘a’, ‘b’, and ’b”, and this suggests grain
coarséning. In addition, during the CHT experiments, the temperature is continuously
rising and Z is decreasing accordingly (equation 6.2). Therefore, the material approaches
a larger steady state grain size regime. Note that Qs can be considered to be constant
within a specific thermal region where there is no transformation or precipitation reaction

in the austenite.

Furthermore, raising the temperature increases the kinetics of recovery. Therefore,
increasing the deformation start temperature decreases the number of recrystallization
peaks expected to be observed. This is why there are fewer stress drops owing to dynamic
recrystallization in the Bl-steel than the Nb-steel, which was subjected to deformation
100°C higher, Figure 5.1. As well, at such a low strain rate as employed for the tension

experiments, recovery, after the first dynamic recrystallization drop, is likely to alleviate
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strain accumulation, which is the driving force for dynamic recrystallization. 'Thus, due to
the low strain rate and continuous rise in temperature, the rate of stress drop is gradually
reduced, comparing the slopes of stress drops at ‘a’ and ‘b’ in Figure 5.1. In agreement
with this, it was found that the number of recrystallization peaks increased when the

strain rate was increased.!!2"!

After the dynamic recrystallization stress drops, the dynamic transformation of y-austenite
to O-ferrite takes place. At this point, the flow stress falls rapidly and significantly. The
stacking fault energy and the kinetics of dynamic recovery are lower in austenite than in
d-ferrite. Hence, austenite is stronger than o-ferrite. It can be reasonably assumed that the

steels obey power law creep and, accordingly, the shear strength can be determined as

follows;!?"

vkT " o
G, = U|———— Equation 6.3
where u is the hear modulus, ¥ shear strain rate, £ Boltzmann’s constant, D,y effective

diffusion coefficient, b Burger’s vector, n exponent of power-law creep, and 4, the Domn

constant. The effective diffusion coefficient can be defined as:

uw,) D

v

10 D
D, = D{l + bf” (GS] } : (Equation 6.4)

where D, and D, are the lattice and dislocation core diffusion coefficients, respectively,
and a. the diffusive cross section of a dislocation core. However, at very high
temperatures where lattice diffusion i1s dominant, the shear stress equation can be

rewritten as;

1

oy _TAT | .
s u A,D.ub _ (Equation 6.5)
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Using values for these parameters from reference 127 and calculating the dependent
parameters with regard to the temperature and strain rate employed in the CHT

experiments;

Table 6.1. Power law creep parameters.

Parameter | Austenite | Delta-ferrite
¥ oM 0.005 0.005
UL (MN/m3)| 2.6 e+4 1.8 e+4
D, (m%s) 5.3 e-14 5.3e-12
A, 43e+5 | 7e+13
n 4.5 6.9
b (m) 2.58 e-10 2.48 e-10
T (K) 1653 1653 -
7=43%¢ (Equation 6.6)
D, =D, exp 0, (Equation 6.7)
RT
(T-300) T, du
=p,| 1+ - Equation 6.8
u Ho( T, (Mo dT)] | (Equation 6.8)

: T
where Lo is the shear modulus at 300 K, —Mﬂ the temperature dependence of the
Ho

modulus, and Ty (<1810 K) the temperature used in normalizing the temperature
dependence of the modulus. Also, & =1.380x10% JK' and R= 8.314 Jmol'K’.
Consequently, the shear stresses of austenite and 5-ferrite at 1400°C are 11 and 4 MNm?,
respectively. Hence, there should be a sudden drop in stress when austenite transforms to
d-ferrite. The shear flow stresses of austenite and &-ferrite calculated from the

experimental results, in the vicinity of 1400°C, are 4.24 and 1.58 MNm™ (t,=0471c0,),

respectively. The difference between these values and the theoretical ones are attributed

to the degree of accuracy of the equations and the errors involved in the calculations and
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experiments. However, the ratio of the experimental values is in good agreement with that

of the theoretical values.

A similar explanation is applied to the sudden rise of load during the CCC experiments
(Figure 5.2). Deformation in the solid phase begins in the single phase of 5-ferrite with
almost no strain hardening, due to the fast kinetics of recovery in &-ferrite. This is
represented as a plateau or very low slope segment of the deformation curve in Figure 5.2
before the sudden slope change, where the non-equilibrium transformation takes place.
As Figure 5.13(a) illustrates, the slope of this segment is strain rate dependent and
increases with strain rate. As the deformation approaches the transformation region,
austenite nuclei begin to form heterogeneously at locations of strain accumulation. By the
fast growth of austenite nuclei at the expense of the 3-ferrite grains (or dendrites), the
strength of the material increases rapidly as the austenite takes over the deformation,
leading to a jump in the stress-strain curve. The rate of this jump is also strain rate

dependent.

Figure 6.1 illustrates that the strength transition occurs more gradually at higher strain
rates. At high strain rates, dynamic recovery in ferrite cannot catch up with strain
hardening as fast as it does at lower strain rates. Therefore, more strain should be
accumulated in 8-ferrite at higher strain rates before the non-equilibrium transition region.
(The non-equilibrium transformation is defined as the transformation that takes place over
the thermal schedule when there is no deformation involved.) This higher internal strain
energy can be eliminated through a predisposed 6— transformation, i.e. an earlier strain
induced transformation. Note that such transformation takes place between the
‘ equi]jbrium and non-equilibrium transition regions and the temperature of the former is
higher. Thus, it is anticipated that the transformation, upon reaching the non-equilibrium
region, proceeds mainly through the growth of pre-formed austenite grains since this is
more favorable energetically than the nucleation of new grains that also requires an extra

activation energy. In this case, the transformation would be more growth-controlled.
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On the other hand, if the accumulated energy is high and there is still no predisposed
transformation, the number of austenite nucleatioﬁ sites is increased in the non-
equilibrium transformation region. This is simply because the nucleation activation
energy is reduced by the strain energy and the smaller austenite embryos can pass over
the activation energy barrier of nucleation. In this case, the transformation should advance
mainly through nucleation rather than growth, especially since it takes place within a
region which is very short (<30°C) with regard to the cooling rate (10°C/s). In summary,
the closer to the non-equilibrium region the transformation takes ‘place, the smaller the

austenite grain size is expected to be.

Obviously, a transformation that is nucleation-controlled leads to smaller austenite grains.
However, it should be indicated that a minimum strain energy is needed to accelerate the
transformation in the non-equilibrium transformation region. Since the transformation is
also mainly growth-controlled at high strain rates, it seems reasonable to consider an .

optimum strain rate for achieving the smallest austenite grain size.
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Figure 6.1. Effect of strain rate on the linear slope of the §—»y transformation
region during the CCC experiments. (Nb-steel)

6.2. Failure Mode Analysis

As described in the previous chapter, failure in all three steels is composed of two modes:

ductile and brittle, and the relative amounts of these modes are indicative of the hot
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ductility of the steel. Here, the brittleness is described as grain boundary decohesion. This
is also associated with some limited and localized plastic deformation and, hence, it is
different from the brittleness observed at low temperatures, which has cleavage
characteristics. Such localized plastic deformation appears as ‘void formation and
coalescence’ and ‘deformation striations’ on grain surfaces, leading to grain boundary
separation, as shown in Figures 5.19, 5.21, and 5.32. Therefore, it is defined as an
embrittlement that is a result of grain boundary separation and, in turn, due to localized
plastic deformation. The failure mode analysis aims to determine the mechanism of

embrittlement which causes the loss of hot ductility.

Even though the grain surface in the embrittled steel looks facetted after decohesion at
low magnification as illustrated in Figure 5.19(b), the facets display some topography
when observed at higher magnification in the FEGSEM, Figure 6.2. Deformation bands
depicted as steps of deformation on the grain surface in Figure 6.2(b) suggests grain
boundary sliding as the mechanism of embrittlement. Figure 6.2(c) shows that the
procession of grain boundary separation has been somewhat assisted by grain boundary
particles through void formation. Such voids could have also formed as cracks crossed
over the particles. As already explained, these particles can be manganese sulfide (Figure

5.22) or aluminum oxide (Figure 5.40).

A model for such crack propagation has been suggested that is based on the stepwise
- sliding of a grain bdundary.m As scherhatically explained in Figure 6.3, first a small
decohesion forms at the grain boundary at a high temperature and, then, it develops by
plane sliding. As the deformation proceeds, more decohesions are formed and developed
along the original ones, leading to void growth and further plane sliding. Topographical
features similar to those specified in Figures 6.2(b) were identified as physical
observations of sliding steps.

Examination of the microstructure near the fracture region, Figure 6.4, also suggests that

grain boundary separation has occurred through grain boundary sliding, arrows in Figure
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Figure 6.2. Grain boundary surface in the
Nb-steel at different magnifications. Lines in
(b) indicate the steps of deformation
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Figure 6.3. Sequences of void propagation at
grain boundaries through grain boundary sliding.
Steps of sliding are obviously shown in (d),m
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Figure 6.4. Grain boundary sliding in the
Nb-steel subjected to the thermal schedule
alone. Longitudinal sections. (b) and (c) are
backscattered electron images in FEGSEM.

6.4(a) indicate the sliding direction of two adjacent grains. Figures 6.4(b) and (c)
demonstrate that grain boundary cracking was a result of void formation and coalescence
at grain boundaries. As can be seen, this mechanism has occurred both at grain boundary

triple point junctions and along straight grain boundaries.

At this point, there remains a question as to how the grain boundary sliding, as an
effective mechanism of deformation, turns into an embrittling mechanism and leads to
grain boundary decohesion. In this section, this is discussed with regard to the loss of hot

ductility in the Nb-containing steels.
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It is well recognized that in polycrystalline materials, the greatest amount of plastic
distortion usually occurs in the region adjoining the grain boundaries, since this region
has a high density of dislocations. Therefore, it is reasonable to consider that, at high
temperatures, recovery is likely to commence in the vicinity of grain boundaries long
before it begins in grain interiors. This permits additional deformation to occur at grain
boundaries rather than grain centers, leading to austenite grain boundary shear and
sliding. Zhang et al."?*! have shown in a computer model that the introduction of a small
amount of grain boundary sliding sufficiently decreases grain interaction in the bulk
plastic deformation regime, and suggested that grain boundary sliding can be a
mechanism for accommodating strain incompatibility between neighboring grains. It
should be also pointed out that grain boundary sliding has been cbnsidered a dominant
deformation mechanism in superplastic materials. There is general agreement that more
than 50% of the total strain in superplastic materials is contributed by the grain boundary
shding.[lzg’lsol Therefore, a significant loss of ductility and low strains to fracture, in a
material in which grain boundary sliding is a deformation mechanism can be due to other

phenomena interacting with grain boundary sliding, leading to such embrittlement.

Grain boundary mechanisms of deformation at high temperatures can be divided into two
types.!*!

occurs in the direction of tensile stress by vacancy flow either through the lattice

I Firstly, there is the possibility of diffusional creep, in which grain elongation

(Nabarro-Herring creep) or along the grain boundaries (Coble creep). Secondly, there is
the possibility of grain boundary sliding without grain elongation, in which the individual
grains slide over each other at, or in a zone immediately adjacent to, their common
boundary. The first type of grain boundary sliding is adequately modeled for
polycrystalline materials by the theories of Nabarro-Herring and Coble for diffusional

creep, and it does not, in general, lead to cavity formation.

Basically, the second type is a more important consideration, since this may lead to

intergranular failure. Models for this type of sliding are expected to be based on

[134

dislocation movement,!**'**! rather than vacancy flow. Gates!"*¥ developed a mechanism

in which sliding arises from the movement of structural or intrinsic grain boundary
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dislocations, and it is assumed that sliding is due to a combination of glide and climb
processes. Even though this model was developed for planai boundaries in bicrystals, this
concept can be applied in polycrystals. In polycrysta]line materials, it is necessary to
consider the role of strain accommodation at triple points. If sliding occurs by the climb
and glide of dislocations in a zone adjacent to a grain boundary, the rate of sliding is
governed by the rate of climb since this is the slower process. Furthermore, if sliding is
not accommodated by an intragranular flow mechanism, it must be done by the opening
of grain boundary cracks and cavities.*!! In polycrystalline materials in which
deformation proceeds by extensive grain boundary sliding, an important experimental
observation is the formation of intragranular folds at the triple points and in this way

grain boundary sliding is accommodated.!"*"

Hence, it can be inferred that grain boundary sliding can lead to an embrittling
mechanism by grain boundary cracking provided it cannot be accommodated by plastic
deformation in neighboring grains. Relatively stronger grain interiors owing to pinned

dislocations can prevent the accommodation of sliding through lattice plastic flow.

It is well documented that in the condition of slow rate-high temperature deformation,
such as creep and hot ductility evaluation related to the straightening operation in
continuous casting, cavities can form continuously throughout the deformation. Analysis
of the problem indicates that extremely high stresses normal to a grain boundary, e.g. on

%) Thus, very large stress

the order of E/100, are required to nucleate a cavity.!
concentrations are required. These large stress concentrations can be produced at particles
in sliding grain boundaries, at the intersection of slip bands and grain boundary particles,
and at grain boundary triple points. However, it must be noted that, under appropriate
circumstances, the generation of high stress concentrations is moderated by both power-
law creep and diffusional creep processes, which prevents the formation of a large
number of cavities at the beginning of creep."*”! Even though voids and cracks form and
grow during grain boundary sliding, necking down to a point may still occur, if the
nucleation, growth and/or coalescence of voids is suppressed. This type of ductile rupture

behavior is observed when voids are isolated by grain boundary migration.!***) |
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For a nucleated cavity to grow at a boundary, Dyson'*® has proposed a model in which
it is considered that there are capillarity forces (surface tension) that tend to shrink the
nucleated cavity. So, the nucleated cavity must be large enough to overcome these forces
and grow. For a particle of diameter a in a bounhdary which slides a distance 6 under a
stress G, cavity growth will occur only if the grain boundary sliding displacement exceeds

a critical value 8, defined as follows;

1 (2y } :
o, 2—| — (Equation 6.9)

where v, corresponds with the capillarity force. If the sliding distance does‘ not exceed O,
capillarity forces would gradually cause the cavity to sinter closed by diffusion.
According to this equation, while high normal stresses are required for the nucleation of
cavities, they are not sufficient. Stable cavities require that large sliding displacements

occur as well.

There 1s a second mechanism of void formation, as well, which is not based on grain
boundary sliding and strain concentration at grain boundaries. Sricharoenchai ez al."% in
an attempt to explain intergranular fracture in a Nb-containing steel, proposed an
embrittling mechanism that is based on the role of vacancies. Grain boundaries that are
immobilized by either fine precipitates or the segregation of impurities are potential
places for microvoid nucleation during high temperature deformation. At high
temperatures where vacancies can diffuse easily, they are captured by grain boundary
microvoids and this leads to growth of the microvoids. Therefore, the rate of void growth
at grain boundaries depends on the rate of vacancy diffusion. This is a chemical process
controlled by diffusion, the velocity of which increases with increase of temperature. As a
result the ductility of austenite will decrease with increasing temperature as long as the

grain boundaries are sessile.

Both these mechanisms consider void formation at grain boundaries as the main cause of

intergranular failure. In other words, grain boundary cavitation is the direct cause for the
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low strain to fracture no matter whether it occurs by the grain boundary sliding

mechanism or the vacancy diffusion mechanism.

There are two types of intergranular openings likely to occur during high temperature
deformation. Wedge-shaped cracks (w-type cracking) initiating mostly at grain
boundaries that are aligned for maximum shear. They initiate while grain boundaries slide
over each other.'*” Figures 5.22(a) and 5.24(d) are good examples of this kind of
cracking. The second type of grain boundary opening consists of round or elliptical
cavities (r-type cracks), which form at grain boundaries aligned normal to the tensile

StreSS[BS]

or along the tensile direction. Figures 5.20(a) and 5.24(b) show some typical
‘examples of this type of cracking. However, these two types of openings do not
necessarily form exclusive of each other, but appear simultaneously in the same specimen
under the proper conditions.”? Figures 5.22(a) and (b) and 6.3(b) demonstrate the
coexistence of these cracks in one specimen. Complete rupture of the specimen is usually
considered to be caused by the growth and coalescence of the small cavities, Figure 5.32.
Nevertheless, apart from the cavity nucleation associated with grain boundary particles,
cavity nucleation cannot occur in this manner unless the stress concentration exceeds the
cohesive strength of the grain boundary. As pointed out before, it also cannot occur if the
stress concentration at the end of the boundary is relieved by plastic flow in the grain

ahead of the boundary.

An alternate mechanism that can prevent the opening of a crack at a grain boundary
corner is for the boundary to migrate away from the stressed region before the stress
concentration has risen to the point where a pore can form or grow large. Dynamic
recrystallization in austenite is a mechanism that can prevent the formation or growth of
grain boundary openings by stress alleviation. In addition, it takes pores and cavities
already at grain boundaries to the grain interiors and isolates them from each other.
Figures 5.26(e) illustrates how grain boundary migration due to dynamic recrystallization
led to significantly fewer cavities and cracks at grain boundaries, leading to higher hot

ductility, as compared with Figure 5.22(a).
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Dynamic recrystallization is expected in Nb-containing steel in the vicinity of 1000°C, as
Figure 2.21 shows. However, it didn’t occur in the Nb-steel at the straightening stage, at
1020°C, before fracture occurred. The recrystallization temperature is higher in as cast
austenite than reheated austenite because of the larger grain size and higher
supersaturation of precipitants in as cast austenite.’! Moreover, the alloying elements in
as cast austenite are highly segregated.®*® These can result in loss of hot ductility. As
well, if the solute sulfur atoms remain free, they will segregate to the grain boundary
precipitate/matrix interfaces as well as to the austenite grain boundaries during cooling
after melting, leading to easy decohesion of the interface and the subsequent nucleation of
microvoids. For steel reheated up to a high temperature without melting, it is the amount
of S that goes back into solution and can precipitate in a fine detrimental form at the
austenite grain boundaries that is effective in reducing the hot ductility. Whereas in as
cast steels, it is the total S level that controls the hot ductility.!”*! The effect of melting on
the hot ductility is evident in Figure 5.6 and Table 5.3.

As for the grain size, larger grain size corresponds with greater necessary amount of
deformation in order for dynamic recrystallization to commence, according to the

following equation!'**'*!

g, =ADJZ* (Equation 6.10)

where &, is the peak strain in the stress-strain curve, which is roughly linearly related to
the strain to initiate dynamic recrystallization, Dy is the initial austenite grain size, Z the
Zener-Hollomon parameter, and 4, p and g are constants. The precipitants, especially Nb,
can retard recrystallization both as solute and precipitate.>**4%%7214142] 1 Nb-bearing
steels, the vacancies generated during deformation form vacancy-Nb atom complexes and
these complexes diffuse toward and subsequently decompose at dislocation cell walls,
causing Nb atoms to be segregated at dislocations.”"! In this case, not only do Nb atoms
impose a drag effect on moving dislocations, but also the local supersaturation at
dislocation cell walls enhances Nb(CN) precipitation, leading to pinned dislocations and

therefore inhibiting dynamic recovery as well as recrystallization.
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Also, sessile and retarded dislocations increase the resistance of austenite to plastic flow
that otherwise alleviates stress concentrations at the grain boundaries while grain
- boundary sliding proceeds. The situation is emphasized in as cast supersaturated austenite
where the solubility temperature of solutes is higher. Furthermore, | grain boundary
precipitates such as;' Nb(CN), MnS, AL,Os, and AIN, as shown in Figures 5.22, 5.28, and
5.40, for mstance, as well as segregated impurities restrain and pin grain boundaries,
providing sites for void nucleation and retarding dynamic recrystallization which would
otherwise relax stress concentrations. These effects all promote void formation during
grain boundary sliding.”’"! Note that grain boundaries with cracks have mobilities that
are lower than sound grain boundaries, since cracks impose a drag force on the moving
grain boundary; basically it is energetically favorable for cracks to be at grain boundaries

rather than in the matrix.

6.3. Nb-Steel Versus B-Steel

6.3.1. Hot Ductility Trough

The steels containing B, designated as the B-steel, generally display higher hot ductilities
than the Nb-steel, Figure 5.15. Similar results have been reported by Kim ez al."''?!, when
two Nb-steels, one with and the other without B, were studied. The results for the former
were also presented in Figure 5.15 for comparison. The B-steel has ductilities ranging
between 55% and 70% RA. Note that the results from reference 112 were generated by
re-heating, and not re-melting, the specimens up to 1350°C, and thus this has most likely
led to higher ductilities than those obtained in this work for the B-steel. In addition, the
range of low hot ductility in the Nb-steel in this work is wider than what has been
commonly observed for Nb-containing steels, as was shown in Figure 2.21. This can also
be attributed to the effect of melting and thermal history to which the specimens were

subjected. The effect of thermal history will be discussed later.

Figure 5.7(b) shows that there is a stress relaxation, indicated by an arrow, in both the

specimens strained at 900 and 1020°C. This could be the peak stress of dynamic
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recrystallization in austenite, but microstructural examination did not reveal any grain
refinement, as shown in Figure 5.22. Hence, this energy release may be attributed to
stress concentrations that were relieved by the fast opening or propagation of grain
boundary cracks and/or a sudden rupture occurring in part of the specimen. Large grain
boundary cracks as were shown in Figure 5.22(a) can be the results of such an energy

relaxation.

On the contrary, the microstructure of the B-steel, Figure 5.20(d), evidently demonstrates
a substantially dynamically recrystallized structure at 1000°C. However, no hump was
observed on the deformation curve, Figure 5.7(a). Nevertheless, this does not necessarily
rule out the occurrence of dynamic recrystallization, as will be discussed in section 6.5.
Moreover, the relatively slow rate of strain hardening at 1000°C, Figure 5.7(a), implies
that some softening mechanisms such as dynamic recovery and dynamic recrystallization
may be underway. The occurrence of dynamic recrystallization at this temperature made a
significant contribution to the high hot ductility of this steel. Not only are the grain
boundary cracks much smaller in the B-steel than in the Nb-steel, comparing Figures 5.20
and 5.22, but they were found in grain interiors as well. The latter suggests that dynamic
recrystallization had moved the grain boundaries away from the microcracks, as
mentioned earlier. Furthermore, the hot ductility assessment at 900°C, Figures 5.24(c) and
5.26(d), clearly shows that the B-steel is more susceptible to plastic deformation as
manifested by the large amount of grain elongation in Figure 5.24(c) as well as in Figure
5.24(b). No evidence of grain refinement, i.e. dynamic recrystallization, was observed at
900°C. Also, grain boundary cracks have oval (r type cracks), and not wedge,
characteristics. This implies that the B-steel comprises stronger grain boundaries and/or
softer grain interiors, assuming that oval cracks form at relatively stronger grain
boundaries after a considerable amount of plastic deformation (also flow saturation in the
grain interior) and wedge shaped cracks at grain boundary triple junctions are likely to

occur at weak grain boundaries and when plastic flow cannot proceed in grains.

Since dynamic recrystallization leads to hot ductility improvement, one may argue that

the hot ductility of the B-steel, Figure 5.15, should be higher at 1000°C than at 800°C,
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simply because the former temperature was associated with dynamic recrystallization.
However, there are two phenomena occurring simultaneously, grain boundary sliding and
dynamic recrystallization. The former deteriorates and the latter enhances the hot
ductility. At 800°C, although dynamic recrystallization is difficult, the resistance to grain
boundary sliding is higher, both of these effects being due to the lower temperature. At
1000°C, the condition for dynamic recrystallization is fulfilled, but the steel is more
susceptible to grain boundary sliding. Thus, there is an optimum hot ductility that, in this
steel, is at 900°C. \

The low hot ductility persists in the Nb-steel until the temperature rises to 1100°C, where
there is enough driving force and activation energy to trigger dynamic recrystallization.
At this temperature, precipitate formation is limited and dislocations are free to glide. The
grain refinement near the fracture edges in Figure 5.26(e) indicates that the hot ductility
improvement is at least partly due to dynamic recrystallization. The B-steel was, by
contrast, strongly embrittled at 1100°C. A similar behavior was observed in the Nb-steel
at 1200°C. The fracture surfaces of both steels exhibited dendritic structures at grain
boundaries, Figures 5.23 and 5.25, suggesting incipient melting as the embrittling
mechanism. The causes for this melting has been ascribed to the microsegregation of S
and P residuals at solidifying dendrite interfaces.””” On the contrary, no such behavior
was observed by Akhlaghi!'” in the conventional hot ductility evaluation, including re-
melting, and the RA continually increased from about 5% at 900°C to 100% at 1300°C.
This discrepancy can be attributed to the effect of the thermal schedule used in this work,
in terms of the cooling rate and temperature oscillation. Fast cooling rate can result in
precipitation of low-melting liquid FeS films, instead of MnS, at grain boundaries.”"
Temperature oscillation is likely to diminish the hot ductility by encouraging NbCN

precipitation leading to retardation of dynamic recrystallization.**!

With decreasing temperature, ferrite starts to form at austenite grain boundaries, resulting
in low hot ductility. However, it seems that this embrittling mechanism is not pertinent to
the B-steel, or does not have a considerable influence on the hot ductility. Figure 5.24(a)

illustrates, despite the fact that voids nucleated at the austenite grain boundary, the hot
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ductility is still high owing to bulk flow. It has been suggested that addition of B to the
Nb-containing steel encourages precipitation of matrix Fey:(B,C)s particles that act as the
preferential sites for the intragranular nucleation of ferrite. In this way, hence, less ferrite
is available to form at grain boundaries.!''”! This not only decreases the number of voids
and cavities formed at grain boundaries, but also makes the austenite grain interior more
deformable owing to the soft intragranular ferrite. The final result is an improvement in

the hot ductility.

Referring to the typical hot ductility trough of the Nb-containing steel, it was also
expected that the hot ductility increased as the temperature further decreased below the
ferrite start temperature. This is shown by the dashed line in Figure 5.15. As explained in
chapter 2, this is because the grain boundary ferrite becomes thicker by decreasing
temperature and the stress is no longer concentrated at the austenite grain boundary.
Nonetheless, such a hot ductility rebound was not observed in the Nb-steel because the
experimental limitation inhibited testing at temperatures lower than 800°C. As illustrated
in Figure 5.16, the specimen pulled at 700°C fractured outside the gauge length occupied
by the melted zone. The microstructural difference between the gauge length region and
the region that was at a temperature about 100°C lower than that of the gauge length was
shown in Figure 5.26. Occurrence of fracture in the latter region implies that, here, the
strength of material is more dictated by the volume fraction of ferrite than the
temperature. The absence of such a phenomenon in the B-steel is in agreement with the
aforementioned postulation concerning the intragranular ferrite that reduces bulk grain

strength and the volume fraction of ferrite at grain boundaries.

In addition to the effect of B, there remains an argument concerning the hot ductilities
shown in Figure 5.15, that the higher ductility is attributed to the lower carbon content in
the B-steel. The effect of carbon on the hot ductility is shown in Figure -2.28.
Nevertheless, it should be noted that lower carbon basically narrows the trough width by
increasing the Ar: temperature and any alteration in the hot ductility level in this small
range of carbon content, i.e. the difference of carbon content in the B-steel and the Nb-

steel, is barely observed.”!! Generally, trough curves are displaced to lower temperatures
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as the carbon level is increased. At a given temperature, the ferrite layer at austenite grain
boundaries is thicker in a steel with lower carbon content. Therefore, stress concentration,
and consequently void formation, at grain boundaries is alleviated, leading to a higher
ductility. However, this mechanism is not viable in the B-steel since the ferrite layers
found at some grain boundaries were not thick enough to prevent void formation, Figure
5.24(a). Then, the lower carbon content in the B-steel cannot really be the explanation for
the higher hot ductility.

6.3.2. Effect of Boron on Hot Ductility

A considerable amount of research has been conducted to improve the hot ductility of Nb-
containing steels, mostly by the addition of alloying elements such as Ti,[*7>8113 Cg 14
Zr,'"! and Y!') Boron has been considered as another possible element likely to
improve the hot ductility in the Nb-containing steel. Even thdugh the beneficial effect of
B on the low temperature trough, where two phases of austenite and ferrite coexist, was
explained above by precipitates containing B, it is not yet well understood why addition
of B to the Nb-containing steel leads to a better hot ductility at high temperatures where

there is single austenite phase.

It has been suggested that B iinproves the hot ductility by reacting strongly with nitrogen
in a similar way as titanium.”®® On the other hand, it can be argued that BN precipitation
resembles that of Nb(C,N), resulting in grain boundary embrittlement. However, some
production statistics clearly pointed out the beneficial influence of boron on surface

[1L88) This improvement can be ascribed to several factors such as; preferential

quality.
boron nitride precipitation, retardation of the austenite/ferrite transformation, which
presumably avoids ferrite film formation at the austenite grain boundaries, and increasing
the resistance to grain boundary sliding during straightening, which results in better creep
ductility.®®® Besides these speculations, the best defined mechanism under which B
improves deformability may be the one that has been observed in Ni;Al. NizAl is
extremely brittle at room temperature but addition of as little as 200 ppm of B to this

144

alloy turned it into a ductile compound."'** Characterization of the boron distribution



Chapter 6 Discussion 134

throughout the alloy, using the atom probe field ion microscope, determined that B had
segregated to grain boundaries. Based on this observation, it was suggested that boron

atoms act as a type of “glue”, preventing the alloy from failing.!'**!

However, the effect of B at high temperature, may be explained by the following
hypotheses.

In the Nb-containing steel, it is known that the hot ductility trough at high temperatures is
associated with fine precipitation of Nb(C,N) particles at both grain boundaries and grain
interiors. At low temperatures, on the other hand, poor ductility is usually associated with

(112

coarse precipitates.!!') As well, it has been shown that the coarsening of precipitates is

quite effective in improving the hot ductility of various steels at high temperatures.”’>!!*]
Hence, at first sight, the reason for better ductility in the B-steel, compared to the Nb-
steel, can be ascribed to the Fey(B,C)¢ particles which, although at grain boundaries, are

relatively coarse,''”

and then not as much detrimental to the hot ductility. Fe(B,C)s
particles contain N, as shown by Kim et al.'''?! Thus, precipitation of Fey(B,C)s reduces
the amounts of both N and C, not only at the grain boundary but also in the grain interior,
available for the precipitation of fine Nb(C,N) precipitate, which is the main cause of the
hot ductility loss in the Nb-containing steel. Therefore, the density of mobile dislocations
is increased, as the density of dislocation pinning precipitates decreases, and the strain

concentration at the austenite grain boundaries can be alleviated by flow in grain interiors.

On the other hand, since deformation is also involved, the presence of excess vacancies
due to the deformation enhances the driving force for nucleation at grain boundaries.
Militzer et al.™"*® studied the effect of deformation on vacancy production in a Nb-B
steel. At a strain rate of 10° s, they noticed that a significant vacancy supersaturation
could be formed at true strain about 0.003 at 1000°C. In this case, the enhanced
segregation, due to vacancy-element complexes, of precipitate forming elements can lead
to an increase in the supersaturation at grain boundaries as a result of vacancy
annihilation.”"! Consequently, the chemical driving force of nucleation is increased and
so is the nucleation rate. Furthermore, it is well known that, deformation leads to

enhanced self-diffusivity at low strain rates (<10? s'). Cohen!"*"! attributed this



Chapter 6 Discussion 135

enhancement to the pipe diffusion along moving dislocations. Then, the higher diffusivity
during deformation may also accelerate the nucleation process as well as the diffusion-

controlled growth rate of crucial precipitants such as Nb. As well, Djahazi'*

I showed
that the Nb carbonitrides precipitation starts earlier in the Nb-containing steel when B is
present. In this case, the precipitate is of Nb-borocarbonitride type. Ultimately, a situation
similar to that discussed above, i.e. coarser precipitates, can occur here owing to faster
nucleation and growth. This can lead to fast depletion of strengthening elements in the
matrix and decrease the relative strength of the austenite lattice to the grain boundary.
Hence, when B is added to the Nb-containing steel, the grain intérior can also undergo an
appreciable amount of deformation and relieve the stress at grain boundaries, which
results in a higher hot ductility. Figures 5.24(b) and (c) can be taken as evidence for this,

as compared with Figures 5.26(c) and (d).

In summary, B leads to earlier nucleation and faster growth of the precipitates containing
Nb, N, and C and, consequently, depletion of these elements in the matrix and softer
austenite lattice. Such a mechanism pertains to the thermal region where the precipitation

of carbonitrides is possible, i.e. usually at temperatures lower than 1000°C.

The second scenario is considered With respect to the B diffusion and segregation in
austenite. He et al.!'*"! identified two types of non-equilibrium segregation for B in a Nb-
B steel; segregation due to the excess vacancies produced by deformation and segregation
to the recrystallized grain boundaries during grain boundary migration. Both cases lead to
the retardation of recrystallization. It should be indicated that such B segregation takes

place within a region about 1 pm wide on either side of the boundaries (unlike

equilibrium segregation, which is only a single monolayer wide), and only requires times

[150

of 10-30 s to develop.!"*” It was also noticed that the grain boundary segregation of B

disappears, due to B diffusion away from the boundaries, in times of 100 s or more after

stopping the deformation.!"*!! It was observed that the addition of about 100 at. ppm of B

led to a significant retardation of recrystallization in the Nb-microalloyed steel.!'*>!*?

This phenomenon is caused by the presence of excess vacancies, which leads to the

[153-155]

formation of boron-vacancy complexes. The complexes migrate to grain

boundaries and are annihilated preferentially at the boundaries since the boron-vacancy
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1331331 is considerably higher than the boron-dislocation

binding energy, Ep=~0.5 eV,
binding energy, but lower than the boron-grain boundary segregation energy Eg,, which is
estimated to be 0.65 eV."**) Thus, in spite of the high dislocation density, the dissociation
of B-vacancy complexes does not take place or is of negligible importance in grain
interiors. Also, the diffusivity of the complexes is about one order of magnitude higher
than that of solute B so that negligible desegregation occurs during the enrichment
period."**! Therefore, there can be considerable B segregation at austenite grain
boundaries during deformation. It was noticed that the B segregation is more intense at

recrystallized grain boundaries than at prior austenite boundaries.!'*”’

] observed more retardation of static recrystallization in the Nb-

Even though He ef al.
containing steel at 1000°C owing to the B addition, no carbonitride precipitates were
observed at that temperature to be responsible for such an enhanced retardation.
Consequently, they suggested that a solute drag effect was responsible for delaying
austenite recrystallization at 1000°C. It was also found that, even though B has an
appreciable interaction energy with the grain boundary and a strong tendency to segregate
to the grain boundary, it displays a small solute drag effect due to its high diffusivity.
Hence, the higher drag effect due to the addition of B to the Nb-containing steel is a result

of synergism between Nb and B.

Hillert and Sundrhan[lsﬂ developed an approach to the solute drag effect in which the
integral dissipation of free energy due to solute diffusion within the moving grain
boundary is equated to the drag effect. In their model, the solute drag increases as the
ratio of D°®/DM (diffusion along grain boundaries to diffusion in matrix) decreases.

(1521 explained the contribution of B in

Based on this model, Mavropoulos and Jonas
retardation of recrystallization in the Nb-B steel as follow. The addition of B can increase
the drag effect in three ways; (1) by increasing the matrix diffusivity of Nb, (2) by
decreasing the grain boundary diffusivity of Nb, and (3) by simultaneously decreasing
D% and increasing D™, It is obvious that in all these three cases, the D°®/DM of Nb

decreases, leading to larger drag effect on moving grain boundaries.
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In conclusion, the synergistic effect of B and Nb can be attributed to the formation of
(Nb, B) complexes. The presence of such complexes at the new boundaries increases
the solute drag force of the Nb atoms, decreases the boundary velocity and slows down
the recrystallization kinetics of B modified Nb-steel. However, the intensified Nb-
segregation to grain boundaries can lead to a less strengthened austenite lattice. Hence,
comparing the Nb-steel and the B-steel, the lattice of the former is stronger than that of
the latter. Then, the grain interior is more prone to plastic flow in the B-steel. This helps
alleviate stress concentrations at grain boundaries and since more dislocation activities
is involved, for a given nominal strain, more driving force is available to trigger
dynamic recrystallization. This explains the observation of dynamic recrystallization in
Figure 5.20(d) (the B-steel) rather than Figure 5.22(b) (the Nb-steel).

However, other beneficial effects of B, i.e. increasing the resistance to grain boundary

sliding and reduced creep rate,"**!

as well as its “adhesive” effect at grain boundaries that
inhibits grain boundary decohesion,'*”! should also be taken into account. Moreover,
since the temperature is high, the B segregation to the austenite grain boundary can be
very effective in displacing phosphorus. This was observed in studies of Fe-Mn-P-B
alloys with only 5-30 ppm B, in which the tendency to the intergranular fracture was
suppressed effectively.!'*”! The fact that the addition of small amount of B suppresses
phosphorus segregation at austenite grain boundaries suggests that B with a large free
energy of segregation, presumably about 100 kJ/mol, affects segregation of phosphorus

with a free energy of about 50 kJ/mol.!'**!]

Therefore, the beneficial effect of adding B to the Nb-containing steel is considered in
two respects: (1) enhancement of nucleation and growth of precipitates, in the
precipitation temperature range, that leads to the depletion of carbonitride precipitants in
the lattice, and (ii) depletion of strengthening elements, in the dissolution temperature
range of precipitants, especially Nb, in the matrix owing to the non-equilibrium co-
segregation of B and Nb to the grain boundary. The effect of B atoms in solute at grain

boundaries can be viable in both of these scenarios.
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In order to verify these proposed hypotheses for the hot ductility improvement, it was
necessary to trace the distributions of alloying elements, especially B, Nb, N, and C, from
the grain center to the grain boundary of austenite. Two B-steel specimens were quenched
from 1000°C at the straightening stage of the respective thermal schedule to freeze the
positions of the alloying elements. One of the specimens was quenched just before the
tensile test and the other immediately after the fracture. Atomic characterization was
performed using the LEAP technique. As was explained in chapter 4, the examination
area is small and it was necessary to examine several needlelike specimens in order to
find a grain boundary. Unfortunately, no conclusive results have yet been achieved
through examining of a few specimens. However, the current results show that the LEAP
technique is a promising method for the proposed objective. Two typical distribution
images of the needlelike specimens are shown in Figure 6.5. Figure 6.5(b) shows a band
of high concentration of iron oxide, but it is not likely to be at the grain boundary. The
presence of this oxide might be due to the specimen preparation. However, the main

elements have not been analyzed yet and so this characterization is still underway.

(nm) '

(@ (b)

Figure 6.5. Typical images of atomic distributions in the B2-steel. (a) quenched just before the
tensile test at the straightening stage, and (b) quenched immediately after the fracture at the
straightening stage. Both quenched from 1000°C.
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6.4. Effect of Deformation During Solidification

Comparing the deformation curves shown in Figures 5.5, 5.8 and 5.10 and also the results
of hot ductility evaluation summarized in Table 5.2, it is clear that pre-deformation (either
compression or tension) incorporated with the solidification has resulted in deterioration
of the hot ductility and this is independent of the pre-deformation mode. As well, it is
concluded that this detrimental effect is independent of composition since the ductility has

been lessened in both the Nb-steel and the B-steel.

With regard to pre-tension, such deformation could prevent solidification cavities from
being closed up, and generate cracks and discontinuities in the very weak mushy region
(where liquid and solid coexist). Therefore, the solidified structure contains cracks and
voids, which are destructive to the hot ductility. On the other hand, at this stage, pre-
compression could help in closing up and healing any cavities that were forming during
the solidification, i.e. solidification shrinkages. However, pre-compression was also found
to be detrimental, but not to the same extent as pre-tension. Considering this, it seems that
small voids and discontinuities generated solely by the solidification appear to have little

influence on the hot ductility.

The fracture characteristics shown in Figures 5.27 and 5.29 clearly illustrate that, for both
modes of pre-deformation, the failure developed substantially through grain boundary
separation with facet surfaces, as opposed to mostly sheared surfaces exhibited in Figure
5.19, where the steel had been subjected to the thermal schedule alone. Therefore, it is
concluded that interactions between the pre-deformation during the solidification and
other phenomena taking place in the mushy zone resulted in weakness of grain

boundaries.

One possibility is that the deformation affected segregation characteristics and this led to
the loss of hot ductility at the straightening stage. Segregation or enrichment of solutes

and alloying elements is the most important event occurring during the solidification of
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steel. Using the Scheil equations, microsegregation resulted from solute rejection during

dendritic freezing in steel can be considered as follows:!'*>*

C
for interstitials: C=—T"— Equation 6.11
or interstiti s (Equation )
for substitutionals: C,=C,g"" (Equation 6.12)

where g is volume fraction of remaining liquid in any given volume element of the
solidifying mass, C, initial solute concentration at g=/, C; solute concentration in the
enriched liquid, and & is solid/liquid equilibrium solute distribution ratio. The solute
distribution ratios in dilute solutions of X in selected systems of Fe-X are listed in Table
6.2. Using these values of & in equations 6.11 and 6.12, segregation profiles for the Nb-
steel during solidification can be determined and are shown in Figure 6.6. Similar profiles
can be obtained for the B-steel. However, the intensity of carbon segregation is less in the
latter.

Table 6.2. k values for some elements.!"*”!

Solute X |k =[%X]; /[%X],
Al 0.6
C 0.2
H 0.27
Mn 0.74
N 0.27
Nb 0.27
o) ~0
P 0.08
Si 0.6
S | 0.04
Ti 0.6

When solute concentrations in the interdendritic liquid become sufficiently high,
reactions may occur between the solutes resulting in the formation of oxide, silicate,
oxysulphide inclusions, and gas bubbles. An important reaction in the impurity enriched

interdendritic liquid is the precipitation of MnS inclusions. In the vicinity of the liquidus
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Fraction of solidified liquid

Figure 6.6. Interdendritic solute enrichment in the Nb-steel during solidification,
if there is no reaction between elements during solidification.

temperatures, the solid MnS solubility product [%Mn][%S] is about 0.92.1*! Then, as
Mn and S profiles in Figure 6.6 suggest, MnS obviously precipitates in the interdendritic
liquid, especially during the later stages of solidification. In the case of rapid rates of
solidification, as in the thermal schedule, the local equilibrium reaction may not prevail
and some liquid ‘FeS’ may precipitate in the last liquid to freeze. This can happen even
though the ratio of Mn/S in the steel is greater than the critical value for MnS to

11631 Such reaction has been shown to deteriorate the hot ductility of steel.*”’

precipitate.
Some evidence for a combination of FeS and MnS on fracture surfaces have been already
reported and a mechanism that requires the precipitation of FeS in lieu of MnS during

cooling from high temperatures has been proposed.””’

TiN is also an important precipitate, especially in the microalloyed steel. The solubility

product of this precipitate in the liquid steel is given by.!'"!

[Ti][N]=105-16586T

This solubility limit, for the Nb-steel, is plotted in Figure 6.7 in terms of Ti versus

interdentrically segregated N during the solidification. Also, for comparison, the amount
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of Ti segregated interdendritically is plotted. As can be seen, the amount of Ti available
in the interdendritic locations is far beyond what is needed for TiN to precipitate in the
liquid. Consequently, TiN is expected after about 20% completion of the solidification.
Therefore, during the solidification, most of the remaining N in solution will precipitate
as TiN in the interdendritic liquid, which subsequently becomes the 8-ferrite and austenite
grain boundaries. The particles of TiN seated at austenite grain boundaries will be the
preferential sites upon which NbC will precipitaté during further cooling of the steel.!!'*!
Large TiN cubes in steel, in which the product of [Ti][N] was lower than the solubility
product in the liquid state, has confirmed significant segregation for both Ti and N in
liquid."***! Furthermore, EDS analysis results from many large cuboidal carbonitrides
precipitates have shown that they have a titanium-rich core surrounded by a niobium-rich

skin.'* This explains why Ti and Nb are detected at some grain boundary particles in
Figure 5.28(f).

0.2

0.16 -

0.12 |

Ti wt%

0.08 - T

0.04 4

0 T ¥ 3 i H
0.008 0.013 0.018 0.023 0.028 0.033
N wt% _
Figure 6.7. Solid line; solubility limit of TiN versus interdendritically

segregated N from 1500 to 1430°C. Dashed line; interdendritically segregated
Ti versus segregated N. (the Nb-steel)

Al and Si both decrease the liquidus temperature in steel. The rate of this reduction is 2.5
and 14°C/wt% for Al and Si, respectively. In addition, Si reduces the surface tension of
iron liquid by 30 mNm™'/wt%.!"®*] Certainly, these effects are more intense in the later
percentages of liquid being solidified since it is highly segregated of these elements.
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Based on this information, the effect of pre-deformation is explained as follows. In the
first cooling segment of the thermal schedules, the solidification starts with formation of
dendrites and columnar grains growing toward the center of specimen, Figure 5.34(a).
Thus, the remaining liquid is confined inside a solidified shell as shown schematically in
Figure 6.8(a). As the solidification proceeds inside the shell, the liquid between grains
becomes more and more enriched of alloying elements (Figure 6.6). This segregated
liquid is shown in Figure 6.8(a) at both horizontally and vertically growing grain
boundaries. The segregated liquid is also more fluid mostly because of segregated Si.
This was confirmed by EDS analysis of the liquid solidified between grains, where a high
concentration of Si was detected, Figure 5.35(e). The occurrence of the oxygen signal in
that spectrum is probably because of surface oxidation. On the other hand, according to

the Fe-Si equilibrium phase diagram,''®”!

and the relative amount of Si to Fe, a Fe-Si
eutectic compound is likely to form at 1200°C. Therefore, some liquid at grain boundaries

might have a delayed solidification till 1200°C.

particles entrapped at
grain boundary

— )
r ; . SE bulglng crack at grain

boundary

gauge length

segregated liquid
between grains

(d)

(a)

crack at grain
boundaries

(e)

Figure 6.8. Mechanism of crack formation and loss of grain boundary strength due to pre-
compression during solidification.
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When such a solidifying structure is subjected to a compressive deformation
longitudinally, the solidified shell bulges out horizontally owing to the internal
hydrostatic pressure from the liquid to the solidified shell, as shown schematically
Figure 6.8(b). Simultaneously, the liquid is extruded into grain interspaces and transfers
and accumulates particles and inclusions at grain boundaries. When the solidification is
completed, these accumulated particles remain at grain boundaries leading to severely
weakened grain boundaries. This is illustrated in Figures 5.35(d) and 6.8(c). Here, the
accumulation of particles plays the main role in weakening grain boundaries and particles
distribution due to equilibrium solidification does not necessarily lead to any considerable
loss of hot ductility. Also, in addition to particles, the highly segregated liquid is
compressed and sheared between horizontal grains leading to grain boundary cracks upon
completion of the solidification, Figure 6.8(d). Typical examples of this are shown in
Figures 5.28(b) and (h) where high segregation of carbon was determined inside cracks at
grain boundaries. Furthermore, during pre-compression, the liquid is pushed between
grains growing longitudinally and, hence, inclining them horizontally toward the bulging
direction of the gauge length region, Figure 6.8(b). This, at later stages of solidification,
results in discontinuities at the grain boundary segregated liquid and, consequently,
intergranular cracks in the resultant solid. This is illustrated in Figure 5.27(d) and
schematically in Figure 6.8(e). Note that such cracking occurs because solid and liquid
are adjacent to each other, and this is the liquid that endures the most deformation and is

sheared and cracked during solidification.

On the other hand, the movement of liquid along its interface with the solid could make
diffusion difficult through the solidification front. This can lead to two adverse
consequences. Firstly, the solute concentration in the liquid will be more severe than
when the liquid is stationary. Therefore, all the detrimental effects due to segregation are
more intense. Itoyama et al.'"”! investigated the effect of oscillations during solidification
in the continuous casting and proposedvthat the pressure change can alter the amount of
enriched molten steel in interdendritic regions, although no specific mechanism for the
interaction between deformation and segregation was offered. Salvadori e al.!'*® studied

the effect of liquid agitation (stirring) on the segregation ratio and found that the stirring
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enhances intergranular segregation during the steel solidification. However, the exact
interaction between deformation/agitation in liquid and segregation patterns has not yet
been well documented. The second potential defect, because of the moving liquid, is that
a strong bond between current and new solids, at the solidification front, could be difficult
to be established, especially during the later stages of solidification. In this respect, the
final consequence is a weakened grain boundary. Grain boundary separation resulting in
grain surfaces with liquid-like appearances, demonstrated in Figure 5.34, can be attributed

to these phenomena.

One interesting aspect regarding the grain surface is a fibrous structure covering the grain
surface. This is shown in Figures 5.19(d), 5.27(c), and 5.29(c). This structure was
observed in almost all specimens subjected to the thermal schedules alone and the thermal
schedules incorporated with pre-deformation. Hence, it would appear that pre-
deformation was not necessary to form such fibers. Meanwhile, no clear explanation can
be suggested for such a grain boundary structure. It may be a usual as cast grain boundary
structure observed in a very high resolution electron microscope. As well, it may be a
second phase solidified/formed on the grain surface during the solidification and/or

. 7,168
cooling.!'%7!

! However, only iron, carbon, and oxygen were detected in the EDS
analysis of these fibers. As the specimens were air cooled or quenched in water after the
fracture, the presence of oxygen is rather unlikely to be ascribed to a grain boundary

phase formed before the fracture.

Two different regions on grain surfaces in Figure 5.34(b) suggest that there must have
been two different modes that contributed to the final fracture. The facet region,
designated by A (Figure 5.34(c)), contains irregular shaped particles 100 to 400 nm in
size. Characteristic x-ray analysis revealed Fe, Al, and O as major constituents. Assuming
that the Fe signal in the spectrum has come from the iron matrix, these particles can be
characterized as Al,Os. Suzuki et al.!"! detected similar precipitates on austenite grain
surfaces in a plain carbon steel subjected to in situ melting and fractured intergranularly at
temperature range of 900~1200°C. They also reported corresponding grain boundary

dimples associated with the fracture. However, in the current work, it seems that grain
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boundaries were too weak to withstand the load needed for void nucleation and growth at
the precipitates and grain boundaries separated before formation of voids. This is also
consistent with the values obtained for the reduction in area for this specimen and those
obtained for the specimens of Suzuki and co-workers’, being 0 and ~20%, respectively.
As explained before, the liquid movement during solidification can be considered as a
cause for this severe grain boundary weakness. On the contrary, no precipitates were
found on the rough region, designated by B, Figure 5.34(d). Overall, this area
demonstrates shear-like appearance with some cavities, Figure 5.34(b). This implies a
stronger grain boimdafy, as opposed to region A. Therefore, it can be concluded that the
failure, at grain boundaries, initiated at region A and extended to region B. In other |
words, region A behaved as a grain boundary crack that propagated through region B

leading to an early rupture.

The presence of segregated low melting point phase entrapped between dendrites,
because of deformation, was also observed and explained by other investigators. Harada
et al"% studied the effect of bending deformation in the mould in the continuous casting
process and proposed that the deformation can cause the segregated liquid to be entrapped
between dendrites that leads to cracking during subsequent deformation processes. Barber

and Perkins!'®”’

proposed a finite element model to approximate the strains resulted from
bulging, roll misalignment, and bending of the semisolid strand during continuous
casting. They concluded that, in order to prevent internal cracking, casting machines
should be designed and operated such that the total strain at each position in the strand is
minimized. More recently, Han et all'’ developed mathematical models for strain
analysis and microsegregation during continuous casting of slab. They showed that the
interaction between deformation and segregation during solidification leads to internal

cracking of slabs.

As for the detrimental effect of tensile deformation during the solidification, the
mechanism of hot ductility deterioration is much less complicated. Pre-tension during the
solidification can readily create cracks at the remaining liquid. Here, even though

segregation can interact with pre-tension, its interaction does not seem necessary to
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produce a detrimental result since the pre-tension is deleterious enough by itself to

decrease the hot ductility markedly.

The intensity of such deleterious effect of pre-deformation during solidification depends
on both the strain rate and the temperature at which the pre-deformation starts. Figure
5.17 obviously demonstrates that lower strain rates are less detrimental. As can be seen, at
strain rate 0.009 s, the pre-compression is detrimental and its effect does not change
considerably as long as it starts within the solidification region. It should be noted that the
pre-compression, in this case, started in the solidification region and it continued in the
solid region, i.e. true strain 0.1 was applied during cooling at a rate of 10°C/s (the first
cooling segment of the thermal schedule). Comparing these results with that of specimen
I in Figure 5.10, in which the pre-compression was limited within the solidification
region, and the respective RA value in Table 5.2, it seems that continuing the pre-
compression into the solid region alleviates somewhat the severity of the detrimental
effect of the pre-compression imposed within the solidification region. At the lower strain
rate, 0.003 s, no detrimental effect from the pre-compression during the solidification
was observed. Consequently, the more pre-deformation applied during solidification, the
worse the hot ductility. In this respect, pre-deformation in the solid region appears
beneficial no matter if it has been initiated during solidification or after completion of

solidification, Figure 5.17. This will be discussed in the next section.

6.5. Effect of Deformation after Solidification

6.5.1. Effect of Deformation in 3-Ferrite Region

Pre-deformation applied in the §-ferrite region during cooling does not have significant
influence on the hot ductility at the straightening stage, but, if anything, it tends to be
deleterious. Table 5.4 shows that, in the B-steel, 5% pre-deformation in the d-ferrite

region led to a slight loss of the hot ductility, with no real difference between pre-tension
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and pre-compression. A similar result was obtained in the Nb-steel for 2% pre-

compression, Table 5.4 and Figure 5.12.

The specimens deformed in the 8-ferrite region demonstrate both finer and larger fracture
features, Figures 5.31 and 5.32, than those of the specimen subjected to the thermal
schedule alone. Even though the finer fracture features suggest a higher ductility, the
larger ones are the indicative of a lower ductility and the relative amount of these fracture
characteristics indicates the steel general ductility. This explains why tfle pre-deformation
in the §-ferrite region did not considerably alter the hot ductility from that developed by
the thermal schedule alone. However, the mechanism of failure is still grain boundary
separation through void formation and coalescence at grain boundaries, as was shown in
Figures 5.32(b) and (c). The finer characteristics can be attributed to the closure of
solidification shrinkages and cavities during the pre-compression. Thus, new voids were
required to nucleate at grain boundaries to proceed the grain boundary separation. It
should be emphasized that such fine characteristics cannot be ascribed to (dynamic)
recrystallization, i.e. grain refinement, since dynamic recovery easily relieves the strain
accumulation in 6-ferrite. In fact, it has been found that the flow behavior of 8-ferrite

(ST This is evident in the flow curves shown

almost follows a horizontally straight line.
in Figures 5.11(a) and 5.12(a) for d-ferrite. On the other hand, large cavities can be

grown-up solidification defects, i.e. voids, under the tension at the straightening stage.

Figures 5.36(a) and (b) illustrate that some mushy films were deformed during the pre-
compression of O-ferrite, since the pre-compression started too close to the non-
equilibrium solidus temperature. Hence, this can be considered as the reason for the poor

mechanical behavior at the straightening stage, shown in Figure 5.12 for specimen 1.

Conclusively, pre-deformation in the &-ferrite region has a little influence on the hot
ductility and such effect is ambivalent. If pre-deformation is applied too close to the non-
equilibrium solidus temperature (as defined in Figure 5.3), it may break freshly solidified
regions at grain boundaries that are still too weak to withstand any deformation. In this

way, the pre-deformation appears detrimental to some extent. In contrast, if there is no
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breakage of mushy film at grain boundaries, closure of solidification shrinkages under
pre-compression can lead to slight improvement in the hot ductility. These effects are
controlled by both the amount of deformation and the deformation rate. Nevertheless, the
effect of pre-deformation in the o-ferrite region is rather negligible in comparison with the

effect of deformation during the solidification and the 8->y transformation.

6.5.2. Effect of Deformation in 5—y Transformation Region

Pre-deformation during the 8—y transformation significantly influenced the hot ductility
at the straightening stage, especially in the Nb-steel. Table 5.4 showed that such pre-
deformation can lead to 6% and 25-37% improvement in the hot ductility at 1000°C and
1020°C in the B-steel and the Nb-steel, respectively. Figure 5.43 showed that the pre-
deformation incorporated with the transformation led to a smaller grain size at the
straightening stage. As well, the high hot ductility in the B-steel, subjected to the thermal
schedule alone, was explained to be due to dynamic recrystallization, Figure 5.20(d).
Hence, dynamic recrystallization at the straightening stage is expected to have begun
earlier in the B-steel specimen that was pre-deformed during the transformation than the
specimen subjected to the thermal schedule alone. The recrystallized grains are also
smaller in the former, Figure 5.42(a). Consequently, the smaller initial grain size and,
therefore, the earlier dynamic recrystallization are considered as the reasons for the hot
ductility improvement in the B-steel. The earlier dynamic recrystallization leads to an
earlier isolation of grain boundary cavities that postpones the void linkage at grain

boundaries.

The smaller amount of hot ductility improvement in the B-steel than the Nb-steel can be
attributed to the fact that dynamic recrystallization occurred in the B-steel also without a
pre-deformation during the transformation. On the contrary, no dynamic recrystallization
was observed in the Nb-steel subjected to the thermal schedule alone. Hence, dynamic
recrystallization might have contributed to the hot ductility improvement in the Nb-steel

after it was pre-deformed during the transformation.
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The specimens deformed during the transformation display finer fracture features than the
specimen subjected to the thermal schedule alone, comparing Figures 5.39 and 5.21.
Figure 5.40(a) revealed two distinct regions on the gram surface; the facetted region,
identified as A, and the rough region, identified as B. As can be seen in the latter, the
, roughness is because of dimples formed at Al,O; particles. This is in agreement with the
result found by Suzuki e al.®! in specimens cooled, from the melting temperature, to the
fracture temperature. Elongated dimples in Figure 5.40(d) implies that they have been
formed under shear stress. Therefore, the grain boundary sliding led to void nucleation

and elongation at grain boundaries.

The pre-deformation during the transformation also resulted in grain refinement during
the tensile deformation at the straightening stage, comparing Figures 5.22 and 5.41.
Consequently, dynamic recrystallization was a viable mechanism that led to the hot
ductility improvement in the Nb-steel. In the specimen subjected to the thermal schedule
alone, the grain size near the fracture region varies from 282 to 891 um with an average
of 586 um. Also, the grain aspect ratio (length/width) is calculated to vary between 2.1
and 4.6. On the contrary, the specimen deformed during the §—»y transformation, Figure
5.41(a), displays a grain size range between 9.5~42 um with an average of 32 um and the
grain aspect ratio changes from 2.3 to 7.9. The greater grain aspect ratio indicates that
more deformation was endured in the grain interior. In addition, there are no grain
boundary cracks, like those that were shown in Figure 5.22(a). Nevertheless, small and
isolated grain boundary cavities are present. This is in agreement with Figures 5.21 and
5.39 with regard to the fact that the specimens deformed in the transformation region
exhibit more but smaller cavities on the fracture surface than the specimen solely

subjected to the thermal schedule.

Even though the specimens were quenched within one second after fracture, it may be
argued that such a grain refinement is mostly due to metadynamic recrystallization rather
than dynamic recrystallization. The former has also faster kinetics. To consider such an

argument, the microstructure was examined in more detail.
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In Figure 6.9, irregular grain boundaries, instead of straight boundaries, at the fracture
region, indicate that cracks were arrested and changed their growth paths iteratively
before turning into large cracks. Since as cast structure is made up of long and rather
straight grain boundaries, the only possible reason for this tortuous fracture path is
nucleation of new grains at grain boundaries along which crack propagation was
underway. Furthermore, the outward projection of very small grains on the fracture edge
impliés that these grains had formed before the decohesion of their common boundaries
with the grains on the opposite fracture edge. An arrow in Figure 6.9 indicates a typical of
these grains. On the other hand, at such a low strain rate, i.e. 5x107 s™', it is unlikely that
as much recrystallization as that depicted in Figure 6.9 can be ascribed to the
metadynamic process. It has been shown that metadynamic recrystallization is a strain
rate dependent phenomenon and its kinetics in the Nb-containing steel is described as

follow;!!7!!

(Equation 6.13)

t,s = (12[Nb]+0.5)x10 ™ Z % exp(403000]

RT

where £, is the time for 50% recrystallization, Z is the Zener-Hollomon parameter, and R
and T have their usual definitions. By substituting Z with equation 6.2, equation 6.13 can

be rewritten as follows:

tys = (12[NB] +0.5)x 10 ° exp(;%—j (Equation 6.14)

where Q =0, —0.840Q, .. For two Nb-containing steels, with 0.023 and 0.07 wt%Nb,

examined in Ref. 171, Q was found to be 92 kJ/mol. Using this value and by solving
equation 6.14 for the Nb-steel, #ys is approximated to be 47 seconds at 1000°C.
Consequently, recalling that the specimen was quenched by water impingement within
one second after the fracture, the level of metadynamic recrystallization would be much

less than that shown in Figure 6.9.
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Figure 6.9. Microstructure near the fracture region in the specimen III in Figure
5.13. Etched with picral.

In addition, it was noticed that some small grains, ~25um mean grain size, have grain
aspect ratios of as large as 7. Obviously, such deformed grains had formed during the
deformation, i.e. they are products of the dynamic recrystallization. However, the absence
of a hump on the stress-strain curve, Figure 5.13(b), should still be addressed and the
occurrence of dynamic recrystallization needs to be verified from the stress-strain curve

in the Nb-steel.

Although dynamic recrystallization is usually indicated by the appearance of a peak on
the stress-strain curve, it is actually initiated at a ’critical strain’ that is smaller than the
strain corresponding to the stress peak.’>'?®). Thermodynamically speaking, there is a
critical amount of stored energy needed for the initiation of dynamic recrystallization.
From a microscopic point of view, two simultaneous processes govern the formation of
substructure during deformation.!'’”! Generation and accumulation of dislocations is the
first process during which the energy is stored. The second or counterpart process is the
relaxation process involved in the motion, rearrangement and annihilation of lattice
[172]

defects, e.g. dislocations and vacancies. Based on these phenomena, Poliak and Jonas

established a critical kinetic condition for the initiation of dynamic recrystallization with
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regard to the thermodynamics of irreversible processes. If the total work done along a
particular irreversible path and the total work stored in the material in the form of the
dislocation substructure are W, and W, respectively, an increment of dissipative work

during plastic flow, oWy, is defined as follow;
Wy = Wt - Wet (Equation 6.15)

where the increment of actual irreversible work performed during the deformation is
given by oW,,, = ¢.de, o and € being stress and strain, fespectively. The dissipative work
is linked to the entropy. Equation 6.15 was further developed and they finally concluded

that the critical state for the onset of dynamic recrystallization corresponds to an inflection

point in the 0-c curve, where 8 = %9_ In other words, at this point
€

i(aGC]—O (Equation 6.16)
o e quation 6.

where 0. is the strain hardening rate at the onset of dynamic recrystallization. It should be
notified that the association of onset of dynamic recrystallization with the point of
inflection on the 6(c) curve was first proposed by Ryan and McQueen!'™ in 1990.

However, they did not give a physical reasoning for this assumption.

The consideration proposed by Poliak and Jonas is based on the thermodynamic
instability of the microstructure in terms of internal energy and entropy and it does not
talk about the instability of the microstructure (substructure). Gottstein et al.“m recently
utilized a “Three Internal Variables Model”, which assumes that the deformed state
comprises a cellular structure with a high dislocation density in the cell walls. The cell
walls, in turn, enclose cell interiors of considerably lower dislocation density. This model,
which is based on the criterion of irreversible thermodynamics proposed by Poliak and
Jonas, considers three state variables, namely the mobile dislocation density and the
stored dislocation densities in the cell interiors and the cell walls. Gottstein et al.
concluded that the critical conditions for dynamic recrystallization can be associated with

the conversion of rigid cell walls to mobile subboundaries owing to extensive dynamic
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recovery. Their predicted results showed good agreement with the criterion proposed by
Poliak and Jonas, i.e. the ‘one-parameter critical condition’. Considering such a good
agreement, they suggested that one internal parameter is dominant, namely the one that
most strongly affects the flow stress at large strains. In this respect, the “Three Internal
Variables Model” approaches the “one-parameter model” behavior, so that essentially the

flow stress is represented in terms of the total dislocation density.

In these two models, the initiation of dynamic recrystallization was studied with regard to
thermodynamic and microstructural instabilities, respectively, and good consistency was
observed between experimental (the thermodynamic model) and simulation (the
microstructural model) results. It should be emphasized that both models consider the
critical condition for the initiation of dynamic recrystallization regardless of the hump on
the stress-strain curve. In fact, the presence of stress peaks in constant strain rate flow
curves is considered as the sole reliable indication of the initiation of dynamic
recrystallization since the attainment of the critical condition (c.(€;)) does not reveal itself
in the flow curve, which remains smooth prior to and beyond the critical point. This is
why flow curves withbut well-defined stress peaks are generally believed to pertain to
mechanical behavior with dynamic recovery as the only restoration mechanism.
Nevertheless, dynamic recrystallization takes place in many materials even though no
clearly defined stress peaks are observed in laboratory flow curves, examples of such
materials include Nb-microalloyed low carbon and austenitic stainless steels.'”*'7*! In
order to deal with this subject, Poliak and Jonas''’*'’® recently applied their ‘one-
parameter approach’ to constant and varying strain rate hot deformation processes to

accurately identify the occurrence of dynamic recrystallization.

Figure 6.10 shows schematically a classical stress-strain curve in which dynamic
recrystallization is easily discerned. The parameters of dynamic recrystallization, i.e.
critical and peak stresses and strains, are also illustrated in the Figure. Nevertheless, this is -
not the case in the deformation curves presented in Figure 5.13(b), in which dynamic
recrystallization is questionable. Therefore, the purpose is to verify the occurrence of

dynamic recrystallization in these specimens using the concept of the thermodynamics of
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irreversible processes. It should be emphasized that this concept has been only used in
compression experiments so far. Even thoughv it should be applicable in tensile
experiments, cautions should be considered when dealing with materials in which grain
boundary decohesion and deformation localization are mechanisms of fracture since these
can affect the strain hardening behavior. As well, it should be used carefully as a material

approaches its necking stage.

True stress

True strain

Figure 6.10. Constant strain rate stress-strain curve typical of dynamic recrystallization.

Since load cells being used in the deformation processes do not usually render exact
instantaneous values, but very short range fluctuations around the real load, stress-strain
curves are not very smooth, as can be seen in Figure 5.13(b). This appears as iteratively
positive and negative strain hardening, even though strain hardening is always positive
before the highest point on the curve. Therefore, if the strain hardening is to be evaluated,
the first step is to filter out and best approximate the experimental deformation curve with
a polynomial of appropriate order. This has been done for specimens I, II, and III in
Figure 5.13(b) and the polynomial equations, together with their respective degrees of fit
goodness (R?), are as follows (note that these equations describe only the strain hardening

segment of the deformation curves, i.e. from the yield point up to the maximum stress);

[ O=-3815.76* +2204.1" - 574,667 +177.45+ 30.759 (Equation 6.17)
(D p2_099098

ar) 0="2130.6¢ + 1840.8¢* —630.67¢ +202.18¢ +26.976 (Equation 6.18)
R*=0.9998
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6 = —4555.1" +3962.68° —1271.7¢* +284.92¢ + 27.285 (Equation 6.19)
(D > _ 0.9996

In Figure 6.11, the stress-strain curves corresponding to the polynomial equations are
compared with their respective experimental curves. As can be seen, the regressed curves

exhibit excellent agreement with the experimental curves.

A
The flow stress dependence of the strain hardening rate (8 = g) is illustrated in Figure

‘ Ot
6.12 for these specimens. The strain hardening rate decreases rapidly with stress increase
at low stresses, i.e. at early stages of plastic deformation, Figure 6.12(a). As the flow
stress increases, the rate of decrease in 6 decelerates until the critical stress, i.e. o,
corresponding to the onset of dynamic recrystallization is reached. According to equation
6.16, the inflection point in the 6-c plot serves as an indication for initiation of dynamic
recrystallization. Afterwards, 0 again starts to decrease rapidly at an increasing rate. This
quantity tends to infinity as the flow stress approaches its peak value, G, at 8 = 0. Note
that o, does not necessarily correspond to the dynamic recrystallization peak in tension as
it may be due to the flow localization, i.e. the ultimate tensile strength. Figure 6.12(a) also
shows that there is a slight increase in 0 after the inflection point in specimen I. This is
most probably due to some experimental errors since the strain hardening rate does not

increase while dynamic recrystallization is underway. For the same reason, the minimum
of (—g—g) occurs in the negative region of the graph rather than the positive region, as
o

shown in Figure 6.12(b). With regard to this error and the concept of the ‘one-parameter

approach’, the inflection point in specimen I, the initiation of dynamic recrystallization,

occurs where (— _@@_) =0.
do.
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Figure 6.11. Comparison of experimental stress-strain curves of the specimens
in Figure 5.13(b) with those obtained by their respective polynomials. (a), (b),
and (c) correspond with specimens III, 11, and I, respectively.
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Figure 6.12. Stiain hardening rate plots for the specimens introduced in Figure
5.13(b). 1, I, and III correspond with the same specimens in Figure 5.13.

It is also noticed that both o, and o, increase with the rate of pre-compression applied
during the 8—y transformation, from specimen III to specimen I in Figure 5.13. This is
partly because of larger diameters in the specimens subjected to faster deformations
during the transformation (as mentioned before, the initial diameter was considered in
calculation for the true stress). At higher strain rates, more compressive deformation is
applied at higher temperatures where the material is more suscep'tible. to bulging. This
results in somewhat larger cross section and slightly greater force is needed to deform the

material. This is why the deformation curve of specimen I, which was subjected to the
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highest pre-compression rate, is above the other two in Figure 5.13(b). However, this does

not affect the strain hardening rate in the material.

Furthermore, by definition, the normalized strain hardening rate, v,, jst!76l

_l[a_cs) >l E ion 6.20
Ye o\de). o (Equation 6.20)

~ On the other hand, at the onset of dynamic recrystallization!'’>

00 9
— :C :C C .
(6cjw Yee =55 (Equation 6.21)

c

where C is a constant. In the logarithmic form, equation 6.21 can be rewritten as

meY _,. |
oo/, (Equation 6.22)

This equation indicates that the In6-Inc plot must also display an inflection at the onset of

dynamic recrystallization. As well, since!*’

(8_9) =(alne) (Equation 6.23)
o6 ), \ Ot ),

the InB-¢ plot must also exhibit an inflection at the onset of dynamic recrystallization.
Consequently, in order to determine o, and g, precisely, it is necessary to determine the

0ln6 L . These determinations are
(o]

oe

or the minima in and

n . ’ae
mmimum m |——
oG

illustrated in Figures 6.13 and 6.14 for o, and &, respectively. As can be seen, the values

for o. are consistent with those obtained from the (— g—ej plot. g, is also defined in
o

Figure 6.14 and follows the same trend as €. does.
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Figure 6.13. Determination of critical stress in the specimens of Figure 5.13. (I, 1I,
and III correspond with the same specimens in Figure 5.13.)

As Figures 6.12 and 6.14 show, the critical stress and critical strain ratios, 6./Gp and €./€,
remain fairly constant at about 0.78 and 0.48, respeétively. These values are consistent
with the values reported by Poliak and Jonas, as being 0.85 and 0.5 respectively, obtained
in compression experiments for a Nb-containing steel.'’®'”” The small difference

between the 6./c, values may be partly attributed to the histories of the materials studied
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Figure 6.14. Determination of critical strain in the specimens of Figure 5.13. (I, II,
and III correspond with the same specimens in Figure 5.13.)

in this work and theirs, i.e. as cast versus pre-heated specimens, respectively. The mode
of deformation, i.e. tension versus compression, is unlikely to have any effect on the
material flow behavior as long as the deformation is uniform. This applies to the absence
of a dead zone and barreling during compression and the absence of necking and
deformation localization during tension. Unfortunately, it is not presently possible to
accurately distinguish if ¢, is attributed to dynamic recrystallization or the formation of

pores and cracks in the examined specimens, i.e. specimens I~III in Figure 5.13.
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It should be noted that there are striking qualitative similarities in the 6-¢ behavior
associated with dynamic recrystallization and that displayed when flow localization
occurs in tension. The onset of both dynamic recrystallization and flow localization
(necking) manifest themselves through the appearance of an inflection point in the 6-o
curve. Figure 6.15 shows the strain hardening behavior of the Nb-steel and the B-steel
under conditions that dynamic recrystallization did not take place. Nevertheless, both the
0-c and In6-¢ curves exhibit inflection points. These inflections can be attributed to flow
localization and/or grain boundary decohesion. Comparing the values of /G, and &/¢; in
Figures 6.15(a) and (c) with those in Figures 6.12(a) and 6.14(a), it appears that o.(g.) is
closer to Gp(gp) In the case of flow instability and/or grain boundary decohesion (failure).
Therefore, in tension, an mflection point being too close to the ultimate tensile strength
most probably represents the onset of failure. As well, the peak strain corresponds to the
strain at the ultimate tensile strength when there is a sharp decrease in stress after the
peak, as shown in Figure 5.5. On the contrary, the peak strain is likely to be ascribed to
dynamic recrystallization if the stress decreases slowly after the peak or there is another
peak following the first one, situations similar to those illustrated in Figure 5.6 (specimen
IIT) and Figure 5.1, respectively. Conclusively, these results show that, in order to verify
the occurrence of dynamic recrystallization in tensile experiments, €/€, seems to be a
reliable measure to begin with, ie. €/¢,>0.6 is less likely to be attributed to dynamic
recrystallization. Then, the microstructural examination should be performed to confirm
the tensile strain hardening behavior. Figure 6.16 shows the strain hardening behavior of
the B-steel in which a considerable amount of dynamic recrystallization occurred at the
straightening stage (Figure 5.42). Even though, the values of 6/c, and &/¢;, are greater
than those determined for the Nb-steel in Figures 6.12 and 6.14, /¢, is less than 0.6 and

in agreement with the suggested criterion for dynamic recrystallization in tension.

Assuming that the peak strains in Figure 6.14 are attributed to the dynamic
recrystallization, the initial grain sizes of specimens I-III, Figure 5.13(b), can be

calculated. Equation 6.10 explains the dependency of €, on the experimental conditions,
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Figure 6.16. Strain hardening behavior of the B-steel after pre-compression in the §—y
transformation region, corresponding with specimen III in Figure 5.11(b).

i.e. strain rate and temperature. Since both the strain rate and temperature were constant at
the straightening stage, hence, the initial grain size was the only parameter varying among
the specimens. It was found that, in a microalloyed steel containing 0.03 wt% Nb, €, can

be approximated as'"**'*%
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£, =58x10"d;°Z%" (Equation 6.24)

In addition, in a series of steels in which dynamic recrystallization was studied, it was

found that the activation energy of deformation is approximated as!'*"’

Oy =297+ 641[%Nb]+123[%Mo]+[%Ni] (Equation 6.25)
—111[%Cr]  (kJ/mol)

With regard to the Nb-steel chemistry, Qu.s is calculated to be 313 kJ/mol, which is very
close to the value (319 kJ/mol) reported by Poliak and Jonas for a Nb-bearing low carbon
steel that showed dynamic recrystallization.'7® Therefore, using equation 6.2, Z at the
straightening stage is 2x10'° s and the initial grain size can be easily approximated. The

results are summarized in Table 6.3. The smaller average initial grain size calculated for

specimen ITI, which was pre-compressed at £ =3x107 s™' during the 8—y transformation,

than the average grain size in Figure 5.43(b), i.e. ~220 um, is partly attributed to the
errors included in the calculation of the activation energy. This difference may also imply
that the real g, is greater than the peak strain specified in Figure 6.14, i.e. the ultimate
tensile strength peak preceded the recrystallization peak. Furthermore, it should be
indicated that all these models have been developed for re-heated structures and not for as
cast structures. The significant differences between as cast and re-heated structures have
been already discussed and, in particular, it was mentioned how the as cast structure

affects dynamic recrystallization. This is a subject that needs to be studied in detail.

Table 6.3. Dynamic recrystallization parameters for the specimens in Figure 5.13(b).

specimen | o, (MPa) € o, (MPa) & o./C, /€, dy (um)
I 58 0.19 74 0.4 0.78 0.48 240
I 55 0.22 71 0.43 0.77 0.51 277
I 48 0.14 61 0.31 0.79 0.45 144

As a conclusion, dynamic recrystallization at the straightening stage is taken as the reason

for the improvement of hot ductility. The onset of recrystallization was also verified by
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the ‘one-parameter approach’. Comparing Figures 5.43(a) and (b), it is obvious that the
pre-deformation during the 8->y transformation has led to a grain refinement and,
subsequently, the finer grain microstructure at the straightening stage has encouraged
dynamic recrystallization. Such grain refinement could have occurred either by the
accelerated d—y transformation or the static/dynamic recrystallization of austenite after
completion of the 6—7 transformation. Or, both mechanisms, i.e. dynamic transformation
and recrystallization, might have participated in the grain refinement process so that the

latter followed the former.

Considering the RA values in Table 5.4 and comparing specimens I and II in Figure 5.12,
which were respectively pre-compressed in the &-ferrite and the 6—»y transformation
regions, there is an improvement in the hot ductility from 13 to 27% when the pre-
deformation goes through the transformation region. In addition, no further improvement
occurs due to extension of the pre-deformation, up to 0.08 true strain, after completion of
the transformation. Hence, it appears that 13% (28-15) is the maximum imprdvement
attainable solely by the accelerated transformation. This also agrees with the
microstructure shown in Figure 5.37, where there is a grain refinement owing to the pre-
deformation applied during the transformation. On the other hand, pre-deformation after
the transformation resulted in only 8% (23-15) improvement in the hot ductility, specimen
V in Figure 5.12. Considering the grain size, this improvement in the hot ductility can be
attributed to the elimination of solidification shrinkages by compression Then, the sum of
improvements due to the pre-deformatidn during the transformation and the pre-
deformation after the transformation is 21%, provided these two pre-deformation
schedules have been applied separately to two different specimens. This is less than at
least 26% (41-15) improvement in the hot ductility after the application of 0.1 true strain
continuous pre-deformation, started before and continued after the transformation
(specimen III in Figure 5.13). Consequently, the synergistic effect of the accelerated
transformation and (dynamic) recrystallization after the transformation has led to such
improvement. In other words, the accelerated transformation generated smaller austenite
grains whose sizes were further decreased by the subsequent recrystallization. Even

though dynamic recrystallization has invariably played the major role in the second stage
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of the grain refinement process, the possible contribution of metadynamic/static
recrystallization cannot be ruled out, especially since the temperature was high enough to
provide the necessary activation energy. The very small grains in Figure 5.43(b) can be

ascribed to this phenomenon.

Accordingly, more deformation applied after the transformation would produce smaller
grains by increasing the nucleation sites for recrystallization grains. This explains the
different initial grain sizes approximated in Table 6.3, where specimen III tolerated the
greatest amount of pre-deformation after completion of the transformation. Moreover, the
- effect of the transformation rate explained in Figure 6.1 should also be taken into account.
In this respect, specimens I and II appear almost identical as there is technically little
difference between their initial mean grain sizes, as compared to that of specimen III,
which experienced the fastest rate of 6—y transformation. However, a larger initial grain
size was expected in specimen I than in specimen II since, in the former, not only the
strength transition during the 6—y transformation proceeded at a slower rate, Figure 6.1,

but also there was almost no deformation imposed after completion of the transformation.

Furthermore, despite the larger initial grain size, specimen II had a somewhat higher
ductility than specimen III. Since there is no microstructural information to explain this,
there may be another phenomenon stimulated by the pre-deformation in the proximity of
the transformation region. An alteration in the segregation pattern could be a possible
explanation since grain boundary migration occurs. As far as Nb and Ti are concerned, it
has been shown that the 6—v transformation does not change the segregation patterns
during cooling after solidification."!” Nonetheless, the idea of segregation alteration may
not be yet ruled out. This may seem reasonable since not only the transformation was
assisted by deformation, ie. less activation energy was required for the transformation,
and there were two successive grain boundary migration processes, ie. dynamic
transformation and recrystallization, but also the temperature was very high providing
high diffusion rates. Hence, the grain boundary might have been stronger owing to fewer
detrimental precipitates and decreased level of segregation. As well, the higher strain rate,

especially in the 6-ferrite region, could lead to the closure of solidification cavities. Based
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on this, larger amounts of pre-deformation applied during and after completion of the
transformation corresponds with higher hot ductility at the straightening stage. On the
other hand, considering the bulging and buckling of specimen during compression, there
is a practical limit for the amount of pre-compression. Therefore, there seem to be
optimum amounts of pre-compression, applied during and after completion of the
transformation, which leads to the highest hot ductility without affecting the shape
uniformity of specimen. Note that bulging along the gauge length can cause the tensile
deformation at the straightening stage to be concentrated outside the region that has
tolerated the pre-compression. Also, the tensile deformation is not uniform if the
specimen 1s buckled. Among the experimented specimens, specimen II that was subjected

1

to the pre-compression at ¢ =9x107 s, Figure 5.13, represents the optimum condition

of pre-compression.

If large amounts of pre-deformation can be applied after the d—y transformation with no
limitation, i.e. no problem of bulging and buckling, the rate of pre-deformation should be
designed with regard to Z values since this parameter determines if dynamic
recrystallization results in grain refinement or grain coarsening at the steady state.[126]
Dynamic recrystallization at low Z values would coarsen grains whereas it leads to
smaller grains at high Z values. Such a phenomenon also depends on the initial grain size.
Hence, the resultant grain size from the dynamic transformation should first be
determined. Then, according to the Z-dy graph corresponding to the Nb-containing steel,
the minimum strain rate leading to grain refinement in the vicinity of 1300°C can be

specified. A typical Z-dy graph is shown in Figure 6.17.

Unfortunately, information on the metallurgical phenomena taking place in the proximity
of the 8-»y transformation region is very limited, and based on this inadequate
knowledge, some of the aforementioned hypotheses are difficult to be verified. In order to
study the segregation patterns, specimens are required to be quenched very fast in the
vicinity of the 8->y transformation region and atomic distributions must be studied from

the grain interior to the grain boundary. Accomplishing this objective demands special
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experimental apparatus that provide very fast quenching on the deformation machine.
Also, some quenched specimens are required to be fractured intergranularly and the
segregation be studied at the grain boundary using Auger electron microscopy. In order to
most utilize dynamic recrystallization, its kinetics need to be studied at very high

temperatures after the 6—y transformation.

Pre-compression during the 6—vy transformation gave rise to similar behavior in the B-
steel, resulting in a smaller austenite grain size. This reduced the critical strain for
dynamic recrystallization and led to a smaller recrystallized grain size at the straightening
stage, Figure 5.42. Figure 5.42(b) displays some lines oriented in a direction nearly
parallel to the tension. Looking meticulously at these lines, it can be seen that they have
formed perpendicular to each other in some region. Hence, they are unlikely to be prior
austenite grain boundaries since such orthogonal configuration for grain boundaries is not
favorable energetically. On the other hand, they are too close to each other to have formed
as cast grain boundaries. Examination in the FEGSEM, Figures 5.42(d) and (e), revealed
that these lines are appeared to be the base of steps formed within grains, most probably

due to the bainite transformation. Small voids at grain boundaries shown in Figures
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5.42(c) and (d) are attributed to the accommodation of grain boundary sliding after

saturation of deformation in grain interiors.

6.5.3. Effect of Cyclic Deformation after Pre-deformation in &—y

Transformation Region

Since the grain refinement due to the pre-deformation incorporated with the 86—y
transformationA improved the hot ductility, it was reasonable to anticipate more
improvement with increasing grain refinement. For this, the pre-compression during the
transformation was followed by a cyclic deformation, as illustrated in Figure 5.14. The
purpose of applying such cyclic deformation was to accumulate the strain in order to
stimulate recrystallization. Nevertheless, no improvement more than that achieved solely
by the pre-compression during the transformation was attained, Table 5.4. Both Figures
5.14(b) and (c) display dynamic softening that is more evident in the compression cycles
(leveled plastic region). The compression cycles in Figure 5.14(c) also demonstrate stress
peaks. At the first glance, these peaks encourage the idea of dynamic recrystallization that
had to be initiated at a strain well before the peak strain. Since this strain is relatively
small and no peak is evident in the tension cycle, such a drop in stress is most probably
because of the specimen buckling during the compression. This was partly confirmed by
visual observations during the experiment. In addition, there is no stress peak around
1200°C where the specimen was less susceptible to buckling, Figure 5.14(b). The critical
strain at 1100°C will be discussed later in this section. The softening has also appeared as
lower yield point in the following tensile half-cycles. Nevertheless, the Bauschinger effect
should also be taken into account. As well, it should be denoted that reversal deforrrfation
can delay dynamic recrystallization.'®” Therefore, the amount of strain required to
initiate dynamic recrystallization during cyclic deformation is larger than that required

during monotonic deformation.

There is a possibility that the cyclic deformation applied around 1200°C has produced
some defects such as cavities and cracks at grain boundaries. Such defects could have

contributed to the low hot ductility at 1200°C, i.e. at the beginning of the last step of the
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thermal schedule, where the RA was only 17% (Figure 6.18). This implies that tension is
deleterious at this stage of the thermal schedule. The fracture surface shown in Figure
6.18(b) indicates that the loss of hot ductility here is due to the same reason as explained
in section 6.3.1, i.e. grain boundary separation due to grain boundary fusion. However,
the value of RA found here is higher than that calculated for the specimen tested at
1200°C at the straightening stage of the thermal schedule, Figure 5.15. This means that
the steel is more embrittled during the last thermal regime of the thermal schedule,
possibly because of the grain growth occurred in the course of 14 minutes holding to the

straightening stage.

(a)

— s N
o o o O

True Stress (MPa)

o

0 0.05 0.1 0.15 0.2
True Strain

Figure 6.18. Isothermal tensile test at 1200°C, the beginning of the last step
on the thermal schedule. (Nb-steel)
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The Nb-steel appeared embrittled at 1200°C and the same is expected in the B-steel

according to Figure 5.15. In spite of this, Fujita et al.l'*®

recently showed the occurrence
of dynamic recrystallization, leading to a good ductility, at 1250°C in an as cast C-Mn-
0.018%T1 steel cooled slowly (0.4 K/s) to the test temperature. This discrepancy can be
attributed to the chemical composition, especially the difference in Nb and Ti, as well as
the thermal schedule that was employed in this work and was incorporated with a much
faster cooling rate (10 K/s) after melting. First of all, Ti is beneficial to the hot ductility
since it scax)enges nitrogen.®" Secondly, fast cooling rates lead to the hot ductility

[23,79]

deterioration through encouraging finer TiN, Nb(CN), and AIN precipitates and

precipitation of low-melting liquid FeS films at grain boundaries in lieu of MnS.!'**!
Thirdly, the temperature oscillation in the thermal schedule is likely to deteriorate the hot
ductility by enhancing NbCN precipitation and, consequently, retarding dynamic
recrystallization.*” Finally, it has been shown that columnar grains are detrimental to the
hot ductility.!®! This kind of grain was observed in both the Nb-steel and the B-steel
(Figure 5.34, for instance). However, no such grains were observed in the microstructure
presented by Fujita et al., mainly because of the much slower cooling rate they employed
during the solidification. Therefore, it is not surprising that the hot ductility in the Nb-

steel remains low at 1200°C as it has been subjected to a much faster cooling rate and

temperature oscillation before reaching the test temperature.

Mode of deformation should also be taken into account. In other words, dynamic
recrystallization in the specimen of Figure 6.18 is expected to occur provided it is
‘deformed in compression all the way. Consequently, the absence of dynamic
recrystallization during the cyclic deformation is because the tensile half-cycle created
cracks at grain boundaries. These cracks propagated upon further straining and this
inhibited »the strain accumulation in grain interiors, which provides the necessary driving
force for dynamic recrystallization. On the contrary, the strain was expected to be
accumulated in tension at 1100°C since the microstructure at this temperature has already
shown the occurrence of dynamic recrystallization at the straightening stage, Figure
5.26(¢e). Therefore, more grain refinement and, consequently, higher hot ductility was

anticipated in the specimen subjected to the cyclic deformation in the vicinity of 1100°C,
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Figure 5.14(c), following the pre-compression during the transformation. However, this
did not happen, Table 5.4. Then, the question is whether the cyclic deformation triggered
dynamic recrystallization in the vicinity of 1100°C.

Using equation 6.24, it was calculated that the critical strain at 1100°C and é. =3x107s"
in the specimen pre-deformed during the transformation, i.e. dp = 220 pm, is about 0.12.

SC

In this calculation, the conversion ratio of =0.48 was used. This critical strain is

&

greater than the 0.1 strain corresponding to each half-cycle in Figure 5.14(c). On the other
hand, the reversing nature of deformation prevents complete accumulation of strain from
one half-cycle to the other half and it also helps dislocation annihilation at high
temperatures. Accordingly, for a given amount of strain, the dislocation density would be
less in reversal deformation than monotonic deformation. As a result, one may say that
dynamic recrystallization was barely triggered during the cyclic deformation and there
was no further grain refinement during these cycles. Hence, there was no further

improvement in the hot ductility.

In the absence of pre-deformation during the transformation, the critical strain at 1100°C
and £§=5x10" s, ie. the straightening stage, is determined to be 0.18, using the ‘one-
parameter approach’. This is shown in Figure 6.19. Based on this, the strategy to achieve
the highest possible hot ductility at the straightening temperature of 1020°C in the Nb-
steel mvolves a pre-compression in the proximity of the 8—y transformation region
followed by another compression in the proximity of 1100°C over the last step of the
thermal schedule. The main purpose of the first pre-compression is to reduce the critical
strain in order for dynamic recrystallization to commence at lower strain than 0.18 during
the second compression. For the second compression, Z at £ =3x107 s~ and T=1100°C
is calculated to be 2x10° s' (equation 6.2). There was a grain refinement at the
straightening stage for both conditions of Z=2x10'" s and dj 220 um (Figure 5.41(a)) as
well as Z=4.14x10° s™" and dy ~586 pm (Figure 5.26(e)). Moreover, it was found that the

steady state grain size is about 50 um for Z=5x10"° s in a Nb-containing steel.!'*! Based
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on this information and the typical Z-D; profile shown in Figure 6.17, a Z-D; plot for the
Nb-steel would resemble the graph shown in Figure 6.20. Therefore, the Nb-steel was
most probably in the grain refinement region for the condition of Z=2x10° s and dj ~220
pm (Figure 5.14(c)). This condition is identified by ‘x’ in Figure 6.20. Such grain
refinement can be definitely attained if Z is increased to 2x10'° s™' or more, i.e. increasing
the strain rate. Even though both compression and tension would behave in this manner,
tension should be avoided since it is likely to produce grain boundary microvoids and

microcracks. This is why compression is advantageous over tension.
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Figure 6.19. Determination of the critical strain in the specimen fractured at
1100°C, Figure 5.7(b).
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CHAPTER 7

CONCLUSIONS

The strength transition during the d—y transformation in a CCC experiment is a
strain rate dependent phenomenon. The higher the strain rate, the lower the

transition rate.

Grain boundary sliding is the embrittling mechanism in all three steels studied in
this work. The reason for this is the resistance of the austenite lattice to plastic flow
and, hence, grain boundary sliding is accommodated by the nucleation of cavities at
grain boundaries. Such resistance can be attributed to the retardation of dislocation
"~ movement mainly by Nb in the form of precipitates and solutes as well as flow
saturation. The former seemed more significant in the Nb-steel and the latter in the

B-steel.

The thermal history undergone by a steel before the straightening operation has a
major effect on the hot ductility. Comparing the results of this work with previous
ones, it appears that the thermal schedule empbloyed in this work for the Nb-steel has
a deleterious effect on the hot ductility. (With regard to the cooling rate and

temperature oscillation, for instance.)

The addition of boron to the Nb-containing steel improves the hot ductility
significantly. This is attributed to either the higher strength ratio of grain
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boundary/grain interior in the B-steel than in the Nb-steel, or easier plastic flow in
the grain interior in the B-steel, or both of these. In any case, austenite grains are
much more deformed plastically in the B-steel than in the Nb-steel. This beneficial
effect of B in a Nb-containing steel can be considered from two points of view. (1)
Enhancement of the nucleation and growth of precipitates that leads to the depletion
of carbonitride precipitants in the lattice, and (ii) the depletion of strengthening
elements, especially Nb, in the lattice owing to the non-equilibrium co-segregation
of B and Nb to the grain boundaries. The strengthening effect of segregated B to

grain boundaries is also a factor in both of these scenarios.

» In both the Nb-steel and the B-steel, dynamic recrystallization counteracts grain
boundary - sliding and leads to hot ductility enhancement. However, there is a
temperature specific to each grade above which the hot ductility decreases rapidly
due to grain boundary melting. Such a deterioration in the hot ductility was
observed in specimens subjected to the thermal schedule, in contrast to the
conventional hot ductility experiments, ie. cooling specimens to the test
temperature at 1°C/s after melting, which showed continuous improvement in the

hot ductility as the temperature increased.

»  Incorporation of any deformation during the solidification of steel seriously
deteriorates the hot ductility. Although both compression and tension have similar
effects, tension is more detrimental. This is attributed to an alteration of the
segregation patterns and the weakening of the grain boundaries. The deterioration
increases with both the amount of deformation and the deformation start

temperature.

»  Melting in situ has a very significant effect on the hot ductility. In the Nb-steel
heated up to 1400 °C and then subjected to the thermal schedule, the hot ductility
was found to be 100%RA, versus 15%RA in the in situ melted specimen.

Deformation did not influence the hot ductility of the former.

»  Since deformation during solidification affects the hot ductility and it is occurring in

the mill, any attempt to simulate the straightening operation in the laboratory should
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consider not only in sifu melting and the thermal schedule, but also deformation. In
this way, the experimental conditions would be closer to those of the industrial

process and the results would be more directly applicable to the mill.

»  The effect of deformation in the d-ferrite region on the hot ductility is moderately
pronounced and it can be deleterious or beneficial. If deformation fractures the
freshly solidified region at the grain boundaries, the hot ductility is slightly
deteriorated. If there is no crack at the grain boundaries, the closure of solidification

shrinkages under compression can lead to slight improvements in the hot ductility.

»  Deformation incorporated with the 6—y transformation improves the hot ductility
through accelerating the transformation. This leads to smaller grains at the

straightening stage.

»  Deformation after the completion of transformation has a beneficial effect on the
hot ductility. This is attributed to dynamic and possibly metadynamic

recrystallization in the austenite.

»  The highest hot ductility can be achieved when deformation during the 8-y
transformation is followed by deformation of the austenite. In this way, the
beneficial effects of deformations during and after completion of the 38—y

transformation are synergized and the hot ductility is significantly improved.

>  Considering the amount of deformation required to activate mechanisms by which
the hot ductility is improved as well as the experimental limitations due to bulging
and buckling of the specimen, there is an optimum condition that leads to the
highest improvement in the hot ductility. There is also an optimum deformation

rate.

»  Applying cyclic deformation over the last stage of the thermal schedule to a
specimen that has already undergone a deformation in the proximity of the 8-y

transformation region did not influence the hot ductility. This corresponds with 10%
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tension or compression during each half-cycle. Nevertheless, the application of

higher amounts of deformation is expected to improve the hot ductility.

- » A suggested approach to achieve the highest possible hot ductility in the Nb-steel at
the straightening stage involves a compression in the vicinity of the &—y
transformation followed by another compression in the vicinity of 1100 °C over the

last stage of the thermal schedule.

>  Neither the Nb-steel nor the B-steel revealed a peak stress, which would have been
indicative of dynamic recrystallization. This can be attributed to the presence of Nb

that prevents the drop in flow stress.

»  The occurrence of dynamic recrystallization in the Nb-steel was confirmed by using
the concept of the thermodynamics of irreversible processes, the ‘one-parameter
approach’, in tension. This was also supported by observing the recrystallized
microstructure. However, this approach should be used with caution in the vicinity
of flow localization and in materials in which grain boundary decohesion is the
mechanism of fracture. These phenomena can affect the strain hardening behavior.
In this respect, it is suggested that for €/e,>0.6 dynamic recrystallization is less

likely to be taking place.



- RECOMMENDATIONS FOR FUTURE WORK

Even though the hot ductility of steel, with relevance to the continuous casting process,

has been studied for more than three decades, the results of this work highlight some new

i1ssues.

» Deformation during the —y transformation appeared to influence the transformation
kinetics and, consequently, the hot ductility. Since dynamic recovery in 8-ferrite is the
dominant mechanism of softening and it is very fast at high temperatures, it can be
argued that the dislocation density would not increase that much to encourage a
deformation-induced transformation. However, the grain refinement suggests
accelerated transformation. Therefore, the mechanism of transformation under

deformation needs to be clarified.

> It was noticed that a fibrous structure formed at grain boundaries during cooling after
melting. This was observed in both the Nb-steel and the B-steel. Such a structure may
affect the grain boundary strength and fracture characteristics. The mechanism of the

formation of these fibers at grain boundaries has yet to be defined.

» It has been shown that segregation patterns do not change during the d—y
transformation. However, according to the findings in this work, it is reasonable to
consider that faster kinetics of the transformation due to the deformation may affect
segregation patterns, especially at grain boundaries. In order to study this, specimens
must be quenched after completion of the transformation in two cases; (i)
transformation incorporated with deformation, and (ii) transformation without
deformation. Then, segregations at grain boundaries, especially for Nb and Ti, should

be studied using Auger electron microscopy, for instance.

» Some speculations were proposed regarding the beneficial effect of boron on the hot
ductility of the Nb-containing steel. These speculations need to be verified. The
LEAP technique is suggested for this purpose.
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» All studies regarding recrystallization have been performed on re-heated structures.
The results of this work clearly show how the mechanical characteristics of the as cast
structure differ from those of the reheated structure. Accordingly, the recrystallization
parameters can be affected. The ‘one-parameter approach’ was employed for the first
time in tension for the as cast structure and the results agreed with the microstructure.
Nevertheless, the grain size calculated using the models based on the re-heated
structure do not fully comply with the results of the as cast structures. Therefore,
recrystallization parameters are required to be studied in as cast structure as well. The
most important area may be the effect of deformation dufing the 86—y transformation
on the metallurgical characteristics, i.e. the recrystallization and precipitation kinetics,
ét and after the straightening stage. This is very significant since the mechanical
characteristics after the straightening stage are influenced by the straightening
deformation and, in turn, these characteristics at the straightening stage are affected
by the deformation during the 6—y transformation. Hence, there is a successive
development of the properties and these properties can be deSigned at the beginning
of the continuous casting of steel. This will be even more important once hot charging

is replaced by direct rolling.

» The grain refining mechanisms in the vicinity of the §—y transformation need to be
studied in more detail. This is important since, for instance, the resultant austenite
grain size determines the strain rate required to refine the grain size after the

transformation.

» Because of the specimen dimensions and shape, it was very difficult to study medium
and large amounts of deformation since bulging and buckling of specimen can lead to
unreliable results, as far as the deformation curve is concerned. In order to overcome
this constraint and provide a condition to study larger amounts of deformation, shorter
and thicker specimens should be prepared. Accordingly, the induction heating coil

“needs to be modified in order to be able to control a larger amount of liquid by

levitation.



STATEMENT OF ORIGINALITY AND
CONTRIBUTIONS TO KNOWLEDGE

. For the first time, an experimental apparatus was developed in order to hold melted

steel with levitation on the deformation machine, here at McGill.

. The solidus temperature was approximated for the first time using continuous cooling

compression experiments.

. The hot ductility trough was compared in the Nb-microalloyed steels containing

boron and without boron for the first time in in sifu melted specimens subjected to the

thermal schedule.

. The effect of deformation during solidification on the hot ductility was studied and

physically modeled for the first time.

. The effect of deformation in the 8-ferrite region on the hot ductility was studied for

the first time.

. The effect of deformation rate on the flow stress transition during the 86—y

transformation in steel was studied for the first time.

. The effect of deformation during the d— transformation on the hot ductility was

studied for the first time.

. The mechanisms by which boron improves the hot ductility in Nb-microalloyed steel

at high temperatures, i.e. single phase austenite, were proposed for the first time.

. Using the Field Emission Scanning Electron Microscope in examining fracture

surfaces in Nb-containing steels, it was recognized that some grain surfaces have a

fibrous structure and some others contain AL,z particles.
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10. The Local Electrode Atom Probe technique was employed for the first time in the Nb-

microalloyed steel in order to track the atomic distributions.

11. Using the ‘one-parameter approach’, the initiation of dynamic recrystallization, in the
absence of a peak stress, was determined for the first time in tensile experiments and
as cast structures. As well, a criterion was proposed to distinguish if an inflection

point in the 0-c curve is likely to be ascribed to dynamic recrystallization or to flow

localization.

12. For the first time, a thermomechanical processing schedule was developed in order to

improve the hot ductility of Nb-microalloyed steels.



APPLICATION TO THE INDUSTRY TO RESOLVE THE
PROBLEM

As has been discussed throughout this thesis, the continuous casting process of steel has

been tackling the problem of surface defects after the straightening operation by
considering the mechanism to be hot ductility loss. Most solutions to the problem have
focused on changing the steel chemistry and cooling rate, which are not always feasible in
industry. Therefore, this work has attempted to find a solution, without changing the steel

chemistry and the thermal history, by incorporating very high temperature deformation.

Deformation during solidification leads to hot ductility deterioration at the straightening
stage and, hence, such deformation should be avoided during solidification.
Unfortunately, internal stresses are present during steel solidification, mostly in order to
prevent the solidified shell from sticking to the mould, and the hot ductility may well be
deteriorated because of this. Nevertheless, it seems that the actual effect in the mould is
less intense than what was indicated in this work, possibly because there is less
deformation being applied (or maybe the shell is mainly solidified as soon as the liquid
hits the mould wall). There are ongoing investigations trying to find ways, other than
mould oscillation, to prevent the adhesion of steel to the mould. Essentially, the model
proposed in this work will lead to a better understanding of the mechanisms of hot
ductility loss due to deformation during steel solidification and help generate an effective

solution to alleviate its detrimental effects.

However, even in the absence of any deformation during solidification, the hot ductility at
the straightening stage can still be low, if the steel grade is inherently susceptible. To
improve the situation, deformation at very high temperatures just below the solidus is

promising.

The transformation of 8-ferrite—y takes place in the solidified shell while the billet is still

inside the continuous casting mould. Hence, any deformation applied in this stage may
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also generate strain in the liquid+solid two phase region. However, assuming that a
horizontal compression can be applied to the lateral sides of the solidified shell, section A
in Figure I, then accelerated transformation is stimulated in the top and bottom sections of
the shell, section B, leading to refined austenite grains. During application of such a
deformation, it is necessary that bulging on the top and bottom sections of the shell be
prevented. Otherwise, the detrimental effect of deformation during solidification is
encouraged. It is desirable to refine grains in both the horizontal and vertical sections
since transverse cracks are also found in the corners of billets. To deal with this, the billet
section can be compressed in both the horizontal and vertical sections simultaneously and
compression in one section would prevent bulging in the perpendicular section. The

optimum conditions found for such compression is &€ 20.1 and £§=9x107s"". In this

way, the grain size at the straightening stage is decreased and dynamic recrystallization

could take place, leading to hot ductility improvement.

/ solid shell

Liquid core compression

Figure L. Cross section of the billet in the mould.

There is a second scenario if the first one, mentioned above, is practically difficult to be
applied. At the exit of steel from the mould, the surface temperature is in the vicinity of
1000 °C, depending on the mould cooling conditions and casting speed. At this stage, the
accelerating effect of deformation on the 8—y transformation cannot be utilized since the
transformation has already finished. Consequently, compression in the proximity of
1200°C, the beginning of the last stage of the thermal schedule, should be considered. It
was found that dynamic recrystallization in the as cast structure, ie. after the thermal

schedule alone, began at 1100°C at the straightening stage (Figure 5.26(e)). Hence, the
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1

corresponding value of Z, ie. 4.14x10° s, is taken as a minimum value for grain
refinement at this temperature. Similarly, assuming that the difference between the as cast .
grain size at the beginning and end of the thermal schedule last segment is negligible, the
minimum strain rate required to refine the austenite grain size, through dynamic
recrystallization, at 1200°C is determined to be £=0.032s"'. This deformation is
designated as A in Figure II. In order to achieve the finest possible grain size, the
compression should continue to the steady state strain of recrystallization. Figure 5.26(e),
suggests that the resultant grain size would be smaller than ~80 um. Note that the
microstructure shown in Figure 5.26(e) corresponds with a strain smaller than the steady

state strain, i.e. the fracture strain preceded the steady state strain. This implies. that

€ ~ 0.3 can easily lead to grain sizes of ~80 um.

1500 4 melting
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. 1300 T=1200°C £20.005s"
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Figure II. Illustrations of compression schedules to be applied to the billet
during continuous casting.

Following this deformation, more grain refinement can be ascertained by a second
compression starting at 1100°C provided Z is not smaller than 4.14x10° s. This can be
inferred from the general Z-d, profile. It should be indicated that Z = 4.14x10° s would
result in the same grain size as that resulting from the first compression at its steady state.

Accordingly, the strain rate for the second compression needs to be larger than 5x107 s,
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This is also illustrated in Figure II. Essentially, the critical strain for dynamic
recrystallization at the straightening stage, 1020°C, is decreased and the problem of hot
ductility is alleviated. Such compressive deformation schedules can easily be applied on

the billet surface using two rolls.

Moreover, if the first scenario is practical in industry, it can be followed by the second
one in order to achieve more refined grains at the straightening stage. In this case, similar
values for the aforementioned strain rates can still be used. However, the amounts of
required deformation will be less since the initial grain size is smaller and dynamic
recrystallization starts earlier. With such deformation processes, there is also an
opportunity to control downstream metallurgical phenoniena, while the steel is going
through the continuous casting machine. This could be of great interest in direct rolling or

hot charging scenarios.
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